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1. Thin-fi lm solar cell technologies

For the past decades renewable energies gained a lot of interest, mainly due to 
global warming eff ects and fossil fuel depletion. Renewable energies are projected to 
dominate the world energy supply before the end of the 21st century, wherein solar 
energy is expected to account for more than 60% of the energy production as it is the 
only renewable energy source that has the potential to meet the (projected) energy 
demand [1]. Solar energy can be harvested in the form of heat (solar thermal), electricity 
(photovoltaics), or chemicals (solar fuels). In this thesis research questions in relation to 
the production of solar cells will be addressed. 

Currently, only a few percent of the electricity production is generated by means 
of solar energy; in 2010 0.2% of the world energy consumption was generated by means 
of solar cells [2]. Until a few years ago, this was primarily because the costs of solar 
energy production could not compete with the costs of fossil fuels. Nowadays, due to 
the advances in solar energy production in combination with rising fossil fuel costs, 
“grid parity* ” is expected to be reached at the end of this decade. In some areas such as 
Southern California and South Europe, “grid parity” has already been reached.

At present, the solar cell market is dominated by crystalline silicon (c-Si) based solar 
cells; over 80% of the worlds photovoltaic (PV) industry is based on (single and 
multi) c-Si wafer-based technologies [3], with China currently being the world leader 
manufacturer. Being the most mature technology, their effi  ciencies, under optimal lab 
conditions, have almost reached the Queisser-Shockley limit (~31%) [4]; record cell 
effi  ciencies of 20.4% and 25.0% have been reported for, respectively, multi and single 
c-Si based cells [5,6], on the market module effi  ciencies lie in the range of 14-20%. 
Ongoing research eff orts are made to improve the effi  ciency and methods to approach 
or even cross the Queisser-Shockley limit are investigated, e.g. by innovative cell design 
and light-management techniques [7,8]. 

From 2006 to 2008, the limited availability of (highly purifi ed) c-Si feedstock 
opened up a window of opportunity for thin-fi lm PV technologies. Thin-fi lm 
technologies inherently benefi t from a more effi  cient material usage and a reduced 
number of (complex) productions steps involved compared to c-Si PV technology. 
Therefore, thin-fi lm solar cells have the potential to be a low-cost technology. In 
addition, the more aesthetic aspects of thin-fi lm solar cells and the possibility of 
manufacturing fl exible, rugged modules opened up a range of new PV solutions, e.g. 
building-integrated PV. 

Classically, the inorganic thin-fi lm technologies are grouped into three 
categories, based on the diff erent absorber layers, sc. hydrogenated amorphous and 

*  Grid parity is the point where renewable means of generating electricity (e.g. via solar cells) are 
as costly as traditional sources (fossil fuels).
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microcrystalline silicon (a-Si:H and μc-Si:H, respectively), cadmium telluride (CdTe), 
and copper-indium-gallium-(di)selenide (CIGS). Among the PV technologies there 
exists a general challenge as industry demands high-effi  ciency cells produced at low 
costs. For all thin-fi lm solar cell technologies there is plenty of room for improvement 
in terms of effi  ciency; current champion cell effi  ciencies lie around 10.1% for a-Si:H 
based cells [9], 10.9% for μc-Si:H [10] and 12.5% for a-Si:H/μc-Si:H tandem cells [11], 
17.3% for CdTe [12] and 20.1% for CIGS [13], whereas theoretically effi  ciencies around 
~30% should be possible for single junction solar cells [4] and 35% for the micromorph 
tandem cell (a-Si:H/μc-Si:H) [14]. Improvement in cell effi  ciency can be achieved by 
e.g. novel light-management concepts, development of multi-junction devices, and 
improved material properties via a reduction of defects and impurities. Frame I 
addresses some of the physical aspects that need to be considered when up-scaling 
the solar cell effi  ciency. A lot of eff ort is being put into novel concepts and materials 
for textured front contacts and, in the case of multi-junction devices, into advanced 
optical confi nement techniques to enhance light trapping. Furthermore, parallel to the 
development of multi-junction devices, approaches for more effi  cient usage of the solar 
energy spectrum are being explored, e.g. by implementation nm-sized particles leading 
to plasmonics or photoluminescence eff ects. 

Routes towards reduced production costs include large-area and fast deposition 
processes. This up-scaling of the deposition process leads towards some more-practical 
issues. For example, the complexity of e.g. the CIGS and CdTe material structures 
can make large-area deposition challenging. The toxicity of cadmium, used not only 
as absorber layer in CdTe-based solar cells but also as so-called window layer (CdS) 
in CIGS- and CdTe-based solar cells, raises environmental issues. Therefore, the use 
of cadmium would require reliable recycling schemes. The main issue, however, for 
large-scale production of CdTe- and CIGS-based cells, is the scarce availability of 
indium, selenium, and tellurium. Together, though, the three thin-fi lm technologies 
are expected to account for more than one third of the 60 GW total production capacity 
planned for 2015 [3].

Currently, however, less than 20% of the PV production capacity is based on thin-fi lm 
technologies [3]. Although for the last three years CdTe dominated the solar cell market 
– in 2009 CdTe had a market share of ~13% whereas a-Si:H/μc-Si:H and CIGS had a 
market share ~2% and ~1%, respectively [3,4,15] – development of Si-based thin-fi lm 
solar cells is still being pursued. Besides its major advantage of being abundant and 
non-toxic, the a-Si:H and μc-Si:H (large-area) production process is well established. 
The Si-based thin-fi lm solar cell was, among the thin-fi lm technologies, the fi rst to be 
produced at large scales, benefi tt ing from the manufacturing technology for fl at panel 
displays. Commercial production of CdTe- and CIGS-based cells started much later, 
in 2002 and 2007 respectively. Whereas CdTe- and CIGS-based technologies are still 
in the initial phase, focusing mainly on current and voltage enhancement through 
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Legend:
TCO = Transparent Conductive Oxide
IRL = Intermediate Reflector Layer
R = Reflection
T = Transmission
A = Absorption

n = refractive index
r = surface roughness
t = surface texture
Eg = bandgap
α = absorption coefficient

Xc = crystal fraction
CO = crystal orientation
Dc = grain size
      = recombination centre

λ = wavelength
l = optical path length
d = film thickness
σ = conductivity
lD = diffusion length

Frame I - Physical aspects of thin-film (tandem) solar cells
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Basic working principle of a thin-film solar cell: 
Conversion of light into electricity occurs via the absorption of light in the (sub) cell(s). Photons with 
energy higher than the band gap will create charge carriers. The charge carriers are collected through 
a diffusion- or drift-dominated mechanism at the front and back contacts.
To maximize the solar cell performance, the optical, electrical and structural properties need to be 
optimized. The figures above illustrate some of the physical aspects, and corresponding parameters, 
that affect the solar cell performance. In the following the illustrated physical aspects will be discussed, 
showing how the optical, electrical and structural properties are correlated.

Optical:
- Minimize reflection losses at the front of the solar cell by refractive index matching.
- Minimize absorption in the TCOs and IRL through the use of a high band gap material. The highly 
transmittance layers are also referred to as window layer.
- Maximize absorption in the (sub) cell(s) by the use of thick absorber layers and/or enhancement of the 
optical path length. In addition, tuning of the (different) band gap(s) allows for more light absorption. 
- Maximize light scattering by using rough and/or textured interfaces. This enhances the optical path 
length and would allow for thinner absorber layers.

Electrical:
- Maximize collection of charges created in the (sub) cell(s) through minimization of recombination 
losses and through reduced ohmic losses in the TCOs and IRL.
- Minimize recombination losses of charge carriers. Charge carrier recombination can occur at defects 
residing at surfaces present at interfaces and/or grain boundaries, and at defects present in the bulk, 
e.g. dangling bonds and impurities. Dangling bonds can be passivated by e.g. atomic hydrogen.

Structural:
- The use of rough or textured surfaces/interfaces allows for light scattering. This enhances the optical 
path length which increases the chance of light absorption and enables the use of thinner films. 
- Reduction of defects and impurities minimize charge recombination.
- Optimal crystal fraction and crystal orientation allow for efficient light absorption and charge 
transport in the (sub) cell(s). 
- Large grains have relatively less surface area than small grains. The use of large grains, therefore, 
minimizes charge recombination.
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a-Si:H/μc-Si:H thin-film tandem solar cell
A Si-based thin-film tandem solar cell, also called a micromorph cell, consists of two pin-junctions: a 
high band gap, a-Si:H pin-junction serves as top cell (Eg=1.7-1.8 eV, d≈350 nm) and low band gap,  
μc-Si:H pin-junction serves as bottom cell (Eg=1.1 eV, d≈1-2 μm)). Absorption of light occurs in the 
intrinsic layers (i) of the pin-junctions, resulting in the creation of charge carriers, which are collected 
through a drift-dominated mechanism. The different band gaps of these materials allow for a more 
efficient light conversion and conversion of a larger part of the solar cell spectrum. Typically a-Si:H 
absorbs the light with a wavelength up to 800 nm while μc-Si:H absorbs light in the infrared region; this 
is illustrated in Fig. I-1.

Light scattering is vital for the μc-Si:H sub cell. Due to the indirect nature of the bandgap of μc-Si:H, the 
absorption coefficient is very low; Fig. I-2 shows the absorption coefficient and the penetration depth 
of a-Si:H, μc-Si:H, and c-Si materials. Especially for the longer wavelengths, the absorption coefficient is 
very low. Therefore, to achieve sufficient light absorption, its thickness needs to be relatively high. For 
comparison, the intrinsic a-Si:H layer is typically ~350 nm, whereas the μc-Si:H layer is several μm.
Light trapping techniques, which enhance the optical path through light scattering and reflection, 
enable the use of the thinner films. For a-Si:H this has the advantage of a reduced degradation under 
light exposure (the so-called Staebler-Wronski effect), for μc-Si:H this leads to reduced deposition 
times, a factor which contributes significantly to the costs of a solar cell.

Currently, in the Si-based thin-film tandem solar cell light trapping is achieved in three ways:
1) Application of a rough or textured transparent conductive oxide (TCO) as front contact induces light 
scattering at the TCO - p-layer interface, enhancing the optical path length
2) Application of an intermediate reflector layer (IRL) reflects the blue light back into the top cell and 
scatters light with longer wavelengths into the bottom cell. This not only enhances the optical path 
lengths but also leads to matching of the currents generated in the top and bottom cell. 
3) Application of a back reflector (typically silver is used) reflects most of the light that is not absorbed 
back into the (sub) cell(s).

Variations on the above
Doping of the a-Si:H and μc-Si:H layers with e.g. Ge, O, or C allows tuning of the band gap. Ge doped 
layers enhance the absorption of infrared light through a reduced optical gap. Ge-doped layers are 
therefore used in multi-junction devices. Doping with O and C leads to larger optical band gaps. These 
doped layers can be used as window layers (O and C) or intermediate reflector layers (O). The μc-SiC:H  
is n-type, whereas the and μc-SiO:H can be intentionally n-type doped. Both can serve as window layer 
or even replace TCO in nip-junctions where the illumination occurs through the n-type μc-SiC:H side.  
The n-type doped μc-SiOx:H material has also been used IRL, in some cases replacing the n-type a-Si:H 
layer. [17-23]

Figure I-2:  Spectral absorption coefficient and 
penetration depth of c-Si, a-Si:H, and μc-Si:H films.

Figure I-1: External quantum efficiency of a-Si:H and 
μc-Si:H, and solar irradiation. 
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improvement of window layers and carrier lifetimes, the focus of Si-based solar cell 
technology has already been for some years on the other cell components and on cell 
design, e.g. on light-trapping concepts and multi-junctions. As this is currently being 
pursued, the other thin-fi lm technologies can benefi t from the progress made. 

In the remainder of this thesis we will mainly focus on μc-Si:H thin-fi lms for PV 
applications. The most promising solar cell application for μc-Si:H thin-fi lms is in a 
tandem cell confi guration, where a-Si:H comprises the top cell and μc-Si:H the bott om 
cell (see the right panel of Frame I for more details). Current record cell effi  ciency is 
12.5%, realizing for the fi rst time PV electricity production at 0.07 €/kWh [11]. The main 
issues in production of these cells are the metastability of a-Si:H, the low deposition 
rates of the intrinsic μc-Si:H layer, and the need for advanced optical confi nement 
techniques, which would enable the use of thinner fi lms; stabilized effi  ciency of 11.3%  
is reported for a micromorph cell with 1.1 μm thick μc-Si:H bott om cell [16]. One hot 
topic of the last few years is band gap engineering through alloying of the μc-Si:H with 
e.g. germanium (Ge) to reduce the optical band gap or with oxygen (O) or carbon (C) to 
increase the band gap. These alloy materials can be used as infrared absorber (Ge) [17], 
as window layers (O and C) [18-21], or as intermediate refl ector (O) in multi-junction 
devices [22,23]. These approaches have led to increased solar cell effi  ciencies - relative 
increases up to 8% have been reported for the application of intermediate refl ector 
layers [22], but have yet to be implemented in industrial systems. 

2. Microcrystalline silicon for thin-fi lm solar cells

2. 1. The fundamentals

Hydrogenated microcrystalline silicon** is a term for a mixed-phase material consisting 
of crystalline silicon grains, amorphous silicon tissue, and voids; Fig. 1 shows an artistic 
impression of the changing phase composition of μc-Si:H. Microcrystalline silicon 
combines the advantage of a low (indirect) band gap (1.1 eV for μc-Si:H compared to 1.7-
1.8 eV for a-Si:H), which enhances the absorption of red and (near)infrared light, with 
an improved stability under light-exposure [24]. However, the absorption coeffi  cient of 
μc-Si:H is relatively low (see Fig. I-2, Frame I). Therefore, rather thick μc-Si:H absorber 
layers are required to achieve suffi  cient light absorption (several μms compared to 

** The word “hydrogenated” is often left out in spoken/writt en language. Hydrogenated 
microcrystalline silicon (μc-Si:H) is commonly referred to as just “microcrystalline silicon”. 
Although this is often incorrect, as microcrystalline silicon contains a certain percentage 
of hydrogen (typically in the range of 5-15 at.%), for simplicity we will refer to μc-Si:H as 
“microcrystalline silicon”. The same applies for hydrogenated amorphous silicon (a-Si:H), which 
we will often refer to as “amorphous silicon”.
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several 100-300 nm for a-Si:H). Textured front and back contacts and the addition of 
an intermediate refl ector layer, which simultaneously allow for thinner a-Si:H absorber 
layers thereby reducing (but not eliminating) the light-induced degradation (so-called 
Staebler-Wronski eff ect), allow the implementation of thinner μc-Si:H absorber layers 
due to improved light management. Still, even with the application of these light-
trapping techniques, relatively thick μc-Si:H fi lms (~1 μm) are necessary.

The necessity of thick μc-Si:H absorber layers and the demand from industry 
of low production costs, require a fast deposition process. Microcrystalline silicon is 
most commonly grown from highly hydrogen diluted hydrogen-silane (H2-SiH4) gas 
mixtures using plasma enhanced chemical vapor deposition (PECVD) techniques, e.g. 
electron cyclotron resonance (ECR), capacitively-coupled plasma (CCP), and expanding 
thermal plasma (ETP) techniques, or the non-plasma based hot-wire (HW) technique. 
Table 1 gives an overview of the obtained growth rates and solar cell performance by 
the diff erent deposition methods. Only RF/VHF-PECVD techniques are currently being 
applied on industrial scale. 

Typically, fi lm deposition occurs through the decomposition of SiH4 into 
silicon-containing species, i.e. growth precursors, which present diff erent sticking 
probabilities; it has been suggested that SiH3 dominant growth-precursor conditions 
lead to solar-grade material. Atomic hydrogen is of particular importance since the 
phase transition from the amorphous to the microcrystalline phase is ascribed to the 
interaction of atomic hydrogen with the growing fi lm [26,27]. Several models describing 
this interaction are proposed. In the most accepted model the role of atomic hydrogen 
is three-folded in which the impinging hydrogen atoms enhance the surface diff usion 
length of the growth precursors, preferentially etch amorphous silicon tissue, and/or 
induce restructuring of the sub-surface layer (top 50 nm) by H-induced relaxation and 

Figure 1: Artistic impression of the microstructure of μc-Si:H. From left to right, the fi lm composition 
changes from a highly crystalline to a predominantly amorphous phase. Ideally, for solar-grade μc-Si:H the 
intergranular space is fi lled with a-Si:H tissue, thereby passivating the grain boundaries and minimizing 
the existence of cracks and voids that can result in fi lm oxidation. (Fig. is taken from Vett erl et al. [25])
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restructuring of weak/strained Si-Si bonds [27,28]. These processes are illustrated in 
Fig. 2. 

The growth of microcrystalline silicon often starts with the formation of a 
so-called incubation layer, typically 30-50 nm thick (Fig. 1). This incubation layer is 
characterized by a diff erent phase composition than the bulk of the fi lm. This non-
uniformity can have implications on the solar cell performance. The thickness and phase 
composition of the incubation layer can be controlled by tuning the plasma properties, 
most commonly through a tailoring of the precursor gas fl ow rates [29,30]. On textured 
or rough substrates (e.g. glass covered by a TCO typically employed in the production 
of solar cells), used to improve light management, the fi lm growth can be diff erent 
than on smooth substrates (e.g. c-Si or glass substrates typically used for material 
characterization on lab scale). For example, Vallat-Sauvain et al. observed substrate-
morphology dependent crystal fractions and nuclei densities [31]. Python et al.[32] and 
Bugnon et al.[10] report on the formation of “cracks” when substrates with a so-called 
V-shaped morphology are used. Smoothening of the V-shaped surface by e.g. a plasma 
treatment into U-shaped surface morphology either limited the “crack” formation to 
the initial growth layer or prevented “crack” formation completely. This substrate-
dependent fi lm growth complicates the prediction of the solar cell performance.

2. 2. Prediction of Solar Cell Performance

The best a-Si:H and μc-Si:H fi lms are found close to the amorphous-to-microcrystalline 
(a→μc) transition regime; empirically the best μc-Si:H fi lms are characterized by a crystal 
fraction of about 60% [40]. Furthermore, device-grade μc-Si:H material is characterized 
by a low oxygen content (below 1x1019 cm-3), a photo-sensitivity (i.e. photo-to-dark 
conductivity ratio) larger than 400 (for fi lms with a crystalline volume fraction in the 

Table 1: : A  comparison  between  diff erent  μc-Si:H  deposition  techniques,  noting  the  solar  cell  
effi  ciency (η ) and μc-Si:H deposition rate (Rdep).

Deposition techniques employed in pilot lines:
RF-PECVD VHF-PECVD
η=9.4% @ Rdep=0.15 nm/s [33]

(a-Si:H n-layer) 
η=9.13% @ Rdep=2.3 nm/s [34]

η=6.3% @ Rdep=8.1 nm/s [35]

Deposition techniques employed on lab scale:
HW ECR-CVD ETP-CVD
η=9.4% @ Rdep=0.09 nm/s [36] η=4.5% @ Rdep=0.3 nm/s [38] 

(nip) 
η=1.9% @ Rdep=0.21 nm/s [39]

η=4.4% @ Rdep=1.3 nm/s [37] 

(nip) 
η=1.5% @ Rdep=1.21 nm/s [39]

Note: presented data is limited to solar cells with μc-Si:H pin-junction (unless stated otherwise) 
and search is restricted to literature reporting on both solar cell effi  ciency (η) and μc-Si:H 
deposition rate (Rdep).
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Figure 2: : Illustration of processes describing the interaction of atomic H with the growing μc-Si:H fi lm. 
(a) Atomic H impinging on the surface, locally heats the surface which increases the surface diff usion length 
of the growth precursors. This process enhances the formation of dense, compact (crystalline) fi lms. In 
addition, full H coverage of the surface is achieved by the large atomic H fl ux. (b) Atomic H impinging on the 
surface can break (weak) Si-Si bonds present at/near the surface, resulting in the creation of SiH4. Studies 
have shown that the H-induced etch rate of a-Si:H is higher than of c-Si. Therefore, this process is also called 
preferential etching of a-Si:H. Eff ectively, preferential etching of a-Si:H tissue results in a more crystalline 
fi lm. (c) H atoms impinging on the surface can penetrate into the sub-surface region (up to ~50 nm), where 
it can break and restructure weak/strained Si-Si bonds. A more extended description of these processes can 
be found in Refs. [27,28]. 
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range of 40-60%) [40], and a low defect density, which is most commonly measured by 
electron spin resonance, the spin density should then be below 1016 cm-3 [41]. The defect 
density can also be probed via optical absorption, since the presence of defects can be 
linked to the sub-band gap absorption. Empirically, good μc-Si:H material is found to 
have an absorption coeffi  cient equal to 1-2 cm-1 (or lower) at 0.8 eV [42]. 

Nevertheless, most commonly, μc-Si:H material is “graded” through the 
elaborate process of implementation of the layer in a solar cell. Recently, however, 
Smets et al. found a correlation between the presence of the so-defi ned narrow high 
stretching modes (NHSMs) in infrared absorption spectra of μc-Si:H fi lms and solar 
cell performance [43,44]; Frame II addresses the use of infrared absorption spectra for 
the “grading” of the material quality in more detail. The NHSMs represent hydrogen 
bonded on crystalline silicon surfaces (Si-Hx, x≤3), i.e. the grain boundaries, which arise 
when there is no suffi  cient amount of amorphous silicon tissue present to passivate 
the surface of the c-Si grains. Next to grain boundary passivation, a suffi  cient amount 
of a-Si:H tissue is necessary to fi ll the intergranular space. Lack of a suffi  cient amount 
of a-Si:H tissue leads to the creation of (inter-connected) pores, through which, if open 
to the ambient, water can penetrate causing oxidation of the grain boundaries [43-45]. 
Oxygen, which acts as a recombination centre for electron-hole pairs, thereby, reduces 
the spectral response of the solar cell [34].

However, instead of awaiting the outcome of the deposition process, and going 
through the elaborate process of preparing a solar cell, pinpointing some plasma 
parameters that defi ne whether or not we are in the right regime would be more (time 
and cost) eff ective. In addition, the deposition window to obtain device grade material 
is quite narrow; the best a-Si:H and μc-Si:H fi lms are only found close to the a→μc 
transition regime. Furthermore, this transition regime shifts in process window (i.e. 
power, pressure, gas fl ow ratios) with reactor operation time, and strongly depends on 
reactor geometry. This means that not only the sett ings to obtain device-grade μc-Si:H 
are diff erent for diff erent set-ups, but the parameter space needs to be re-defi ned after 
producing several fi lms.

In situ plasma diagnostics to detect the radicals contributing to the growth 
could provide some growth control. Optical emission spectroscopy proved to be an 
easily implementable tool to probe the H fl ux to Si growth fl ux ratio and can therefore 
be used to point out the transition regime [26,48]. In addition, the use of in situ fi lm 
diagnostics are currently pursued, e.g. in situ Raman spectroscopy to monitor the fi lms 
crystallinity [49] and in situ transmission measurements to determine the growth rate 
as well as crystallinity [50], see Fig. 3. However, practical implementation of plasma or 
fi lm diagnostics can be quite challenging. This will be addressed in more detail in the 
next section.
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Frame II - “Grading” of μc-Si:H films on the basis of infrared absorption spectra

Absorption spectra of a-Si:H films

Absorption spectra of μc-Si:H films 
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For a-Si:H films, the Si-Hx stretching mode region 
(1850-2200 cm-1) consists of two contributions [46]:
Low stretching mode (LSM) (1980-2100 cm-1) 
represents hydrogen bonded in (di)vacancies, i.e. a 
place in the amorphous silicon network where two Si 
atoms are missing. 
High stretching mode (HSM) (2070-2100 cm-1) 
represents hydrogen bonded on the surface on 
nanosized voids.

Amorphous silicon films are considered to be dense 
when the absorption spectrum is characterized by a 
dominant LSM, whereas a dominant HSM is indicative 
of porous material.
A microstructure parameter, R*, defined as the ratio 
of the area of the HSM over the combined areas of 
LSM and HSM, is often used to “grade” the a-Si:H film 
quality; films with an R*<0.1 exhibit a high film 
density and a low defect density. 
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Compared to a-Si:H films, the Si-Hx stretching mode region of μc-Si:H films, can consists of several more 
contributions. Smets et al. reported on the following set of Si-Hx stretching modes [43, 44, 47]:
Extreme low stretching modes (ELSMs) (~1895 cm-1, ~1929 cm-1, 1950 cm-1): assignement is still under 
discussion.
Low stretching mode (LSM) (1980-2100 cm-1): originate from a-Si:H tissue, represents hydrogen 
bonded in (di)vacancies. 
Medium stretching mode (MSM) (~2050 cm-1): hydrogen bonded in multi-vacancies.
High stretching mode (HSM) (2070-2100 cm-1): originate from a-Si:H tissue, represents hydrogen 
bonded on the surface on nanosized voids. In μc-Si:H films the HSM broadens by two additional modes, 
~2120 cm-1 and ~2150 cm-1,  due to significant di- and trihydride contributions.
Narrow high stretching modes (NHSMs) (~2083 cm-1, ~2103 cm-1, ~2137 cm-1): Reflects mono-, di-, and 
trihydrides on crystalline silicon surfaces.

The presence of NHSMs in absorption spectra is indicative of a lack of a sufficient amount of a-Si:H 
tissue, which is necessary to passivate the crystalline silicon grain boundaries and fill the intergranular 
space. As a consequence, films for which the absorption spectra contain NHSMs are prone to 
post-deposition oxidation. The presence of NHSMs is therefore linked to a poor material quality.
Films for which the combined area of ELSM, LSM and MSM is maximum show the best solar cell 
performance. [43, 44] 
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Figure II-1: Example of stretching modes of a-Si:H film.

Figure II-2: Example of stretching modes of μc-Si:H film. Figure II-3: Example of stretching modes of μc-Si:H film.
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(a.1)

(a.2)

(b)

Figure 3: Examples from literature on process control. (a.1) Transient transmission of the Hα plasma 
emission (656 nm) during microcrystalline silicon deposition on glass + rough ZnO:Al. (a.2) Deposition rate 
determined from the interference fringes as shown in (a.1) (Taken from Ref. [50]). (b) Raman crystallinity 
determined during microcrystalline silicon fi lm growth (in situ) for diff erent silane concentrations (SC) 
compared to Raman crystallinity determined ex situ. (Taken from Ref. [49]).
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2. 3. Challenges

The most common, and so far most successful, μc-Si:H deposition method is the 
capacitively-coupled plasma (CCP) in parallel plate confi guration using radio or very 
high excitation frequencies (RF and VHF, respectively). In general, high growth rates 
can be achieved by increasing the process gas fl ows and growth-precursor production. 
In a CCP the latt er is realized by working in the so-called high-pressure-depletion 
(HPD) regime. In the HPD regime a high SiH4 depletion is achieved by working at high 
plasma powers. However, undesired side eff ects of working at high powers are ion-
surface interactions which are hypothesized to be responsible for an amorphization of 
the crystalline growth [51-55] and incorporation of defects [52,56]. In the HPD regime 
suppression of ion bombardment is accomplished by working at higher pressures, 
which reduces the ion energy through ion-neutral collisions. Increment of the 
excitation frequency, from 13.56 MHz (RF) towards 27-300 MHz (VHF), reduces the ion 
energy through a reduced sheath potential and increases the SiH4 depletion through 
an increased electron density [57,58]. Therefore, a combination of both, HPD-VHF, has 
resulted in high deposition rates (2-3 nm/s) while maintaining the material quality; 
solar cell effi  ciencies of 8-9% have been obtained [59]. 

Although the HPD-regime and the use of VHF have been employed to suppress 
(a potentially uncontrolled) ion bombardment eff ect, there is always some form of ion 
bombardment present; considerable ion fl uxes have been measured, contributing for 
30-60% to the growth fl ux [60,61]. In contrast, solar-grade μc-Si:H has not (yet) been 
obtained with remote plasma techniques in which ion bombardment is virtually absent. 
This raises questions regarding the role of ions during μc-Si:H fi lm deposition. Ion-fi lm 
interactions can, besides leading to inferior fi lm properties and amorphization of the 
latt ice [51-55], also contribute to improved material properties in terms of increased fi lm 
density and reduced defect density. In direct CCP plasmas att empts to control the ion 
energy include the application of a negative DC bias [62] or tailored voltage waveforms 
[63] to the grounded electrode, thereby decoupling the plasma power and ion energy. 
In order to understand to what extent ions contribute to the growth and what role 
ions play in the generation of defects and latt ice amorphization, the ion energy, ion 
fl ux, and chemical nature of the ions should be identifi ed in the HPD regime under 
deposition conditions. This is quite challenging as the necessary diagnostics might 
not be compatible with fi lm deposition (e.g. Langmuir probes) or high pressures (e.g. 
retarded fi eld energy analyzers). Practically, implementation of these diagnostics can 
be diffi  cult as the HPD process demands smaller electrode gaps (<1 cm) in order to 
maintain a stable plasma.

In combination with the narrow inter-electrode gaps, the use of high frequencies leads 
to electromagnetic standing waves which, especially in large-area deposition processes, 
contribute to inhomogeneities in the plasma. In addition, back diff usion of SiH4 and 
H2 gas from the background into the plasma zone disturb local plasma conditions 
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during initial and steady-state growth [29,30]. The inhomogeneous distribution of 
species present in the plasma may aff ect the arrival ratio of atomic H per deposited 
Si atoms, which is recognized as a crucial parameter as it induces the a→μc phase 
transition [26]. As a consequence, this causes local inhomogeneities in the deposited 
material. For uniform growth it is essential to understand the origin and extent of 
these inhomogeneities, which requires in situ diagnostics. However, the narrow gaps 
make it diffi  cult to monitor e.g. the growing surface, and ask for innovative electrode 
and reactor designs. In addition, the development of new electrode designs, electrode 
biasing, and gas injection schemes, may be necessary in obtaining a suffi  cient level of 
growth control. 

A side product formed while working in the HPD regime are nm-sized particles which 
potentially agglomerate leading to powder (or dust) formation. Powder production 
can lead to several major problems, such as fi lm non-uniformities. This is especially 
problematic in large-area deposition processes. Cell performances may also suff er 
from direct particle incorporation [64,65]. Furthermore, silicon radicals involved in 
powder particle formation are lost into the pumps and, hence, do not contribute to 
fi lm deposition. This is an ineffi  cient usage of the expensive source gas and makes 
optimization of effi  cient source gas utilization diffi  cult. Powder formation also requires 
frequent cleaning the deposition (and pumping) system; the removal of dust is a 
signifi cant contributor to the downtime of (industrial) production lines, aff ecting the 
cost price of a solar cell. The generation and distribution of nanoparticles in the plasma 
are very sensitive to temperature gradients. Small temperature drifts in the plasma 
zone can aff ect the plasma parameters, and thereby the generation and distribution of 
nanoparticles. Understanding nanoparticle formation and active temperature control, 
leading to suppression of nanoparticle formation and/or nanoparticle confi nement 
is therefore necessary for process control and provides a route towards reduction of 
production costs and higher through-puts.

The above illustrates the necessity of in situ plasma diagnostics and the need for a 
bett er understanding of the deposition process. It is in this respect that this project 
is initiated in close collaboration with NUON Helianthos (the Netherlands) and 
Forschungszentrum Jülich (Germany). The approach taken is elaborated on in more 
detail in the next section.
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3. Framework and overview of the research
 

This research was carried out in the framework of the NUON-Jülich-TU/e collaboration, 
focussed on two main research areas:
1. The need for high-rate deposition of device-grade μc-Si:H fi lms.
2. The development of in situ diagnostics to enable process control.

In this project the use of an alternative, ultra-fast deposition technique is explored, 
i.e. the expanding thermal plasma (ETP), with the aim of providing a technique 
with which device-grade μc-Si:H can be obtained at high growth rates. Secondly, a 
capacitively-coupled plasma reactor in parallel-plate confi guration was engineered 
with the purpose of implementing plasma and fi lm diagnostics. The design of this 
reactor was based on a similar reactor located at the Institute of Photovoltaics (IPV) at 
Forschungszentrum (FZ) Jülich (Germany) with which a-Si:H and μc-Si:H tandem solar 
cells have been developed with effi  ciencies up to 12.5%. 

The expanding thermal plasma (see also Frame III) has proven to be a viable deposition 
technique for obtaining device-grade hydrogenated amorphous silicon (a-Si:H) [66,67], 
hydrogenated amorphous carbon [68,69], zinc-oxide [70-72], silicon dioxide [73-76] and 
silicon nitride [77-79] fi lms. The main advantage of the ETP technique is the possibility 
of high deposition rates (2-60 nm/s). Furthermore, large-area deposition is possible 
through the use of multiple plasma sources; at the company OTB Solar uniform 
deposition over an area as large as 0.3 m2 has been achieved [80]. Another feature of 
the ETP technique is the virtual absence of ion bombardment. The possibilities of high 
deposition rates and large-area deposition combined with the lack of ion bombardment, 
make the ETP an ideal candidate for μc-Si:H deposition.

However, as previous studies showed, the obtained material properties are 
rather poor, resulting in low solar cell effi  ciencies (< 2%) [39,87]. In order to improve 
the material properties, it has fi rst been investigated via an oxidation study how the 
material properties are deteriorated [Chapter 2], and the deposition parameter window 
has been explored with the aim of tuning the material properties (i.e. gas fl ow (ratios), 
arc currents, pressure, source-to-substrate distance, and substrate temperature) 
[Chapter 3]. Hereafter, two hypotheses supporting the poor device performance have 
been tested, i.e. if (1) hydrogen-induced etching and sub-surface modifi cation [Chapter 
3] and if (2) a lack of ion bombardment are responsible [Chapter 5].

The poor device performance has been ascribed to the post-deposition oxidation of the 
μc-Si:H layer; oxygen acts as a recombination centre for electron-hole pairs, thereby 
leading to low currents [34]. The oxidation process is studied to reveal on which time 
scale oxidation occurs and to what extent the oxidation takes place [Chapter 2]. 
Fourier transform infrared spectroscopy is used as main characterization technique, 
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Frame III - Expanding thermal plasma chemical vapour deposition

Figure III-1: Experimental setup

The expanding thermal plasma chemical vapour deposition (ETP-CVD) technique was employed in this 
work for the deposition of μc-Si:H thin films. It has proven to be a viable deposition technique for 
hydrogenated amorphous silicon [66, 67], hydrogenated amorphous carbon [68, 69], zinc oxide 
[70-72], silicon dioxide [73-76], and silicon nitride [77-79]. The combination of high deposition rates 
(2-20 nm/s), large-area deposition (~m2) and a virtually absence of ion bombardment (ion energy less 
than 2 eV) make it an ideal deposition technique for μc-Si:H thin films. Some key features of the 
ETP-CVD technique are reported below. A more detailed description of the plasma source and the ETP 
technique can be found elsewhere [81-83].

o The ETP setup, Figure III-1, consists of a high-pressure plasma source, so-called cascaded arc, and a 
low-pressure deposition chamber. 
o The ETP is a remote plasma, i.e. the plasma creation, gas dissociation and film deposition are 
geometrically separated. 
o The plasma source is used to generate reactive species for the dissociation of the precursor gasses 
injected in the downstream region. 
o Typical electron densities and electron temperatures in the source are in the range of ~1022 m-3 and ~1 
eV respectively [84].
o Due to the large pressure difference between the source and the chamber, the plasma expands, 
supersonically, into the deposition chamber. The expansion reduces the electron density and electron 
temperature in the downstream region to 1017-1019 m-3 and 0.3 eV respectively, depending on the gas 
mixtures present  [81].
o For the deposition of μc-Si:H an Ar/H2 mixture is injected into the cascaded arc. The main reactive 
species emanating from the arc is atomic hydrogen [81, 85]. 
o Silane (SiH4) is injected downstream. 
o The dominant SiH4 dissociation mechanism is via H abstraction: SiH4 + H → SiH3 + H2 [86].
o SiH3 is the dominant growth precursor. However, because of the large H fluxes necessary to deposit 
μc-Si:H films, the effective dissociation of H2 into H in the plasma source resulting in a large H flux, and 
the large source-to-substrate distance (40 cm), the formed SiH3 can be further dissociated into SiH2 and 
subsequently producing SiH and Si. Density measurements of SiH3, SiH and Si in front of the substrate 
holder have shown typical densities of 2-7x1018 m-3, ~1017 m-3, ~1017 m-3 respectively [86]. Therefore, in 
addition to SiH3, SiHx  (x≤2) radicals are expected to contribute to the growth.
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which allowed us to diff erentiate between oxidation of the crystalline silicon grain 
boundaries and the amorphous silicon tissue. The study revealed a two-time-scale 
oxidation, see Fig. 4. On a short time scale (< 3 months) the crystalline silicon grain 
boundaries oxidized as a consequence of a lack of a suffi  cient amount of a-Si:H tissue 
necessary to fi ll the intergranular space and, thereby, passivate the grain boundaries. 
On a longer time scale the a-Si:H tissue oxidized, which indicated that it is not suffi  cient 
to fi ll the intergranular space but that also the a-Si:H tissue quality is essential. 

Exploration of the parameter window (i.e. gas fl ow (ratios), arc currents, pressure, 
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Figure 4: Time evolution of peak areas of (a) Si-O-Si modes (orange, solid squares; left axis) and OxSi-Hy 
modes (blue, open squares; right axis), (b) NHSM, refl ecting Si-Hx (x=1,2,3) bonds on the surface of c-Si 
grains, and (c) HSM, refl ecting hydrogen bonded on the surface of voids present in the amorphous silicon 
tissue. The oxidation of the grain boundaries is linked to a reduction of NHSM peak area (short time scale 
oxidation, < 3 months). On longer time scales the amorphous silicon tissue starts to oxidize, visible by a 
decrease in HSM peak area and continuous increase in Si-O-Si peak area. For more details the reader is 
referred to Chapter 2.
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source-to-substrate distance, and substrate temperature) revealed that the lack of a 
suffi  cient amount of a-Si:H tissue is characteristic of ETP-grown μc-Si:H [Chapter 3]. 
To be able to deposit device-grade μc-Si:H with the ETP, it is important to unravel the 
origin of the insuffi  cient amount of a-Si:H. Interaction of atomic H with the growing 
surface seemed a plausible reason. Atomic hydrogen is abundant in the plasma as it 
is a prerequisite for the growth of microcrystalline silicon; furthermore, it is known 
to preferentially etch amorphous silicon over crystalline silicon material [27,48]. A 
competition between etching and deposition might explain the insuffi  cient amount 
of a-Si:H tissue in ETP-grown μc-Si:H fi lms. Furthermore, atomic hydrogen can break 
weak/strained Si-Si bonds [88,89]. This process may explain the porous nature of 
the a-Si:H tissue present in the ETP-grown μc-Si:H fi lms. In order to investigate the 
interaction of atomic H with the growing fi lm, and the a-Si:H tissue in particular, a-Si:H 
fi lms have been exposed to an H fl ux [Chapter 3]. 

With real-time (in situ) spectroscopic ellipsometry the change in fi lm thickness 
and microstructure has been monitored during plasma exposure of a-Si:H thin fi lms. 
The obtained etch rates (< 0.2 nm/s) are at least one order of magnitude smaller than 
typical deposition rates (> 1.0 nm/s); this suggests that etching does not compete with 
fi lm deposition. The plasma exposure also led to the formation of an H-rich sub-surface 
layer. FTIR spectroscopy, used to distinguish hydrogen bonded in divacancies with 
hydrogen bonded on the surface of nano-sized voids (Frame II), pointed out that the 
built-in hydrogen is mainly incorporated in divacancies (Table 2). This implies that the 
H fl ux is not responsible for the porous character of the a-Si:H tissue. In conclusion: the 
interaction of atomic hydrogen with the growing fi lm does not seem to be responsible 
for the lack of a suffi  cient amount of (dense) a-Si:H tissue.

Table 2: Overview of the deposition rate (Rdep) (negative value represents etch rate), total hydrogen content 
(cH), percentage of hydrogen bonded in (di)vacancies (LSM) and on the surface on nano-sized voids (HSM) 
of ~50 nm thick H-poor and H-rich fi lms, as-deposited and after Ar/H2 plasma treatment. Ar/H2 plasma 
treatment of the H-rich a-Si:H fi lm did not result in a signifi cant up-take of H atoms. By contrast, Ar/H2 
plasma treatment of the H-poor a-Si:H fi lm resulted in an almost doubling of the hydrogen content; almost 
80% of the additionally incorporated hydrogen was in the form of (di)vacancies. For more details the reader 
is referred to Chapter 3.

Rdep

(nm/s)
cH (at.%)

Percentage of H 
bonded as

LSM HSM
H-rich a-Si:H

6.8±0.2 27.0±0.5 18±1 82±1 As-deposited
-0.17±0.01 28.0±0.5 17±1 83±1 Ar/H2 plasma treated
H-poor a-Si:H

9.1±0.2 11.5±0.5 60±2 40±2 As-deposited
-0.13±0.01 19.6±0.5 70±2 30±2 Ar/H2 plasma treated
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If it is not the interaction of atomic H that is responsible for the poor material properties 
of ETP-grown μc-Si:H, the question arises “what could be responsible?”. The “recipe” to 
obtain device grade μc-Si:H material, as deduced from the widely studied capacitively-
coupled plasma deposition technique, appoints SiH3 as the main growth precursor, 
but with contributions of other Si-containing radicals, e.g. SiH2 and Si2H5. A suffi  cient 
atomic H fl ux is necessary to achieve an adequate level of microcrystallinity; a recent 
publication showed that the phase transition can be ascribed to a critical H fl ux to Si 
growth fl ux ratio [26]. In addition, dust and nanoparticle formation, and energetic ion 
bombardment need to be suppressed. The ETP fulfi lls these requirements, but still (so 
far) only low-quality microcrystalline material has been obtained. 

From a plasma chemistry point of view, there are some fundamental diff erences 
between the CCP and ETP technique. In a CCP gas dissociation is governed by electron-
impact reactions, forming dominantly radicals but also ions (see Table 3 for the most 
important reactions occurring in H2/SiH4 CCP discharges). The radicals are either lost 

Table 3: Most important reactions that rule excitation, dissociation and ionization processes in a H2-SiH4 
CCP (from [90-93] and references therein).

Reaction Electron-impact 
threshold energy

Rate constant
(cm3/s)

Dissociation, excitation and ionization of molecular and atomic hydrogen:

  2 2e H H e 8.85 eV (1)

   2 *e H H H e 16.6  eV 4.49x10-12 (2)

  2 2 2e H H e 2.32x10-11 (3)

   2 2 3H H H H 2.1x10-9 (4)

Dissociation, excitation and ionization of silane:

   4 3e SiH SiH H e  8.75 eV 1.59x10-10 (5)

   4 2 2e SiH SiH H e 9.47 eV 1.87x10-11 (6)

   4 2*e SiH SiH H e 10.33 eV 9.34x10-12 (7)

    4 2*e SiH Si H H e 10.53 eV (8)

  4 3 2H SiH SiH H 2.68x10-12 (9)


    4 4 2  ( 2,3)m me SiH SiH H e m ~1x10-12 (10)

   
33 4 22H SiH SiH H 5.16x10-10 (11)

 
  4 1 ...n m n lSi H SiH Si H ~1x10-10 (12)
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at surfaces, leading to fi lm deposition or creation of volatile species, or in secondary 
reactions with source gas molecules, which can result in the formation of higher mass 
species. Ions are dominantly lost through diff usion, which means that there is always 
some fl ux of ions reaching the substrate. Ion bombardment can be suppressed through 
a reduction of the ion energy. In the remote ETP, due to the low electron temperature 
(0.1-0.3 eV), (primary) gas dissociation occurs via ion-induced charge-exchange 
reactions followed by electron-induced dissociative recombination, and (secondary) 
via reactions involving radicals. Therefore, the ion density in the downstream region 
is not only reduced through diff usion but also through electron-induced dissociative 
recombination reactions. Under a-Si:H and μc-Si:H deposition conditions, the ion 
density is further suppressed as molecular hydrogen is admixed in the arc, due to fast 
charge-exchange reactions between ion and molecule followed by electron-induced 
dissociative recombination. As a result, the dominant reactive species emanating from 
the plasma source is atomic H [81,85]. Hence, downstream the ion density is relatively 
low. Combining the low ion density with low ion energy, ion bombardment is virtually 
absent. 

Although ion bombardment can be harmful - high-energetic ions can lead to 
sputt ering resulting in porous fi lms structures - a moderate ion bombardment can be 

Table 4: Typical discharge parameters and operating conditions for μc-Si:H fi lm growth for both CCP and 
ETP.

Capacitively-coupled plasma Expanding thermal plasma

(CCP) (ETP)

Typical discharge parameters:

ne 1014-1016 m-3 1017-1019 m-3 

Te 2-4 eV 0.1-0.3 eV

Typical operating conditions:

P 80 W

p 14 mbar 0.20 mbar

ΦAr - 55 sccs

ΦH2 360 sccm 30 sccs

ΦSiH4 0-10 sccm 0.1-1 sccs

Tsub 200oC 200oC

Dominant SiH4 dissociation mechanism:

   4 3e SiH SiH H e   4 3 2H SiH SiH H

Plasma chemistry governed by:

Electrons Atomic hydrogen

Growth precursors:

SiH3, SiH2, Si2H5, … SiH3, SiH2, SiH, …
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benefi cial as it results in fi lm densifi cation. While when using a CCP the HPD regime 
has been employed to obtain device-grade μc-Si:H, there is always some form of ion 
bombardment present. At relatively low pressures (≤ 2.0 mbar) signifi cant ion fl uxes 
have been measured, i.e. ion-to-Si deposition fl ux > 0.30 [60,61]. It is rather remarkable 
that solar-grade material can be deposited when > 30% of the Si deposition fl ux consists 
of ions, unless the ion energy is low. The extent to which ions contribute to the growth 
depends not only on the ion fl ux but also on the ion energy and the chemical nature 
of the ion. The ion energy and nature of the ion have been studied under HPD-VHF 
conditions, appointing SinHm

+ as the dominant ion in H2/SiH4 plasmas [61,90,91]. 
But remarkably, no direct ion fl ux measurements under HPD conditions have been 
reported so far. Therefore, the ion energy and fl ux in a CCP reactor have been studied 
[Chapter 4]. 

These experiments have been carried out in a newly-built CCP reactor in parallel 
plate confi guration. In cooperation with the Institute of Photovoltaics (IPV) at 
Forschungszentrum (FZ) Jülich (Germany) the reactor has been designed. This type 
of CCP reactor is widely used in industry, and at the IPV at FZ Jülich a-Si:H and μc-
Si:H single and tandem solar cells have been developed with effi  ciencies up to 12.5%. 
An existent research collaboration between the IPV at FZ Jülich and the Plasma & 
Materials Processing (PMP) group of the Eindhoven University of Technology (TU/e) 
proved to be a successful merging of device expertise with plasma processing know-
how. As an extension of this collaboration, the design of the CCP reactor was based 
on the i1 chamber of the 5-chamber system located at IPV, FZ Jülich, which is used for 
the deposition of the intrinsic μc-Si:H layer. This would enable a translation of plasma 
and material properties into solar cell performance; e.g. similar electrode area and 
inter-electrode distance allow for a similar plasma (power) density, and similar reactor 
volume and pumping capacity allows for similar residence times. The newly built CCP 
reactor, named aμse (pronounced ‘amuse’) was designed to fulfi ll the need for in situ 
diagnostics to enable process control. The details of this reactor are specifi ed in Frame 
IV.

For the connection with the IPV FZ Jülich, it is important to determine the parameter 
window leading to device-grade μc-Si:H. Therefore, fi lms have been deposited 
and analyzed under operating conditions as presented in Table 4, which defi ne the 
“standard” deposition regime at IPV, FZ Jülich. Here, we will also point out the 
diff erences between ETP and CCP grown fi lms deposited around the a→μc transition 
region.

Two main analysis techniques are used: Raman spectroscopy and Fourier 
transform infrared spectroscopy. Raman spectroscopy is used to determine the crystal 
fraction, following the method described by Smit et al. [94]. Although the best μc-Si:H 
fi lms are empirically found to have a crystal fraction of about 60% [40], the crystal 
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Frame IV - Capacitively-coupled parallel-plate plasma

Experimental details

The aμse system consists of two deposition chambers and a load lock; see Fig. IV-1.a for the schematic 
layout. The load lock is equipped with a unique manipulation system which allows the transfer of a 
sample from one deposition chamber to the other without breaking the vacuum. The deposition 
chambers (Fig. IV-1.b and c) are equipped with two parallel-placed electrodes, between which the 
plasma is created. The bottom electrode is of a shower head configuration and connected to a RF 
(13.56 MHz) power supply (RF VII). The shower head electrode is of cylindrical geometry with an area of 
150 cm2. The top electrode can be left floating, externally grounded or biased, and serves as substrate 
holder. It is of square geometry with an area of 150  cm2. The temperature of the top electrode can be 
actively controlled within the range of -40 oC to 350 oC. With a pumping system, consisting of a turbo 
molecular pump and a rotary vane pre-pump, base pressures of a few 10-7 mbars can be obtained. 
Process gasses can be injected either through the shower head or in the background. During plasma 
processing the pressure can be controlled by means of a throttle valve located between the chamber 
and the pre-pump. The inter-electrode distance can be varied in situ from 0-5 cm.

Reactor 1 is designed for implementation of plasma as well as film diagnostics, whereas reactor 2 is 
mainly designed for plasma characterization. For the implementation of plasma diagnostics both 
reactors are equipped with parallel flanges. These flanges can provide entrance/exits ports for e.g. 
(cabling of ) electrostatic probes, and can be replaced by windows providing an optical path through 
the plasma. In addition, reactor 1 is equipped with four ports placed under an angle. Two ports are 
placed at angle of 75o with respect to the normal on the substrate holder, aligned at the centre of the 
grounded electrode used for spectroscopic ellipsometry measurements, these are shown in Fig IV.b. 
The other two ports are placed at an angle of 45o with respect to the normal on the substrate electrode, 
aligned in such a way that the light falls onto the beveled edges of a crystal used for ATR-FTIR. A 
cloverleaf-shaped electrode is especially designed to provide optical paths “through” the electrode to 
prevent the electrode obstructing the optical path at small inter-electrode distances (<5 cm). 

Plasma chemistry

The capacitively-coupled plasma (CCP) is a direct plasma in which plasma creation, gas dissociation 
and film deposition are not geometrically separated. The plasma chemistry of a CCP is governed by 
electron-impact reactions. The high electron temperature (2-4 eV) allows for electron-induced 
excitation, ionization and dissociation. The most dominant reactions are listed in Table 3. The 
dissociation of molecular hydrogen (H2) is accompanied by the formation of excited atomic hydrogen. 
Electron-impact dissociation of silane (SiH4) produces dominantly SiH3 and SiH2 radicals (branching 
ratio is 46% and 26%, respectively), but is accompanied by the formation of excited species (SiH* and 
Si*, branching ratio of 15% and 13%, respectively). However, it is reported that under high hydrogen 
dilution conditions, as is the case for the microcrystalline silicon deposition conditions, dissociation of 
SiH4 may also occur via H abstraction (reaction 9, Table 3). Typical discharge parameters and operating 
conditions for both ETP and CCP are presented in Table 4. 
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Figure IV-1: (a) Schematic layout of the aμse reactor (top view). (b) side-view of reactor 1, showing the cloverleaf-shaped 
shower head electrode and the view ports aligned at an angle of 75o with respect to the substrate holder. Reactor 1 also 
consists of the view ports aligned at an angle of 45o, these are not shown. (c) side-view of reactor 2.
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fraction itself does not give information about the fi lm quality. The most commonly 
used method to verify the fi lm quality is going through the elaborate process of 
incorporating these fi lms into solar cells and then characterize the cells. Recently, Smets 
et al. showed that specifi c signatures in infrared absorption spectra could be used to 
“grade” the fi lms [43,44]. Hence, we used FTIR spectroscopy to “grade” the fi lm quality 
(Frame II). 

Fig. 5a shows the crystal fraction of 150-200 nm thick fi lms deposited in reactor 2 
of the aμse system; as a reference the crystal fraction of fi lms deposited in the i1 chamber 
of the 5-chamber system at IPV, FZ Jülich are also shown (top axis) [95]. For SiH4 fl ow 
rates higher than 2.7 sccm the fi lms are amorphous, for lower SiH4 fl ow rates the fi lms 
become microcrystalline; this change in phase composition has been ascribed to the 
interaction of atomic H with the growing fi lm. 

The parameter window for the aμse system where the transition regime is located 
is slightly shifted to lower SiH4 fl ow rates compared to the parameter window of the 
5-chamber system at IPV, FZ Jülich. The width of the transition regime, however, is 
comparable. This is a fi rst indication that a translation between the systems is possible.

Fig. 6 shows the infrared absorption spectra focused on the Si-Hx stretching mode 
region (1850-2200 cm-1) of fi lms deposited around the transition regime. The a-Si:H fi lms 
presented in Fig. 6a (Xc=0%) have an R*<0.15 (Frame II) and are therefore considered to 
be of high quality. The μc-Si:H deposited just within the transition regime, with crystal 
fractions in the range of 44-53%, are considered to be of device-grade quality due to the 
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Figure 5:  Crystal fraction vs. SiH4 fl ow rate of (a) fi lms (~200 nm thick) deposited in the aμse system 
(bott om axis), as a reference the crystal fraction of fi lms (~1000 nm thick) deposited in the i1 chamber of the 
5-chamber system at IPV, FZ Jülich are also shown (top axis) [95], and (b) fi lms deposited by means of the 
expanding thermal plasma with SiH4 injected either close to the arc outlet (8 cm) or close to the substrate 
holder (30 cm). Note the diff erence SiH4 fl ow rate unit: standard cubic centimeter per minute (sccm) in Fig. 
(a) and standard cubic centimeter per second (sccs) in Fig. (b).
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absence of NHSMs in the absorption spectra. Only the highly crystalline silicon fi lm, 
Xc=70%, is of poor quality due to the presence of NHSMs; the absorption spectrum 
also shows a signature of post-deposition oxidation (visible by an increased absorption 
~2200 cm-1 and ~2250 cm-1).

Although the best material properties are found close to the transition regime, it 
does not mean that fi lms grown around the transition regime are of high quality. Fig. 
6b shows the Si-Hx stretching mode region of ETP deposited microcrystalline silicon 
fi lms at the transition regime; Fig. 5b shows the corresponding crystal fractions. The 
spectra clearly show a dominant HSM (~2100 cm-1) and the presence of NHSMs. A 
comparison shows that the highly crystalline silicon fi lm grown with a CCP is of bett er 
quality than any of the ETP-grown fi lms.

To evaluate the role of the ions during the μc-Si:H deposition process in the HPD 
regime, the ion fl ux has been measured with a pulse-shaped biased capacitive probe 
[96,97] under the same conditions as presented in Table 4 [Chapter 4]. Fig. 7a shows the 
obtained ion fl ux and growth fl ux. Under these HPD conditions an ion-to-Si deposition 
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Figure 6:  Infrared absorption spectra of fi lms deposited around the a→μc transition regime by means of (a) 
a capacitively-coupled plasma (reactor 2 of the aμse system) and (b) the expanding thermal plasma. The μc-
Si:H fi lms (Xc=50-70%) deposited by means of a capacitively-coupled plasma contain ~10 at.% hydrogen, 
whereas the fi lms deposited by means of the expanding thermal plasma contain 4-5 at.%. We speculate that 
this diff erence is due to a low amount of a-Si:H tissue in ETP-grown fi lms. The highly-crystalline μc-Si:H 
of Fig.a contains ~7 at.% hydrogen.
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fl ux of ~0.30 is found for solar-grade fi lms (Fig. 7b); under ETP growth conditions the 
ion-to-Si deposition fl ux is below 0.05 (conditions as presented in Table 4). There is 
generally agreement on the ion-to-Si deposition fl ux, as values in the range of 0.3-0.7 
have been reported for μc-Si:H grown in CCP reactors [60,61]. The impact of this high 
ion-to-Si deposition fl ux on the μc-Si:H fi lm properties is rather limited because the ion 
energy is rather low, < 19 eV, i.e. less than 6 eV is available per deposited Si atom; for 
signifi cant Si Surface or bulk atom displacement to occur, ion energies, respectively, 
above 18 eV and 40 eV are required [98]. The extent to which ions contribute to the 
growth of μc-Si:H in the HPD regime will most likely be as an H fl ux in disguise, albeit 
accompanied with an energy transfer to the surface (thermal spike). At (or actually 
a few Angstroms above) the surface SiH3

+ (identifi ed as the dominant ion in H2/SiH4 
plasmas [61,90,91]) neutralizes and dissociates into silicon containing radicals (SiHx, 
x≤2), H2, and H (or three H atoms). Compared to estimated H fl uxes [26], it contributes 
for 1% to 10% to the atomic H fl ux. Such a small contribution will not aff ect the critical 
H fl ux to Si growth fl ux ratio which induces the phase transition and, therefore, does 
not confl ict with our earlier fi ndings [26]. Furthermore, the generated H upon SiH3
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impact may mitigate the detrimental eff ects of the near-unity sticking coeffi  cient of the 
silicon containing radicals.

Under ETP growth conditions the ion-to-Si deposition fl ux is below 0.05 (conditions 
as presented in Table 4), and typical ion energies lie in the range of 1 to 2 eV. Hence, 
ion bombardment is virtually absent. For a-Si:H fi lms grown by means of the ETP 
moderate ion bombardment conditions have led to a reduced nano-sized void content, 
a reduced defect density, and an improved photo-response [99,100]. These improved 
material properties have been ascribed to enhanced surface species migration and Si 
surface atom displacement [100]. Therefore, we investigated if the a-Si:H tissue quality 
and/or the grain boundary passivation of ETP-grown μc-Si:H fi lms can be improved by 
the application of an ion bombardment, realized by the application of an external RF 
substrate bias (ERFSB) [Chapter 5].

Moderate ion bombardment conditions, |Vdc|= 40-70 V, led to improved grain 
boundary passivation and a-Si:H tissue densifi cation, visible from a reduced NHSM 
and HSM shown in Fig. 8. These improvements have been ascribed to Si surface atom 
displacement via enhanced surface migration, which occurs at ion energies of 25-40 
eV and around ion/atom arrival ratios of 0.1-0.3, i.e. where ions provide 5-10 eV per 
deposited Si atom. At higher ion energies Si bulk displacement starts to play a role, 
which led to an increased divacancy incorporation for a-Si:H. The same is observed 
for the a-Si:H tissue present in μc-Si:H. At very high |Vdc|, ~135 V, the void content 
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Figure 8: The integrated absorption of (a) the NHSMs, (b) the HSMs, and (c) the LSM as function of 
dc substrate bias (|Vdc|), and (d) the absorption spectra of a μc-Si:H deposited by means of ETP and 
ETP+ERFSB with |Vdc|=60 V. For moderate ion bombardment conditions, where Si surface atom 
displacement is activated, the integrated absorption of NHSMs and HSMs decrease, indicating an improved 
grain boundary passivation and a-Si:H tissue densifi cation, respectively. For more details the reader is 
referred to Chapter 5. .
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increases. 
For the bias range studied, no change in crystal fraction has been observed. 

However, for conditions where Si bulk atom displacement had been suffi  ciently 
activated, a reduced crystallite size has been observed, indicating a disrupture of the 
c-Si grain growth. This could be interpreted as ion-induced amorphization.

4. Concluding remarks

The possibility of high growth rates combined with the potential of large-area deposition 
makes the ETP an ideal candidate for the deposition of μc-Si:H. However, so far, solar-
grade material could not be obtained, although a large parameter window has been 
investigated. This raises the question: “What is the cause for the unsatisfactory material 
quality? And can solar-grade μc-Si:H material be obtained with the ETP technique?”. 

The ETP-grown μc-Si:H material is characterized by a lack of suffi  cient amount 
of (dense) amorphous silicon tissue and a network of interconnected pores. Hence, 
the material is prone to post-deposition oxidation. The lack of a suffi  cient amount of 
a-Si:H tissue was not due to H-induced etching. The fi lling of the intergranular space 
improved slightly when the deposition rate was lowered and by applying an RF bias to 
the substrate. However, the fi lling was not suffi  cient in order to prevent post-deposition 
oxidation. 

The fi lling of the intergranular space under moderate RF substrate bias conditions 
has been ascribed to Si surface atom displacement via ion-enhanced surface species 
migration. Table 5 summarizes the mean ion energy (Ēion), the ion fl ux (Γion), the ion per 
Si atom arrival ratio (Γion/ΓSi), and the energy delivered by the ion per deposited Si atom 
(Ēion/ΓSi) for μc-Si:H fi lm growth conditions deposited with the ETP, the ETP+ERFSB, 
and a CCP using RF excitation frequencies in LPD (< 2 mbar) and HPD (> 2 mbar) 
regime. The eff ect of an ion bombardment on the microstructure is a combination 
of the amount of energy delivered by the ion per deposited Si atom – for signifi cant 

Table 5: Review of the mean ion energy (Ēion), the ion fl ux (Γion), the ion per Si atom arrival ratio (Γion/
ΓSi), and the energy delivered by the ion per deposited Si atom (Ēion/ΓSi) for μc-Si:H fi lm growth conditions 
deposited with the ETP, the ETP+ERFSB, and a CCP using RF excitation frequencies in LPD (< 2 mbar) 
and HPD (> 2 mbar) regime.[100,101]

ETP ETP+ERFSB CCP
LPD HPD

Ēion (eV) 1-2 20-200 >19 <19
Γion (1015 cm-2s-1) ~0.1 ~0.1 ~1 ~1
Γion/ΓSi <0.05 0.06 >0.30 0.30
Ēion/ΓSi (eV/atom) <0.1 1-12 >6 <6



29

Concluding remarks

material property changes to occur this should be in the range of 1-10 eV – and the ion 
energy, see Table 6. The observed changes in microstructure by moving from the LPD 
to the HPD regime for CCP and application of an ERFSB in ETP can be ascribed to ion-
induced fi lm interactions.

For ETP-grown μc-Si:H, the optimal fi lm properties had been obtained for mean 
ion energies of about 40-60 eV and ion per Si atom arrival ratio of about 0.06, leading to 
an energy “deposit” of 2-4 eV per deposited Si atom. Although the material properties 
are still inferior to CCP-grown μc-Si:H, tuning of the ion bombardment eff ect could 
be a potential route towards complete fi lling of the intergranular space. As higher ion 
energies induce Si bulk atom displacement and sputt ering, which (are expected to) 
deteriorate the material properties, an approach in which the ion per Si atom arrival 
ratio is increased could be a potential route. 

Alternatively, control of the composition of the growth precursor fl ux could provide 
an additional degree of freedom in tuning the material properties, e.g. via the use of a 
diff erent precursor gas (e.g. disilane), and/or (in combination with) innovative injection 
schemes which favor SiH3 formation and suppress SiHx (x≤2) production (or enhance 
SiHx consumption in the gas phase).

In a recent publication, fi lm oxidation is linked to the crystal orientation: 
compared to fi lms with a <111> crystal orientation, <110> oriented fi lms show almost 
no oxidation [103]. Absorption spectra indicate that <110> oriented fi lms contain a 
suffi  cient amount of a-Si:H tissue in the intergranular space, the crystal surfaces are 
thereby passivated. On the contrary, the absorption spectra of <111> oriented fi lms 
show the presence of grain boundaries that are not (completely) passivated by a-Si:H 
tissue. Empirically solar-grade material is found to have a <110> crystal orientation; 
ETP-grown μc-Si:H does not show a preferred crystal orientation. The quality and 
amount of a-Si:H could, therefore, be linked to the crystal orientation. If so, how can we 
control the development of a specifi c crystal orientation?

Understanding the μc-Si:H growth mechanism through correlation of plasma 
parameters and important plasma species (ions and radicals) with material properties, 

Table 6: Possible eff ect of ion energy on the microstructure [51-55]

Eion (eV) Eff ect on microstructure Suggested ion-surface interaction 
< 60 Amorphous tissue densifi cation Heat transfer

Improved grain boundary passivation Surface atom displacement
> 60 Reduced crystal quality Bulk atom displacement

(in terms of crystal fraction and crystallite 
size)

> 130 Increased porosity Sputt ering
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will enable process control and may clarify the limit(s) of other deposition techniques, 
e.g. the ETP technique. The tuning of these plasma properties can also contribute to 
the up-scaling of the deposition process. The aμse system is an ideal setup for plasma 
as well as (simultaneous) fi lm characterization, and has not yet been used to its full 
potential. Furthermore, since solar-grade material can be obtained with the aμse system 
a direct link between plasma properties and solar cell performance can be identifi ed.
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Abstract
Insight into the oxidation mechanism of microcrystalline silicon thin fi lms has been 
obtained by means of Fourier transform infrared spectroscopy. The fi lms were deposited 
by using the expanding thermal plasma and their oxidation upon air exposure was 
followed in time. Transmission spectra were recorded directly after deposition and at 
regular intervals up to 8 months after deposition. The interpretation of the spectra is 
focused on the Si-Hx stretching (2000-2100 cm-1), Si-O-Si (1000-1200 cm-1) and OxSi-Hy 
modes (2130-2250 cm-1). A short time scale (< 3 months) oxidation of the crystalline grain 
boundaries is observed, while at longer time scales the oxidation of the amorphous 
tissue and the formation of O-H groups on the grain boundary surfaces play a role. The 
implications of this study on the quality of microcrystalline silicon exhibiting no post-
deposition oxidation are discussed: it is not suffi  cient to merely passivate the surface 
of the crystalline grains and fi ll the gap between the grains with amorphous silicon. 
Instead, the quality of the amorphous silicon tissue should also be taken into account, 
since this oxidation can aff ect the passivating properties of the amorphous tissue on the 
surface of the crystalline silicon grains. 
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1. Introduction

Microcrystalline silicon thin fi lms (μc-Si:H) are extensively applied in thin-fi lm (tandem) 
solar cells as intrinsic light-absorber layers. Microcrystalline silicon is a two-phase 
material, consisting of crystalline silicon grains embedded in an amorphous silicon 
matrix. When compared to amorphous silicon (a-Si:H), μc-Si:H is opto-electronically 
more stable under light exposure [1]. Furthermore, it has a low (indirect) band gap, 
which enhances the absorption of red and near infrared light and this makes μc-Si:H 
combined with a-Si:H an ideal approach for tandem solar cells with improved spectral 
response [2-7] . A drawback of μc-Si:H, however, is that relatively thick fi lms (≥ 1 μm) are 
required to achieve suffi  cient light absorption, because of the low absorption coeffi  cient 
of photons with energy below 1.5 eV [7]. Therefore, at present there is a demand for 
high-quality material, possibly over large areas, combined with the challenge of high 
deposition rates, i.e. above 1 nm/s.

Device-grade μc-Si:H can be classifi ed as dense material without any signifi cant 
post-deposition oxidation, as fi lm oxidation reduces the red response of the solar 
cell [8,9]. Device-grade μc-Si:H material is obtained in a narrow deposition window 
close to the transition from a-Si:H to μc-Si:H [7,10,11]. The properties of μc-Si:H, such 
as crystallinity, grain size, and conductivity, have been studied extensively by e.g. 
Raman spectroscopy [12,13], X-ray diff raction detection [13,14], transmission electron 
microscopy [13,14], and electron spin resonance [15]. None of these techniques, 
however, can exclusively determine whether the deposited fi lm is in the above 
mentioned narrow parameter window. So far, the only valid test is the time-consuming 
procedure of its integration in a solar cell device.

Recently, Smets et al. [16,17] have shown that Fourier transform infrared (FTIR) 
spectroscopy is a valid tool to “grade” the fi lms deposited at high deposition rates. They 
linked the presence of specifi c hydride stretching modes to post-deposition oxidation, 
which aff ects the solar cell performance. Here, we will report on a more in-depth 
study of the oxidation of μc-Si:H fi lms by using FTIR spectroscopy. By means of FTIR 
spectroscopy the hydrogen-passivated grain boundaries, the quality of the amorphous 
tissue, and the insertion of oxygen in the fi lm matrix can be studied. To further optimize 
the quality of the deposition process, insights into the oxidation process are desirable: 
are the crystalline grains, the grain boundaries and/or the amorphous tissue aff ected by 
oxidation, and over which typical time scales do these oxidation processes take place? 

The paper is organized as follows. The deposition technique, i.e. the expanding 
thermal plasma, and the FTIR spectroscopy method are described in the following 
section. After this, the results are presented and discussed on the basis of a detailed 
FTIR spectroscopy study on the time scale of eight months. 
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2. Experimental

Microcrystalline silicon fi lms are deposited on crystalline silicon wafers by means of 
the expanding thermal plasma (ETP). An extensive description of the plasma source 
and the ETP technique can be found in Refs. [18,19]. For the fi lms studied in this paper 
the plasma source, a so-called cascaded arc, is operated using Ar gas. The SiH4 and H2 
gasses are separately injected downstream via an injection ring positioned respectively 
at 8 and 15 cm from the plasma source exit. Film deposition occurs on a heated 
substrate (250oC) placed 12.5 cm from the source exit. More experimental details on the 
deposition conditions can be found in Table 1.

The fi lms are analyzed by means of FTIR spectroscopy using a Bruker Vector 
22. The resolution of the spectrometer was set at 4 cm-1 and spectra were collected in 
the range of 450-7500 cm-1. The fi lm thickness and refractive index in the infrared are 
estimated by fi tt ing the interference fringes in the range 3000-4000 cm-1 using a simple 
three layer model consisting of a crystalline silicon (c-Si) substrate, the fi lm, and air [20]. 

To gain more insight in the oxidation mechanism, the absorbance spectra have 
been fi tt ed by means of Gaussian functions. The fi tt ing of the stretching mode region 
(1850-2300 cm-1) is relatively straightforward; see Table 2 for peak assignments of the 
diff erent Si-Hx and Si-O vibrational modes,  and Fig. 1 for the fi t of the stretching mode 
region of the as-deposited fi lm and after exposure to the ambient for 2 months. The 
fi tt ing of the wagging mode region is more challenging because of the broad absorption 
bands. Hence, the region 550-1250 cm-1  has been fi tt ed using absorption band frequency 
values known from literature for the SiHx wagging mode absorption [21,22] and for the 
Si-O-Si stretching [23]. The region of 700-950 cm-1 was also fi tt ed by means of Gaussian 
functions but is left out the discussion. 

The μc-Si:H fi lms have a thickness of 1200 nm, a refractive index of 2.9 in the 
IR, a <111> preferential crystal orientation, and a crystalline fraction of about 60% 
(determined following the method described in Ref. [24]), corresponding to highly 
crystalline μc-Si:H.  

Table 1: Deposition conditions

Ar fl ow rate 30 sccs
Arc current 15 A 
Arc voltage 35 V
Arc power 525 W
H2 fl ow rate 15 sccs
SiH4 fl ow rate 0.25 sccs
Downstream pressure 40 Pa

(sccs stands for standard cubic centimeters per second)
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3. Results

A typical absorbance spectrum of a porous μc-Si:H fi lms is shown in Fig. 1a. Three 
absorption regions can be distinguished: 600-700 cm-1, due to Si-Hx wagging, 850-910 
cm-1, due to Si-H2 bending, and 2000-2150 cm-1, due to Si-Hx stretching. The stretching 
mode region consists of two broad and three narrow absorptions. The two broad 
absorptions, so-called low stretching mode (LSM) (~2000 cm-1) and high stretching 
mode (HSM) (~2100 cm-1), represent hydrogen bonded in the amorphous silicon 
tissue. The LSM represents hydrogen bonded in vacancies, while the HSM represents 
hydrogen bonded on (nanometer sized) void surfaces [25,26]. The presence of a 
dominant HSM is, therefore, an indication that the amorphous tissue is porous. The 
three narrow absorptions, so-called narrow high stretching modes (NHSMs), represent 
hydrogen bonded on a crystalline silicon surface [27]. The NHSMs arise when there 
is no/insuffi  cient amorphous tissue between the grains to passivate the crystalline 
silicon grain boundary and to fi ll the intergranular space, eventually leading to a fi lm 
characterized by cracks and voids.

Figs. 2 and 3 show the absorbance spectra of the μc-Si:H fi lm as deposited and 
after exposure to the ambient for 1 day up to 8 months. Fig. 2 shows the Si-Hx wagging 
mode (~640 cm-1), the Si-H2 bending modes (850-910 cm-1) and Si-O-Si asymmetric 
stretching modes (1000-1200 cm-1). Also present are the Si-O-Si symmetric stretching 
mode (~810 cm-1) [23] and the SiO-H bending mode (930 cm-1) [28,29]. Fig. 3 shows the 
LSM, HSM, NHSMs and OxSi-Hy modes (2200 cm-1, 2250 cm-1) [30]. After about two 
months a signifi cant increase in the Si-O-Si modes is observed, which is a sign that the 
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Figure 1: Absorbance spectrum of a μc-Si:H fi lm (a) as-deposited and (b) after 2 months exposure to the 
ambient (showing the stretching mode only). The stretching mode region is fi tt ed with Gaussians, these and 
the fi t are also shown.
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μc-Si:H fi lm is oxidizing. At the same time, the NHSMs peak intensity decreases and 
completely disappears after three months, while the OxSi-Hy peak intensity increases.

Fig. 4 shows the areas of (a) the Si-O-Si stretching mode and OxSi-Hy mode, (b) 
NHSM and (c) HSM after several days of exposure to the ambient. During the fi rst 
few days there are no signifi cant changes in absorbance. As already observed from the 
absorbance spectra in Figs. 2 and 3, the NHSM peak intensity is signifi cantly reduced 
after two months and completely disappears after three months. Simultaneously, there 
is an increase in Si-O-Si and OxSi-Hy peak intensities, and for the fi rst three months they 
increase at the same rate. After three months the Si-O-Si peak intensity continues to 
increase, while the OxSi-Hy peak intensity decreases. 

4. Discussion

The absorbance spectrum of the as-deposited fi lm, depicted in Fig. 1a, provides 
knowledge on the quality of the μc-Si:H fi lm. The presence of a dominant HSM 
suggests that the amorphous silicon tissue is rich in (nano-sized) voids. Furthermore, 
the presence of sharp features (NHSMs), which originate from hydrogen-passivated 
crystalline silicon surfaces, highlights the lack of amorphous tissue, which is necessary 
for passivating the surface of the crystalline grain boundaries and fi lling the voids 
between the grains. This suggests that the fi lm is rich in cracks and voids, and prone 
to post-deposition oxidation. The as-deposited fi lm already shows a small signature 
of oxygen incorporation, around 1000-1200 cm-1 att ributed to the Si-O-Si asymmetric 
stretching [23]. 

Once exposed to the ambient, the fi lm oxidation continues, as seen in Figs. 2-4. 

Table 2: The assignments of the Si-Hx and Si-O infrared absorption peaks of porous μc-Si:H

Peak position (cm-1) Assignment Ref.
600-680 Si-Hx wagging
840-860 Si-H2 bending
1980-2010 Si-H stretching in vacancies (LSM)  [25]

2090-2110
Si-H

stretching on void surfaces (HSM) [25]
Si-H2 

1985 Si-H
on crystalline surfaces (NHSM) [27]2101 Si-H2

2137 Si-H3

1000-1200 Si-O-Si [23]
2190-2210

OxSi-Hy [28,29]
2240-2260
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Parallel to the oxidation is a decrease of NHSMs peak intensity. is decrease of NHSM 
peak area is, as proposed by Smets et al. [16,17], due to diff usion of H2O into the cracks 
between the crystalline grains. The reaction of H2O with a Si-Si back bond of the Si-Hx 
hydrides present on the crystalline surface, results in the insertion of oxygen in one 
of the back bonds. This process is illustrated in Fig 5b. The surface Si-Hx hydride is 
now back-bonded to oxygen instead of silicon, which causes a change in its absorption 
frequency. According to Niwano et al. [30] the peak position of the formed OxSi-Hy 
depends on the number of back-bonded oxygen atoms: OSi-Hx at 2130 cm-1, O2Si-Hx at 
2200 cm-1 and O3Si-H at 2250 cm-1. Fig. 3 clearly shows an increased absorbance around 
2200 cm-1 and 2250 cm-1, the presence and position of these peaks is also supported by 
the deconvolution of the stretching mode region (see Fig 1b.). After three months, there 
also appears to be an increased intensity around 2130 cm-1, but whether this can be 
ascribed to OSi-Hx formation or to the overlap of the HSM and peak around 2200 cm-1 
needs further investigation.

The oxygen insertion in the Si-Si back bond is manifested in the absorbance spectra 
by a decrease in NHSM (Fig. 3) and increase of OxSi-Hy (Fig. 3) and Si-O-Si modes (Fig. 
2). For the fi rst three months, the OxSi-Hy and Si-O-Si peak areas increase at the same 
rate (Fig. 4a), while the NHSMs peak area decreases (Fig 4b.). From this we conclude 
that the surface of the crystalline grain boundary is oxidizing. We consider on this time 
scale the oxidation of the amorphous tissue negligible as this would be accompanied 
by a decrease in the LSM and/or HSM peak areas. As a matt er of fact, the LSM is barely 
visible in the absorbance spectra and the changes in peak area are negligible (Fig 3). Fig. 
1b would suggest that the HSM peak area is decreasing. However, this is an apparent 
decrease since at the same time the full-width at half maximum (FWHM) is increasing 
(from 47 to 59 cm-1). This broadening is caused by a diff erent bonding environment 
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Figure 2: Wagging and bending mode region of the absorbance spectra of μc-Si:H fi lm as deposited and after 
exposure to the ambient.
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of the Si-H bonds present in the amorphous silicon tissue caused by the insertion of 
oxygen in Si-Si back bonds in the c-Si grain. The amorphous tissue resides close to the 
grain boundaries, whose surface composition is changing from Si-Si-H to Si-O-Si-H. 
This infl uences the frequency of the Si-H bonds present in the amorphous silicon tissue 
near the grain boundary, resulting in a larger frequency spread of the Si-H bonds. 

After three months, when the NHSMs have completely disappeared and when 
the crystalline Si-Hx surfaces are converted into OxSi-Hy surfaces, we observe a reduction 
in the OxSi-Hy peak area, while the Si-O-Si peak area continues to increase. The loss of 
the OxSi-Hy modes can be explained by two subsequent processes. After the oxidation 
of the grain boundaries, when most of the Si-Si back bonds are oxidized, the Si-H bond 
present on the surface of the oxidized crystalline grain is oxidized. This results in a Si-
O-H complex, as illustrated in Fig. 5d. The Si-O-H bond can react with an OxSi-Hy bond 
forming Si-O-Si and releasing H2, as was also proposed in Niwano et al.[30]. However, 
this process cannot account completely for the increase in the Si-O-Si peak intensity. 
Firstly, this increase could indicate an additional bulk oxidation of the crystalline 
grain, or an additional oxidation of the amorphous tissue or a combination of both. 
Furthermore, the environment of the vibrating Si-O-Si is modifi ed due to the ongoing 
oxidation: the oscillator strength of the Si-O-Si stretching modes can be enhanced by 
lower local dielectric constants, resulting in higher absorption peaks as well. 

The oxidation of the bulk of the c-Si grain is unlikely to occur if we make an 
analogy between a c-Si grain and a c-Si wafer. When a c-Si wafer is exposed to the 
ambient a native oxide of typically 1-2 nm is formed. The oxidation is limited to the 
fi rst few nanometers and does not progress into the bulk of the wafer. In our case, 
the crystalline fraction, determined by means of Raman spectroscopy in accordance 
with ref. [24], is evaluated after 6 and 8 months of oxidation, and found to be equal 
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Figure 3: Stretching mode region of the absorbance spectra of μc-Si:H fi lm as deposited and after exposure 
to the ambient.
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to 55±5%, whereas the initial crystalline fraction is about 60%, as mentioned earlier 
in the Experimental section.  The oxidation at the bulk of the crystal is, therefore, 
considered unlikely to occur. The oxidation of the amorphous tissue is supported by a 
decreasing intensity of the HSM, depicted in Fig. 3. This implies that it is not enough 
to merely passivate the surface of the crystalline grains and fi ll the voids between 
the grains with amorphous silicon, but it also puts constraints on the quality of the 
amorphous silicon tissue. Amorphous silicon plays a very important role in a μc-Si:H, 
i.e. it fi lls the intergranular space, thereby preventing fi lm oxidation, but at the same 
time it passivates the c-Si grain boundaries. This passivation is similar to the surface 
passivation applied on e.g. c-Si based solar cells. At the surface of a c-Si grain, defects 
are present, mostly in the form of dangling bonds. These defects are recombination 
sites for electron-hole pairs, thereby signifi cantly reducing the spectral response of the 
solar cell. Passivation of these defects, either by excess H present in the amorphous 

0

30

60

90

120

150

0.0

0.3

0.6

0.9

1.2

1.0

1.5

2.0

2.5

3.0

Si
-O

-S
i p

ea
k 

ar
ea

N
H

SM
 p

ea
k 

ar
ea

H
SM

 p
ea

k 
ar

ea

0

1

2

3

4

O
xSi

-H
y  p

ea
k 

ar
ea

0 2 4 50 100 150 200 250
Nr. Days

(a)

(b)

(c)

Figure 4: Time-evolution of peak areas of (a) Si-O-Si modes (orange solid squares) and OxSi-Hy modes (blue 
open squares), (b) NHSM and (c) HSM.
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tissue or by the amorphous tissue itself, enhances the solar cell effi  ciency. When the 
a-Si:H tissue is characterized by a network of interconnected (nano-sized) voids, the 
passivating properties of the a-Si:H tissue are eventually lost on the long term.  

5. Conclusions

In this contribution we reported on the oxidation mechanism of μc-Si:H thin fi lms 
based on FTIR spectroscopy studies on a time scale of 8 months. It has been observed 
that the oxidation of the μc-Si:H fi lm occurs on two time scales. On the short time 
scale (60 days) the surface of the c-Si grain is oxidized, as observed by following the 
decrease in NHSM intensity and the simultaneous increase of Si-O-Si and OxSi-Hy peak 
areas. On a longer timescale (>100 days), the oxidation of the c-Si grain is completed by 
the formation of a SiO2-like surface, as concluded from the reduction in OxSi-Hy peak 
intensities. Furthermore, a reduction of the HSM can be observed, which is att ributed 
to the oxidation of the amorphous silicon tissue. This puts constraints on the material 
quality of the a-Si:H tissue, where, on the long term, a network of interconnected voids 
may deteriorate the passivating properties. 
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Abstract
Microcrystalline silicon fi lms grown in an expanding thermal plasma, i.e. in the 
absence of ion bombardment, are found to be porous and rich in nano-sized voids.  
By carrying out an extensive investigation on the material quality of fi lms deposited 
in the amorphous-to-microcrystalline transition regime, on the microcrystalline silicon 
growth development, and on the infl uence of the substrate temperature, it is concluded 
that the inferior material quality is related to the lack of a suffi  cient amount of 
amorphous silicon tissue. As possible cause for the insuffi  cient amount of amorphous 
silicon tissue, the interaction of atomic hydrogen with amorphous silicon fi lms has 
been studied in order to highlight a possible competition between fi lm growth and 
H-induced etching of amorphous silicon, and between fi lm growth and H-induced 
surface/fi lm modifi cation. The etch rates obtained are too low to compete with fi lm 
growth. Furthermore, atomic H cannot be considered responsible for the poor quality 
of amorphous tissue present in the microcrystalline silicon fi lms, as the H up-take 
mainly takes place in divacancies. These results suggest that ion bombardment may be 
a necessary condition to provide good quality microcrystalline silicon fi lms. 
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1. Introduction

Microcrystalline silicon (μc-Si:H) is extensively used as absorber in thin-fi lm solar cells, 
combining the advantages of a low (indirect) band gap (1.1 eV), which results in an 
enhanced absorption of red and (near)infra red light, and an improved stability under 
light exposure (Staebler-Wronski eff ect) [1]. However, due to the indirect nature of 
the band gap, relatively thick (1-2 μm) μc-Si:H fi lms are necessary to achieve effi  cient 
absorption of red and (near)infrared light, even when light trapping concepts are 
applied. Therefore, from a cost-perspective point of view, high growth rates (>1 nm/s) 
are required, as well as large-area (roll-to-roll) processing.

Amongst the most common deposition techniques, H2/SiH4-fed plasmas are 
widely investigated. The transition from an amorphous to a microcrystalline phase can be 
accomplished by varying almost every parameter (i.e. pressure, substrate temperature, 
plasma power, etc.), although in general the H2/SiH4gas ratio, recognized as the main 
parameter [2], is increased to promote the transition towards (micro)crystallinity. The 
most commonly used deposition technique is the capacitively coupled plasma (CCP) 
using radio or very high excitation frequencies (RF or VHF, respectively). Approaches 
to increase the growth rate include an increase of the plasma power, moving from a 
low-pressure to a high-pressure depletion (LPD to HPD, respectively) regime and/
or by increasing the excitation frequency from 13.56 MHz to 27-300 MHz [3-7]. The 
transition towards the HPD regime and the use of VHF was thought to be necessary 
to suppress (a potentially uncontrolled) ion bombardment eff ect, which is inevitable in 
high plasma power regimes and held responsible for poor fi lm properties.

In this work, the expanding thermal plasma (ETP) has been used for the 
deposition of amorphous and microcrystalline silicon fi lms. The ETP technique, that 
is characterized by a lack of ion bombardment, has already proven to be a viable 
deposition technique for amorphous silicon (a-Si:H), silicon dioxide and silicon nitride 
at high growth rates (2-20 nm/s) [8-10]. At Roth&Rau/OTB-Solar uniform deposition 
over an area as large as 0.3 m2 has been obtained by using multiple plasma sources [11]. 
Both the high growth rates obtained in the absence of strong ion bombardment and 
the possibility of large-area deposition make the ETP technique an ideal candidate for 
μc-Si:H fi lm deposition. 

Previous work, however, has shown that the μc-Si:H material quality is poor 
[12-15]. In general, device-grade microcrystalline (and amorphous) silicon material is 
found close to the so-called amorphous-to-microcrystalline transition regime, i.e. where 
the μc-Si:H fi lm has a crystallinity of about 60% [16]. Device-grade μc-Si:H material 
is characterized by a low oxygen content (below 1x1019 cm-3), a photosensitivity (i.e. 
photo-to-dark conductivity ratio) larger than 400 (for fi lms with a crystalline volume 
fraction in the range of 40-60%) [17], and a low defect density, which is most commonly 
measured by electron spin resonance, the spin density should then be below 1016 cm-3 
[18]. The defect density can also be probed via the optical absorption, since the presence 
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of defects can be linked to the sub-band gap absorption. Empirically, good μc-Si:H 
material is found to have an absorption coeffi  cient equal to 1-2 cm-1 (or lower) at 0.8 
eV [19]. Furthermore, infrared absorption spectra should not show the presence of 
the so-defi ned narrow high stretching modes (NHSMs) [20,21]. The NHSMs represent 
hydrogen bonded on crystalline surfaces (Si-Hx, x≤3), i.e. the grain boundaries, which 
arise when there is no suffi  cient amount of amorphous silicon tissue present to 
passivate the surface of the grains. Next to grain boundary passivation, a suffi  cient 
amount of amorphous silicon tissue is necessary to fi ll the intergranular space. Lack 
of a suffi  cient amount of amorphous tissue leads to the creation of (inter-connected) 
pores, through which, if open to the ambient, water can penetrate causing oxidation 
of the grain boundaries [12,20,21]. Oxygen, which acts as a recombination centre for 
electron-hole pairs, thereby, reduces the spectral response of the solar cell [22].

Material characterization of ETP-grown μc-Si:H, however, show photosensitivities 
of 35-50 and absorption coeffi  cients of 2-10 cm-1 [15]. Furthermore, infrared absorption 
spectra show that the fi lms are prone to post-deposition oxidation and the presence 
of NHSMs is reported [12]. Incorporation of these fi lms in solar cells results in an 
effi  ciency of below 2% [15]. 

The lack of a suffi  cient amount of amorphous silicon tissue in ETP-grown μc-
Si:H fi lms is hypothesized to be the main cause for the poor material properties. In this 
manuscript we extend the analysis of ETP-grown μc-Si:H fi lms by exploring the possible 
reasons behind the insuffi  cient amount of amorphous tissue between the grains. For 
this purpose, Raman and Fourier transform infrared spectroscopy are used to study 
the amorphous-to-microcrystalline transition regime, the μc-Si:H growth development, 
and the infl uence of substrate temperature. In particular, atomic hydrogen can be 
considered responsible for the above-described material properties since it is known 
to preferentially etch a-Si:H [23,24]. Furthermore, previous studies on the interaction of 
atomic H with a-Si:H fi lms have reported on the formation of an H-rich subsurface layer 
[25], caused by the insertion of atomic H into strained Si-Si bonds [26,27]. Therefore, 
we have exposed a-Si:H fi lms to an atomic H fl ux and investigated the competition 
between fi lm growth and H-induced etching of a-Si:H, and between fi lm growth and 
H-induced surface/fi lm modifi cation (“chemical annealing”).  

The paper is organized as follows. A detailed description of the ETP and the 
deposition and plasma treatment conditions can be found in the following section. 
The results and discussion sections have each been divided into two parts. The fi rst 
part describes the material properties of the fi lms deposited at the transition regime, 
the growth development of a μc-Si:H fi lm on the basis of a thickness series, and the 
infl uence of substrate temperature on the fi lm properties. The second part deals with 
the interaction of atomic H with a-Si:H fi lms. 
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2. Experimental details

The deposition setup, used for the deposition of μc-Si:H fi lms, is depicted in Fig. 1. 
It consists of a plasma source and a low-pressure, stainless steel deposition chamber. 
The plasma is created in a cascaded arc. It consists of three cathode tips, a stack of 
insulated copper plates and an anode plate. The plates have a bore with a diameter 
of 4.0 mm forming a channel. By injection of an inert gas, argon (Ar), into the channel 
and applying a high DC voltage of about 1 kV, the plasma is ignited. Typical electron 
densities and electron temperatures in the arc are 1022 m-3 and 1 eV respectively [28].  
Due to the large pressure diff erence between the source and the chamber, the plasma 
expands, supersonically, into the deposition chamber. The expansion reduces the 
electron density and electron temperature in the downstream region even further to 
1017-1019 m-3 and 0.3 eV respectively, depending on the gas mixtures present [29]. A 
more detailed description of the plasma source and the ETP technique can be found 
elsewhere [29-31].

For the deposition of μc-Si:H, hydrogen (H2) and silane (SiH4) gasses are added. 
Because of the low electron density and temperature, H2 is admixed with the Ar gas 
in the cascaded arc where the dissociation is more effi  cient. The main reactive species 
emanating from the plasma source is atomic H [29,32]. SiH4 is injected via an injection 
ring positioned either at 8 cm or 30 cm from the source outlet. The dissociation of SiH4 
is mainly governed by H abstraction reactions forming dominantly SiH3 [33]. However, 
because of the large H fl uxes necessary to deposit μc-Si:H, the eff ective dissociation 
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Figure 1: Experimental setup.
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of H2 into atomic H in the plasma source resulting in a large H fl ux, and the large 
source-to-substrate distance (40 cm), the formed SiH3 can be further dissociated into 
SiH2 and subsequently producing SiH and Si. Density measurements of SiH3, SiH and 
Si in front of the substrate holder reveal typical densities of 2-7x1018 m-3, ~1017 m-3, ~1017 
m-3 respectively [33]. These results suggest SiH3 to be the dominant growth precursor, 
but with signifi cant contributions of Si, SiH, and probably also SiH2 (further referred 
to as SiHx radicals). 

This subsequent dissociation of SiH3 into SiHx radicals is undesirable because of 
their near unity sticking coeffi  cients [34]. For this purpose, the SiH4 injection is placed 
closer to the substrate. However, as we will show in the following section, downstream 
injection of SiH4 did not lead to a (signifi cant) improvement of the material properties.

The μc-Si:H fi lm deposition was carried out simultaneously on glass (Corning 
7059) and on crystalline silicon (c-Si) (n-type, (100) crystal orientation); the deposition 
conditions (A-C) are presented in Table 1. The fi lms deposited on c-Si have been 
analyzed using Fourier transform infrared (FTIR) spectroscopy to determine the fi lm 
thickness (dfi lm), the refractive index in the infrared (nIR), the H density (cH) and the Si-
Hx bonding confi gurations. The fi lms deposited on glass and fi lms with a thickness ≥ 
500 nm deposited on c-Si have been analyzed with Raman spectroscopy to determine 
the crystal fraction. Films that were analyzed by X-ray diff raction showed no preferred 
crystal orientation. Cross-sectional transmission electron microscopy (TEM) image is 
made with a FEI Tecnai F30ST TEM operated at 300 kV for a μc-Si:H fi lm deposited on 
c-Si. 

Furthermore, two types of a-Si:H fi lms have been deposited using the same 
confi guration as described above, and have been exposed to an Ar/H2 plasma: H-poor 
a-Si:H (hydrogen content of 11.5±0.5 at.%) and H-rich a-Si:H (hydrogen content of 
27.0±0.5 at.%). The deposition and hydrogen treatment conditions can be found in 
Table 1 (conditions D-E and F, respectively). The Ar/H2 plasma treatment is carried out 
in a clean and in an a-Si:H coated reactor. For the plasma treatment in a clean reactor 

Table 1: Experimental conditions. Conditions A, B and C are used to deposit μc-Si:H fi lms. Conditions D 
and E are used to deposit H-poor and H-rich a-Si:H, respectively. Condition F is used for the Ar/H2 plasma 
treatment.

Ar H2 SiH4 Iarc Varc p Tsub SiH4 injection 
level (cm)fl ow rate (sccs) (A) (V) (mbar) (oC)

A 55 30 0.5-1.0 45 96 0.20 250 30 or 8
B 55 30 0.5 45 96 0.20 250 8
C 55 30 0.5 45 96 0.20 150-400 8
D 55 10 10 45 66 0.15 400 8
E 45 10 10 45 68 0.12 200 8
F 30 15 0 45 91 0.10 200-400 -
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the fi lm is transferred to a load lock which is kept under vacuum (1-5x10-7 mbar), in 
order to delay the oxidation process as a consequence of air exposure. The chamber is 
cleaned using an Ar/CF4 plasma followed by a subsequent Ar/H2 plasma treatment. 
After cleaning of the chamber the sample is transferred back into the deposition 
chamber and heated to the desired temperature (200-400oC).  If the treatment is carried 
out immediately after the deposition of the fi lm, the reactor wall is coated with an 
a-Si:H fi lm. 

These fi lms, deposited and treated simultaneously on glass and c-Si, have been 
analyzed using in situ spectroscopic ellipsometry to follow the thickness development, 
and ex situ FTIR and Raman spectroscopy.

FTIR spectroscopy is carried out using a Bruker Vector 22. The resolution of the 
spectrometer  was set at 4 cm-1 and  spectra were collected in the range of  450-7500 
cm-1. The fi lm thickness and refractive index in the infrared are estimated by fi tt ing the 
interference fringes in the 3000-4000 cm-1 range [35]. The Si-Hx bonding confi gurations 
are studied from absorption spectra, an example is reported in Fig. 3. The hydrogen 
content is defi ned as cH=NH/(NSi+NH) where NSi+NH≈ 5x1022 cm-3 [36] and NH=AxIx where 
Ix= ∫ω-1α(ω)dω is the integrated absorption of a mode at position x. The total hydrogen 
content (cH) is determined from the integrated absorption of the Si-Hx wagging mode 
at 640 cm-1, using A640= 1.6x1019 cm-2 [36]. The absorption peak around 640 cm-1 arises 
due to Si-Hx wagging vibrations. For a-Si:H fi lms the Si-Hx wagging mode can be fi tt ed 
with a single Gaussian function. For μc-Si:H fi lms, however, this peak splits into several 
contributions and needs to be fi tt ed with three Gaussians, in agreement with Refs. [37-
39]. The cause for this splitt ing is not yet clear, but the presence of crystalline silicon 
grains is believed to be responsible. The error induced by the fi tt ing procedure (< 1%) 
is small compared to the statistical deviations in reproducibility. In general, we fi nd 
that the hydrogen content, for fi lms deposited under similar conditions, varies with 
about ±0.5 at.%, which we will therefore take as error margin. The same holds for the 
thickness, for which we fi nd an error of below 2%. 

The Raman spectra are measured using a Raman microscope (Renishaw) in a 
backscatt ering geometry equipped with a 514.5 nm Ar ion laser. The crystal fractions 
(Xc) are determined from Raman spectra following the method described in Ref. [40]. 
This method induces a rather large error due to the scaling of the amorphous spectrum; 
it is not always possible to achieve a perfect scaling. Following the same approach as in 
Ref [40], we fi nd for the crystal fraction an absolute error of about ±5% (which includes 
statistical deviations).

The pseudo dielectric functions of the a-Si:H fi lms are measured in situ with a 
spectroscopic ellipsometer in the visible and near infrared wavelength ranges (0.75–5.0 
eV, J. A. Woollam Co., Inc. M2000U), whereas the (thin) μc-Si:H samples (<500 nm) are 
characterized ex situ for the visible and ultraviolet wavelength ranges (1.2–6.5 eV, J. A. 
Woollam Co., Inc. M2000D). The optical model of the as-deposited fi lms consists of a 
substrate, the fi lm itself and a surface roughness layer. The dielectric function of the 
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substrate, i.e. c-Si wafer with a 1-2 nm thick native oxide, and the exact native oxide 
thickness is modeled prior to the deposition. The dielectric function of the a-Si:H fi lms 
is modeled with a Cody-Lorentz  dispersion formula [41]. The a-Si:H bulk properties 
were obtained prior to plasma treatment, while the sub-surface layer properties have 
been obtained after plasma treatment (when the fi lm thickness is roughly as thick 
as the sub-surface layer, i.e. 15-50 nm). During the modeling of the dynamic data, 
obtained during plasma treatment, only the thicknesses of the bulk, sub-surface and 
surface roughness layer were selected as fi tt ing parameters. The total fi lm thickness is 
defi ned as the sum of the bulk layer thickness, sub-surface layer thickness and half of 
the surface roughness layer thickness. The etch rate (Retch) has been determined from 
the slope of the total fi lm thickness. The dielectric function of the thin μc-Si:H fi lms (< 
500 nm)  are modeled by means of B-splines following the approach in Ref. [42]. For all 
fi lms a Bruggeman eff ective medium approach of 50% bulk material and 50% voids is 
used to model the surface roughness [43]. The dielectric functions can be modeled very 
accurately (MSE < 15), resulting in an error below 1% for the fi lm thickness. However, 
we observe for thin fi lms (<100 nm) an additional deviation due to reproducibility that 
is within ±5 nm. 

3. Results 

3. 1. Material properties of μc-Si:H thin-fi lms

Fig. 2 shows the crystal fraction of fi lms deposited under various SiH4 fl ow rate 
conditions with the SiH4 gas either injected close to the source outlet (i.e. at 8 cm) or 
close to the substrate holder (i.e. at 30 cm from the source outlet). The transition from the 
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Figure 2: Crystal fractions of μc-Si:H thin-fi lms deposited under condition A. The SiH4 gas is either 
injected close to the source outlet (i.e. at 8 cm, open circles) or close to the substrate holder (i.e. at 30 cm from 
the source outlet, solid squares). The solid lines serve as a guide to the eye.
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amorphous to the microcrystalline phase occurs upon reducing the SiH4 fl ow rate. The 
width of the transition regime can be quite narrow (a few tenths of sccs). By lowering 
the SiH4 injection point from 8 cm from the source outlet to 30 cm the transition regime 
could be broadened from 0.2 to 0.5 sccs, respectively. 

Fig. 3 shows the absorption spectra of the ETP-grown μc-Si:H fi lms deposited 
in the transition regime under conditions in which the SiH4 gas is injected close to the 
substrate holder. The fi lm thickness is about 700-900 nm. The deposition rate increases 
from 2 to 5 nm/s with increasing SiH4 fl ow rate, well above the desired 1 nm/s. 

In the absorption spectra of Fig. 3, three regions can be distinguished: 600-700 
cm-1, due to Si-Hx wagging, 850-910 cm-1, due to Si-H2 bending, and 2000-2150 cm-1, 
due to Si-Hx stretching. The fi lms can be “graded” on the basis of the Si-Hx bonding 

In
te

ns
ity

600 800 1000 20001900 2100 2200
Wavenumber (cm-1)

0.7 sccs SiH4 - 56±5%

0.6 sccs SiH4 - 59±5%

0.9 sccs SiH4 - 45±5%

0.5 sccs SiH4 - 59±5%

1.0 sccs SiH4 - 24±5%

1x10-4

Figure 3: Absorption spectra of μc-Si:H thin-fi lms deposited under condition A with the SiH4 gas injected 
close to the substrate holder(i.e. at 30 cm from the source outlet). The corresponding crystal fractions are 
depicted in the fi gure. The stretching mode region is fi tt ed with Gaussians, these and the cumulative fi t are 
shown for fi lms deposited with 0.5 and 1.0 sccs SiH4.

Table 2: Overview of the total hydrogen content (cH), percentage of hydrogen bonded as LSM, HSM and 
NHSM, and crystal fraction (Xc) for fi lms deposited under condition A (with the SiH4 injection ring at 30 
cm).

SiH4 fl ow rate 
(sccs)

cH (at.%)
Percentage of H bonded as

Xc (%)
LSM HSM NHSM

0.5 4.4±0.5 0 79.6±3.1 20.4±3.1 59±5
0.6 3.7±0.5   6.4±3.9 68.2±3.9 25.4±3.9 59±5
0.7 4.9±0.5   9.5±2.9 72.0±2.9 18.5±2.9 56±5
0.9 5.2±0.5 11.4±3.5 69.3±3.5 19.3±3.5 45±5
1.0 7.1±0.5 39.1±2.4 52.7±2.3   8.2±2.3 24±5
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confi gurations in the stretching mode region (1850-2150 cm-1). The quality of the 
amorphous silicon tissue is, analogously to a-Si:H fi lms, based on the presence of the 
so-called low stretching mode (LSM, ~2000 cm-1) and high stretching mode (HSM, 
~2100 cm-1). The LSM represents hydrogen bonded in vacancies, and is indicative of 
dense material, while the HSM represents hydrogen bonded on (nanometer sized) void 
surfaces, and is therefore indicative of porous material [44,45].  

The best μc-Si:H fi lms are usually found to have a crystal fraction of about 60% 
[46]. When referring to the spectra in Fig. 3 corresponding to this crystal fraction, it 
can be seen that the spectra barely contain a LSM contribution while the HSM related 
absorption peak is dominant; about 70% of the incorporated hydrogen is bonded on 
the surface of nano-sized voids (Table 2). These are indications that the amorphous 
silicon tissue is rich in nano-sized voids. Furthermore, three NHSMs are visible, which 
indicate the lack of a suffi  cient amount of amorphous silicon tissue needed to passivate 
the crystalline grain boundaries and fi ll the intergranular space. When the SiH4 fl ow  
rate is increased to 0.9 and 1.0 sccs, the LSM increases and for the latt er the NHSMs 
are not distinguishable anymore. Deconvolution of the spectrum, however, shows 
the presence of a slightly broadened NHSM (centered at 2101 cm-1, Fig. 3). The total 
hydrogen content (cH), percentage of hydrogen bonded as LSM, HSM and NHSM, and 
crystal fraction (Xc) are listed in Table 2.

The μc-Si:H fi lm growth development can be observed in Fig. 4, which shows the 
absorption spectra for fi lms with thickness in the range of 50-1500 nm (condition B of 
Table 1). Table 3 lists the total hydrogen content (cH), percentage of hydrogen bonded as 
LSM, HSM and NHSM, and crystal fraction (Xc). 
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Figure 4: Absorption spectra of μc-Si:H fi lms with thicknesses in the range of 50-1500 nm deposited under 
conditions B. The corresponding crystal fractions are depicted in the fi gure. The stretching mode region is 
fi tt ed with Gaussians, these and the cumulative fi t are shown for the 52 nm thick fi lm.
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For the 50 nm thick fi lm, the Raman spectrum (as well as X-ray diff raction 
measurements, not shown in this paper) resembles that of an a-Si:H fi lm. Yet, the 
deconvolution of the stretching mode region shows the presence of a NHSM (centered 
at 2101 cm-1), suggesting the presence of crystalline grains. In the next 50 nm the crystal 
fraction increases to 17±5%, and a constant crystal fraction is reached for fi lm thicknesses 
larger than 340 nm. The absorption spectra in Fig. 4 also show that the initial growth 
layer (i.e. the 50 nm thick fi lm) is rich in nano-sized voids (dominant HSM) but also 
contains a considerable amount of dense amorphous silicon tissue, as indicated by the 
presence of the LSM.  However, as the fi lm becomes thicker the LSM intensity reduces 
while the HSM contribution slightly increases, indicating that less dense amorphous 
silicon tissue and more voids are incorporated while the fi lm develops. In the TEM 
image (Fig. 5) the presence of voids is highlighted; they extend from the substrate-fi lm 
interface to the fi lm surface. 

Table 3: Overview of the total hydrogen content (cH), percentage of hydrogen bonded as LSM, HSM and 
NHSM, and crystal fraction (Xc) for fi lms deposited under condition B.

dfi lm
 (nm)

cH (at.%)
Percentage of H bonded as

Xc (%)
LSM HSM NHSM

  52±3 7.5±0.5 34±2.0 56±2.0 10±2.3 0
  94±5 8.2±0.5 32±1.8 54±1.8 14±1.9 17±5
237±7 7.6±0.5 27±2.1 65±2.1   8±2.1 34±5
339±7 7.7±0.5 22±2.3 67±2.2 11±2.3 53±5

1054±10 6.5±0.5 18±2.5 72±2.6 10±1.8 55±5
1433±12 6.4±0.5 11±2.6 74±2.6 15±2.6 58±5

Figure 5: Bright fi eld TEM image (under focus) of a 1200 nm μc-Si:H fi lm.
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Fig. 6 shows the absorption spectra of ETP-grown μc-Si:H fi lms deposited at substrate 
temperatures in the range of 150-400oC (condition C of Table 1). The total hydrogen 
content (cH), percentage of hydrogen bonded as LSM, HSM and NHSM and crystal 
fraction (Xc) of the deposited fi lms are listed in Table 4. 

The crystal fraction and deposition rate (4.0±0.1 nm/s) show no substrate 
temperature dependence. An increase of the substrate temperature does not result in 
improved material quality, as witnessed by a reduced LSM peak intensity. 
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Figure 6: Absorption spectra of ~1 μm thick μc-Si:H fi lms deposited under condition C (Table 1). The 
corresponding crystal fractions are depicted in the fi gure. The stretching mode region is fi tt ed with 
Gaussians, these and the cumulative fi t are shown.

Table 4: Overview of the total hydrogen content (cH), percentage of hydrogen bonded as LSM, HSM and 
NHSM, and crystal fraction (Xc) for fi lms deposited under condition C.

Tsub 
(oC)

cH (at.%)
Percentage of H bonded as

Xc (%)
LSM HSM NHSM

150 7.5±0.5 33±2.2 54±2.2 13±2.2 47±5
200 5.5±0.5 15±2.6 57±2.7 28±2.7 49±5
250 5.7±0.5 16±2.8 64±2.7 20±2.8 48±5
300 5.2±0.5 11±2.9 71±2.9 18±2.9 53±5
400 3.7±0.5 12±3.6 69±3.6 19±3.6 46±5
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3. 2. Ar/H2 plasma treatment of a-Si:H thin-fi lms

Fig. 7 shows Raman spectra of a-Si:H fi lms before and after Ar/H2 plasma treatment in 
a clean and a-Si:H coated chamber. Film crystallization, visible from the phonon peak 
at approx. 520 cm-1, is only observed when the reactor wall was coated with an a-Si:H 
fi lm, which is an inevitable result of fi lm deposition. The fi lm did not crystallize after 
exposure in a clean chamber. 

In Fig. 8 the evolution of the surface roughness, sub-surface layer, bulk layer 
and total thickness of a H-poor a-Si:H fi lm are shown. The sub-surface layer develops 
within 1-2 minutes (Fig. 8b), which induces a short delay in the actual etching of the 
fi lm (Fig. 8d). The sub-surface layer is H-rich when compared to the bulk, which is 
supported by electron recoil detection (ERD) analysis. 

The obtained etch rates are in the range of 0.01-0.18 nm/s.

Fig. 9 shows the absorption spectra of as-deposited and Ar/H2 plasma treated a-Si:H 
fi lms with high and low hydrogen content, respectively. The as-deposited H-poor 
a-Si:H fi lm contains 11.5±0.5 at.% hydrogen bonded to silicon, of which about 7% is 
bonded in (di)vacancies and  approx. 5% on the surface of nano-sized voids (Table 
5). These H-poor a-Si:H fi lms are considered to be of high quality, with a low defect 
density of approx. 1016 cm-3. After H treatment, the total hydrogen content increases to 
19.6±0.5 at.%. The hydrogen in the H-rich a-Si:H fi lm, with an as-deposited hydrogen 
content of 27±0.5 at.%, is mainly bonded on the surface of nano-sized voids, refl ecting 
a porous structure. Ar/H2 plasma treatment of this fi lm did not result in an increase of 
the hydrogen content.
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Figure 7: Raman spectra of a-Si:H deposited on glass: untreated, Ar/H2 plasma treated in a clean chamber 
and in an a-Si:H coated chamber at Tdep=Tetch=400oC.
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Figure 8: Thickness development of the (a) surface roughness, (b) sub-surface layer, (c) bulk layer and (d) 
total thickness during Ar/H2 plasma treatment of an H-poor a-Si:H fi lm.
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4. Discussion

4. 1. Material properties of μc-Si:H thin-fi lms

The transition from the amorphous to a microcrystalline phase is quite narrow, i.e. 
a change in SiH4 fl ow rate of a few tenths of sccs can result in a phase change from 
completely amorphous to microcrystalline fi lms with a Raman crystallinity of 60%. 
Att empts to broaden the transition regime (not shown in this paper) include variation 
of arc current, gas fl ow ratios (Ar/H2), pressure, source-to-substrate distance, and 
gas injection positions. Only by injection of the SiH4 gas closer to the substrate were 
we (so far) able to broaden the transition regime from 0.2 to 0.5 sccs. Furthermore, 
crystallization takes place at higher SiH4 fl ow rates when we inject the SiH4 gas closer 
to the substrate. Both are very interesting observations as they indirectly support our 
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Figure 9: Absorption spectra of a-Si:H fi lms, as-deposited and treated in a clean reactor. (a) low-quality, 
H-rich a-Si:H fi lm, deposited and Ar/H2 plasma treated at 200oC, (b) high-quality, H-poor a-Si:H fi lm, 
deposited at 400oC and Ar/H2 plasma treated at 200oC.
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hypothesis that, although SiH3 is the dominant growth precursor, SiH2, SiH and Si 
radicals also contribute signifi cantly to the growth. This means that when the SiH4 gas 
is injected closer to the substrate, it has less chemical interactions with H atoms thereby 
“consuming” less atomic H. However, the att empts to broaden the transition regime 
did not result in an improved material quality.

The best μc-Si:H fi lms are usually found to have a crystal fraction of about 
60% [46]. The dominant HSM present in the spectra of e.g. Fig. 3 corresponding to 
this crystal fraction indicates that the amorphous silicon tissue is rich in nano-sized 
voids. Furthermore, the presence of the three NHSMs is indicative of a lack of a 
suffi  cient amount of amorphous silicon tissue needed to passivate the crystalline grain 
boundaries and fi ll intergranular space. Consequently, the fi lm is characterized by a 
network of (inter-connected) voids (Fig. 5).

By studying the μc-Si:H fi lm growth (Fig. 4), the development of a so-called incubation 
layer can be observed, visible from the low crystal fraction obtained in the initial stages 
of μc-Si:H fi lm growth. This incubation layer (50-250 nm) appears to be thicker than 
the incubation layer for fi lms deposited with e.g. RF/VHF CCP deposition techniques, 
for which typical incubation thicknesses lay around 30-50 nm [46] and steady state is 
reached after 50-100 nm [47]. Furthermore, the absorption spectra in Fig. 4 show that the 
initial growth layer (50 nm thick fi lm) is rich in nano-sized voids (dominant HSM) but 
also contains a considerable amount of dense amorphous silicon tissue, as indicated by 
the presence of a LSM.  However, as the fi lm becomes thicker the LSM intensity reduces 
while the HSM contribution slightly increases, indicating that less dense amorphous 
silicon tissue and more voids are incorporated while the fi lm develops. 

Table 5: Overview of the deposition rate (Rdep) (negative value represents etch rate), total hydrogen content 
(cH), percentage of hydrogen bonded as LSM and HSM of H-poor and H-rich fi lms deposited under condition 
D and E, respectively, before and after Ar/H2 plasma treatment.

dfi lm
 (nm)

Rdep

(nm/s)
cH (at.%)

Percentage of H 
bonded as

LSM HSM

H-rich a-Si:H

54±3 6.8±0.2 27.0±0.5 18±1 82±1 As-deposited
195±3 6.5±0.2 - - - As-deposited
33±3 -0.17±0.01 28.0±0.5 17±1 83±1 Ar/H2 plasma treated

H-poor a-Si:H
45±3 9.1±0.2 11.5±0.5 60±2 40±2 As-deposited
92±3 9.2±0.2 - - - As-deposited
50±3 -0.13±0.01 19.6±0.5 70±2 30±2 Ar/H2 plasma treated
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It has been investigated if denser material can be grown when working at elevated 
substrate temperatures, since the surface diff usion length of the growth precursors is 
expected to increase with increasing substrate temperature. However, an increased 
substrate temperature did not result in an improved material quality, as witnessed by 
a reduced LSM peak intensity. This indicates an increased porosity, which is supported 
by an increased intensity around 1000-1100 cm-1, associated with the development of 
oxidation processes [12,48]. Note that the crystal fraction and deposition rate (4.0±0.1 
nm/s) show no substrate temperature dependence.

The deteriorated material properties at elevated temperatures are not completely 
understood. With increasing substrate temperature fi lm densifi cation is expected, 
brought about by the enhanced surface diff usion length of the growth precursors. 
However, the opposite is observed. Thermal H-removal from the surface, which occurs 
for a-Si:H typically at Tsub> 300oC [49], can be excluded since this would lead to lower 
crystal fractions [50] and higher deposition rates (which we did not observe). It becomes 
more complicated as a substrate temperature increase induces other eff ects which may 
or may not be related to a change in surface diff usion length. For example, it has been 
reported that higher temperatures promote the formation of bigger grains [51]. The 
crystallite sizes, determined from XRD spectra (not shown in this paper), however, 
were found not to change signifi cantly with substrate temperature. 

Although in general, the best microcrystalline (and amorphous) silicon is obtained 
close to the transition regime, this seems not to be the case for ETP-grown material. The 
amorphous and microcrystalline silicon fi lms deposited close to the transition regime 
consist of dominantly porous (amorphous) material which is rich in nano-sized voids 
(i.e. dominant HSM). Furthermore, the crystalline silicon grain boundaries present 
in the μc-Si:H fi lms are not passivated by amorphous silicon tissue, visible from the 
presence of NHSMs in the absorption spectra.

The overall lack of suffi  cient amount of (dense) amorphous silicon tissue is 
believed to be the main cause for the poor material properties. Since atomic hydrogen, 
which is abundant in the plasma, is known to preferentially etch a-Si:H [23,24] and 
induces the formation of H-rich sub-surface layer [25], Discussion section 4.2 addresses 
a possible competition between fi lm growth and H-induced etching of a-Si:H, and 
between fi lm growth and H-induced surface/fi lm modifi cation (“chemical annealing”).

4. 2. Ar/H2 plasma treatment of a-Si:H thin-fi lms

As described in literature, the interaction of atomic H with an a-Si:H fi lm can result in 
the development of a μc-Si:H fi lm [52,53]. Therefore, we show in Fig. 7 Raman spectra 
of the a-Si:H fi lm before and after Ar/H2 plasma treatment in a clean and a-Si:H coated 
chamber. The fi lm did not crystallize after exposure in a clean chamber; only when 
the reactor wall was coated with an a-Si:H fi lm, which is an inevitable result of fi lm 
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deposition, fi lm crystallization was observed, visible from the phonon peak at approx. 
520 cm-1. This was fi rst observed by Saitoh et al. [54] and later also by others, e.g. Kail 
et al.[55]. This fi lm crystallization has been ascribed to “chemical transport” in which 
atomic H etches the a-Si:H fi lm on the wall, creating SiH4 which gets dissociated upon 
entering the plasma and results in a re-deposition. Since the H/SiHx ratio is high, the 
fi lm has μc-Si:H characteristics. 

The obtained etch rates are in the range of 0.01-0.18 nm/s. Compared to typical 
growth rates (1-5 nm/s) , we see that these etch rates are at least one order of magnitude 
lower, which implies there is no competition between etching and fi lm deposition. 
Furthermore, it should be noted that the etch rates may be overestimated for two 
reasons. First, in the absence of SiH4 there is no hydrogen depleted in H abstraction 
reactions with SiH4 (the dominant SiH4 dissociation mechanism [33]). Second, in a clean 
reactor less atomic hydrogen is lost at the (stainless steel) wall then when there is an 
a-Si:H fi lm on the wall [56]. 

The surface modifi cation induced by atomic H, which has a substrate-temperature-
dependent penetration depth [25], extends to the top 15-50 nm, as determined by 
spectroscopic ellipsometry (e.g. Fig. 8b) and electron recoil detection (ERD)  analysis; 
this has also been observed by e.g. Kail et al. [25]. The sub-surface layer is H-rich when 
compared to the bulk, which is supported by ERD analysis; for the H-poor a-Si:H fi lm 
(Fig. 9a) Ar/H2 plasma treatment resulted in an almost doubling of the H content (Table 
5).

An et al. [57] and Kail et al. [25] observed a similar increase in H content upon H 
treatment. The increase of atomic hydrogen bonded in divacancies cannot be explained 
by a passivation of defects, since the density of incorporated hydrogen, 2x1021 cm-3, is 
orders of magnitude higher than the typical defect density, 1016 cm-3. Furthermore, it 
cannot be explained by hydrogen insertion in weak/strained Si-Si bonds as the typical 
weak/strained bond density is in the order of 1018 cm-3. Moreover, H insertion into 
strained Si-Si bonds would lead to either a bond-centered H confi guration or a platelet-
like H confi guration. In absorption spectra this would lead to absorptions centered 
at ~1945 cm-1 and ~2033 cm-1 for, respectively, bond-centered [58] and platelet-like H 
confi gurations [26], which we do not observe (Fig. 9). 

 Recently Smets et al. presented a new insight on the anisotropic nature of 
hydrogen incorporation in a-Si:H [59, 60]. Based on this insight, we hypothesize that the 
built-in hydrogen is incorporated in H-defi cient divacancies. ETP-grown device-grade 
a-Si:H is believed to be rich in H-defi cient divacancies, compared to a-Si:H deposited 
by other techniques, because of its high deposition rates, i.e. atomic hydrogen available 
during the deposition process does not get the time to “fi ll” the divacancies; this is also 
supported by the fast degradation of the opto-electronic properties of a-Si:H under light 
exposure. The unchanged H content of the H-rich a-Si:H support this hypothesis; as the 
atomic hydrogen in the as-deposited H-rich a-Si:H is mainly bonded on the surface of 
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nano-sized voids (82±1%, Table 4), the low amount of hydrogen bonded in divacancies 
suggests a negligible  amount of H-defi cient divacancies. The lack of an increase of the 
H content is also supported by spectroscopic ellipsometry, i.e. no sub-surface layer 
formation was observed. 

These results exclude the possibility that atomic hydrogen converts dense H-poor 
material into porous H-rich material, and thereby its responsibility for the inferior 
properties of the amorphous tissue. The increased hydrogen content of the H-poor fi lm 
after H treatment, suggests that atomic hydrogen even has a benefi cial eff ect on the 
quality of the amorphous tissue.

5. Conclusion

The material quality of ETP-grown μc-Si:H fi lms has been characterized by Raman and 
FTIR spectroscopy. Microcrystalline silicon fi lm growth starts with a porous a-Si:H 
incubation layer which develops into a microcrystalline growth structure that can be 
characterized by a network of inter-connected pores. Although in general, the best 
microcrystalline (and amorphous) silicon is obtained close to the transition regime, this 
seems not to be the case for ETP-grown material. The amorphous and microcrystalline 
silicon fi lms deposited close to the transition regime consist of dominantly porous 
(amorphous) material which is rich in nano-sized voids (i.e. dominant HSM). 
Furthermore, the crystalline silicon grain boundaries present in the μc-Si:H fi lms are 
not passivated by amorphous silicon tissue, visible from the presence of NHSMs in the 
absorption spectra.

It has been investigated if atomic hydrogen could be held responsible for the lack 
of suffi  cient (dense) amorphous silicon, e.g. by H-induced preferential etching and/or 
“chemical annealing” of the amorphous silicon tissue. Ar/H2 plasma exposure of thin (< 
100 nm) a-Si:H fi lms has shown that the etch rate is far too low to be responsible for the 
lack of amorphous silicon tissue (Retch< 0.20 nm/s compared to Rdep=1-5 nm/s). 

Ar/H2 plasma exposure of H-rich a-Si:H fi lms, containing a considerable amount 
of atomic H on the surface of nano-sized voids and, thereby, characterized by a porous 
fi lm structure, did not result in a measurable, stable uptake of atomic hydrogen. 
For fi lms that on the other hand were considered initially dense (H-poor a-Si:H), 
the H-content was found to double. This H uptake mainly took place in H-defi cient 
divacancies, based on the increase of LSM. This result leads to the conclusion that the 
interaction of atomic H with the growing fi lm can be excluded as responsible for the 
lack of a suffi  cient amount of (dense) amorphous silicon tissue in ETP-grown μc-Si:H 
fi lms.

Besides the chemical aspects of fi lm growth, there are physical aspects that 
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aff ect the fi lm growth and its material quality, i.e. the presence of ion bombardment 
during fi lm growth. Opposite to what is thought, a controlled (i.e. in terms of ion 
energy and ion-to-growth fl ux ratio) ion bombardment may be necessary to obtain 
device-grade μc-Si:H material. It has already been shown for a-Si:H that a moderate ion 
bombardment (resulting in ion energies of 25-40 eV) induces an increase in fi lm density 
[61-63]. As far as ETP-deposited μc-Si:H fi lms are concerned, the implementation of RF 
substrate biasing has shown initial promising results in terms of fi lm densifi cation [64]. 
However, further eff orts and dedicated experimental studies should be carried out to 
identify the range of ion energies and ion-to-growth fl ux ratio which lead to superior 
material properties. 
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Chapter 4

Direct Ion Flux Measurements Under High-Pressure-
Depletion Conditions Employed for Microcrystalline 
Silicon Deposition

A.C. Bronneberg, X. Kang, J. Palmans, P.H.J. Janssen, T. Lorne, M. Creatore, and M.C.M. van de 
Sanden, submitt ed for publication

Abstract
The contribution of ions to the growth of microcrystalline silicon thin fi lms has been 
investigated in the well-known high-pressure-depletion (HPD) regime, by coupling 
thin-fi lm analysis with plasma studies carried out by means of a capacitive probe. The 
ion fl ux has been investigated in two regimes, i.e. the amorphous to microcrystalline 
transition regime and a low-to-high power regime; the latt er regime had been 
investigated to evaluate the impact of plasma power on the ion fl ux in collisional plasmas. 
The ion fl ux was found not to change considerably under the conditions where the 
deposited material undergoes a transition from the amorphous to the microcrystalline 
silicon phase; for solar-grade material an ion to deposited Si atom ratio of ~0.30 was 
determined. It has been estimated that less than 6 eV is available per deposited Si atom, 
evaluated from measurements carried out by means of a retarded fi eld energy analyzer 
under low-pressure conditions (<1 mbar). Addition of a small amount of SiH4 to an H2 
plasma resulted in an increase of the ion fl ux by about 30% for higher powers, whereas 
the electron density, deduced from optical emission spectroscopy analysis, was 
lowered. The electron temperature, also deduced from optical emission spectroscopy 
analysis, reveals a slight decrease with power. Although the dominant ion in the HPD 
regime is SiH3

+, i.e. a change from H3
+ in pure hydrogen HDP conditions, the larger ion 

loss measured can be explained by assuming steeper electron density profi les. These 
results therefore confi rm the results reported so far: the ion to Si deposition fl ux ratio 
is relatively large but has no infl uence on the microcrystalline silicon fi lm properties 
or the phase transition. Possible explanations are the reported high atomic hydrogen 
to deposition fl ux ratio, possibly mitigating the detrimental eff ects of an excessive ion 
fl ux.
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1. Introduction

Microcrystalline silicon (μc-Si:H) is extensively used as light absorber in thin-fi lm 
tandem solar cells, combining the advantages of a low (indirect) band gap (1.1 eV), 
which results in an enhanced absorption of red and (near)infrared light, with an 
improved stability under light exposure (reduction of Steabler-Wronski eff ect)[1]. 
However, due to the indirect nature of the band gap, relatively thick (1-2 μm) μc-Si:H 
fi lms are necessary to achieve effi  cient absorption of red and (near)infrared light, even 
when light trapping concepts are applied. Therefore, from a cost-perspective point of 
view, high growth rates (>1 nm/s) are required, preferably in combination with large-
area roll-to-roll processing.

The most commonly used μc-Si:H deposition technique is a capacitively-coupled 
plasma (CCP) in parallel plate confi guration using radio or very high excitation 
frequencies (RF or VHF, respectively) from highly hydrogen diluted (H2) hydrogen and 
silane (SiH4) gas mixtures. Approaches to increase the growth rate include an increase 
of the precursor gas fl ow rates and plasma power, moving from a low-pressure to a 
high-pressure depletion (LPD to HPD, respectively) regime and/or by increasing the 
excitation frequency from 13.56 MHz to 27-300 MHz [2-6]. 

At high plasma powers a higher SiH4 depletion is achieved resulting in increased 
deposition rates – the dominant SiH4 dissociation mechanism is via electron impact 
and, as higher plasma powers increase the electron density, the SiH4 dissociation is 
enhanced. However, high plasma powers also induce ion-bulk interactions through an 
increase of the ion density, leading possibly to an amorphization of the crystalline phase 
(i.e. a reduced crystal fraction [7-10], smaller crystallite sizes [5,9,10], and increased void 
fraction [10]) and to an increased defect density [8,11]. Energetic ion bombardment can 
be suppressed by moving to the HPD regime and/or via the use of VHF. Increasing the 
pressure results in a reduced ion energy due to ion-neutral collisions in the collisional 
plasma sheath. Application of VHF reduces the ion energy via a reduced voltage drop 
across the plasma sheath in front of the grounded electrode. A combination of both, 
HPD-VHF, has resulted in high deposition rates (2-3 nm/s) while maintaining high 
solar cell effi  ciencies (7-8%) [12,13]. 

Although the ion energy, ion fl ux, and the nature of the ions have been the topic 
of many studies reported in literature, the HPD conditions for μc-Si:H fi lm deposition  
have not yet been explored in terms of ion (energy and fl ux) contribution to the growth. 
It is rather challenging to perform these kind of measurements under HPD deposition 
conditions, i.e. at high pressures (>1 mbar) and in depositing plasmas. Retarded 
fi eld energy analyzers (RFEAs) have been used to determine the ion energy [14-16]. 
However, the application of this technique is restricted to conditions in which the ion 
mean free path is larger than the path an ion traverses inside the device, typically 0.6-
2.0 mm, and, hence, the use of an RFEA is limited to low working pressures. Horvath 
and Gallagher [17] and Nunomura et al. [18,19] used a threshold ionization mass 
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spectrometer (TIMS) to measure the chemical nature of the ions (and radicals) in H2/
SiH4 discharges. Because the TIMS is diff erentially pumped, this technique can be 
applied at high working pressures, although Horvath and Gallagher [17] still reported 
data at relatively low pressures (2 mbar), i.e. not typical for high-quality μc-Si:H fi lms. 
Horvath and Gallagher [17] found a considerable fraction of positive ions contributing 
to the growth, i.e. 8% and 30% to the growth of amorphous silicon (a-Si:H) and μc-
Si:H, respectively. Hamers et al. [20] found when using VHF (in a pressure range of 
0.6-2.0 mbar) even higher fractions, i.e. an ion contribution of 60%-70% to the growth 
of μc-Si:H. This higher ion contribution might be due to their use of a higher excitation 
frequency, which results in higher ion fl uxes [16]. So there seems to be consensus on the 
fraction of ions contributing to the Si deposition fl ux, with values reported in the range 
of 0.3 to 0.7. Remarkably, no direct ion fl ux measurements under HPD conditions have 
been reported so far. Here, we report on the use of a capacitive probe [21,22] to measure 
the ion fl ux at the substrate holder in the HPD regime. This probe, which is developed 
in our group for the purpose of measuring ion fl uxes in depositing plasmas, is tolerant 
towards fi lm depositions and can easily be applied in RF excited discharges.

Empirically, the best μc-Si:H fi lms are found close to the so-called amorphous-
to-microcrystalline transition regime, i.e. where the μc-Si:H fi lms have a crystallinity of 
about 60% [23]. A recent publication showed that the phase transition can be ascribed 
to a critical H fl ux to Si growth fl ux ratio [24]. However, the role of ions during μc-Si:H 
fi lm growth in the HPD regime (2-20 mbar pressure range) is still rather unexplored. 
As mentioned, Nunomura et al. [18,19] studied the HPD regime using VHF of 60 MHz 
by means of TIMS. However, these measurements were performed at the plasma edge 
rather than the substrate position and no direct correlation with the deposited material 
was made. Therefore, in this work, we present an ion fl ux study performed in the HPD 
regime under μc-Si:H growth conditions, and correlate these studies with the obtained 
material properties. 

In agreement with earlier reports [17,20], we fi nd an ion to deposited Si atom 
ratio of 0.30-0.60. It is rather remarkable that solar-grade material can be deposited 
when over 30% of the Si deposition fl ux consists of silicon containing ions, because 
of their high sticking probability and related low surface mobility. Therefore, we will 
discuss our fi ndings on the ion to deposition fl ux ratio obtained under HDP conditions 
against the background of the possibility to deposit solar-grade μc-Si:H under these 
HPD conditions. Our conclusion is that despite the high fl ux ratio, the ions have a low 
kinetic energy (less than 19 eV) that is outside the regime in which signifi cant Si surface 
or bulk displacement can occur.  
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2. Experimental Details

The experiments have been performed in a capacitively-coupled parallel plate reactor 
(Fig. 1). A grounded, upper electrode serves as substrate holder and has been heated to 
200oC. A powered, lower electrode is of a shower head confi guration; the power being 
capacitively coupled via a 13.65 MHz generator. Both electrodes have an area of 150 
cm2. The inter-electrode distance is set at 1 cm, unless stated otherwise. The hydrogen 
gas (H2, 360 standard cubic centimeters per minute, sccm) and silane gas (SiH4, 0-10 
sccm) are injected into the chamber through the shower head electrode. The pressure, 
regulated via a thrott le valve, is kept at 14 mbar. Depositions have been performed 
using a plasma power (P) of 80 W. 

Amorphous and microcrystalline silicon fi lms have simultaneously been 
deposited on c-Si (n-type, (100) crystal orientation) and glass (Corning 7059). The fi lm 
thickness is about 200 nm, as determined with a step profi ler. The fi lm crystallinity 
(Xc, for fi lms deposited on glass only) has been determined by Raman spectroscopy 
(Renishaw, 514.5 nm Ar ion laser) following the method described by Smit et al.[25]. 
The material quality has been “graded” using Fourier transform infrared (FTIR) 
spectroscopy as reported by Smets et al.[26,27]. Only the highly-crystalline fi lm (Xc = 
70%) was found to be of poor quality, based on the presence of so-called narrow high 
stretching modes (NHSMs) in the absorption spectra. The μc-Si:H fi lms with an ideal 
phase mixture [23] (Xc = 60%) were rated to be of solar-grade quality due to the absence 
of NHSM in the absorption spectra. The growth fl ux has been calculated from the Si 
density, as determined from Rutherford backscatt ering (RBS) analysis using 2 MeV 
4He+ ions and the deposition rate.

The ion fl ux has been measured using a capacitive probe built-in the substrate 

Temperature controlled yoke

Grounded electrode

Substrate holder

Gas injection
H2, SiH4

Showerhead 
electrode
13.56 MHz

Probe
Collecting area

Inter-electrode 
distance: 10 mm

Figure 1: Experimental setup showing the capacitive probe built in the substrate holder.
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holder (Fig. 1), under the growth conditions as described above and for various plasma 
powers (5-200 W) using a fi xed H2/SiH4 fl ow ratio (360/3 or 360/0). The working principle 
of the capacitive probe has been described in detail by Petcu et al. [21,22]. Basically, the 
ion fl ux (Γ) is determined from the voltage drop across an external capacitor (C = 1.5 
nF):

in which dV/dt is the time derivative of the voltage drop across the external capacitor, 
e is the elementary charge (1.6x1019 C), and A is the area of the probe (2 cm2). This 
technique has already proven to be tolerant towards insulating fi lm deposition on the 
probe surface [21,22]. Amorphous and microcrystalline silicon fi lms, which will be 
deposited onto the probe surface under the above-mentioned experimental conditions, 
probably behave more like a conductor than an insulator. Deposition of these Si 
fi lms may result in a voltage drop between the probe surface and the capacitor. If we 
approximate the electrical behavior of these Si fi lms with a resistor, and assuming that 
the deposited material has a conductivity in the range of 10-4 – 10-6 S/cm, the maximum 
allowed fi lm thickness lies in the range of 10 – 103 nm. A second requirement, to ensure 
a constant probe surface potential, is that the fi lm thickness should not change fast with 
respect to the measurement time. With current deposition rates below 1 nm/s a fast 
change is not expected. 

However, to verify the infl uence of a deposit on the probe surface in H2/SiH4 
plasmas, a procedure analogously to one used by Petcu et al. [21] has been followed 
in which before and after every measurement performed in an H2/SiH4 plasma a 
measurement in a pure, non-depositing H2 plasma has been carried out. The ion fl uxes 
obtained in the H2 plasma before and after SiH4 addition (denoted Γion,before and Γion,after 
respectively) are shown in Fig. 2. The one-to-one relationship between the fl uxes 
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Γ io
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Figure 2: Ion fl ux measured in H2 plasma before and after addition of SiH4 (denoted Γion,before and Γion,after 
respectively). The solid line equals y = x and serves as a guide to the eye.

dVC eA
dt
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indicates that the fi lm deposited during the measurements in an H2/SiH4 plasma is thin 
enough as not to infl uence the ion fl ux determination.

Next to ion fl ux measurements, the plasma emission was monitored by means 
of an Avantis optical emission spectrometer (150-1300 nm range, 1.3 nm resolution, 
2000 ms integration time). Using a two lens system, the emission about 2 mm below 
the probe is focused onto the optic fi ber. The emission lines of interest are Hα (656.308 
nm) and Hβ (486.276 nm). The emission intensity depends on the density of the 
electron-excited species (i.e. Hα and Hβ) and the electron energy distribution function 
(EEDF). Under constant H2 density conditions and with the reasonable assumption 
that electron impact dissociative excitation of H2 is the main path delivering excited 
H, the Hα (and/or Hβ) emission intensity can be used to monitor changes in the EEDF. 
The Hβ/Hα emission intensity ratio can be used as a qualitative indication of the 
electron temperature behavior [28]. In line with previous results we assume that these 
assumptions are still valid with small additions of silane under HPD conditions [29,30].

With a Balzers QMS 300 Prisma residual gas analyzer (RGA) background gas 
is sampled through a ~50 μm pinhole with the aim to determine the SiH4 depletion 
[31,32]. The SiH4 depletion (D) is defi ned as the relative fl ow of dissociated SiH4 and 
given by:

in which I(i)(SiH4,off ) and I(i)(SiH4,on) are the channeltron current signals measured with 
respectively the plasma off  and on, and i denotes the diff erent mass/charge peaks of 
the SiH4 cracking patt ern. In this work, the parent ion (SiH2

+) is used in the calculation, 
i.e. i=30.

The ion energy distribution (IED) has been determined in a pure H2 plasma (15 
sccm) at low pressures (0.30-0.50 mbar) and an increased electrode gap of 3 cm, needed 
to sustain the plasma at these low pressures, using an Impedans Semion retarded 
fi eld energy analyzer (RFEA). The RFEA has been built in the substrate holder at the 
same location as the capacitive probe. Under these low-pressure conditions the plasma 
sheath is evaluated to be collisionless, in contrast to the HPD conditions described 
above which are typically employed for the deposition of μc-Si:H. Therefore, the IED 
measurement provided an upper-estimate of the ion energy.
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Figure 3: a) Ion fl ux and growth fl ux, b) ion to Si deposition fl ux, and c) the Raman crystallinity versus 
the SiH4 fl ow rate.

3. Results & Discussion

3. 1. Ion fl ux contribution in the transition regime

Fig. 3a shows the ion and growth fl uxes as function of the SiH4 fl ow rate and Fig. 
3b the ion to Si deposition fl ux ratio; Fig. 3c shows the crystal fraction (Xc) of the 
corresponding fi lms. The ion fl ux increases slightly with increasing SiH4 fl ow rate, 
but does not change considerably in the a→μc transition regime (i.e. where the crystal 
fraction changes from 0% to 60%); Fig. 3c shows that a reduction of the SiH4 fl ow rate 
results in a phase transition from amorphous (> 2.7 sccm) to microcrystalline fi lms (< 
2.5 sccm). The growth fl ux slightly increases with increasing SiH4 fl ow rate due to an 
increase in deposition rate (0.2 nm/s at 1 sccm SiH4 to 0.7 nm/s at 7 sccm SiH4); the Si 
density remained constant (4.9x1022 at/cm3). From the ion and growth fl ux presented in 
Fig. 3a, the ion to Si deposition fl ux ratio can be determined (presented in Fig. 3b). It is 
~0.30 for the solar-grade fi lms (SiH4 fl ow rate ≥ 2 sccm), while it is ~0.60 for the highly-
crystalline, poor-quality fi lm (SiH4 fl ow rate = 1 sccm). More importantly, these results 
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illustrate that the ion to deposition fl ux ratio is relatively high and does not change 
signifi cantly with the SiH4 fl ow rate.

3. 2. Ion fl ux vs. plasma power

Fig. 4a shows the eff ect of plasma power on the ion fl ux in H2 and H2/SiH4 plasmas 
(left axis) and on the Hα emission intensity (right axis). The ion fl ux is found to increase 
by two orders of magnitude for lower plasma powers and increases more slowly for 
higher plasma powers (P> 70 W). Even at these high-power conditions, characterized 
by an ion fl ux in the range of 0.8-2.0x1015 ions/cm2s, solar-grade μc-Si:H material can in 
principle be grown by optimizing the SiH4 fl ow rate, indicating that, contrary to many 
other reports, the presence of ions by itself is not detrimental for the material quality. It 
should be noted (data not explicitly shown) that in H2/SiH4 plasma the ion fl ux is higher 
by approximately 30% for the higher powers, suggesting a higher ion loss under these 
conditions.

The Hα emission intensity, which depends on the density of excited H (n=3) and 
the EEDF, is also found to increase with power. Under constant H2 density conditions 
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c) the SiH4 depletion versus plasma power.
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/i s B l e B l e e in u h n u h n T M    (3)

and with the reasonable assumption that electron-impact dissociative excitation of H2 

H2 is the main path delivering excited H, the Hα emission intensity depends only on the 
EEDF. Fig. 4b shows that the Hβ/Hα emission ratio decreases slightly with increasing 
plasma powers, refl ecting a slight decrease in electron temperature (Te) [28]. Since Te 
varies only slightly with power, Hα emission intensity mainly refl ects the electron 
density (ne). The results indicate a higher electron density in case of a pure hydrogen 
plasma. For low plasma powers (low ne conditions) the Hα emission intensity increases 
at the same rate as the ion fl ux, indicating that spontaneous emission is the dominant 
de-excitation mechanism. For higher electron densities, however, electron-induced de-
excitation becomes important. The point where this process becomes important can 
clearly be seen in Fig. 4a, from this point onwards (P > 40 W) the increase in Hα emission 
intensity lags behind with respect to the increase in ion fl ux. In Fig. 4c the depletion of 
SiH4 is shown. As can be seen, under high power condition about 40% to 80% of the 
injected SiH4 is consumed. 

To summarize the results for varying power for a H2 and H2/SiH4 plasma, we 
observe a higher ion fl ux and a lower electron density in H2/SiH4 plasmas, whereas the 
electron temperature only shows a slight decrease with increasing plasma power. The 
electron density and temperature are linked to the ion fl ux following the Bohm fl ux 
relation, i.e.

in which Mi is the ion mass, ne and ns the electron density in the center of the plasma and 
at the sheath edge respectively, uB the Bohm velocity and hl an inverse gradient length 
of the electron density profi le [33]. Due to the very high reaction rate of hydrogen ions 
(H+, H2

+, and H3
+) with silane [34,35] the dominant ion in H2/SiH4 plasma is the SiH3

+ 
ion, even under HPD conditions for a measured depletion of up to 80%, as confi rmed 
by Horvath et al. and Nunomura et al.. Horvath and Gallagher [17] reported that “the 
addition of 3%-8% silane to the H2 did not signifi cantly change the total ion current”, 
which is in agreement with our fi ndings, and report on a SinHm

+ (n=1-3) dominant ion 
fl ux. In addition, Nunomura et al.[18,19] reported that the dominant ion changes from 
H3

+ in a pure H2 plasma to SinHm
+ (n ≥ 2) in a H2/SiH4 plasma (for pressures > 1.0 mbar). 

The dominance of the SiH3
+ results in a lower Bohm velocity uB with respect to a pure H2 

plasma, and since the electron density is lower and the electron temperature only slightly 
changes in H2/SiH4 plasma this evidently leads to the conclusion that hl must higher. 
Amantides et al.[36] indeed confi rmed a change in ne density profi le as illustrated by 
the measured Hα emission profi les under HPD conditions. This shorter gradient length 
in H2/SiH4 plasma is the result of higher ion loss processes, most probably because the 
Bohm velocity is lower leading to a higher probability of dissociative recombination of 
the silicon containing ions with electrons. Alternatively the presence of dust particles 
might increase ion losses, too.
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4. Discussion

The extent to which ions contribute and/or aff ect the fi lm growth depends on the ion 
fl ux, the chemical nature of the ion, and the ion energy. The ion energy has not been 
measured (yet) under these HPD conditions. However, retarded fi eld energy analyzer 
measurements, performed under collisionless sheath conditions in an H2 plasma, 
provided an upper-limit of the ion energy, i.e. a mean ion energy of ~19 eV (Fig. 5). 
Similar values have been reported by Hamers et al.[37], and were found to decrease 
with increasing pressure. Nunomura et al.[19] reported even lower ion energies, ~3 
eV at 13 mbar. Although both Nunomura et al.[19] and Hamers et al.[37] used higher 
excitation frequencies which typically lead to lower ion energies [16].

Combining the upper-estimate of the ion energy with an ion per deposited Si 
atom ratio of 0.30, less than 6 eV is available per deposited Si atom. For signifi cant Si 
surface or bulk displacement to occur ion energies >18 eV and > 40 eV are required[38], 
with expected ion energies below 19 eV under collisional HPD conditions, ion-induced 
Si surface or bulk displacement rather unlikely. 

The extent to which ions contribute to the growth of μc-Si:H in the HPD regime 
will most likely be as an H fl ux in disguise, albeit accompanied with an energy transfer 
to the surface (thermal spike). At (or actually a few Angstroms above) the surface 
SiH3

+ neutralizes and dissociates into silicon containing radicals, H2 and H (or three 
H atoms).  It can therefore be considered as an addition to the H fl ux. Compared to 
estimated H fl uxes [24], it contributes for 1% to 10% to the atomic H fl ux. Such a small 
contribution will not aff ect the critical H fl ux to Si growth fl ux ratio which induces the 
phase transition and therefore do not confl ict with our earlier fi ndings [24]. However, 
since atomic H is generated most probably on every SiH3

+ impact it might assist in 
mitigating the detrimental eff ects of the high sticking probability and associated low 
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surface mobility of the SiH3
+. In eff ect it has no infl uence on the μc-Si:H fi lm properties 

nor phase transition which is still ruled by the much higher atomic H to deposition fl ux 
[24]. Molecular dynamics modeling might provide here the fi nal answer. 

5. Summary & Conclusions

The contribution of ions to the growth of μc-Si:H thin fi lms deposited in the HPD regime 
has been studied. The ion fl ux, determined by means of a capacitive probe, did not 
change considerably under the conditions where the material undergoes a transition 
from the amorphous to the microcrystalline silicon phase. The ion per deposited Si 
atom ratio was determined to be ~0.30 under solar-grade deposition conditions. The 
impact of this high ion to deposition fl ux ratio is limited because the average ion energy 
is rather low (less than 19 eV), making surface and bulk Si displacement unlikely. 
Moreover, on every impact the hydrogen contained in the silicon containing ion might 
be released which might mitigate the detrimental eff ect of the impacting ion. 
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Chapter 5

Ion-Induced Eff ects on Grain Boundaries 
and Amorphous Silicon Tissue Quality in 
Microcrystalline Silicon Films

A.C. Bronneberg, N. Cankoy, M.C.M. van de Sanden, and M. Creatore, submitt ed for publication

Abstract
Microcrystalline silicon fi lms have been deposited by a remote plasma technique. 
By means of an external RF substrate bias the eff ect of ion bombardment on the fi lm 
properties has been investigated. The application of an external RF substrate bias resulted 
in the creation of an additional plasma in front of the substrate holder. Since neither the 
SiH4 depletion nor the growth fl ux were signifi cantly enhanced upon substrate biasing, 
this suggests that the additional plasma did not aff ect (the composition of) the growth 
precursor fl ux. Therefore, the observed material changes have been ascribed to an ion 
bombardment eff ect. Moderate bias conditions (i.e. for dc bias voltages up to ~60 V) led 
to improved grain boundary passivation and densifi cation of the amorphous silicon 
tissue, as concluded from the analysis of the infrared Si-Hx stretching modes, caused by 
ion-induced Si surface atom displacement which enhances the surface diff usion length 
of the growth precursors. More-energetic ion bombardment (i.e. under applied dc bias 
voltages of ~60 V and higher) resulted in enhanced (di)vacancy incorporation via ion-
induced Si bulk atom displacement. No amorphization of the crystal latt ice has been 
observed under current experimental conditions, although a reduced crystallite size 
can be observed under ion bombardment conditions where Si bulk displacement had 
been suffi  ciently activated.
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1. Introduction 

Microcrystalline silicon (μc-Si:H) is extensively used as light-absorbing layer in thin-
fi lm tandem solar cells. It is a mixed-phase material consisting of crystalline silicon 
grains, hydrogenated amorphous silicon (a-Si:H) tissue, and voids. Microcrystalline 
silicon has the advantage of a low (indirect) band gap (1.1 eV), which results in an 
enhanced absorption of red and (near)infrared light, and an improved stability 
under light exposure (reduced Staebler-Wronski eff ect) [1]. However, the absorption 
coeffi  cient of photons with an energy below 1.5 eV is relatively low. Therefore, to 
achieve suffi  cient light absorption, relatively thick layers are necessary (1-2 μm), even 
when light-trapping techniques are applied. From a cost-perspective point of view high 
growth rates are required (>1 nm/s), preferably in combination with large-area roll-to-
roll processing. 

It is in this respect that the expanding thermal plasma (ETP) has been employed 
for the deposition of μc-Si:H fi lms [2-6]. The ETP has proven to be a viable deposition 
technique for amorphous silicon (a-Si:H), silicon nitride, and silicon dioxide at very 
high growth rates (2-20 nm/s) [7-9]. In addition, deposition over large areas can be 
obtained; at the company OTB-Solar/Roth&Rau uniform deposition over an area as 
large as ~0.3 m2 has been obtained by using multiple plasma sources [10]. Both the high 
growth rates and the possibility of large-area deposition make the ETP technique an 
ideal candidate for μc-Si:H fi lm deposition.

Previous work, however, has shown that the μc-Si:H material properties are 
rather poor. The material is characterized by a network (of inter-connected) pores 
linked to an insuffi  cient amount of a-Si:H tissue [2,3,5,6]; a-Si:H tissue is necessary to 
fi ll the inter-granular space and ensures grain boundary passivation. Consequently, 
the fi lms are prone to post-deposition oxidation. It has been investigated if preferential 
etching of a-Si:H tissue by atomic hydrogen, which is abundant in the (expanding 
thermal) plasma and recognized as the main parameter to promote μc-Si:H fi lm growth  
[11], was responsible. However, this study pointed out that at high growth rates (>1 
nm/s) H-induced etching could not compete with fi lm deposition [3]. In this work we 
investigated if the application of an ion bombardment can improve the a-Si:H tissue 
quality and/or the grain boundary passivation. 

For a-Si:H fi lms grown by means of the ETP, moderate ion bombardment 
conditions have led to a reduced nano-sized void content, a reduced defect density, 
and an improved photo-response [12,13]. These improved material properties have 
been ascribed to enhanced surface species migration and Si surface atom displacement 
[13]. Therefore, we investigated if this process can also improve the ETP-grown μc-Si:H 
fi lm quality.  

Up to now, negative side eff ects of ion bombardment on the μc-Si:H fi lm 
properties have been reported, i.e. amorphization of the crystalline phase (i.e. a reduced 
crystal fraction [14-17], smaller crystallite sizes [16-18], and increased void fraction [17]) 
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and increased defect density [15,19], for fi lms deposited by means of a capacitively-
coupled plasma (CCP), which is the most widely used, and so far the most successful, 
μc-Si:H deposition technique. In fact, the so-called high-pressure-depletion (HPD) 
regime and the use of very high excitation frequencies (VHF) have been employed, not 
only to increase the growth rate [18,20-23], but were thought necessary to suppress a 
(potentially uncontrolled) ion bombardment eff ect which is inevitable in high plasma 
power regimes. Although ion energy measurements under these deposition conditions 
are lacking, reduction of ion bombardment, by e.g. working at higher pressures and/or 
using higher excitation frequencies, resulted in improved material properties [16,17], 
and consequently in an improved solar cell performance [23,24]. However, in CCP 
there is always some form of ion bombardment present. 

The extent of an ion bombardment eff ect depends on the ion energy, ion fl ux 
and chemical nature of the ions. Therefore, ion-surface interactions can be benefi cial, 
e.g. via the enhancement of the surface diff usion length of the growth precursors, 
or detrimental, e.g. due to sputt ering. Recent measurements performed under HPD 
conditions showed an ion to deposited Si ratio of ~0.30 [25], whereas under ETP 
conditions this ratio is much lower (~0.05*). In addition, the ion energy in the ETP is 
extremely low, 1-2 eV, whereas in CCP under HPD conditions ion energies in the range 
of 6-20 eV have been estimated [24]. The extremely low-energetic ion bombardment 
in remote plasmas is advantageous for the study of an ion bombardment eff ect on the 
fi lm growth. Application of an external bias to the substrate in remote plasmas allows 
for a manipulation of the ion energy, under conditions in which the neutral radical fl ux 
towards the substrate is not signifi cantly aff ected. 

In this work, the eff ect of an external RF substrate bias (ERFSB) on the μc-Si:H 
fi lm properties is investigated. The application of an ERFSB can lead to the creation 
of an additional plasma in front the substrate holder. Therefore, the eff ect of ERFSB 
on the (composition of the) growth fl ux is addressed; residual gas analysis has been 
employed to monitor the SiH4 depletion and the emission in front of the substrate 
holder has been recorded by means of an optical emission spectrometer. Furthermore, 
the eff ect of an ERFSB on the μc-Si:H fi lm properties is discussed. Empirically, the best 
μc-Si:H fi lms are found with a crystal fraction of about 60% [26]. Device-grade μc-
Si:H is characterized by a low oxygen content (below 1x1019 cm-3), a photo-sensitivity 
(i.e. photo-to-dark conductivity ratio) larger than 400 [26], and a low defect density 
(<1016 cm-3 [27]). However, most commonly, μc-Si:H material is “graded” through 
the elaborate process of implementation of the layer in a solar cell. Recently, Smets 
et al. found a correlation between the Si-Hx stretching modes in infrared absorption 
spectra and the solar cell performance [28,29]. We adopt this method and characterize 
the material microstructure on the basis of the Si-Hx stretching modes, which provide 

* This ion to Si deposition fl ux ratio has been estimated from the growth fl ux under standard μc-
Si:H deposition conditions (1-2x1016 part/cm2s) [3] and ion fl ux measurements performed under 
these conditions by means of a capacitive probe (5-8x1014 ions/cm2s).
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information on the a-Si:H tissue quality as well as the grain boundary passivation. In 
addition, Raman spectroscopy and X-ray diff raction have been employed to probe the 
quality of the crystalline grains. 

2. Experimental details

The experimental setup is depicted in Fig. 1. It consists of a plasma source, a so-called 
cascaded arc, and a low-pressure, stainless steel deposition chamber. A detailed 
description on the plasma source and the ETP technique can be found elsewhere [30-
32]. For the deposition of μc-Si:H fi lms, an Ar/H2 plasma is created in the cascaded arc; 
typical electron densities and electron temperatures in the arc are 1022 m-3 and 1 eV, 
respectively [33]. Operating conditions used in this work are 30 sccs Ar (sccs stands for 
standard cubic centimeter per second), 15 sccs H2 and an arc current of 25 A, resulting 
in a pressure of 210 mbar in the cathode part of the discharge. The pressure in the 
deposition chamber has been kept at 10 Pa by means of a thrott le valve. Due to the 
large pressure diff erence between the source and the chamber, the plasma expands, 
supersonically, into the deposition chamber. After the onset of the expansion, a fast 
reduction in the electron density is observed due to charge exchange reactions followed 
by electron-induced dissociation, R1 and R2 respectively in Table 1 [34]. Hence, 
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Figure 1: Experimental setup.
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under these operating conditions the arc acts as an atomic hydrogen source [30,35]. 
Downstream, the typical electron densities and electron temperatures are 1017-1019 m-3 
and 0.3 eV, respectively [30]. Silane gas is injected downstream via an injection ring. 
Due to the low electron temperature, the main dissociation mechanism of SiH4 is via H 
abstraction reactions forming SiH3 (R3, Table 1), which is the dominant growth radical 
[36]. However, subsequent dissociation of SiH3, via H abstraction reactions (R4, Table 
1), can occur under μc-Si:H growth conditions. Hence, in addition, SiH2, SiH, and Si 
radicals are expected to contribute to the growth [36]. This subsequent dissociation 
of SiH3 into SiHx (x ≤ 2) radicals is undesirable because of their near-unity sticking 
coeffi  cients [37]. In order to minimize SiHx (x ≤ 2) formation, the SiH4 injection ring is 
placed close to the substrate (~30 cm from the source outlet). Film deposition occurs on 
a heated substrate (250oC) positioned ~40 cm from the source outlet. 

The additional ion bombardment is created by applying 13.56 MHz RF power 
to the substrate holder. Details on the external RF substrate bias (ERFSB) setup can be 
found elsewhere [12,13,42]. The RF power (PRF) is varied from 0 to 50 W which results in 
typical bias voltages (Vdc) in the range of -20 to -140 V. Application of an ERFSB resulted 
in the formation of an additional plasma in front of the substrate holder. The emission 
near the substrate is collected via a lens focused onto the optical fi ber of an Avantis 
optical emission spectrometer, which has a wavelength detection range of 150-1300 nm 
and a resolution of 1.3 nm. Spectra were recorded every 2000 ms. The emission lines of 
interest are Hα (656.308 nm), Hβ (486.276 nm), the dominant line of the H2 Fulcher band 
(H2*, 603.103 nm) and Ar* (763.251 nm). In addition, residual gas analysis (Balzers QMS 
200 Prisma) is used to measure the SiH4 depletion [31,32]. A capacitive probe built-in 
the substrate holder is used to measure the ion fl ux. Details on the probe can be found 

Table 1: Most important dissociation and excitation reactions.

Reaction: Branching 
ratio

Rate 
constant 

Ref.

(cm3/s)

R1 2Ar H  ArH H  ~10-9 [38]

R2 ArH e  *Ar H  ~10-7 [38]

R3 4SiH H 3 2SiH H  2.68x10-12 [39]

R4 3SiH H 2 2SiH H  1.00x10-10

3SiH H e   46% 1.59x10-10

R5 4SiH e 2 2SiH H e   26% 1.87x10-11 [40]

2SiH H H e    15% 9.34x10-12

R6 H e *H e  [41]
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elsewhere [25,43,44].
The μc-Si:H fi lm deposition was carried out simultaneously on glass (Corning 

7059) and on crystalline silicon (c-Si) (n-type, (100)). Since glass is an insulator, this 
could result in a slightly diff erent Vdc on the glass substrate with respect to the c-Si 
substrate under the same ERFSB conditions employed. However, analogously to Smets 
et al. [13], under the conditions used in this paper (-200 V < Vdc < 0 V) the diff erence in Vdc 
on glass compared to c-Si can be considered as insignifi cant. The fi lms deposited on c-Si 
have been analyzed using Fourier transform infrared (FTIR) spectroscopy to determine 
the fi lm thickness (dfi lm), the H density (cH) and the Si-Hx bonding confi gurations. In 
addition Rutherford backscatt ering (RBS, using 2 MeV 4He+ ions) and elastic recoil 
detection (ERD) analysis have been carried out to obtain the Si and H atomic densities. 
The growth fl ux has been calculated from the Si density, as determined from RBS 
analysis, and the deposition rate. 

FTIR spectroscopy is carried out using a Bruker Vector 22. The resolution of the 
spectrometer  was  set  at  4 cm-1  and  spectra  were  collected  in  the  range  of  450-7500 
cm-1. The fi lm thickness and refractive index in the infrared are estimated by fi tt ing the 
interference fringes in the 3000-4000 cm-1 range [45]. The hydrogen content is defi ned 
as cH=NH/(NSi+NH) where NSi+NH≈ 5x1022 cm-3 [46] and NH=AxIx where Ix= ∫ω-1α(ω)dω is 
the integrated absorption of a mode at position x. The total hydrogen content (cH) is 
determined from the integrated absorption of the Si-Hx wagging mode at 640 cm-1, using 
A640= 1.6x1019 cm-2 [46]. The absorption peak at ~640 cm-1 arises due to Si-Hx wagging 
vibrations. For a-Si:H fi lms this can be fi tt ed with a single Gaussian function. For μc-
Si:H fi lms, however, this peak splits into several contributions and needs to be fi tt ed 
with three Gaussians, in agreement with Refs. [47-49]. The cause for this splitt ing is 
not yet clear, but the presence of crystalline silicon grains is believed to be responsible. 
The SiHx stretching mode is fi tt ed with at maximum nine Gaussians following Smets 
et al. [28,29] (see Fig. 5a): three extreme low stretching modes (ELSMs) are positioned 
at ~1895 cm-1, ~1925 cm-1, ~1950 cm-1, one low stretching mode (LSM) at ~2000 cm-1, one 
medium high stretching mode (MSM) at ~2025 cm-1, two high stretching modes (HSMs) 
at ~2100 cm-1 and ~2120 cm-1, and three narrow high stretching modes (NHSMs) at 2083 
cm-1, 2103 cm-1, and 2135 cm-1. Analogously to a-Si:H fi lms, the LSM represents hydrogen 
bonded in divacancies and the HSM represents hydrogen bonded on the surface on 
nanosized voids. For μc-Si:H fi lms the HSM broadens by two additional modes (~2120 
cm-1 and ~2150 cm-1) due to signifi cant contributions of di- and trihydrides; note, we 
did not observe the trihydride contribution at ~2150 cm-1. The NHSMs represents 
hydrogen bonded on the surface of the crystalline silicon grains. The MSM has been 
assigned to hydrogen bonded in multi-vacancies [50]. The assignment of the ELSMs is 
still under discussion. However, as the best solar cell performance is obtained when the 
absorption spectra show no NHSMs and the combined area of ELSMs, LSM and MSM 
is maximum, it is speculated that the ELSMs and/or MSM refl ects “thin hydride-dense 
a-Si:H tissue, which either passivates the grain boundaries or fi lls the small pores” [29].
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The fi lm crystal structure has been investigated by means of Raman and 
X-ray diff raction (XRD) spectroscopy. The crystal fraction has been determined, for 
fi lms deposited on glass, by means of Raman spectroscopy following the method of 
Smit et al. [51], using a Raman microscope (Renishaw) in a backscatt ering geometry 
equipped with a 514.5 nm Ar ion laser. X-ray diff raction spectra have been obtained, 
for fi lms deposited on c-Si, with an X-ray diff ractometer (PanAlytical X’pert PRO MRD) 
measured under grazing incidence with Cu-Kα X rays selected with a graphite crystal 
monochromator. The full width at half maximum of the (111) peak in the diff raction 
spectrum is used to determine the crystallite size using the Scherrer formula. This 
crystallite size refl ects the crystal length (along the growth direction, i.e. not lateral 
dimensions of the grains) which is free of latt ice defects. We use the crystallite size as a 
measure for the grain quality.

3. Results & Discussion

3. 1. Eff ect of ERFSB on the growth fl ux

Fig. 2 shows the developed dc bias voltage (Vdc) as function of the applied RF power (PRF). 
The non-linear relationship between Vdc and PRF indicates that not all RF power is used 
to accelerate the ions, but that a considerable fraction of the RF power is used to create 
an additional plasma in front of the substrate holder, possibly resulting in additional 
dissociation of H2, SiH4, and perhaps SiHx (x=1-3) radicals. The SiH4 depletion, depicted 
in Fig. 3a, shows no signifi cant increase with increasing |Vdc|. However, we should 
note that the mass spectrometer samples the background gas, and might not be able to 
detect (slight) changes in SiH4 depletion close to the substrate holder.  In addition, only 
a slight enhancement of the Si deposition fl ux in the presence of an ERFSB is observed 

0 10 20 30 40 50
-200

-150

-100

-50

0

Prf(W)

V dc
 (V

)

 
Ar/H2/SiH4

 Ar/H2

Figure 2: The dc bias voltage (Vdc) measured at the substrate vs applied RF power (Prf) for Ar/H2 and Ar/
H2/SiH4 plasmas. The solid lines serve as a guide to the eye.
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(Fig. 3b), which does not change considerably with |Vdc|.
The change in growth fl ux composition has been studied for a-Si:H growth 

conditions (i.e. at least a ten times higher SiH4 fl ow rate) using pulsed ERFSB [52,53]. This 
study showed a factor of 5-6 increase in Si density (measured in front of the substrate 
holder) which is lost in gas phase reactions, and a 60-80% increase in SiH3 density, 
which is predominantly lost at the surface [52,53]. The increased SiH3 density resulted 
in a correspondingly increased deposition rate. Since under ETP growth conditions 
SiH3 is the dominant growth radical and remains the dominant contributor to a-Si:H 
fi lm growth under ETP+ERFSB conditions, it is concluded that the composition of the 
radical fl ux is not signifi cantly aff ected by the application of an ERFSB [13].

Similar to a-Si:H fi lms growth, under ETP growth conditions for μc-Si:H fi lms 
SiH3 is the dominant growth radical, formed in H abstraction reactions with SiH4 (R3, 
Table 1). In addition, SiH2, SiH, and Si are expected to contribute to the growth of μc-
Si:H fi lms due to (1) the excess of atomic H, which can dissociate SiH3 into SiH2 (R4, 
Table 1) and, subsequently, SiH2 into SiH, etc., and (2) due to a reduced gas phase loss of 
SiH and Si with SiH4 under μc-Si:H growth conditions, i.e. low SiH4 densities compared 
to a-Si:H growth conditions [36]. With the application of an ERFSB, SiH4 dissociation 
may occur via electron impact reactions (R5, Table 1). This reaction may even compete 
with H abstraction due to the higher rate coeffi  cient. The reaction products, however, 
are similar. Therefore, we are inclined to conclude that the composition of the growth 
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radical fl ux is not signifi cantly aff ected by the application of an ERFSB. 
We did, however, observe an increased H* emission for |Vdc|> 60 V. Fig. 6a 

shows the H* emission normalized to the Ar* emission line at 763 nm. The Ar* emission 
intensity was used to probe the electron energy distribution function, see the inset of 
Fig. 4a. By normalizing the H* emission to the Ar* emission the eff ect of an increasing 
electron density with increasing RF power can be canceled out; the electron temperature 
was found not to depend on the RF power, as determined from the constant Hβ/Hα 
and H2*/Ar* emission intensity ratios (Fig 4b) [54]. Hence, the increased H* emission 
suggests an increasing H fl ux. It is unclear whether this increased H density is due to a 
diff erent plasma chemistry (e.g. a competition between H abstraction of SiH4 producing 
H2 (R3, Table 1) and electron impact dissociation of SiH4 forming H (R5, Table 1), or if it 
involves ArH+ (R1 followed by R2, Table 1)), or if it is due to ion-bombardment assisted 
desorption of surface-bonded atomic H. 

Since the atomic H fl ux to Si deposition fl ux is recognized as the key parameter 
describing the phase transition towards μc-Si:H fi lms growth [11], it is important to 
consider the implications of a potentially increased H fl ux under ERFSB conditions. 
The ion-bombardment assisted desorption process can change the hydride groups 
present at the surface, thereby aff ecting the surface species migration. However, due to 
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the large H fl ux the surface coverage is expected to be re-hydrogenated if ion-assisted 
desorption takes place. Furthermore, a recent study on the interaction of atomic H with 
a-Si:H showed, for a-Si:H fi lms with a microstructure similar to the a-Si:H tissue in 
the here-presented μc-Si:H fi lms (i.e. μc-Si:H fi lms characterized by a dominant HSM 
in absorption spectra as will be discussed in the next section), that atomic H does not 
infl uence the material properties [3]. Although this study was performed in the absence 
of ion bombardment, we are inclined to conclude that the changes in microstructure are 
due to an ion bombardment aff ect.

The extent of an ion bombardment eff ect depends on the ion energy, ion fl ux 
and chemical nature of the ions. The ion energy distribution (IED) has not been 
measured (yet) under current experimental conditions. The IED at the RF biased 
electrode is expected to have a bi-modal shape, with a maximum and minimum ion 
energy respectively, above and below a mean ion energy (Ēion), which is not necessarily 
symmetrical with respect to Ēion. In a collisionless plasma, the mean ion energy is given 
by Ēion=e|Vp-Vdc|. In our experimental setup, the grounded electrode (i.e. the reactor 
wall) is much larger (at least a hundred times) than the biased substrate electrode. Due 
to this extreme asymmetry the plasma potential (Vp) is low, 1-2 eV, compared to the dc 
bias voltage. Therefore, we can approximate the average ion energy by  Ēion=e|Vdc|, in 
line with Ref. [13,55]. In this paper, however, we present and discuss the data in terms 
of |Vdc|, which only refl ects an averaged energy.

The chemical nature of the ions has not (yet) been measured under current 
experimental conditions. Under slightly diff erent ETP conditions without ERFSB, used 
for the deposition of a-Si:H fi lms (i.e. at least a 10 times higher SiH4 fl ow), hydrogen-
poor ion clusters contribute for a maximum of 5% to the growth. These cationic clusters 
contain on average about three to six Si atoms, leading to an ion/Si atom arrival ratio 
of about ~0.02 to ~0.008, respectively. Under our experimental conditions, the ion fl ux 
(Γion) showed no dependence with |Vdc|, Γion=(1.0±0.1)x1014 cm-2s-1, leading to an ion to 
Si atom arrival ratio ranging from 0.08 in the absence of ERFSB to 0.06 in the presence 
of ERFSB, indicating that other ions than large cationic clusters are responsible for the 
energy transfer. The additional ions created in front of the substrate are most probably 
H3

+, H2
+, H+, Ar+, ArH+, and SiHn

+ (n=0-3).

3. 2. Ion-induced material modifi cation

Fig. 5b shows the Si-Hx stretching mode region of μc-Si:H fi lms deposited with and 
without RF substrate bias. For all conditions the absorption spectra show the presence 
of NHSMs, indicating that (not all) the grain boundaries are passivated by a-Si:H 
tissue. The absorption spectra also show with increasing |Vdc| an increase in the 
lower stretching mode region (~1900-2050 cm-1). Deconvolution of the Si-Hx stretching 
mode region, following the approach of Smets et al. [29], provided more quantitative 
information on the changes in intensities with |Vdc|. Fig. 6 shows the integrated peak 
areas of the NHSMs (b), HSMs (c), and LSM (d), as well as the total hydrogen content 
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(a). With increasing |Vdc| the NHSM peak intensity reduces, which is an indication 
of improved grain boundary passivation. In addition, with increasing |Vdc| the HSM 
peak area reduces. Since the HSM represents hydrogen bonded on the surface of nano-
sized voids, a reduction in the HSM peak area implies a reduced void content, and 
is therefore an indication of a-Si:H tissue densifi cation. Only at high |Vdc| (~133 V) 
the void content increases, causing the total hydrogen content to increase. The LSM 
increases with increasing |Vdc|, especially for |Vdc|> 60 V, which indicates an increased 
(di)vacancy incorporation. 

The crystal fraction, shown in Fig. 7a, shows no dependence on |Vdc|. This 
indicates that the potentially higher H fl ux under ERFSB conditions does not aff ect 
the fi lm crystallization, under current experimental conditions, which suggests that 
ERFSB-enhanced H fl ux is small compared to the already present H fl ux in the H rich 
deposition environment. Fig. 7b shows the crystallite size as determined from the 
(111) peak of the XRD spectra, which are shown in Fig. 8. The XRD spectra of the μc-
Si:H fi lms show three peaks at 28o, 47o, and 56o originating from (111), (220), and (311) 
oriented c-Si crystallites. The crystallites show no preferred crystal orientation. With 
increasing |Vdc| the width of the peaks increases, which is an indication of a reduced 
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crystallite size. Fig. 7b shows that crystallite size reduces for |Vdc|> 40 V, indicating that 
more defect planes are present within the crystalline grains.

3. 3. On the role of ions

From the plasma study it has been concluded that the application of an ERFSB did 
not signifi cantly aff ect the composition of the growth fl ux. The enhanced Hα emission 
suggests a higher H fl ux. However, this potentially higher H fl ux must be negligible 
compared to the already present H fl ux in the H rich deposition environment, as 
ERFSB did not aff ect the fi lm crystallization under current experimental conditions. 
Therefore, we are inclined to ascribe the changes in microstructure exclusively to an 
ion bombardment aff ect. 

The eff ect of ion-surface interactions depends on the chemical nature of the 
ion and its energy. For signifi cant material changes to occur an energy per deposited 
atom of 1-10 eV is required [56]. Low-energetic ion-surface interactions can result in 
an energy transfer to the surface in the form of a thermal spike. Molecular dynamic 
simulations showed that H2

+ ion bombardment with an energy above 20 eV can enhance 
the reactivity of the surface by the creation of dangling bonds. Heavier ions, e.g. SiH3

+ 
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and Ar+, can result in the displacement of Si atoms; threshold ion energies of 18 eV 
and 40 eV have been reported for ion-induced Si surface and bulk atom displacement, 
respectively [57]. At even higher energies the Si atoms can be physically removed from 
the surface via sputt ering (Eion> 50 eV) [58].

We observe the most optimal microstructural changes to occur for a |Vdc| of 40-
70 V, i.e. at these bias voltages both the NHSM and HSM are low. Similar optimum 
bias voltages have been reported for μc-Si:H and a-Si:H fi lms grown by means of 
ETP+ERFSB [13,59]. Application of an ERFSB during the growth of μc-Si:H by means of 
the remote matrix distributed electron cyclotron resonance (MDECR) plasma, resulted 
in a fi lm densifi cation at low Vdc (< -15 V) and reduced grain size at higher Vdc [60,61]. 
That the optimum material properties by MDECR+ERFSB are obtained at lower |Vdc| 
compared to ETP+ERFSB, is due to the higher plasma potential (~45 V) in MDECR 
plasmas [61]. Using this plasma potential, we see that for both types of remote plasmas, 
the optimal microstructural changes to occur for a Ēion in the range of 40 to 60 eV. 

In the low ion energy range (Ēion< 40 eV) Si surface atom displacement is activated 
via enhanced surface species migration. The reduction in nano-sized void content at 
low |Vdc| can, analogously to a-Si:H fi lms, be ascribed to Si surface atom displacement. 
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In addition, this process may enhance the fi lling of the intergranular space, thereby 
improving the grain boundary passivation. At higher |Vdc| bulk atom displacement 
occurs, a process which is responsible for the incorporation of (di)vacancies [13]. The 
signifi cantly higher void content, as witnessed by an increased HSM, at a |Vdc| of 133 V 
may occur because we are entering the sputt ering regime.

In contrast to other reports, we did not observe an ion-induced amorphization 
eff ect. We did, however, noticed a disruption in the crystalline latt ice, i.e. for |Vdc|> 40 
V the crystallite size decreased. As Si bulk atom displacement is activated at these ion 
energies, this process may be responsible for disrupting the crystal growth.

4. Summary & Conclusions

It has been investigated if ion-fi lm interactions could improve the μc-Si:H material. 
For this purpose μc-Si:H fi lms have been grown under the application of an ERFSB. 
Furthermore the plasma was studied to discern whether the observed material changes 
are due to a change in growth precursor fl ux and/or due to an ion bombardment eff ect. 

From the plasma study it has been concluded that the application of an ERFSB 
did not signifi cantly aff ect the composition of the growth fl ux. It did result in the 
creation of an additional H fl ux. However, the fi lm crystallinity is not aff ected by this 
higher fl ux, probably because the additional H fl ux is small compared to the high H 
fl ux already present. Therefore, the changes in microstructure have been ascribed to an 
ion bombardment eff ect.

A moderate ERFSB (|Vdc|<60 V) improved the grain boundary passivation 
and densifi ed the a-Si:H tissue, which can be ascribed to ion-induced surface atom 
displacement. At higher |Vdc|, ion-induced bulk displacement starts to play a role, 
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which enhances the incorporation of (di)vacancies and may be responsible for the 
creation of the latt ice defects. 

Although a moderate ion bombardment improved the grain boundary 
passivation, the ETP-grown μc-Si:H fi lms are still characterized by an insuffi  cient 
amount of a-Si:H tissue (i.e. NHSMs are still present in the absorption spectra). Whether 
the fi lling of the intergranular space and thereby improved grain boundary passivation 
can be enhanced by a higher ion per deposited Si fl ux, or if it is a matt er of growth fl ux 
composition (i.e. increasing SiH3 and/or Si2H5 contributions) is still an open question to 
be addressed in a follow-up study.
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Summary

Plasma Processing of Microcrystalline Silicon Films: 
Filling in the Gaps

Hydrogenated microcrystalline silicon (μc-Si:H) is a mixed-phase material consisting 
of crystalline silicon grains, hydrogenated amorphous silicon (a-Si:H) tissue, and voids. 
Microcrystalline silicon is extensively used as absorber layer in thin-fi lm tandem solar 
cells, combining the advantages of a low (indirect) band gap (1.1 eV), which results in an 
enhanced absorption of red and (near) infrared light, with an improved stability under 
light exposure (reduced Staebler–Wronski eff ect). However, due to the indirect nature 
of the band gap, relatively thick (1–2 μm) μc-Si:H fi lms are necessary to achieve an 
effi  cient absorption of red and (near) infrared light, even when light trapping concepts 
are applied. Therefore, from a cost-perspective point of view, high growth rates (>1 
nm/s) are required, preferably in combination with large-area (roll-to-roll) processing.

The most common, and so far most successful, deposition technique is the 
capacitively-coupled plasma (CCP) in parallel plate confi guration using radio or very 
high excitation frequencies (RF or VHF, respectively) and highly hydrogen diluted 
hydrogen and silane gas mixtures. Approaches to increase the growth rate include an 
increase of the plasma power, moving from a low-pressure to a high-pressure depletion 
(LPD to HPD, respectively) regime, and/or by increasing the excitation frequency 
from 13.56 MHz to 27–300 MHz. The combination of HPD-VHF has resulted in high 
deposition rates (2-3 nm/s) while maintaining high solar cell effi  ciencies (7-8%). 

In this work, the use of an ultra-fast (2-20 nm/s) deposition technique, i.e. the 
expanding thermal plasma, has been explored for the deposition of μc-Si:H fi lms. 
Characteristic for ETP-grown μc-Si:H fi lms is the lack of a suffi  cient amount of a-Si:H 
tissue, which is necessary to passivate the grain boundaries and fi ll the intergranular 
space, resulting in a network of (inter-connected) cracks and voids. As a consequence, 
the μc-Si:H fi lms are prone to post-deposition oxidation, resulting in low solar cells 
effi  ciencies (< 2%).

The post-deposition oxidation has been monitored by means of Fourier 
transform infrared (FTIR) spectroscopy over a period of 8 months. This study revealed 
a two-timescale oxidation: on short timescales (< 3 months) the crystalline silicon grain 
boundaries oxidize, on longer timescales the oxidation involves also the a-Si:H tissue. 
This indicates that in order to prevent post-deposition oxidation, it is not suffi  cient to 
fi ll the intergranular space, but that the a-Si:H tissue needs to be of suffi  cient quality, 
i.e. dense and not susceptible for post-deposition oxidation.

One process that could be responsible for the insuffi  cient amount of a-Si:H 
tissue, is hydrogen-induced etching of a-Si:H tissue. Atomic hydrogen is, under μc-Si:H 
growth conditions, abundant in the plasma, and is known to preferentially etch a-Si:H 
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over crystalline silicon (c-Si). In addition, the interaction of atomic hydrogen with 
the (growing) fi lm can result in the formation of an hydrogen-rich sub-surface layer, 
caused by the insertion of atomic hydrogen into strained Si-Si bonds, which possibly 
explains the porous quality of the a-Si:H tissue. Monitoring the etch rate of a-Si:H fi lms 
during Ar/H2 plasma exposure by real time spectroscopic ellipsometry showed that 
the hydrogen-induced etch rate was at least one order of magnitude lower than typical 
deposition rates. In addition, FTIR spectroscopy revealed that insertion of atomic H in 
the sub-surface layer (top ~30 nm) during Ar/H2 plasma exposure did not result in an 
increased porosity. These results suggest that the interaction of atomic hydrogen with 
the growing fi lm is not responsible for the insuffi  cient amount of (dense) a-Si:H tissue. 

The fact that the interaction of atomic hydrogen is not responsible for the poor 
material properties of ETP-grown μc-Si:H, the question “what mechanism is then 
responsible?” arises. To address this question the plasma chemistry and the resulting 
growth mechanism of ETP is compared to CCP, which so far is the only technique 
with which solar-grade μc-Si:H is obtained. One diff erence between the two techniques 
is the absence of an ion bombardment eff ect in ETP. In CCP the HPD and the use of 
VHF are employed to suppress a (potentially uncontrolled) ion bombardment eff ect, 
hypothesized to be responsible for an amorphization of the crystalline growth and 
defect incorporation. However, there is always some form of ion bombardment 
present.  The extent to which ions contribute to the growth depends on the ion fl ux, the 
ion energy, and the chemical nature of the ion. Under HPD-VHF conditions SinHm+ 
is identifi ed as the dominant ion in H2/SiH4 plasmas, but no direct ion energy and ion 
fl ux measurements under HPD conditions have been reported so far. Therefore, the ion 
energy and fl ux in a CCP reactor have been studied.

For this purpose, a capacitively-coupled plasma reactor in parallel plate 
confi guration has been designed and built, in close collaboration with the Institute of 
Photovoltaics at Forschungszentrum Jülich (Germany). This reactor has been especially 
designed for the implementation of plasma and (in situ) fi lm diagnostics. Under solar-
grade μc-Si:H deposition conditions the contribution of ions to the fi lm growth has been 
studied by means of a capacitive probe. The ion to Si deposition fl ux ratio was found 
to be large, ~0.30. However, since the ion energy is rather low, <19 eV, the impact of the 
high ion fl ux is rather limited. The extent to which ions contribute to the growth of μc-
Si:H in the HPD regime will most likely be as an H fl ux in disguise, albeit accompanied 
with an energy transfer to the surface.

Under ETP growth conditions the ion to deposition fl ux ratio is below 0.05, 
with typical ion energies in the range of 1-2 eV. For ETP-grown a-Si:H moderate ion 
bombardment conditions, realized by the application of an external RF substrate 
bias, have led to a reduced nano-sized void content, a reduced defect density, and an 
improved photo-response, which have been ascribed to an ion-induced enhancement 
of the surface species migration and displacement of Si surface atoms. Therefore, we 
investigated if the a-Si:H tissue quality and/or the grain boundary passivation of ETP-
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grown μc-Si:H fi lms can be improved by the application of an ion bombardment. Under 
moderate ion bombardment conditions (i.e. ion energy < 60 eV and ion to Si arrival ratio 
~0.1) an improved grain boundary passivation and a-Si:H tissue densifi cation were 
observed, while the crystal quality was not aff ected. More energetic ion bombardment 
reduced the crystal quality and led to the incorporation of nanometer-sized voids. 
Although the ETP-grown μc-Si:H fi lms are still inferior to CCP-grown μc-Si:H fi lms, 
application of a moderate ion bombardment eff ect is a possible route towards obtaining 
solar-grade material. 

Plasma Processing of Microcrystalline Silicon Films 
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Samenvatt ing

Plasmavervaardiging van Microkristallijne 
Siliciumlagen: Vullen van de Holten

Gehydrogeneerd microkristallijn silicium (μc-Si:H) is een meerfasig materiaal dat 
bestaat uit kristallijne siliciumkorrels, gehydrogeneerd amorf silicium (a-Si:H) weefsel 
en holten. Microkristallijn silicium wordt veelvuldig toegepast als lichtabsorberende 
laag in dunne-fi lm tandem zonnecellen. Hierbij worden de voordelen van een lage 
(indirecte) bandkant (1,1 eV), namelijk de inherent betere absorptie van rood en van 
nabij- infrarood licht, gecombineerd met een betere stabiliteit bij blootstelling aan licht 
(kleiner Staebler-Wronski eff ect). De indirecte aard van de bandkant vereist echter 
relatief dikke (1-2 micrometer) μc-Si:H lagen voor een effi  ciënte absorptie van rood 
en nabij-infrarood licht, zelfs wanneer lichtinvangende concepten worden toegepast. 
Vanuit een kosten-oogpunt bezien vereist de noodzaak van relatief dikke lagen dan 
ook hoge groeisnelheden (> 1 nm/s), bij voorkeur in combinatie met produktie op grote 
oppervlakten (rol-naar-rol). 

De meest gebruikelijke en tot nu toe meest succesvolle depositietechniek is die 
met een capacitief gekoppeld plasma (CCP) dat in een zgn. parallelle plaat confi guratie 
gevoed wordt met radiogolven (RF) of zeer hoogfrequente golven (VHF) en zeer sterk met 
waterstof verdund silaangas. Er zijn verschillende benaderingen om de groeisnelheid 
te verhogen. Deze omvatt en een verhoogd plasmavermogen, een verschuiving van 
silaangasuitputt ing bij lage druk (Low-Pressure Depletion, LPD) naar die bij hogedruk 
(High-Pressure Depletion, HPD) en/of verhoging van de excitatiefrequentie van 13,56 
MHz naar 27-300 MHz. De combinatie van HPD-VHF heeft geresulteerd in een hoge 
depositie (2-3 nm/s) met behoud van een hoog zonnecelrendement (7-8%). 

In dit proefschrift is het gebruik onderzocht van een ultrasnelle (2-20 nm/s) 
depositietechniek, genaamd Expanderend Thermisch Plasma (ETP),  voor de afzett ing 
van μc-Si:H fi lms. Kenmerkend nadeel van met ETP gegroeide μc-Si:H-lagen is het 
gebrek aan voldoende a-Si:H weefsel, dat nodig is om de korrelgrenzen te passiveren en 
de intergranulaire ruimte te vullen, waardoor een netwerk van (onderling verbonden) 
scheuren en holten ontstaat. Als gevolg hiervan zijn de μc-Si:H fi lms na depositie 
vatbaar voor oxidatie, wat leidt tot lage zonnecelrendementen (< 2 %). 

Dit post-depositie oxidatieproces is onderzocht met behulp van Fourier-
getransformeerde infrarood (FTIR) spectroscopie gedurende een periode van 8 
maanden. Deze studie bracht een tweetraps-tijdschaal in de oxidatie aan het licht: 
op kortere termijn (< 3 maanden) oxideren de kristallijne silicium korrelgrenzen, 
maar op langere termijn wordt ook het a-Si:H weefsel bij de oxidatie betrokken. Dit 
geeft aan dat ter voorkoming van post-depositie oxidatie het niet voldoende is om de 
intergranulaire ruimte te vullen met amorf materiaal, maar dat het a-Si:H weefsel zelf 
ook van voldoende kwaliteit moet zijn, d.w.z. van voldoende dichtheid en niet gevoelig 
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voor post-depositie oxidatie.
Eén proces dat verantwoordelijk zou kunnen zijn voor het gebrek aan a-Si:H 

weefsel, is het waterstof- geïnduceerde etsen van a-Si:H weefsel. Van atomair waterstof, 
dat onder μc-Si:H groeiomstandigheden overvloedig aanwezig is in het plasma, is 
bekend dat het gemakkelijker a-Si:H etst dan kristallijn silicium (c-Si). Bovendien kan de 
interactie van atomair waterstof met de (aangroeiende) laag leiden tot de vorming van 
een waterstofrijke laag door de inbouw van atomair waterstof tussen de onder spanning 
staande Si-Si bindingen aan het oppervlak. Dit zou mogelijk het poreuze karakter van 
het a-Si:H weefsel verklaren. Uit onderzoek naar de etssnelheid van a-Si:H lagen tijdens 
Ar/H2 plasma blootstelling met behulp van real-time spectroscopische ellipsometrie is 
echter gebleken dat de waterstof-geïnduceerde etssnelheid minstens één groott eorde 
lager is dan de typische depositiesnelheden. Voorts toonde FTIR spectroscopie aan 
dat de inbouw van atomair H in de oppervlaktelaag (bovenste ~ 30 nm) tijdens Ar/
H2 plasmablootstelling geen verhoogde porositeit oplevert. Deze resultaten suggereren 
dat de interactie van atomair waterstof met de aangroeiende fi lm niet verantwoordelijk 
is voor de geringe hoeveelheid (dicht) a-Si:H weefsel.

Deze observatie dat de interactie van atomair waterstof niet verantwoordelijk 
is voor de slechte eigenschappen van het met ETP gegroeide μc-Si:H materiaal, doet 
de vraag rijzen: “Welk mechanisme is dan verantwoordelijk?” Om deze vraag te 
beantwoorden is de plasmachemie en het daaruit voortvloeiende groeimechanisme 
van ETP vergeleken met die van CCP, de enige techniek waarmee tot nu toe μc-Si:H 
met zonnecelkwaliteit wordt verkregen. Eén verschil tussen de twee technieken is de 
afwezigheid van een ionenbombardements-eff ect tijdens ETP. In CCP worden HPD 
en VHF gebruikt ter onderdrukking van dit (potentieel ongecontroleerde) eff ect dat 
verantwoordelijk wordt geacht voor de amorfi sering van de kristallijn aangroeiende 
laag en de inbouw van defecten. Maar er is altijd enige vorm van ionenbombardement 
aanwezig. De mate waarin ionen bijdragen aan de groei hangt af van de ionenfl ux, de 
ionenenergie en de chemische aard van het ion. Onder HPD-VHF omstandigheden is 
SinHm

+ geïdentifi ceerd als het dominante ion in H2/SiH4 plasma, maar tot nu toe zijn nog 
geen directe metingen van de ionenenergie en ionenfl ux onder HPD omstandigheden 
gepubliceerd. Daarom zijn deze in een CCP reactor onderzocht. 

Voor dit doel is een capacitief gekoppelde plasmareactor met parallelle 
plaatconfi guratie ontworpen en gebouwd in nauwe samenwerking met het Institute of 
Photovoltaics van het Forschungszentrum Jülich (Duitsland). Deze reactor is speciaal 
ontworpen voor de implementatie van plasma- en (in situ) fi lmdiagnostieken. Met 
behulp van een capacitieve sonde is de bijdrage van ionen aan de fi lmgroei onderzocht 
onder solar-grade μc-Si:H depositieomstandigheden in het HPD regime. Hierbij bleek 
de verhouding tussen de ionenfl ux en de Si-depositiefl ux hoog, ca. 0,30. Maar omdat de 
ionenenergie vrij laag is, < 19 eV, is de invloed van de hoge ionenfl ux nogal beperkt. De 
mate waarin de ionen bijdragen aan de groei van μc-Si:H in het HDP regime zal hoogst 
waarschijnlijk tot uiting komen als een verkapte atomaire H-fl ux, weliswaar gepaard 
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met een energie-overdracht naar het oppervlak. 
Onder ETP groeiomstandigheden is de verhouding tussen de ionenfl ux en 

depositiefl ux aanmerkelijk lager (0,05) met een typisch ionenenergiebereik van 1-2 
eV. Voor de ETP-groei van a-Si:H heeft een gematigd ionenbombardement, opgewekt 
door een externe RF-voorspanning op het substraat, geleid tot een lager gehalte aan 
nanoporiën, een lagere defectdichtheid en een verbeterde respons op licht. Deze 
verbeteringen kunnen worden toegeschreven aan een ion-geïnduceerde verhoging 
van de migratie van (groeiprecursor) deeltjes aan het oppervlak en ion-geïnduceerde 
verplaatsing van Si-atomen aan het oppervlak.

Om deze reden is onderzocht of de kwaliteit van het a-Si:H weefsel en/of de 
korrelgrenspassivatie van met ETP gegroeide μc-Si:H lagen verbeterd kan worden door 
middel van een ionenbombardement. Bij matig ionenbombardement (i.e. ionen energie 
< 60 eV en ion/Si fl uxverhouding van ca. 0,1) werden een betere korrelgrenspassivatie en 
een hogere dichtheid  van het a-Si:H weefsel verkregen met behoud van kristalkwaliteit. 
Ionenbombardement met hogere ionenenergie verslechterde de kristalkwaliteit en 
leidde tot de inbouw van holten met nanometer-afmetingen. Ofschoon de kwaliteit van 
het met ETP gegroeide μc-Si:H nog steeds inferieur is aan die van CCP-gegroeide μc-
Si:H lagen, is de toepassing van een gematigd ionenbombardement wel een goede stap 
in de richting van solar-grade μc-Si:H materiaalvervaardiging.

Plasmavervaardiging van Microkristallijne Silicium Lagen
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