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Summary 

 
In this thesis, the mechanical properties of glassy polymers are studied and improved by the 
introduction of specific additives. Several routes have been pursued to improve the toughness, 
i.e. the amount of energy absorbed during deformation, which is controlled by the 
effectiveness to delocalize strain. Polycarbonate (PC) is known as a ductile polymer, whereas 
polystyrene (PS) and to a lesser extent poly(methyl methacrylate) (PMMA) are brittle 
polymers. Macroscopic deformation (thus brittle or ductile behavior) is determined by the 
post-yield contribution of the polymer’s intrinsic properties, which can be determined by 
homogeneous deformation experiments, such as lubricated uniaxial compression tests. In this 
respect, PS suffers from strong strain softening, which, in combination with limited strain 
hardening, gives rise to extreme localization of strain in the form of crazes and results in 
macroscopic brittle failure. PC, on the other hand, displays moderate strain softening 
combined with pronounced strain hardening that easily stabilizes the limited strain 
localization in the form of a neck that, consequently, can propagate through the total 
macroscopic sample. Hence PC is ductile. Nevertheless, also PC forms crazes once a notch is 
applied. This is caused by the tri-axial stress state under the notch, which leads to cavitation 
and craze formation. To circumvent this problem, all polymers must be made heterogeneous 
on a microscopic scale, e.g. via the addition of small rubbery particles. 

Part 1 
We will start examining the intrinsic behavior of polymers and focus on the strain hardening 
modulus and the intriguing mechanical rejuvenation test. According to calculations based on 
the network density, the intrinsic toughness of macroscopically brittle PS (εbreak ~ 300 %) is 
expected to potentially exceed that of macroscopically ductile PC (εbreak ~ 70 %), which 
deforms via shear yielding. This forms the incentive for attempts to increase the ductility of 
glassy polymers such as PS and PMMA to prevent localization of strain, either by eliminating 
strain softening or by enhancing or stimulating strain hardening, or a combination thereof. 

In the last two decades, 3-D constitutive models have been developed that describe the visco-
elastic and post-yield behavior of glassy polymers in detail, which are able to predict their 
deformation and failure. Usually, in these models the strain hardening modulus (GR) is related 
to the entangled polymer network, while the influence of temperature is often neglected or 
underestimated. This issue is addressed in Chapter 2. At room temperature, strain hardening 
indeed depends on the network density νe for physically entangled or chemically cross-linked 
PS. Initially, all experimental observations seem to suggest the existence of a single master 
curve that linearly relates GR to (T – Tg), a measure for the segmental mobility. It appears that 
the network density has almost no influence on GR, except at temperatures close to Tg. For 
two materials, in particular isotactic PMMA and PC, GR is shown to strongly depend on (T – 
Tg), namely a relatively larger and a relatively smaller dependence on temperature, 
respectively. It is remarkable, however, that the dependence of the yield stress on (T – Tg) 
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shows a similar trend for both materials, which indicates that correcting for (T – Tg) is not 
sufficient to compare polymers at an identical state of thermal mobility. It can be concluded 
that strain hardening finds its origin in the orienting molecular network and that its magnitude 
appears to be governed by thermally-induced segmental mobility. 

The post-yield behavior can be improved by mechanical rejuvenation, which makes all 
polymers, including PS, ductile. The effect, however, is only temporary, since progressive 
ageing causes softening to restore in time. The rate of physical ageing and, hence, the 
recovery of softening is reduced by antiplasticization, see Chapter 3, although this also results 
in chain disentanglement and, hence, a lower tensile strength. Traditional rubber toughening 
via the addition of rubbery core-shell particles to PS has a positive influence on the rate of 
ageing, however, this effect is proven to be based on the rule of mixtures only. 

Part 2 
In search for the ultimate, universal toughness modifier, the problem of cavitation under a 
notch has to be circumvented. Therefore, for all polymers, the introduction of heterogeneities 
is necessary to prevent a critical hydrostatic stress for craze initiation and growth to be 
exceeded. Excellent toughness is predicted by the introduction of nano-sized rubbery core-
shell particles, with in the core a minimum resistance to cavitation, e.g. via a low-molecular 
weight, hardly entangled core, or even a precavitated core, e.g. caused by shrinkage due to 
crystallization upon cooling. During loading, cavitation relieves the hydrostatic stresses, thus 
preventing craze initiation and inducing shear yielding. This causes a more ductile response, 
since delocalization of strain is enhanced, which ideally is supported by extra strain hardening 
of the structure, caused by the rubbery shell. The morphology required is difficult to obtain by 
conventional melt blending, although reactive melt blending is recently shown to be suitable 
to achieve proper compatibility between block copolymer additives and polymer matrices. 

In Chapter 4, the preparation of heterogeneous PMMA systems is described via a self-
assembly process of block copolymers in combination with in-situ polymerization. The 
thermodynamic, or equilibrium, morphology of block copolymers in solution is determined 
by its molecular weight, block symmetry, inter-block repulsion, and interaction between 
solvent and block copolymer. The final morphology depends on the combination of micro- 
and macrophase separation that both can occur during the polymerization reaction. The block 
copolymers, consisting of a polyolefin matrix-incompatible block and acrylic matrix-
compatible blocks, are designed in such a way that they form core-shell-like nanostructures in 
solution. Subsequent polymerization of the monomeric solvent, e.g. MMA, yields the rubber-
reinforced PMMA matrix. The occurrence of macrophase separation during polymerization, 
which results in large block copolymer-rich dispersed domains in a brittle, unreinforced 
PMMA-rich matrix, should be prevented. Therefore, the influence of the block copolymer 
composition and the polymerization temperature are studied. The results show that the 
polymerization should take place below the order-disorder temperature (ODT), e.g. at T = - 
40 °C, where block copolymer micelles are stable and where vitrification precedes 
macrophase separation. Furthermore, a reduced temperature results in an enhanced viscosity 
of the reacting MMA-mixture, which prevents further coalescence of the block copolymer. 
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Chapter 5 describes the synthesis of poly(methyl methacrylate)-b-poly(butyl acrylate)-b-poly-
(ε-caprolactone) triblock copolymers with a semi-crystalline polycaprolactone (PCL) block. 
The confined PCL-domains exhibit a strong tendency to cavitate in tension due to the internal 
stresses that develop during crystallization. Samples of the pure triblock copolymer and 
blends with PMMA are prepared by solvent casting and compression molding. The 
morphology mainly depends on the purity and polydispersity of the triblock copolymer, but 
also on the blend composition, and varies from a lamellar via a hexagonally packed 
cylindrical to a spherical morphology. A well-developed morphology is observed for the 
relatively pure and low polydisperse samples. The type of microscopic deformation mode, 
e.g. crazing, cavitation, and/or shear yielding, is measured by time-resolved small-angle X-ray 
scattering using synchrotron radiation, see Chapter 6. Depending on the amount and type of 
block copolymer and the processing conditions, the mode of tensile deformation of the 
PMMA/triblock copolymer blends can be adjusted from crazing to cavitation-induced shear 
yielding. Quenching enhances the crystallinity of the core block, which is initiated by 
heterogeneous and/or homogeneous nucleation, and this stimulates cavitation and results in an 
improved response to deformation. Approximately 6 wt% of rubber (consisting for 30 % of 
semi-crystalline material) is needed to successfully induce cavitation and delocalize strain in 
PMMA. Although progressive ageing still introduces brittle fracture via crazing in the 
systems investigated, the PMMA/triblock copolymer blends serve as suitable model systems, 
proving the necessity of the introduction of tailor-made heterogeneities to facilitate cavitation 
and induce ductility. 

 



 

 

 

 

 



 

 

 

Chapter 1 

Introduction 
 

Since the 1940s, there has been an ever increasing development in the creation and production 
of new synthetic polymers. Today, the demand for polymers as a complete product or a part 
thereof is tremendous and many products require a manifold of polymers (e.g. the automotive 
branch, the information and communication branch, the paint industry, the cosmetics industry, 
the pharmaceutical industry, in food packaging, and in lightweight metal replacements). 
Compared to more classical materials, such as metal, ceramics, or wood, polymers cover an 
astonishing wide range of possible product applications, since their properties can be easily 
tailored to fit specific needs. By changing the polymer constituents, the chemical, physical, 
and electrical properties can be fine-tuned; for example, a polymer can be of low density, high 
stiffness, high impact resistance, high drawability, water impermeable, solvent resistance 
(chemically inert), good optical properties, or high adhesive strength. This introductory 
chapter tries to summarize the current status on the relation between structure and mechanical 
properties of amorphous polymers. 

1.1 Mechanical behavior of amorphous polymers 

1.1.1 Two deformation mechanisms: crazing or shear yielding 

Even though polymers can easily be prepared and shaped, the mechanical or physical 
properties of many engineering plastics need to be enhanced by the preparation of multi-phase 
morphologies. One of the material properties that is frequently altered is the toughness which, 
by definition, is the amount of energy absorbed before fracture or the area under the stress-
strain curve. This enhancement concerns the adjustment of the deformation mechanism 
involved. In polymers, there are generally two main mechanisms to absorb energy, crazing 
and shear yielding. If crazing occurs, small cracks are formed normal to the applied loading 
direction. The cracks are bridged by many micro-fibrils. Stabilization of the micron-scale 
cracks by these fibrils is seen in poly(methyl methacrylate) (PMMA), polystyrene (PS), high-
impact polystyrene (HIPS), styrene-acrylonitrile copolymers (SAN), acrylonitrile-butadiene-
styrene terpolymers (ABS), and polyvinylchloride (PVC), amongst others. Due to the 
scattering of light by the fibrils, these crazes cause the polymer to turn white upon 
deformation. In other cases, no stress whitening is observed and the samples show necking, 
which is found for e.g. polycarbonate (PC), poly(2,6-dimethyl-1,4-phenylene ether) (PPE), 
and rubber-modified PMMA. Under crossed polarizers, areas of high orientation can be 
observed at an angle of 45° from the loading direction, typically known as shear bands. 
Crazing results in limited energy absorption, given the severe strain localization, while shear 
yielding polymers are ductile. 



12  Chapter 1  
 

 

1.1.2 The structure of polymers: two types of bonds 

Amorphous polymers consist of a great ensemble of atoms that are linked by covalent bonds 
and are held together by weak secondary interactions and entanglements. Due to their extreme 
lengths, polymer chains behave quite different from small molecules. The length of the 
polymer molecule, which is characterized by its number- or weight-average molecular weight 
(Mn or Mw, respectively), determines its mechanical properties. Increasing the molecular 
weight (Mw) improves the strength-at-break, impact, and wear resistance, whereas it decreases 
processability due to an increase of the viscosity. The secondary interactions between the 
chain segments determine the modulus and yield stress. Covalent bonds that form the 
polymer’s backbone are the strongest chemical bonds in nature, stronger than metallic or ionic 
bonds that give coherence to metals and ceramics. This implies that the strongest possible 
material should consist of covalent bonds only. Diamond has four bonds per atom, and forms 
a dense 3-D network. This network is strong and requires a high force to reach even a low 
deformation. At a certain critical stress diamond fractures at a still low strain level. High 
density polyethylene (HDPE), on the other hand, consists of two carbon-carbon covalent 
bonds per carbon atom and two bonds between carbon and hydrogen atoms and, therefore, it 
forms a linear molecule. The hydrogen atoms give only weak secondary (Van der Waals) 
interactions between the linear chains. They give polymers their typical, rather low, modulus 
of the order of 2 - 4 GPa and low yield stress of the order of 0.05 GPa. However, provided 
that the polymer chains are fully oriented and sufficiently long, such that the sum of these 
weak interactions become significant and can transfer stress from one chain to the other, the 
covalently bonded main chains can indeed be loaded. Ultra-oriented, ultra-high molecular 
weight polyethylene (UHMWPE) in the form of high performance PE fibers (HPPE, trade 
name Dyneema), for example, which is processed via the so-called gel-spinning process, i.e. 
by solution spinning using a low-molecular weight solvent, can form a disentangled fiber gel 
upon cooling of the processed fiber. After ultra-drawing the mechanical properties are found 
to be typically two orders of magnitude larger that in their unoriented counterparts, with fiber 
moduli of the order of 100 GPa and a breaking stress of 5 GPa.1 In the direction of the 
UHMWPE chains, the heat conduction is similar to that in diamond. 

1.1.3 Toughness is delocalization of strain 

Upon moderate deformation diamond responds by brittle fracture due to the strain localization 
involved, whereas even unoriented polymers like PE, which are weakened diamond so to 
speak, are able to delocalize the strain over a large volume due to their combination of weak 
secondary interactions, which break during plastic deformation, and strong covalent bonds in 
the main chains forming an entangled network, which survive. To create a free area by 
fracture in diamond requires only 1 J/m2 of energy. To break a notched sample of PE, 100,000 
J/m2 is needed. This is for the weakest bond in nature five orders of magnitude larger than for 
the strongest bond in nature. Reason for this seeming contradiction is that PE deforms in a 
volume behind the notch and not in the surface perpendicular to the load, because the 
secondary bonds break by stress while the primary bonds survive, and the resulting stressing 
of the entangled network gives local strain hardening. This delocalizes the strain from the 
plane behind the notch into the whitening volume behind the notch. This volume strain (and 
large energy take-up) in Joules (J or Nm) is still attributed to the surface of the plane behind 
the notch (m2). Toughness (J/m2) thus is per definition the delocalization of strain. It is 
concluded that long linear polymers, compared to diamond, ceramics, and even metals, are 
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better suited to delocalize strain given the survival of their network structure after breaking 
their secondary bonds that gives them coherence and controls their linear, low strain 
properties. 

1.1.4 Intrinsic properties 

The prediction of the macroscopic properties from the molecular structure is difficult. Partly 
since the processing-history and the use-history severely influence the response of a polymer, 
but mainly because of the large number of length-scales and time-scales involved, see route A 
in Figure 1.1. By measuring the polymer’s intrinsic properties, via the application of 
homogeneous deformation, localization of strain is circumvented, following route B. 
Homogeneous deformation experiments can be performed by video-controlled tensile tests2 or 
uniaxial compression tests3,4 which typically result in intrinsic true stress-true strain curves 
with, in order of appearance, an initial (visco-)elastic region, a yield stress point, strain 
softening (also known as yield-drop), and strain hardening (or network hardening). Figure 1.2 
illustrates the response of three typical polymers, PS, PMMA, and PC, which differ in their 
average molecular weight between entanglements Me of 20, 7, and 2 kg/mol, respectively, in 
inhomogeneous tensile and homogeneous compression tests. The dramatic differences in 
mechanical response in tensile testing between the different polymers can be explained (based 
on computer modeling) by the (at first sight only small) differences in pre- and post-yield 
behavior as measured in compression. All three polymers exhibit quite similar (visco)-elastic 
moduli of approximately 3 GPa and yield stresses ranging from 60 to 110 MPa, but important 
differences are observed in the strain softening (the drop in true stress after yielding) and the 
strain hardening modulus (the slope of the true stress-true strain curve at large strain). 

 

Figure 1.1: Two routes to predict macroscopic properties from the molecular structure. The direct route (A) is 
too complex and relies on too many length- and time-scales. The route via the intrinsic properties as the 
intermediate step (B) allows for a proper mathematical description of the material’s constitutive behavior. The 
left hand side of route B still needs experimental evaluation, the right hand side can be predicted by quantitative 
computer modeling. 
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(a) uniaxial extension (b) uniaxial compression 

Figure 1.2: Deformation of three well-studied glassy polymers PS, PMMA, and PC.5 The brittle behavior in (a) 
tension of PS and PMMA and the ductile behavior of PC can be predicted from the intrinsic properties as 
determined during uniform deformation, e.g. in (b) uniaxial compression. All tests are performed at a strain rate 
of 10-2 s-1. 

In modeling, the polymer’s intrinsic response is split into two parallel processes: a 
contribution from the secondary interactions, especially active at small strains, namely the 
initial modulus G and the yield stress σy, determined by the stress-dependent strongly non-
linear viscosity function η, and a contribution from the network in the hardening modulus GR, 
only active at large strains, see Figure 1.3. 

 

 

(a) (b) 

Figure 1.3: Two parallel processes contribute to polymer deformation (a): intermolecular interactions between 
the chains and the entangled network. In the mechanical analog (b), the secondary interactions give the initial 
modulus (G) and a rate-dependent yield (via η), while the entangled polymer network gives the strain hardening 
modulus (GR). 

The initially non-linear elastic response up to yield is thus controlled by the secondary 
intermolecular interactions and, therefore, depends amongst others on the temperature. The 
higher the interactions between the chains, the more difficult it is for the chains to move 
(modulus) and start flowing (yielding). Consequently, the yield stress is high for strongly 
interacting polymers. The entangled polymer network, as caused by the primary 
intramolecular interactions, contributes to the (entropic) response at large strains (hardening). 
For highly entangled polymer networks, a strong contribution to the high strain response is 
observed and hence a strong increase of stress with increasing deformation. This explains the 

G 
GR 

η 
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sequence from PC, via PMMA to PS. The molecular background of strain hardening has been 
studied extensively and is basically determined by the network contributions6,7,8,9 and is also 
strongly dependent on temperature, more specifically on the distance between the testing 
temperature T and the polymer’s glass transition temperature Tg.5 Explanations on the origin 
of strain softening are less established.10,11,12,13 

Strain softening induces localization of strain and for macroscopically ductile deformation the 
stabilizing effect of strain hardening is required.14 In the case of PS, strain softening is 
relatively large compared to the small strain hardening and this causes the plastic strain to 
become extremely localized upon loading, which cannot be sufficiently stabilized anymore. 
After the build-up of local tri-axial stresses behind any scratch in the surface of the specimen, 
void nucleation occurs via cavitation, eventually leading to craze formation and, given the 
lack of hardening even in the extensively deformed fibrils, brittle failure follows. If, like in 
bullet-proof PC, strain softening is relatively small, particularly compared to the pronounced 
strain hardening, only moderate localization follows. What results is a stabilized neck that 
proceeds through the sample. Consequently, PC deforms in a ductile manner. The properties 
of PMMA are intermediate and therefore PMMA might be brittle or ductile. 

1.1.5 The need for heterogeneous systems 

Even bullet-proof PC crazes when a notch is applied in the sample and thus also bullet-proof 
PC becomes brittle.15 To solve this general problem, all polymers must be made 
heterogeneous, e.g. via rubber modification.16 The purpose of the heterogeneity is to avoid tri-
axial stress states to develop inside the product under the surface of the notch. The (negative) 
tri-axial stress leads to cavitation. Upon further straining, the cavity will act as a new stress 
concentrator. A neighboring cavity is formed and upon repetition of this process a craze 
develops in the plane behind the notch perpendicular to the loading direction, with brittle 
fracture as a result. To release the tri-axial stress, the dispersed rubbery phase should itself 
easily cavitate. Subsequently, the fibril between two cavitated spheres should be rubber-
reinforced on both sides in order to prevent breaking of the dispersed phase upon deformation 
and to stimulate strain hardening such that the strain can delocalize in a direction out of the 
plane behind the notch. The resulting whitening volume behind the notch illustrates whether 
the delocalization was successful. 

1.2 How to improve the mechanical behavior of amorphous 
polymers? 

Localization and delocalization are thus decisive for the macroscopic mechanical response of 
polymers. Strain softening and strain hardening determine the extent of localization that 
occurs in different polymers. The fibrils that span crazes in PS, for example, are shown to be 
intrinsically ductile (with a strain up to 400%).17,18 Ideally, this ductility should be transferred 
to the macroscopic level, while avoiding catastrophic localization. To achieve this, in terms of 
the intrinsic behavior of polymers, we should decrease the yield stress (and thus strain 
softening) in combination with an increase in strain hardening, see Figure 1.4: 
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Figure 1.4: The macroscopic properties of polymers can be changed by modifying their intrinsic properties: (i) 
decreasing the strain softening, (ii) increasing the strain hardening modulus, (iii) increasing the molecular 
weight, or (iv) via a combination of these three. 

Useful measures to be taken to improve the toughness of polymers are: 

• Route (i): decreasing the strain softening, and as a consequence causing a decrease in 
yield stress, 

• Route (ii): increasing the strain hardening modulus, which enhances the stabilizing 
influence of the network, and 

• Route (iii): increasing the molecular weight, which leads to a higher tensile strength, 
i.e. the ultimate strength that can be attained relative to the yield stress. 

1.2.1 Route (i): decreasing the strain softening (and thus the yield 
stress) 

At least seven methods are known that follow route (i) and will be described in order of 
effectiveness to reduce strain softening: 

1. Mechanical rejuvenation: Plastic (pre-)deformation of the material sufficiently far beyond 
its yield point erases the thermo-mechanical history of the material. This process can be 
described as “mechanical melting” and (in order to prevent crazing during deformation) 
compressive deformation is preferred, e.g. via two-roll milling at room temperature. The 
minima in the energy landscape,19 resulting from the local densification due to ageing, are 
removed by this “stress-induced melting” process. As a consequence, the polymer regains its 
uniform energy landscape yielding a relatively low, and strain independent, force to induce 
segmental mobility, i.e. a low yield stress. Strain softening can be reduced or even removed 
by mechanical pre-conditioning or pre-deformation.10,20,21,22 Pre-treatment causes PC to 
deform uniformly in tension21 and may cause a PS tensile bar to deform ductile.22 Upon 
ageing, local densification decreases the minima in the energy landscape and a higher force is 
needed to make the polymer segments flow, reflected in an increasing yield stress. Once the 
minima are pulled out by this extra force, the material is rejuvenated, falling back to the low 
flow stress that belongs to the rejuvenated state. This is measured as strain softening, the real 
cause of all strain localizations. The mechanically rejuvenated state can not be regarded as an 
ultimately quenched state, since the density of the mechanically rejuvenated material has been 
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slightly increased. Also rejuvenation is not fully homogeneous throughout the sample due to 
differences in deformation throughout its thickness. 

2. Thermal rejuvenation: By heating the polymer to above its glass transition temperature also 
the thermal (mechanical) history is erased and segmental mobility is restored. Quenching 
causes the polymer chain to return to its rejuvenated glassy state, however, due to the fast 
processes at elevated temperature, the polymer is already substantially aged, and mostly in a 
non-uniform way, during the quenching process. This is reflected in the non-negligible strain 
softening found in the intrinsic properties of any processed amorphous polymer. Quenching 
(after thermal rejuvenation) can be in some way considered to be the poor thermal analog to 
mechanical rejuvenation. Quenched polyvinylchloride (PVC), for example, exhibits uniform 
deformation, whereas slowly cooled PVC necks.23  

3. Addition of a plasticizer: Plasticizers enhance the segmental mobility of polymer chains 
and, therefore, reduce the glass transition temperature, which results in a decreased Young’s 
modulus and yield stress. The material indeed becomes ductile, but its stiffness reduces and it 
becomes more rubbery. 

4. Altering the secondary interactions: The secondary interactions in a polymer determine 
stiffness and yield, i.e. the resistance to deformation. There are several possibilities to 
influence these intermolecular interactions. Only two of them are mentioned here. First, 
copolymerization with a monomer of a lower Tg polymer reduces the secondary interactions 
and thus yield stress, but also slightly reduces the strain hardening modulus. Second, the 
tacticity of the polymer can be altered. A higher isotacticity of the polymer results in the 
stimulation of some conformational changes and the prohibition of others, which influences 
the yield stress. The response of the intrinsic properties to the adjustment of the secondary 
interactions by chain modification will be described in more detail in Chapter 2. 

5. Introduction of sequential yielding on the RVE level: Via the introduction of 
heterogeneities in the form of voids, the defect sensitivity of polymers is circumvented. The 
notch sensitivity of PC, for example, can be successfully removed by the addition of 5 volume 
% of voids. The holes locally modify the strain distribution and, provided that sufficient strain 
hardening is present in the deformed filaments between the voids, make strain delocalization 
outside the plane behind the notch possible. Figure 1.5 shows a deforming Representative 
Volume Element (RVE) for PC and PS. For PC some ligaments between the holes are highly 
deformed, whereas other parts situated in the bulk are still in their elastic region. When a first 
filament is yielded, the strains become delocalized to the surrounding elements which in turn 
start to yield. Upon continuation of deformation, sequential yielding occurs. On the RVE 
level, this results in the complete absence of softening, despite the softening present in the 
matrix material constituting the RVE. 
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(a) before deformation (b) deformed PC, εmacro = 8% (c) deformed PS, εmacro = 8% 

Figure 1.5: Finite element model of a mesh of a polymer filled with 20 vol% of holes: (a) a material before 
deformation, (b) after deformation for PC, a strain hardening, and thus strain delocalizing, polymer, and (c) after 
deformation for PS, an insufficient strain hardening, and thus strain localizing, polymer. The macroscopic 
horizontal strain equals 8 %. Dark colored areas represent elements of relatively high equivalent strain. 

6. Creating percolating free surfaces of higher mobility: Another explanation for the success 
of hole addition is the fact that the addition of the holes creates large surfaces with locally a 
lower Tg of the material and hence a lower yield stress. This mechanism works if the critical 
interparticle distance has been reached, i.e. the distance between two closest-neighbor 
additive particles should be less than an absolute length-scale of approximately 50 nm. 
Properties of small polymeric structures and polymeric material near a free surface can 
deviate considerably from bulk properties. For example, in thin free standing polystyrene (PS) 
films (< 100 nm) a lower Tg is measured than the bulk Tg, caused by an increased segmental 
mobility of polymer chains near a free surface.24,25 This enhanced segmental mobility can, 
similar to thermally enhanced segmental mobility, induce a reduction in yield stress and strain 
softening and, consequently, result in more stable deformation. 

7. Addition of hard filler particles: A decreased yield stress can also be observed in semi-
crystalline polymers upon the addition of hard particles. For example, adding 10 - 20 vol% of 
CaCO3 to polyethylene (PE) increases its toughness.26 Tri-axial stress states should be 
prevented in these systems by delamination at the particle interface, thus poor adhesion is 
required. The mechanism further relies on the anisotropy of the yield stress inside a polymer 
crystal. The presence of the particles directs the orientation of the crystallization, induced by 
molecular orientation during flow. As a consequence, it is found that the impact toughness 
enhancement strongly depends on the processing conditions applied, i.e. the flow history and 
the resulting oriented structure. The highest toughness is found when injection molded PE 
containing CaCO3 is tested parallel to the flow direction. Perpendicular to the flow direction, 
however, the impact toughness is lower than in unfilled PE. The orientation of the lamellae in 
the flow direction also partly enhances the strain hardening, which is route (ii), see below in 
section 1.2.2. The mechanism plays a similar role in semi-crystalline polymers filled with soft 
rubbery dispersions. Therefore, testing in two mutually perpendicular directions is 
recommended. 

1.2.2 Route (ii): increasing the strain hardening modulus 

At least four methods are known that follow route (ii): 

8. Chemical cross-linking: The strain hardening modulus depends on the network density,5,27 
irrespective of the nature of the polymer network, i.e. whether it consists of physical or 
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chemical cross-links. Chemical cross-linking results in a denser network, which will improve 
the stabilizing effect of the network to finally delocalize strain. 

9. Physical cross-linking: Mixing with a miscible polymer with a higher strain hardening 
modulus: a variation on cross-linking of the material is the addition of another, miscible 
polymer with a lower Me. For example, the addition of poly(2,6-dimethyl-1,4-phenylene 
ether) (PPE with Me = 5 kg/mol) to PS (Me = 20 kg/mol) increases the network density of the 
latter from 0.3⋅1026 to 1.2⋅1026 chains/m3 and therefore increases the effective strain hardening 
modulus.5 

10. Sequential yielding and supported straining on the RVE level: For PS, simply adding 
holes is not sufficient to remove its defect sensitivity, as can be seen in Figure 1.5c. The strain 
hardening contribution is simply not sufficiently high to stabilize the ongoing localization 
process and a band of high local strain is formed perpendicular to the loading direction in 
which the polymer will eventually break. Thus improving the toughness of PS requires more 
effort and requires heterogeneities that contain a rubbery shell to locally support the too easily 
deforming filaments on both sides and give the structure local strain hardening.28 An 
interesting advantage of hole addition is a decelerated rate of yield stress recovery upon 
physical ageing.  

11. Pre-orientation: The alignment of polymer chains by pre-orientation changes the response 
of the network to deformation, since the chains are already stretched to some extent. 
Subsequent straining requires higher stresses. Eventually, strain hardening sets in more 
pronounced already at (seemingly) lower deformations, which stimulates stress 
delocalization. 

1.2.3 Route (iii): increasing the molecular weight 

12. Molecular weight (tensile strength): It is of course important that a polymer acts as a 
polymer and not as a monomer. To be a polymer with good mechanical properties, a 
sufficiently high number-average molecular weight Mn of approximately 8 times the 
molecular weight between entanglements is required (Mn > 8·Me). The longer the chain, the 
more entanglements are present per chain and apparently 8 entanglements are sufficient to 
prevent early disentanglement causing the material to break early.29,30 

1.3 Physical ageing 

A catastrophic process occurring in all polymer samples is physical ageing,31 which manifests 
itself by an increase in yield stress in time and increased strain softening. Even when the 
intrinsic properties are successfully altered to favor delocalization of stresses by one of the 
routes described above, the ever continuing relaxations in the material might result in the 
return of brittle fracture in time. For PS, for example, the recovery of the yield stress and 
strain softening after mechanical rejuvenation is in the time-scale of days, in which the 
polymer re-embrittles. The driving force for physical ageing is the polymer’s attempt to reach 
the equilibrium state of minimal internal enthalpy. This process evolves via a certain extent of 
local ordering, which is reflected in changes in the energy landscape of the polymer. This 
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landscape reflects the freedom of mobility of chain segments at a specific position in space, 
and it is constantly changing towards its state of lowest internal energy.19  

Mechanical deformation of a physically aged sample requires an extra force to make the 
polymer chain segments flow. This is experimentally found as an increased yield stress. 
Ageing introduces strain softening, which is the opposite of mechanical rejuvenation, and is 
accelerated by temperature and stress. Softening is disastrous in many cases since it stimulates 
strain localization. The amount of ageing that a sample has undergone can also be evaluated 
by DSC analysis,32 which is thermally passing Tg rather than mechanically passing Tg, which 
is yielding. The enthalpy peak near Tg that is observed during a heating run (the so-called 
DSC-overshoot) corresponds to the extent of physical ageing.  

It is important to be able to control the ageing kinetics. During physical ageing, the mobility 
of the chains cause the molecular conformations to change and, concomitantly, the 
intermolecular interactions constantly change in their search for the energetically most 
favorable arrangement. We try to influence both: driving force and mobility, see Chapter 3. 

1.4 Voiding and crazing, what is the ultimate toughness 
modifier? 
Not only the strain hardening modulus, but also the polymer’s resistance to void-nucleation 
depends on the network density and surpassing a critical hydrostatic stress, estimated to be 40 
MPa for PS, 75 MPa for PMMA, and 90 MPa for PC, induces matrix cavitation and 
ultimately leads to crazing.33 This is the cause of the notch sensitivity for generally tough 
polymers like PC and the scratch sensitivity for brittle polymers like PS. Heterogeneity is the 
only way out to solve this issue. Usually rubber modification is applied,34 like for PS in the 
development of high-impact polystyrene (HIPS) and acrylonitrile-butadiene-styrene 
copolymers (ABS). The development of HIPS progressed in a trial-and-error manner and the 
production of this two-phase material can be considered as an indication of the complexity of 
polymer systems. The constituents of HIPS, polystyrene PS and polybutadiene PB, are two of 
the cheapest commercial polymers and since the 1960s it was tried to blend these two 
materials to prepare first a single-phase modified material which possesses the advantageous 
properties of both materials. The mechanical properties of the two polymers are 
complementary in the sense that PS is a brittle, high modulus glass, whereas PB is a soft, low 
modulus rubber. Mechanical mixing of PS and PB lead to poor-defined samples with a 
cheese-like structure due to immiscibility. Next, it was tried to swell polybutadiene in styrene 
followed by the polymerization of styrene into PS to result in some compatibility between the 
two phases, however, without success. The production process of HIPS requires not only 
polymerization-induced phase separation, but also phase inversion. Therefore, extremely 
vigorous mechanical mixing has to be applied to finally result in the well-known ‘salami-
structure’ with an enhanced volume fraction of PB domains through the incorporation of PS 
micro-domains in the PB phase. The combination of a low volume fraction of polybutadiene 
and the incorporation of PS in the polybutadiene domains to boost the volume fraction of the 
disperse phase is thought to lead to the amplification of crazing and increased toughness of 
HIPS. ABS is made in the reactor in a more or less similar way. Today, alternative routes are 
also applied and PS is successfully modified by the use of polybutadiene-polystyrene block 
copolymers of various compositions. Despite, the improvements in mechanical properties in 
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HIPS, ABS, or other PS-rubber systems, are only the result of a multiple crazing process. 
Thus, crazing is not prevented but only the number of crazes is increased and spread out over 
a larger volume.35 Apparently, there is room for improvement, since the ultimate toughness 
modifier will change the deformation mechanism from crazing to shear yielding. It is 
interesting to see that the heterogeneity in those “ultimate” systems is so pronounced that the 
whole volume behind a scratch or a notch seems to act as one big assembly of crazes. Here we 
talk about completely controlled “crazing”, since it is deformation without breaking of all 
ligaments between the core-shell dispersed phase, see below. 

Rubber toughening is successful once cavitation of the rubbery particles reduces the tri-axial 
stresses, when sequential yielding of the heterogeneous microstructure eliminates strain 
softening at the RVE level, and when the rubbery shells improve strain hardening by local 
support of the straining filaments by the rubbery shells.16 The ligaments between rubbery 
inclusions should be that small that no craze initiation can occur via voiding below the 
surface, which is reflected in the critical interparticle distance. The size of the rubbery 
particles should thus be kept as small as possible in order to keep the volume fraction of 
rubber low (to preserve the modulus and yield stress) and for optical clarity. A drawback is 
that the smaller the size of the dispersed rubber particles, the more difficult they cavitate.36,37 

Jansen et al. elegantly demonstrated the importance of cavitation. In their sub-micron sized 
PMMA/(aliphatic)epoxy systems (80/20) ductility was found at low deformation rates. Under 
high loading conditions cavitation was absent and the material proved to be brittle.38 By 
applying pre-deformation at a low deformation rate precavitation was obtained and the same 
sample now proved to be tough, even under high loading rates. Precavitated sub-micron 
rubbery particles thus seem to be the ultimate toughness modifier. In summary, we aim at: 

• 30 nanometer diameter rubbery core-shell domains, approximately the smallest 
diameter possible, since Jansen et al. found that below 20 nm no polymerization-
induced phase separation occurs.39 At these small diameters, low volume fractions of 
additive are needed and optical clarity is preserved, 

• a low resistance to cavitation or already precavitated, thus a low-molecular weight 
core, a semi-crystalline core, or just a hole as core, 

• a sufficiently thick rubbery shell with sufficiently high modulus to support the 
deforming ligaments, and 

• a volume fraction of the order of 5% to stay below the critical interparticle distance. 

1.5 Routes to arrive at the ultimate toughness modifier? 

Two possible routes to obtain blends of block copolymers and the matrix that needs 
modification are discussed in this thesis. The first is by starting with a block copolymer 
dissolved in the monomer. The block copolymers should be self-assembled into micellar 
structures. Subsequent in-situ polymerization of the monomeric matrix precursor could 
preserve the block copolymer micelles, see Chapter 4. A second route is by using triblock 
copolymers containing a semi-crystalline core, e.g. a polycaprolactone (PCL) core. The core 
domains shrink upon cooling due to crystallization, generating extra stresses that either lead to 
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direct cavitation or ease cavitation upon loading.40,41 Test samples of blends of these triblock 
copolymers with homopolymers are prepared either by melt blending in an extruder or by 
solvent casting. Chapter 5 elaborates on the synthesis of these block copolymers. Chapter 6 
focuses on the mechanical response of the blends and investigates the details of the 
deformation of these materials: controlled cavitation versus uncontrolled crazing.  

Koulic et al. recently showed that by using reactive melt blending only 4 % of rubber is 
needed to reinforce polyamide-12 (PA12) compared to at least 10 wt% for commercially 
available rubber tougheners.42 They developed their complex-shaped nano-structures by a 
one-step reactive melt-blending process of typically 20 % block copolymer of the form 
polystyrene-b-polyisoprene (PS-b-PIP), with an anhydride-functionality at the PIP block, with 
the amine-functional PA matrix. By manipulating the block copolymer composition, various 
morphologies could be obtained like cucumber-, vesicular-, or core-shell-type structures. It 
also shows that using proper triblock copolymers the amount of rubber required can be 
significantly reduced in the (more difficult to toughen) PMMA matrices (compared to the PA 
matrix used by Koulic et al.). To successfully induce cavitation and hence delocalization of 
strain in PMMA we finally needed approximately 6 wt% of rubber, which consisted for 30 % 
of semi-crystalline material (overall only 2 wt%). 

1.6 In conclusion 
In general, the introduction of multi-phase morphologies in any engineering material serves to 
enhance the physical properties. The toughness of a material can be improved by 
implementing an energy absorption mechanism that acts in response to the application of 
stress. In polymers, a distinction can be made between two main classes of energy absorption 
mechanisms, namely crazing and shear yielding. A primary goal of polymer scientists is to 
enhance the amount of energy that is absorbed when a polymer sample is deformed. 

In this respect, the challenge is to modify brittle amorphous polymers, like PS and PMMA, 
such that catastrophic localization of strain is avoided and that the intrinsic ductility is 
transferred to the macroscopic level. This can be achieved by adjusting the intrinsic 
properties, i.e. decreasing the strain softening or increasing the strain hardening modulus, 
such that the macroscopic response of the polymer shows no catastrophic strain localization 
anymore. Moreover, heterogeneities need to be introduced to avoid scratch and notch 
sensitivity. Ways to design optimal sub-micron or nano-sized structures have been elucidated. 
In this thesis we will try to contribute to the realization of some of these structures; at least we 
will explore some routes to obtain the desired morphologies. 

For improving homogeneous systems we will investigate in Chapter 2 some PMMA 
homopolymers of different tacticity ranging from 83 % isotactic to 77 % syndiotactic content. 
Obviously, the segmental mobility of the polymer is strongly dependent on its conformational 
and other physical barriers. A second option is to use random copolymers of PMMA and 
poly(ethyl acrylate) (PEA) (containing up to 25 wt% of ethyl acrylate) where segmental 
mobility can be varied by comonomer incorporation, which alters the Tg of the system. 

For improving heterogeneous systems we study the details of the processes involved in 
polymerization-induced phase separation on the nanometer scale using transmission electron 
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microscopy and small-angle X-ray scattering (SAXS) in Chapters 5 and 6. The last method is 
also used during in-situ deformation to monitor the microscopic modes of deformations in 
great detail.  
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Chapter 2 

The puzzle of strain hardening: is it 
network density or thermal mobility? 

 

Abstract: In this chapter, the influence of chain mobility and network density on the strain 
hardening modulus (GR) of several amorphous polymer materials is studied. The first material are 
polystyrene/poly(2,6-dimethyl-1,4-phenylene ether) (PS/PPE) blends. At first sight, the strain 
hardening modulus (GR) is found to be proportional to the network density (νe) at room 
temperature. GR displays neo-Hookean rubbery behavior, although it decreases with increasing 
temperature, which is in contradiction with the entropic nature of a rubber-elastic spring. The 
evaluation at different temperatures (at constant values of T – Tg, a measure for the segmental 
mobility) reveals a linear dependence of GR on (T – Tg) and it appears that νe has almost no 
influence on GR, except at temperatures close to Tg. The second material are copolymers of 
poly(methyl methacrylate-co-ethyl acrylate) (PMMA-PEA), ranging in ethyl acrylate content from 
0.5 to 25 wtl% and displaying only a minor variation in network density but a major variation in Tg 

and GR. These copolymers show the same dependence of GR on (T – Tg) as the PS/PPE blends, 
which strengthens the validity of a universal fit. However, two materials, in particular isotactic 
PMMA and PC, display a strongly deviating dependence of GR on (T – Tg), namely a relatively 
larger and a relatively smaller dependence on temperature, respectively. Remarkably, the 
dependence of the yield stress on (T – Tg) shows a similar trend for both materials, which indicates 
that the (T – Tg) correction is not sufficient to compare the polymers involved at an identical state 
of thermal mobility. Hence, it is concluded that strain hardening finds its origin in the orienting 
molecular network and that its magnitude appears to be governed by thermally-induced segmental 
mobility. 

2.1 Introduction 
The physical and mechanical properties of glassy polymers are determined by their molecular 
structure. The deformation characteristics strongly depend on local (re-)arrangements of the 
molecules under the influence of external forces. However, the link between the macroscopic 
response of polymers, measured in a tensile test for example, and the molecular structure is 
not fully understood. The response of a polymer to deformation depends on its intrinsic 
properties and, more specific, on its post-yield behavior. These can be determined by 
homogeneous deformation experiments, for example by video-controlled tensile tests1 or 
more easily by lubricated uniaxial compression tests.2,3 Typically, these tests result in intrinsic 
true stress-true strain curves (Figure 2.1) with, in order of appearance, an initial (visco-)elastic 
region, a yield stress point, a strain softening region (also known as yield-drop), and finally 
strain hardening (or network hardening) at large strains.  
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Figure 2.1: Schematic representation of the true stress-true strain curve of an amorphous polymer below Tg in 
homogeneous deformation. 

The post-yield behavior plays a key role in the macroscopic deformation behavior in tension, 
and it determines whether a material is brittle or ductile.4 Therefore, it is of paramount 
importance to understand its origin. More specifically, two parts are of importance: strain 
softening (or the drop in true stress after yield) and strain hardening (the subsequent rise in 
stress after softening). Strain softening induces the localization of strain, whereas strain 
hardening should stabilize this localization and transfer strain over the whole sample.5 

Strain softening has been studied extensively in literature.6,7,8,9,10 Starting at the rejuvenated 
state, the yield stress, and hence strain softening, constantly increases due to physical 
ageing.11 The polymer keeps changing its conformation on its approach towards a minimum 
in potential energy.12,13 The yield stress level and consequently softening can be reversibly 
decreased by thermal rejuvenation, i.e. heating above Tg followed by quenching. In the same 
line, for slowly cooled samples, the yield stress and the strain softening increase with 
decreasing cooling rate. By its mechanical analog, by mechanical straining, e.g. by rolling in a 
two-roll mill, strain softening can be completely erased, making all polymers tough, even in 
tension.6,14,15 

In the introductory chapter, it was demonstrated that 1) the strain softening contribution 
should be low to prevent catastrophic localization of strain which causes embrittlement, 2) 
strain hardening should overcome extreme localization of strain (initiated by softening) by 
stabilization of this localization, and 3) the number-average molecular weight should be 
sufficiently high in order to form a representative network.16,17 In this chapter, the origin of 
strain hardening is studied in more detail because of its significant stabilizing contribution to 
polymer ductility. 

From a modeling point of view, strain hardening is generally regarded to originate from an 
entropic contribution of the orienting molecular network.18,19,20,21 This point of view is 
supported by a number of experimental observations: 

i. Thermal reversibility: when a plastically deformed sample is heated to above its Tg, the 
strain can be fully recovered due to entropy elasticity of the Gaussian strands under the 
condition that the deformation has begun from an initial random-coil conformation, see 
Figure 2.2.6,22,23,24,25 
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ii. The strain hardening contribution is observed to be proportional to λ2 - λ-1 at large 
strains,18 which resembles closely the Gaussian rubber-elasticity theory.  

iii. At constant temperature, the strain hardening modulus GR is proportional with the 
network density νe, just as predicted by the Gaussian theory. This was shown by Van 
Melick et al.,26 who systematically altered the network density of polystyrene/poly(2,6-
dimethyl-1,4-phenylene ether) (PS/PPE) blends and cross-linked PS, see Figure 2.3a.  

 
(a) (b) (c) 

Figure 2.2: Pictures of a cylindrical test sample: (a) initial conformation before testing, (b) after plastic 
deformation, and (c) full recovery after a subsequent heating treatment above Tg. 

(a) (b) 

Figure 2.3: (a) Strain hardening modulus (GR) versus the network density (νe) for PS/PPE blends and cross-
linked PS. (b) Combined plot of strain hardening modulus (GR) and rubbery plateau modulus GN

0 versus network 
density νe for PS/PPE and cross-linked PS. Data adopted from Van Melick.26 

Although these observations clearly indicate the involvement of the entangled molecular 
network, the question as to what determines the exact magnitude of GR still remains. As 
illustrated in Figure 2.3b both the strain hardening modulus GR and the rubber-plateau 
modulus GN

0 scale linearly with νe, see Figure 2.3b. However, GR is approximately two orders 
of magnitude larger than GN

0, the entangled or cross-linked elastomer in the melt.26,27 The 
apparent network density, as derived from this value of GR at room temperature (according to 
GR = νe·kT), is extremely high, however, the validity of such high network densities was 
demonstrated convincingly by Wendlandt et al., who studied the segmental orientation during 
deformation of deuterated PMMA by solid-state NMR.28 

It remains quite intriguing that temperature plays a profound influence on the strain hardening 
modulus. In fact it seems to be of even more significance than the network density itself. With 
increasing temperature, GR decreases, in contrast to what is predicted by rubber-elasticity, and 
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gradually approaches the value of GN
0 (above Tg), suggesting a relaxation of the network.29 

The dominant influence of temperature was elegantly demonstrated by Van Melick,26 who 
plotted GR vs. T for the various PS/PPE blends, see Figure 2.4a. A more useful representation 
of the data is presented in Figure 2.4b, where GR is evaluated at a similar distance ΔT to their 
respective glass transition temperatures, i.e. at (T – Tg).30 In this way, a correction is made for 
the differences in segmental mobility between the different blends. It appears that far below 
Tg the influence of the thermal mobility on the strain hardening modulus is prevalent and no 
significant contribution of the polymer network is observed, although closer to Tg, the 
influence of thermal mobility diminishes and the polymer network becomes more important. 

(a) (b) 

Figure 2.4: Strain hardening modulus of PS/PPE blends as a function of (a) temperature and (b) (T – Tg). 

From the results on the PS/PPE blends, it appears that GR is strongly dependent on the 
temperature interval (T – Tg), although the influence of network density should not be 
neglected at temperatures close to Tg. The PS/PPE blends cover a wide range in network 
density and a wide range in Tg, but in order to determine more precisely the influence of 
temperature and network density, we will focus on a set of poly(methyl methacrylate-co-ethyl 
acrylate) (PMMA-PEA) copolymers that possess a narrow network density and cover a large 
range in Tg. For these copolymers, the influence of Tg on GR can be investigated, while the 
contribution of the network is only minor. Besides this, PMMA homopolymers varying in 
tacticity and PC will be evaluated.  

2.2 Experimental 
2.2.1 Materials 

Four poly(methyl methacrylate-co-ethyl acrylate) (PMMA-PEA) copolymers were provided by Arkema, France. 
The samples contained 25, 15, 5, and 0.5 wt% of ethyl acrylate (EA) and are named EA 25, EA 15, EA 5, and 
EA 0.5, respectively. Syndiotactic and isotactic PMMA were obtained from Polymer Source Inc., USA (Mn = 
60.5 kg/mol, Mw = 64.4 kg/mol and Mn = 75.5 kg/mol, Mw = 108.4 kg/mol, respectively). 

Atactic PMMA was prepared by Atom Transfer Radical Polymerization of methyl methacrylate in a 100 mL 
three-necked round-bottom flask, equipped with condenser and magnetic stirrer. Toluene (Biosolve) was dried 
over CaH2 prior to use. Cu(I)Br (Aldrich, 99.999%), N,N,N’,N”,N”-pentamethyl diethylene triamine (PMDETA, 
Aldrich) and p-toluenesulfonyl chloride (pTSC) were used without purification. Methyl methacrylate (MMA, 
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Aldrich) was purified by inhibitor removal. The reaction was carried out in a molar ratio of 
pTSC/PMDETA/CuBr of 1/1/1. PMDETA (0.052 g, 0.30 mmol), MMA (30 g, 0.30 mol), and Cu(I)Br (0.043 g, 
0.30 mmol) were added to 10 g toluene and purged with Argon for approx. 30 min. Subsequently, the flask was 
immersed in an oil bath set at 90 °C and after the reaction temperature was reached a solution of pTSC (0.058 g, 
0.30 mmol) in 2 mL toluene was added under Argon flow. After almost complete conversion, the product was 
dissolved by toluene addition and poured over a silica column to remove the copper catalyst. The product was 
subsequently precipitated in cold methanol, filtered, and dried under reduced pressure at 80 °C for at least 48 h. 

Sample preparation. All (co)polymers were compression molded into plates of various thickness by pressing in 
a Collin hot press at 180 °C: pre-heating at 180 °C for 15 minutes and subsequently compressing in several steps 
of increasing force (up to 200 kN) during 20 minutes. In between these steps, the pressure was released to allow 
for degassing. Subsequently, the mold was placed into a cold press and cooled to room temperature at moderate 
force (50 kN). Rectangular samples used for DMTA were machined from an approx. 1 mm thick plate to final 
dimensions of 30 x 5 x 1 mm3. Also, thick plates (30 x 15 x 4 mm3) were cut into rectangular bars with a cross-
section of 4 x 4 mm2 and were machined into cylindrical samples of approx. 3 mm in diameter and 3 mm high, 
which were used in uniaxial compression tests. 

2.2.2 Methods 

Size Exclusion Chromatography (SEC). Molecular weights were determined by SEC using a Waters GPC 
equipped with a Waters 510 pump, a Waters 410 differential refractometer (λ = 930 nm), and a Waters WISP 
712 auto-injector with injection volume of 50 μL. Columns were one PLgel (5 μm particle size) 50 mm x 7.5 
mm guard column and two PLgel mixed-C (5 μm particle size) 300 mm x 7.5 mm columns. Data acquisition and 
processing were performed using the Waters Millenium 32 software. Tetrahydrofuran (THF, Biosolve, 
stabilized) was used as eluent at a flow rate of 1.0 mL/min. Calibration was performed with polystyrene 
standards (Polymer Laboratories, ranging from 580 to 7.1 ⋅ 106 g/mol). For the PMMA grades in this study, the 
Mark-Houwink parameters for standard PMMA were used (K = 1.14 ⋅ 10-4 dL/g and α = 0.719).31 

Dynamic Mechanical Thermal Analysis. DMTA was performed on a TA Instruments Q800 Dynamic Analyzer 
in film tension mode to determine the dynamic modulus (Ed) and the tangent of the phase lag (tan δ). Samples 
were characterized at 1 Hz during a temperature ramp of 2 °C/min starting at room temperature (to determine the 
mechanical Tg) up to the temperature limit at which the elastic modulus was experimentally inaccessible. 

 

Table 2.1: Molecular weight (distribution) of the various PMMA grades as determined by SEC measurements. 

Polymer Mn Mw PDI 

 (kg/mol) (kg/mol) (-) 

EA 25 52.3 174.5 3.34 

EA 15 58.9 137.5 2.33 

EA 5 38.5 84.1 2.18 

EA 0.5 42.5 88.0 2.07 

Isotactic PMMA 75.5 108.4 1.44 

Atactic PMMA 83.1 95.6 1.15 

Syndiotactic PMMA 60.5 64.4 1.06 

Uniaxial compression tests. Homogeneous deformation experiments were performed by uniaxial compression 
on a servo-hydraulic MTS Elastomer Testing System 810. Cylindrical specimen were compressed at a constant 
logarithmic strain rate of 10-2 s-1 between two parallel, flat steel plates. The friction between the sample and steel 
plates was reduced by the application of a thin polytetrafluoroethylene (PTFE) tape onto the sample and the 



30  Chapter 2  
 

 

surface between steel and tape was lubricated by a PTFE spray coating. During compression no bulging or 
buckling of the sample was observed, indicating that the friction was reduced sufficiently. The uniaxial 
compression testing setup was placed in a temperature chamber, equipped with liquid-nitrogen cooling, wherein 
the temperature could be accurately controlled (± 0.5 °C). The tests were performed at several temperatures 
below Tg, namely at values of (T – Tg) of around - 40, - 60, - 80, and - 100 °C. Approximately 15 minutes prior 
to testing, the sample was mounted in the temperature chamber to assure thermal equilibrium. 

Nuclear Magnetic Resonance spectroscopy (1H NMR). 1H NMR spectra were recorded on a Varian Mercury 
Vx 400 spectrometer at 400 MHz using chloroform-d as a solvent. The ratio of isotactic (i), heterotactic (h), and 
syndiotactic (s) triads were determined by integration over the peaks at chemical shift of 1.21, 1.02, and 0.85 
ppm, respectively.32 Table 2.3 shows the data obtained by integration of the PMMA homopolymers. 

2.3 Results and discussion 

Figure 2.5 shows the dynamic mechanical response of PMMA-PEA copolymers of various 
EA content (wt%). At room temperature, the dynamic modulus Ed is relatively high, around 
3.0 GPa, and decreases gradually with increasing temperature. At Tg, a decrease in dynamic 
modulus is observed, since the chains obtain full segmental mobility when the polymer 
becomes rubbery. The peak in phase lag between the input and output signal (tan δ, see Figure 
2.5b) corresponds to the (mechanical) Tg.33 A further increase of the temperature reduces tan 
δ and the decay in modulus levels off in the rubber-elastic region, at the rubber plateau. Here, 
the polymer chains have full mobility and the properties are determined by the entangled 
network. The rubber-plateau modulus GN

0 is defined as the most elastic dynamic modulus, at 
the minimum in tan δ, by GN

0 = Ed / 3. The network density νe can be calculated by:34 

 
kT

E
kT

G dN
e 3

tanmin,
0

δν ==         (2.1) 

where k is the Bolzmann constant and T is the absolute temperature at the minimum of tan δ. 

(a) (b) 

Figure 2.5: Dynamic mechanical response of PMMA-PEA copolymers: (a) dynamic modulus (Ed) and (b) tan δ 
as a function of temperature. 

Table 2.2 confirms that the addition of EA decreases Tg and the rubber-plateau modulus GN
0, 

and causes a minor reduction in network density, in agreement with literature.18,35,36 Figure 
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2.6 depicts the covered range in Tg and νe of the PS/PPE blends and the PMMA-PEA 
copolymers. The variation of Tg with νe for the PMMA-PEA copolymers is rather large 
compared to the PS/PPE blends; the former covers only a narrow range of network densities. 

(a) (b) 

Figure 2.6: The covered range in Tg and νe of (a) PS/PPE blends and (b) PMMA-PEA copolymers. The bottom 
line (solid) represents the Tg, the top line (dashed) represents νe. 

Figure 2.7 depicts the results of the uniaxial compression tests performed at specific 
temperature intervals below Tg, viz. at (T – Tg) = - 40, - 60, - 80, and - 100 °C. The strain 
hardening modulus GR is approximately equal at the same value of (T – Tg), according to the 
similar slopes of the lines at large strains (λ2 - λ-1). 

The relation between GR and νe at room temperature is obtained by combining the DMTA and 
the uniaxial compression test results from Table 2.2 and is presented in Figure 2.8. At equal 
network densities, the GR values for the PMMA-PEA copolymers are much lower while the 
change of GR with νe is much stronger compared to the PS/PPE blends, despite that the 
network density of the former changes only slightly. The slope of the line representing the 
PMMA-PEA copolymers is five times higher than that of the PS/PPE blends. Apparently, the 
nature of the polymer network has a large influence on the extent of strain hardening. 

Table 2.2: Overview of the properties of the PMMA-PEA copolymers.  

Polymer Tg (a) GN
0 (a) νe

 (a) GR
(b) 

 (°C) at max. tan δ (MPa) at min. tan δ (1026 chains/m3) (MPa) at 22 °C 

EA 25 86.1 0.474 0.854 19 

EA 15 102.7 0.504 0.877 26 

EA 5 121.8 0.528 0.890 32 

EA 0.5 132.1 0.586 0.967 43 

(a) determined by DMTA. (b) determined by uniaxial compression tests. 
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(a) (b) 

(c) (d) 

Figure 2.7: Compressive test results of PMMA-PEA copolymers at several temperature intervals below their 
respective Tg at a strain rate of 1·10-2 s-1 at (T – Tg) = (a) - 40, (b) - 60, (c) - 80, and (d) - 100 °C. 

 

 

Figure 2.8: Overview of the strain hardening modulus (GR) vs. the network density (νe) at room temperature of 
PMMA-PEA copolymers (Ο), PS/PPE blends ( ), cross-linked PS ( ), PMMA homopolymers (◊), 
poly(ethylene terephthalate), and PC. For comparison data is shown for several polymer grades. PET data 
adopted from Schrauwen et al.37 
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Uniaxial compression tests reveal a linear decrease of GR with T, see Figure 2.9a, in 
agreement with earlier results.26,29,38 Correcting for differences in Tg, Figure 2.9b reveals that 
GR versus (T – Tg) can be fitted with a linear relation. For these systems of low variation in 
network density, GR decreases with (T – Tg) and seems to be independent of the network 
density, since no deviation of the linear fit close to Tg is observed. Combining the results on 
PMMA-PEA and PS/PPE systems suggests that the distance from Tg is the dominant factor 
that determines GR and not the network density, see Figure 2.10; all data seems to obey the 
same master curve. At least far below Tg, the influence of the thermal mobility on GR is 
prevalent and no significant contribution of the polymer network is observed. Closer to Tg, the 
influence of thermal mobility diminishes and the polymer network becomes more important. 
For pure PS, for example, GR is less dependent on temperature. 

(a) (b) 

Figure 2.9: Strain hardening modulus (GR) of PMMA-PEA copolymers as a function of (a) temperature and (b) 
distance to Tg (T – Tg). 

 

Figure 2.10: Universal fit representing the strain hardening modulus (GR) vs. (T – Tg) for the PMMA-PEA 
copolymers (Ο) and PS/PPE blends ( ). 

Although the thermal mobility (T – Tg) seems to be the dominant factor contributing to GR, 
see Figure 2.10, other factors like chain tacticity and network density can not be neglected a 
priori, and, in order to verify the universality, a range of polymers varying in tacticity and a 
polymer with a relatively dense network are now studied. 
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The influence of chain conformation is studied by analyzing three PMMA homopolymers, 
viz. isotactic (i-PMMA), syndiotactic (s-PMMA), and atactic PMMA (a-PMMA). The 
tacticity is determined by 1H-NMR spectroscopy by comparison of the triad content, see 
Table 2.3. Note that, although the a-PMMA grade used here consists of relatively many 
syndiotactic and isotactic triads, it is still classified as a-PMMA.39 

Table 2.3: Tacticity of the isotactic, atactic, and syndiotactic PMMA homopolymers.  

Polymer percentage of triads by 1H-NMR 

 isotactic heterotactic  syndiotactic 

i-PMMA 82.9 7.7 9.4 

a-PMMA 11.0 33.3 55.7 

s-PMMA 1.8 20.5 77.7 

Figure 2.11 presents the dynamic mechanical response of the PMMA homopolymers. For 
these materials, a wider range in GN

0 is found: i-PMMA has the lowest value of 0.53 MPa, 
whereas a-PMMA exhibits the highest value of 0.75 MPa, see Table 2.4. It is remarkable that 
s-PMMA has an intermediate value of GN

0 and νe, with GN
0 = 0.66 MPa. It is worth noting 

that Tg changes in a different order, namely Tg increases from 88.6 via 137.2 to 146.4 °C, 
respectively, in the order of an increasing amount of syndiotactic triads. 

(a) (b) 

Figure 2.11: Dynamic mechanical response of PMMA homopolymers: (a) dynamic modulus (Ed) and (b) tan δ as 
a function of temperature. 

Table 2.4: Overview of the properties of the PMMA homopolymers.  

Polymer Tg (a) GN
0 (a) νe (a) GR

(b) 

 (°C) at max. tan δ (MPa) at min. tan δ (1026 chains/m3) (MPa) at 22 °C 

i-PMMA 88.6 0.533 0.951 42 

a-PMMA 137.2 0.751 1.20 46 

s-PMMA 146.4 0.660 1.06 46 

(a) determined by DMTA. (b) determined by uniaxial compression tests. 
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The uniaxial compression tests, see Figure 2.12, do not display the same slope at large strains. 
Although s-PMMA and a-PMMA are comparable, the strain hardening modulus of i-PMMA 
is significantly higher at equal values of (T – Tg). For i-PMMA, the influence of temperature 
is more pronounced, as can be concluded from the larger slope of the line representing GR in 
Figure 2.13a. The data do not obey the apparent universal fit shown in Figure 2.10. 

(a) (b) 

(c) (d) 

Figure 2.12: Compressive test results of PMMA homopolymers at several temperature intervals below their 
respective Tg at a strain rate of 1·10-2 s-1 at (T – Tg) = (a) - 40, (b) - 60, (c) - 80, and (d) - 100 °C. 

The influence of testing temperature on the strain hardening modulus of bisphenol-A 
polycarbonate (PC),29 on the other hand, is much smaller compared to PMMA-PEA and 
PS/PPE, see Figure 2.13a. PC, with its very high network density, depends much less on (T – 
Tg). For two materials, particularly i-PMMA and PC, a strong deviation from the ‘universal’ 
dependence of GR on (T – Tg) is observed, namely a relatively larger and a relatively smaller 
dependence on temperature, respectively. This suggests that thermal mobility is not solely 
determining GR. Remarkably, the dependence of the (rejuvenated compressive) yield stress, 
defined here as the minimum in stress after yield, on (T – Tg) shows a similar trend for both 
materials (Figure 2.13b), which indicates that the (T – Tg) correction is not sufficient to 
compare the polymers involved at an identical state of thermal mobility. Hence, it is 
concluded that strain hardening finds its origin in the orienting molecular network and that its 
magnitude appears to be governed by thermally-induced segmental mobility. 
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(a) (b) 

Figure 2.13: (a) The strain hardening modulus (GR) and (b) the rejuvenated compressive yield stress vs. (T – Tg) 
for PMMA-PEA copolymers, PS/PPE blends, PMMA homopolymers, and PC. 

2.4 Conclusions 

Although polymers can be modeled by an entropic spring with a strain hardening modulus 
proportional to the network density,26 uniaxial compression tests show that the strain 
hardening modulus GR decreases with temperature,26,29,30 which contradicts the entropic 
nature of the rubber-elastic network. This apparent contradiction might be explained by the 
assumption that the relaxation processes, responsible for chain mobility, overrule the entropic 
spring character of the network even when it becomes stretched. Beyond yielding the material 
is considered to be in as a stress-induced rubbery state in which chain mobility is strongly 
enhanced and relaxation plays a rather important role. 

The strain hardening modulus is shown to be proportional to the rubber-plateau modulus in 
the melt, where polymer chains have full main-chain segmental mobility, which is thermally 
induced. Here, the rubber-plateau modulus fully depends on the molecular network since on 
the experimental time-scale secondary interactions can be neglected. The entropy elasticity 
and relaxation govern the material response, which implies that both time and temperature 
play an important role. In the glassy state, polymers also have a certain degree of mobility, 
albeit of a different nature. During plastic deformation, the chains experience a stress-induced, 
rather than a temperature-induced, main-chain segmental mobility, on which the molecular 
network plays a significant role. This is confirmed by the enhanced strain hardening due to 
chemical cross-linking, since the network forms the basis for the full reversibility of plastic 
deformation upon heating the sample above its Tg. 6,23,24,25 

Literature results of Van Melick et al.26 on PS/PPE blends and our experimental observations 
on PMMA-PEA copolymers seem to suggest the existence of a single master curve that 
linearly relates GR to (T – Tg), a measure for the segmental mobility. It appears that νe has 
almost no influence on GR, except at temperatures close to Tg. However, two materials, in 
particular isotactic PMMA and PC, display a strongly deviating dependence of GR on (T – 
Tg), namely a relatively larger and a relatively smaller dependence on temperature, 
respectively. Remarkably, the dependence of yield stress on (T – Tg) shows a similar trend for 
both materials, which indicates that the (T – Tg) correction is not sufficient to compare the 
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polymers involved at an identical state of thermal mobility. Hence, it is concluded that strain 
hardening finds its origin in the orienting molecular network and that its magnitude appears to 
be governed by thermally-induced segmental mobility. 
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Chapter 3 

Kinetics of re-embrittlement of 
(anti-) plasticized glassy polymers 
after mechanical rejuvenation 
 

Abstract: Mechanical rejuvenation is known to dramatically alter the deformation behavior of 
amorphous polymers. Polystyrene (PS), for example, typically known as a brittle polymer, can be 
rendered ductile by this treatment while a ductile polymer, like polycarbonate (PC), shows no 
necking anymore and deforms homogeneously in tensile deformation. The effects are only 
temporary nature, as due to physical ageing the increasing yield stress, accompanied by intrinsic 
strain softening, renders PS brittle after a few hours, while for PC necking in tensile testing returns 
in a few months after the mechanical rejuvenation treatment. In this study, it is found that physical 
aging upon rejuvenation in both PS and PC can be delayed in two different ways: 1) by reducing 
the molecular mobility through antiplasticization and 2) by applying toughening agents (rubbery 
core-shell particles). For the first route, even though progressive ageing is found to decrease with 
increasing amounts of antiplasticizer added, dilution of the entanglement network results in 
enhanced brittleness. Besides antiplasticization effects, also some typical plasticization effects are 
observed, like a reduction in matrix Tg. For the second route, traditional rubber toughening, using 
acrylate core-shell modifiers, also results in a reduced yield stress recovery and ductile tensile 
deformation behavior is observed even 42 months after mechanical rejuvenation. 

3.1 Introduction 
The response of glassy polymers to macroscopic deformation is determined by their post-
yield behavior, viz. strain softening and strain hardening, respectively,1,2,3 which control the 
process of strain localization and subsequent stabilization. The polymer’s intrinsic properties, 
which can be measured by performing homogeneous deformation tests, e.g. by lubricated 
uniaxial compression tests, reveal the polymer’s response in tensile testing and the 
mechanism by which the material deforms and, eventually, fails: necking and shear yielding, 
or crazing and brittle failure. Strong softening, combined with moderate hardening, as is the 
case for PS, leads to the latter response, since the localizing effect of strain softening is not 
sufficiently compensated for by the stabilizing effect of strain hardening, and hence results in 
brittle fracture of PS after crazing.2,3 On the other hand, PC, a ductile material, owes its 
properties to its pronounced hardening combined with moderate softening, resulting in stable 
neck growth during cold drawing.2,3 

The intrinsic properties strain softening and strain hardening are determined by the molecular 
architecture of the polymer chain as well as the thermodynamic state of the material. As 
discussed in Chapter 2, it is now well accepted that strain hardening can be regarded as an 
entropic stress contribution of the orienting molecular network.4,5,6 Two important factors 
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controlling the strain hardening modulus are the distance to the glass transition temperature 
and the entanglement density in the melt.7,8 

Strain softening, on the other hand, is related to a deformation-induced change in the 
structural state of the material.2,3,9 Polymer glasses are generally in a non-equilibrium state, 
and, as a result, display a persistent drive towards thermodynamic equilibrium (physical 
ageing).10,11 In time, the local inter- and intramolecular interactions are increased through 
small changes in chain conformation,12,13,14 leading to a gradual increase in the resistance to 
plastic flow (reflected in an increased yield stress). Upon (macroscopically moderate) plastic 
deformation, the rearrangement of molecular segments disrupts the aged macromolecular 
structure, and transform it into a higher energy state with a reduced resistance to plastic flow. 
In a uniaxial compression test, the yield stress of the polymer is observed to increase upon 
ageing, whereas, upon plastic deformation, the stress level decreases since the material returns 
into the a unique, unaged reference state (via this mechanical rejuvenation process).3,9,15 

The intrinsic yield and post-yield response of a glassy polymer appears to be insensitive to the 
molecular weight distribution.15 In contrast, the molecular weight proves to be very important 
for the stress at which the (locally deformed and stretched) molecular network fails:16,17,18,19,20 
the tensile strength increases with molecular weight, and ultimately reaches a plateau value 
when the molecular weight exceeds a critical value where the chains break. In practice, the 
entangled molecular network requires approximately 8 - 10 entanglements per chain to 
acquire this maximum strength.17,18,19,20 At lower molecular weights the individual polymer 
chains are able to slip along each other (disentanglement).  

The intrinsic properties of a polymer can, in principle, be changed. This gives us tools to 
manipulate the polymer characteristics and, consequently, the macroscopic mechanical 
performance. Illustrative examples are making PS ductile by enhancing its strain hardening 
response through orientation,21 cross-linking,8,22 or blending with a highly entangled polymer 
like polyphenylene ether (PPE).8,22,23,24 

Similar brittle-to-ductile transitions can also be obtained by manipulation of the amount of 
strain softening using thermo-mechanical treatments. A prime example is the embrittlement of 
a ductile polymer like PC after sufficient annealing. The accelerated ageing increases the 
yield stress and causes the softening to increase and finally become dominant.25,26 After 
ageing, the ductility can be restored by thermal rejuvenation, which is the erasure of the 
ageing history by heating the material above Tg followed by subsequent rapid cooling, which 
results in a low yield stress (and low strain softening), back to its original level.  

Apart from thermal rejuvenation, we can also use mechanical rejuvenation to erase the ageing 
history. In this treatment, a controlled, macroscopic plastic deformation is applied to the 
polymer, inducing local plastic flow by stress, rather than by temperature. Possible methods 
include: alternate bending,27 shearing,28,29 torquing,30 and cold-rolling.31,32,33,34,35 After the 
plastic deformation is applied and after unloading, subsequent loading shows a decreased 
yield stress and absence of softening, ultimately to the level of the unaged state (complete 
mechanical rejuvenation). An example is the mechanical rejuvenation of PS by rolling it with 
a thickness reduction of 30 %, eliminating softening and resulting in large strains in tension (> 
30 %) without the occurrence of crazes.31,32 However, the ductility obtained is only of a 
temporary nature: the yield stress gradually increases in time due to physical ageing. 31,32 
During this process, the yield stress peak erased by rejuvenation starts to increase again, 
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resulting in strain softening, and leading to the return of brittle fracture when the yield stress 
exceeds the tensile strength. 

The time-scale on which the brittle failure mode returns for mechanically rejuvenated PS is 
short, typically in the order of days. To stimulate practical applications, the question rises how 
this time-scale can be prolonged. In a previous study,32 it was shown that increasing the 
molecular weight enhances the tensile strength,16,17,18,19,20 and in turn a higher tensile strength 
will require a higher yield stress (and thus a longer ageing time) to induce the ductile-to-
brittle transition.32 In the commercial range of molecular weights available, the 'ductile' time 
period varied from hours to a maximum of two weeks.32 A further improvement appears 
feasible, e.g. by adding ultra-high molecular weight PS, but is likely to affect the materials 
processability or even render it intractable. Moreover, the actual cause of the problem, being 
the evolution of yield stress due to physical ageing, is not addressed at all. 

Here we intend to explore other routes to increase the 'ductile' time-scale of mechanically 
rejuvenated PS. First, it is attempted to affect the kinetics of the ageing process. As mentioned 
above, ageing involves small changes in chain conformation,12,13,14 which lead to local 
densification and increase the local intermolecular interaction. Macroscopically, this results in 
a gradual increase in yield stress in time, because a higher force is needed to mechanically 
pull apart these locally densely packed chains in the specimen and allow for local plastic flow. 
The ageing kinetics are thus determined by the segmental mobility of the main chain, which, 
besides on the molecular architecture, is mainly regulated by temperature and the stress 
applied.15,36 In this study we will attempt to decelerate the ageing kinetics by reducing the 
segmental chain mobility using antiplasticization. Antiplasticizers are low-molecular weight 
additives that affect the free volume of polymers, and their addition is known to reduce the 
chain mobility, increase the yield stress and Young’s modulus and decrease the strain at 
break.37,38,39,40,41,42 The additive used in this study is Kenflex (KFX), a dimethylnaphthalene 
tetramer, that has been shown to suppress the molecular mobility in PC.42 We study its 
antiplasticization effect on both PC and PS, focusing on its influence on the ageing kinetics 
after mechanical rejuvenation. The second method applied to enhance the ductile lifetime of 
mechanically rejuvenated PS is the addition of impact modifiers.43 A core-shell type acrylate 
rubber is added to the matrix and its influence on the time-to-embrittlement after mechanical 
rejuvenation is examined. 1,44 

3.2 Experimental 
3.2.1 Materials 

Two commercial polystyrene (PS) grades were used, N5000 (Shell) and Styron 648 (Dow Chemical), and one 
polycarbonate (PC) grade: Lexan 141R (General Electric Plastics). Size Exclusion Chromatography (SEC) was 
performed to determine the molecular weight and molecular weight distribution. Compared to linear PS 
references, Styron 648 has the highest molecular weight (number-average molecular weight Mn = 107 kg/mol, 
weight-average molecular weight Mw = 318 kg/mol) followed by N5000 (Mn = 80 kg/mol, Mw = 281 kg/mol). 
PC has an Mn = 9.2 kg/mol and Mw = 25.8 kg/mol. 

Kenflex A1 (Kenrich Petrochemicals Inc.) is used as an antiplasticizer and is further referred to as KFX, which is 
a brown-colored dimethylnaphthalene tetramer (average) with a Tg of 42 °C. Paraloid EXL 2330 (Rohm & Haas) 
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is used as a toughening agent for blending and will further be referred to as EXL. It consists of poly(butyl 
acrylate)-poly(methyl methacrylate) core-shell particles of approx. 110 nm in diameter. 

3.2.2 Methods 

All materials were dried in an oven at 80 °C for 24 h. Blends of Styron 648 PS with KFX were prepared by 
extrusion in a co-rotating, fully intermeshing, self-wipening twin screw mini-extruder (TU/e) at 210 °C at 80 
rpm. First, PS was introduced in the extruder, subsequently KFX was added, and after 10 min of mixing, the 
blend was obtained. Blends of PS and 5, 10, and 15 wt% KFX are further referred to as PS5KFX, PS10KFX, and 
PS15KFX, respectively. Preparation of PC/KFX blends was performed on a Werner Pfleiderer ZSK 25 twin-
screw extruder at a temperature of 210 °C at 200 rpm and are named PC5KFX, etc. All KFX-blends had a brown 
color but were transparent. Blends of the N5000 PS and the EXL toughening agent (PS/EXL) were prepared in a 
similar procedure at a temperature of 165 °C.  

Compression molding. DMTA test specimen, compression test samples, and some tensile bars were 
compression molded on a preheated press (JUMPdTRON08, Fontyne Holland). The compression mold 
temperature was 210 °C for PS blends and 230 °C for PC blends. First, the material was heated for 30 min in the 
mold followed by compression in 5 steps up to 300 kN. Between each step, the force was released to allow the 
material to degas. Plates of 30 x 5 x 1 mm3 were compression molded to prepare DMTA bars and subsequently 
milled into a rectangular bar of 30 x 2.5 x 1 mm3. To prepare the tensile bars, strips of 170 x 20 x 4 mm3 are 
compression molded followed by milling according to ISO527-2/1A. For the uniaxial compression tests, plates 
of 30 x 40 x 6 mm3 were prepared which were milled into cylinders with a diameter and height of 5 mm. 

Uniaxial compression tests. From the extruded blends, plates were compression molded at 190 °C during 20 
min in which pressure is repeatedly released to allow for degassing. Cylindrical samples, 5 mm in diameter and 5 
mm high, were machined from these plates. Compression tests were performed on a MTS Elastomer Testing 
System 810, a servo-hydraulic tensile/compression tester, under strain control at a constant logarithmic strain 
rate of 10-2 s-1. Friction between sample and steel plates was reduced by a Teflon tape adhered to the sample and 
a lubricating soap-water mixture on top of this. 

Uniaxial tensile tests. Large test bars were prepared by injection molding a powdered granulate according to 
ISO 527-2/1A (Arburg 320S Allrounder 500-150) and small test bars according to ISO 527 (DSM Xplore Mini-
Mould Injection). During the latter, the temperature of the injection cylinder for both PS and it's blends was 230 
°C and the mould temperature was 60 °C. Tensile tests were performed on a Zwick Z010 and a MTS Elastomer 
Testing System 810. Tests were performed at linear strain rates in the range from 10-4 to 10-1 s-1. 

Mechanical rejuvenation. Mechanical pre-conditioning is performed by slowly rolling tensile bars along the 
length axis on a two-roll mill of 45 mm in diameter to a thickness reduction of 30 %. The bars were rolled to the 
desired thickness in 6 equal steps. To prevent warping of the samples they were flipped over after each step. In 
order to obtain transparent and homogeneously deformed bars, the PS/KFX and PS/EXL blends were rolled at a 
mill temperature of 85 °C. For the PS30EXL, homogeneously deformed bars were obtained by rolling at room 
temperature. 

Dynamical Mechanical Thermal Analysis. DMTA was performed on a TA Instruments Q800 and a 
Rheometric Scientific MKIII Dynamic Analyzer. Samples were characterized at 1 Hz during heating at 1 or 2 
°C/min from - 120 to 160 °C to determine the dynamic modulus (Ed) and the tangent of the phase lag (tan δ). 
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3.3 Results 

3.3.1 Antiplasticization of PC by KFX 

Figure 3.1 presents the results of Dynamic Mechanical Thermal Analysis (DMTA) on PC and 
its KFX containing blends. The temperature dependence of the loss factor (tan δ) reveals two 
clear transitions for all the materials (Figure 3.1a): the glass transition (or α−transition) at 
high temperature and the secondary glass transition (β−transition) at low temperature. For 
pure PC the α−transition is found around 150 °C and the β−transition around - 110 °C. Upon 
addition of KFX, the α−transition shifts to a lower temperature, implying that at these 
temperatures KFX promotes segmental mobility (plasticization). KFX is also known to reduce 
the melt viscosity, leading to an improved processability.42 The glass transition of KFX (42 
°C) is not visible, which is a strong indication that the PC/KFX blends are mixtures on a 
molecular scale. The peak position of the secondary transition (β) of the blends shifts towards 
lower temperatures too, but simultaneously the magnitude of the transition is suppressed. For 
temperatures up to 30 °C, the value of tan δ is substantially decreased, indicating a reduction 
of the molecular mobility upon the addition of KFX in that temperature range 
(antiplasticization). As a result, the dynamic modulus of the blends (Figure 3.1b) is, compared 
to that of PC, increased over a large temperature range. Only at about 100 °C, well above its 
Tg, KFX turns from an antiplasticizer into a plasticizer. These observations agree with those 
of Kambour et al. on PC/KFX blends and Nanasawa et al. on other antiplasticized PC 
systems.41,42 Apparently, the onset of molecular mobility of the additive plays an important 
role in the transition from antiplasticization to plasticization.41  
 

(a) (b) 

Figure 3.1: Dynamic mechanical thermal analysis of PC/KFX blends: (a) tan δ and (b) storage modulus of PC 
(solid line), PC5KFX (dashed line), PC10KFX (dash-dotted line), and PC15KFX (dotted line). Arrows indicate 
increasing KFX content. 

The dependence of the tensile yield stress of PC on antiplasticization with KFX is shown in 
Figure 3.2. As reported before,42 the yield stress at room temperature is observed to increase 
gradually with increasing KFX-fraction (Figure 3.2a). However, the temperature dependence 
of the yield stress of PC increases upon the addition of KFX, as visualized in Figure 3.2b. The 
slope of the PC10KFX curve is steeper than that of PC, and at around 80 °C both lines 
intersect. At this temperature, a transition occurs from an antiplasticized to a plasticized 
region. At higher temperatures, modulus, melt viscosity, and yield stress decrease with 
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increasing antiplasticizer content, all due to the increase of segmental mobility caused by the 
addition of low-molecular weight KFX. 

The strain rate dependence of the yield stress of PC and PC10KFX is depicted in Figure 3.3a. 
For both materials the yield stress shows a linear relation with the logarithm of strain rate 
which changes slope above a certain characteristic strain rate. This typical phenomenon has 
been observed in many polymer systems, e.g. poly(methyl methacrylate) (PMMA),45 
polypropylene (PP),46,47 PVC,48 PC, 47,49 and polyketone (PK).50 The change of slope is 
generally interpreted in terms of two different molecular processes contributing to the yield 
stress. This is illustrated in Figure 3.3b, showing the decomposition of the rate-dependent 
yield stress into the separate contributions of the α- and β-transition. At low strain rates, the 
α-process (main-chain segmental motion, related to the glass transition) determines the yield 
stress, whereas at higher strain rates the β-process (secondary transition) is of increasing 
importance and the yield stress is governed by contributions from both the α- and the β-
processes. 

  
(a) (b) 

Figure 3.2: (a) Yield stress in uniaxial extension at room temperature as a function of KFX content. (b) Yield 
stress vs. temperature for PC and PC10KFX. For both figures ε  = 10-3 s-1. 

(a) (b) 

Figure 3.3: (a) Yield stress vs. strain rate for pure and antiplasticized PC. The drawn lines are model predictions 
using Eq. 3.1 with the parameters listed in Table 3.1 for PC. The PC10KFX curve was predicted using T = 248 
K. (b) Decomposition of the yield stress in the separate contributions of the α- and the β-process. 
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This specific yield behavior can be described using the Ree-Eyring modification51 of Eyring’s 
flow theory.52 This modification assumes that all segments move at the same average rate, the 
stresses being additive. According to this assumption, the yield stress as a function of 
temperature and strain rate is of the form: 

1 1
, , sinh sinh

( ) ( )
B B

y y y
k T k T
V C T V C Tα β

α α β β

ε εσ σ σ − −
⎛ ⎞⎛ ⎞
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  (3.1) 

where kB is Boltzmann’s constant (1.38.10-23 J/K), T is the absolute temperature (K), V is the 
material dependent activation volume (nm3), and ε  is the applied strain rate (s-1). C(T) is a 
temperature dependent material parameter (s-1) defined as: 
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       (3.2) 

where 0ε  is a material constant (s-1), ΔU is the activation energy (kJ/mol), and R is the 
universal gas constant (8.31 J/mol/K). Table 3.1 shows the values of the constants, used to fit 
the experimental data of PC in Figure 3.3a. The activation volumes and energies were adopted 
from Klompen and Govaert.47 Since the values of 0ε  are known to depend on the thermal 
history of the samples, they were determined using a least-squares fit on the experimental data 
and therefore differ from the literature values.  

Table 3.1: Fit parameters for the Eyring flow process of PC. 

 V [nm3] (a) ΔU [kJ/mol] (a) 
0ε  [s-1] 

α-process 3.11 298.8 3.12 . 1027 

β-process 2.96 64.7 1.8 . 1011 

(a) obtained from Klompen and Govaert.47 

Remarkably, the changes occurring in the strain rate dependence of the yield stress of PC 
upon antiplasticization with KFX show great similarity with the changes occurring for PC 
upon the reduction of the ambient temperature. To validate this, we fitted the yield stress data 
of PC10KFX with Equation 3.1 and examined at which temperature the yield response of the 
pure PC would coincide with the PC10KFX data. For this fit the activation volumes and 
energies were adopted from Klompen and Govaert47 (Table 3.1) and assumed to be constant. 
From the excellent fit of the PC10KFX data, presented in Figure 3.3a, it appears that the yield 
response of PC10KFX at room temperature exhibits the same characteristics as that of PC at a 
temperature of - 25 °C. The addition of 10 wt% of KFX to PC therefore not only suppresses 
the β-process (partial chain mobility) but equally reduces the α-process, resulting in a 
reduction in main-chain segmental mobility comparable to that of a temperature decrease of 
48 °C.  

3.3.2 Antiplasticization of PS by KFX 

The effect of antiplasticization on the segmental mobility and the ageing kinetics is now 
investigated for PS/KFX blends. DMTA on antiplasticized PS shows similar results as for PC 
blends, see Figure 3.4. Also in PS, the Tg of KFX is not distinguishable, which indicates that 



46  Chapter 3  
 

 

antiplasticized PS is also a mixture at the molecular scale. Comparable to the PC/KFX blends, 
the addition of KFX leads to a decrease of the loss factor (tan δ) at low temperatures 
(antiplasticization) and an increase at high temperatures, involving a reduction of the glass 
transition temperature (plasticization). There is no clear indication for a secondary transition. 

(a) (b) 

Figure 3.4: Dynamic mechanical thermal analysis of PS/KFX blends: (a) tan δ and (b) dynamic modulus of PS 
(solid line), PS10KFX (dashed line), and PS15KFX (dotted line). Arrows indicate increasing KFX content. 

The influence of antiplasticization on the dynamic modulus is less pronounced for the 
PS/KFX blends than for PC/KFX. To further investigate the effect of antiplasticization by 
KFX we studied the intrinsic deformation of PS/KFX in uniaxial compression. In this test the 
increase of the cross-sectional area during compression stabilizes the deformation and a 
homogeneous state of deformation can be obtained up to large strain levels. The results are 
presented in Figure 3.5a and clearly indicate that the addition of KFX leads to an increase of 
the yield stress (detailed in Figure 3.5b), indicative for a decreased segmental mobility. 
Moreover, it is observed in Figure 3.5a, at large compressive strain, that the strain hardening 
response becomes less pronounced upon KFX addition. From a molecular point of view, the 
important factors influencing the amount of strain hardening are the distance to the glass 
transition temperature (T – Tg) and the entanglement density of the polymer,7,8 see also 
Chapter 2. In the case at hand, both factors are subject to change. Firstly, as shown in Figure 
3.4, the addition of KFX leads to a reduction in the glass transition temperature and, 
consequently, to a decrease of (T – Tg). Secondly, the addition of large amounts of a low-
molecular weight compound will lead to a dilution of the molecular network and thus 
decrease the entanglement density. To evaluate the latter, in Figure 3.6 a plot of the strain 
hardening modulus as a function of (T – Tg) for PS is presented (determined from 
compression tests at various temperatures, adopted from Van Melick et al.)8 as well as for the 
PS/KFX blends. The PS data represent the influence that an increase in temperature 
(equivalent to a decrease of Tg) would have on the strain hardening modulus. From Figure 3.6 
it is clear that the strain hardening moduli of the PS/KFX blends decrease faster than could be 
expected on the basis of the related decrease in the glass transition temperature, which 
strongly indicates that the entanglement-network density has decreased as a result of the 
dilution with a low-molecular weight compound. This picture is in full agreement with the 
reduction in strain to break that was observed by Kambour et al.42 in PC/KFX blends, since a 
dilution of the molecular network is also likely to reduce the tensile strength of the material.20 
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(a) (b) 

Figure 3.5: PS/KFX blends evaluated in uniaxial compression: (a) stress-strain behavior and (b) compressive 
yield stress versus KFX content. The yield stress increases and the strain hardening decreases with increasing 
antiplasticizer content as indicated. 

 

Figure 3.6: The strain hardening modulus of PS (◊) and PS/KFX blends (Ο) as a function of (T – Tg). 

Since the increase in yield stress is indicative for a reduction in segmental mobility, it is to be 
expected that physical ageing and, more specifically, the increase in yield stress after 
mechanical rejuvenation, will be decelerated. Without mechanical rejuvenation by rolling, the 
PS/KFX blends are observed to fail in a brittle manner, as shown in Figure 3.7a. After the 
samples have been rolled to a thickness reduction of 30 %, the samples can be subjected to 
large plastic deformations (Figure 3.7a). In Figure 3.7b it is shown that for the antiplasticized 
material the strain softening is strongly reduced upon rolling, and that, similar to PS, the 
amount of strain softening recovers with ageing time. 

The increase of the yield stress with time (after rolling) for the PS/KFX blends is shown in 
Figure 3.8. From Figure 3.8a it is clear that the recovery of yield stress of antiplasticized PS is 
delayed by the addition of KFX. In Figure 3.8b, the results are shown after normalization with 
respect to a reference yield stress value (measured 103 s after rejuvenation). With increasing 
KFX fraction, the slope of the recovery of the yield stress with time decreases (see Table 3.2), 
which implies that the induced reduction in segmental mobility indeed leads to a reduction in 
ageing rate.  



48  Chapter 3  
 

 

  

Figure 3.7: Influence of mechanical rejuvenation of PS/KFX: (a) without rolling brittle fracture occurs and after 
rolling the tensile bar can be curled. (b) Recovery of the yield stress and strain softening with increasing ageing 
time in tension after rolling of PS5KFX. 

(a) (b) 

Figure 3.8: (a) Tensile yield stress as function of ageing time after mechanical rejuvenation for PS/KFX blends. 
The slopes of the lines are indicated in Table 3.2. (b) normalized tensile yield stress (with respect to the value at t 
= 103 s) as a function of ageing time after mechanical rejuvenation for PS/KFX blends. 

Unfortunately, even though antiplasticized blends age more slowly than pure PS, they loose 
their ductility more rapidly after mechanical rejuvenation. This is illustrated in Figure 3.9a, 
depicting the results of tensile tests on antiplasticized PS, measured 4 hours after 
rejuvenation. In this figure, it is demonstrated that the ductility of rejuvenated PS strongly 
decreases with increasing amounts of KFX. Table 3.2 presents an overview of the time-scale 
of return of brittle fracture after rejuvenation. From this table, it can be concluded that the 
more antiplasticization is applied to the polymer, the sooner after mechanical rejuvenation the 
ductility disappears. Little more than a few hours after rejuvenation, the antiplasticized blends 
become brittle again, and this embrittlement occurs much faster than in pure PS, for which 
brittle behavior returned after 1 week for the Styron 648 grade used here.32 

Since the kinetics of yield stress recovery are actually decelerated by the addition of 
antiplasticizer, the early embrittlement must be attributed to another phenomenon. In our 
view, it is likely to be related to the reduction of the tensile strength as a result of the decrease 
of the network density that occurs upon the addition of the low-molecular weight compound 
KFX. The concept is illustrated in Figure 3.9b. With the return of strain softening the samples 
will again be prone to strain localization in a uniaxial tensile test. This strain localization can 
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only be stabilized if the stress which can be transferred by the polymer network in the 
localized plastic zone is sufficiently high and exceeds the yield stress of the surrounding, less 
deformed material. However, the molecular network can only be loaded up to a limited stress, 
the tensile strength. Hence, after a certain ageing time, the stress in the local plastically 
deformed zone needed to surpass the recovered yield stress in the, yet, hardly deformed 
regions, exceeds the tensile strength and brittle fracture is initiated. For the PS/KFX blends, 
the low-molecular weight additive leads to a decreased strain hardening modulus due to a 
dilution of the molecular network (Figure 3.6) and is also likely to reduce the tensile strength 
of the material.20 This reduced strength will subsequently cause the rejuvenated material to 
fail brittle at a lower yield stress level, which will be reached much faster than for pure PS, 
despite the reduction in ageing rate. 

Table 3.2: Disappearance of ductility after mechanical rejuvenation for PS/KFX blends. D stands for ductile and 
B for brittle. Note that despite the decreased rate of ageing, the return of brittle fracture after mechanical 
rejuvenation is observed faster upon the addition of antiplasticizer. 

  15 min 1 h 2 h 15 min 4 h 8 h ageing rate 
[MPa/decade] (a) 

PS D D D D D 3 

PS 5KFX D D D D D/B 2.7 

PS 10KFX D D D/B D/B B 2.6 

PS 15KFX D D/B D/B B B 2.4 

(a) determined as the slope of the lines in Figure 3.8a. 

(a) (b) 

Figure 3.9: (a) Tensile test results of PS/KFX blends evaluated 4 hours after mechanical rejuvenation. The 
elongation at break decreases with increasing antiplasticizer content as indicated. (b) Schematic representation of 
the effect of progressive ageing and the addition of KFX on the stress-strain behavior of PS. Not only does the 
ultimate elongation decrease, but also the yield stress and, hence, the softening level increases, which both are 
dramatic for homogeneous deformation. 

3.3.3 Blends of PS and EXL acrylate particles 

Given the negative results of the attempts to control the ageing kinetics via the addition of 
antiplasticizers, we now examine the ability of traditional rubber toughening to prolong the 
period in which mechanically rejuvenated PS behaves ductile. Therefore, an acrylate core-
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shell rubber (Paraloid EXL 2330) is added at different volume fractions. DMTA results on 
PS30EXL (Figure 3.10a) display clearly the existence of two glass transitions: the Tg of the 
core-material of the EXL particles (- 40 °C) and that of the PS matrix (105 °C). Above - 40 
°C the core-material becomes rubbery and the modulus of the blend is significantly reduced. 
Van der Sanden et al. used more than 50 vol% of such a dispersed phase to toughen PS.53,54 
Here we use less and at 30 wt% of EXL the blend still exhibits brittle failure in a uniaxial 
tensile test (Figure 3.10b), although it becomes ductile after a rolling treatment, like PS. The 
yield stress of the rejuvenated PS/EXL blend is much lower than that of PS as a result of the 
low Tg component. 

(a) (b) 

Figure 3.10: (a) Dynamic modulus of PS (solid line) and PS30EXL (dotted line) as a function of temperature. 
Arrows indicate increasing EXL content. (b) Stress-strain curves of PS and PS30EXL at room temperature 
before and after mechanical rejuvenation. 

The major effect of blending PS with EXL particles on the yield stress recovery is depicted in 
Figure 3.11. After rolling, the yield stress is significantly reduced and increases linearly upon 
physical ageing with the logarithm of time for all samples (Figure 3.11a). The rate of ageing, 
however, decreases with a factor of 2.5 upon increasing the EXL weight fraction up to 35%. 

Even more interesting, the addition of the toughening agent leads to a dramatic increase of the 
time-scale on which a ductile failure mode is retained. For the pure PS (N5000 in this case) 
the characteristic time to embrittlement is in the order of a day, whereas the PS30EXL blend 
still displays ductile failure 42 months after rejuvenation (see Figure 3.12). 

It should be noted here that the reduced rate of yield stress recovery is only a macroscopic 
effect. A higher EXL content implies that less PS is present, inherently leading to a reduced 
rate of recovery of the yield stress, since ageing only occurs in the PS matrix. This view is 
supported by the observation in Figure 3.11b, where the results of Figure 3.11a are plotted on 
a double logarithmic scale, that the (double-logarithmic) slope of yield stress recovery is not 
influenced by the filling degree. To further illustrate this we added an estimation of the yield 
stress recovery of the PS/EXL blends, represented by the dotted lines in Figure 3.11b, as 
predicted by a simple rule of mixtures: 

( ) ( ) ( ), , 1
exly y PS exlt tφσ σ φ= ⋅ −        (3.3) 
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where σy,PS(t) is the recovery of yield stress of the pure polystyrene and φexl the volume 
fraction of the rubber core-shell particles. This model merely accounts for the reduction of the 
amount of PS by using a parallel arrangement of the two phases and is generally regarded as 
an upper bound estimation of the actual properties. From Figure 3.11b it is clear that the rule 
of mixtures predicts the same double logarithmic slope as experimentally observed, indicating 
that the reduced yield stress recovery is indeed directly related to the reduced volume fraction 
of PS. 

Although the remarkable retention of the ductile failure mode in the rolled PS30EXL blend 
(Figure 3.12) can not be rationalized by a reduced ageing rate of the PS matrix, it could be 
related to the fact that the yield stress of the PS matrix after rolling is still considerably lower 
than after processing. Besides this, the rolled PS/EXL blends might be slightly more oriented 
compared to rolled pure PS samples, which also contributes to the ductility. 

(a) (b) 

Figure 3.11: Yield stress recovery after mechanical rejuvenation of PS/EXL blends. (a) Plot on a logarithmic 
time-scale and (b) double logarithmic plot. The symbols represent pure PS (*), 10 wt% rubber (Δ), and 35 wt% 
of rubber (O). 

 

Figure 3.12: Stress-strain curve of PS (top) and PS containing 30 wt% EXL after mechanical rejuvenation at ε  
= 10-3 s-1. Note that PS30EXL only slightly increases in yield stress during ageing, even after 42 months of 
physical ageing at room temperature (as indicated by the solid line). 



52  Chapter 3  
 

 

3.4 Conclusions 
The addition of Kenflex (KFX) to PC or PS has a pronounced influenced on the molecular 
mobility. At high temperatures, KFX acts as a plasticizer, leading to a reduction in the glass 
transition temperature of the polymer matrix and a decrease in viscosity. At lower 
temperatures, the antiplasticization properties of KFX become evident and an increase of 
modulus and yield stress is observed. These effects are related to an overall reduction of the 
molecular mobility, equivalent to what van be achieved by a reduction in ambient temperature 
(48 °C for a PC10KFX blend). The reduced segmental mobility also leads to a reduced 
sensitivity to physical ageing, evidenced by a reduction of the rate of yield stress recovery 
after mechanical rejuvenation.  

At first sight, this reduction in ageing rate makes antiplasticization by KFX a promising 
candidate to develop durable, ductile PS. However, despite the reduced ageing rate after 
mechanical rejuvenation, brittle fracture returns faster compared to rejuvenated pure PS. This 
is due to the dilution of the molecular network by the low-molecular weight KFX molecules, 
decreasing both the strain hardening modulus and the tensile strength. The reduced tensile 
strength leads to a fast return of the brittle failure mode despite the reduced rate of yield stress 
recovery. 

The application of traditional toughening agents (EXL core-shell particles) leads to PS 
systems that, after mechanical rejuvenation, remain ductile for years and show a strongly 
reduced rate of yield stress recovery. This reduced rate appears to be a mere consequence of 
the reduced volume fraction of PS; the ageing rate of the PS matrix is identical to that of the 
unfilled PS.  
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Chapter 4 

Preparation of easy-cavitating 
polyolefin-polyacrylate micelles in PMMA 
matrices via in-situ polymerization 
 

Abstract: Micellar ordering and morphology development of polyolefin-polyacrylate diblock 
copolymers in methyl methacrylate (MMA) is investigated as a function of temperature and during 
polymerization by small-angle X-ray scattering (SAXS). The molecular weights and composition 
of the block copolymers are varied in combination with the concentration. The SAXS-data are 
fitted using a polydisperse Percus-Yevick hard-sphere model to obtain information about the 
micelles. The micellar core size depends on the polyolefin molecular weight and is almost 
independent of the acrylate block size. The order-disorder transition (ODT) temperature is mainly 
determined by the molecular weight of the incompatible polyolefin block. In PMMA/block 
copolymer blends macrophase separation occurs in the initial stage of polymerization. When the 
polymerization is performed at - 40 °C, vitrification precedes macrophase separation and the initial 
morphology is preserved, although layers of different composition are obtained. The addition of a 
third block to the copolymer improves the interaction with the PMMA matrix, but does not 
enhance the stability of the microstructure since the molecular weight of the polymer matrix 
obtained by polymerization at - 40 °C is extremely high. For optimal interaction, the PMMA 
matrix molecular weight should not exceed the PMMA-block of the copolymer. 

4.1 Introduction 
The preparation of a tough heterogeneous system based on brittle amorphous polymers such 
as polystyrene and poly(methyl methacrylate) (PMMA) has been the subject of numerous 
studies.1 The macroscopic response to deformation is the consequence of the material’s 
intrinsic properties and it is the combined effect of strain softening and strain hardening that 
determines whether a polymer deforms in a brittle or ductile manner.2,3 

Toughness of scratched or notched polymers is obtained if, apart from delocalized strain 
behavior, also critical tri-axial stress states within the material are avoided. Therefore, 
toughness is improved by adding a second, easy-cavitating rubbery phase, with sufficiently 
small ligament thicknesses in between the inclusions of this second phase. The size of this 
rubbery phase should, consequently, be preferably small, typically around 50 nm, since then 
even with low to moderate volume fractions of the rubbery phase, typically < 5 vol%, the 
interparticle distance remains below a critical value and does not allow for craze formation,4,5 
with as a bonus no loss of transparency. To work as an impact modifier, cavitation should 
occur easily in the dispersed phase, since only then the release of the tri-axial stress state, and 
the subsequent delocalization of strain, is obtained, even in notched specimen. The capability 
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of rubbery particles to cavitate depends on their cross-link density and particle size, and the 
smaller the particles, the more difficult they cavitate6. However, when a particle is 
precavitated, its size has no practical lower limit.5,7,8,9 To minimize the resistance against 
cavitation, a low elastic modulus (and glass transition temperature Tg) could be used and the 
optimal universal impact modifier is expected to consist of nano-sized core-shell particles 
with a non-entangled core that promotes cavitation and a rubbery shell that supports the 
matrix ligament during straining, thereby increasing the strain hardening modulus of the local 
structure.9 

A possible route to prepare such systems may be the self-assembly process of diblock 
copolymers into micellar morphologies in the monomer precursor of the desired polymer 
matrix, followed by the in-situ polymerization of this monomer. In contrast to typical rubber 
modifiers that phase separate during polymerization of the matrix phase, block copolymers 
containing a miscible and an immiscible block microphase separate into ordered or disordered 
microstructures in the unreacted blend. By optimizing the block copolymer constituents, 
architecture, and composition, the morphology of the system can be set beforehand. In this 
way, epoxy resin-containing block copolymers were prepared by curing and thus fixing an 
initially ordered structure.10,11,12,13 

Most studies paid attention to homopolymer/diblock copolymer blends in which one block is 
chemically identical to the homopolymer (AB/A blends).14,15 Only a few studies dealt with 
micelle formation in AB/C blends, where diblock AB-copolymers were blended with a 
homopolymer C that is partially miscible with one block but immiscible with the other.16,17 
The phase behavior is complex and governed by many factors.18,19 In these block copolymer 
blends, three regimes of phase separation can be distinguished: microphase separation, 
macrophase separation, and a combination of both. In the microphase separation regime, 
phase separation of the two blocks of the diblock copolymer occurs upon mixing of one block 
with the homopolymer. For small amounts of diblock copolymer, the blend is characterized 
by individual small micelles. In the macrophase separation regime, the homopolymer C is 
separated from the diblock copolymer, which itself may be in the disordered state. The 
macrophase-microphase separation regime can be described by the coexistence of the 
microphase separated AB-phase and the macrophase separated homopolymer C. For our 
purpose, macrophase separation should be avoided, since it results in block copolymer-rich 
and homopolymer-rich domains excluding the formation of nano-sized core-shell particles.20  

The size and structure of micelles can be determined by scattering techniques. Small-angle X-
ray scattering (SAXS) and small-angle neutron scattering provide information on the 
intramicellar structure and ordering. In this paper, the phase behavior of block copolymers in 
methyl methacrylate (MMA) is studied by SAXS. The influence of the molecular weight of 
the block copolymer-constituents and the amount of block copolymer on both the core and 
shell dimensions of the micelles are studied. 

First, the structure development is probed of MMA/diblock copolymer solutions polymerized 
at 100 °C. At this temperature, no vitrification occurs during polymerization, which might 
limit the final conversion. Second, the order-disorder temperature (ODT) is determined for the 
same system by varying the molecular weight of the compatible (e.g an polyacrylate) and 
incompatible (e.g. a polyolefin) block, the concentration of copolymer, and the type of 
acrylate block. If the sample is polymerized below the ODT, it vitrifies during 
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polymerization, which might prevent macrophase separation, but further heat treatments are 
required, e.g. by annealing at higher temperatures, to ultimately reach full conversion. Finally 
we will study the use of triblock copolymers instead of diblock copolymers. The third block is 
chemically identical to the matrix homopolymer, and it is applied to improve the stability of 
the micelles during the polymerization reaction. 

4.2 Small-Angle X-ray Scattering data-analysis 
Micellar diblock copolymer solutions can be studied by SAXS.6,9,21 From the SAXS pattern, 
information can be deduced on the structure of the micelles and the interparticle distance. The 
scattered intensity I(q) as a function of the scattering vector q of N independent particles is 
given by Equation 4.1: 

)()()( 22 qSqPNqI ⋅⋅⋅= ρ        (4.1) 

where ρ is the electron density difference, P(q) is the form factor which describes the shape 
and size of the scattering objects, and S(q) is the structure factor that describes the interaction 
between the particles. 

The form factor P is described by Pedersen for dilute solutions of homogeneous spheres. In 
this case the hard-sphere radius is replaced by the micellar core radius.22 The polydispersity of 
the micellar core radius is accounted for by replacing the spherical form factor with a discrete 
form of the unimodal continuous Schulz distribution function and is solved analytically by the 
procedure derived by Aragon and Pecora, and Kotlarchyk and Chen.23,24 

The simplest and most commonly used correlation is the hard-sphere potential with a 
disordered liquid-like packing of micelles. The structure factor S(q) represents a direct 
correlation between two hard spheres and was approximated analytically by Percus and 
Yevick.21,25 It represents the degree of ordering in the system. For perfectly ordered particles 
scattering keeps appearing till infinite q-values.  

The experimental data were fitted by a least-squares routine using Matlab to determine the 
core radius Rc, the hard-sphere radius Rhs, micellar core fraction φ, and the standard deviation 
of the core radius σr. 

The invariant, a measure for the electron density differences in a sample, can be used to 
visualize phase separation and to get more information on structural changes. Monitoring the 
invariant during polymerization allows direct observation of the structure development. 
Corrections have to be made for thermal fluctuations and q has to be extrapolated to q → 0 
and q → ∞. Due to experimental constraints, the experimental invariant is calculated by 
integrating from the first to the last reliable data points. For two-phase systems, the invariant 
is defined as: 
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where Q is the invariant, ϕx the volume fraction of phase x, and ρx the electron density of 
phase x. During microphase separation in one of these phases a third phase appears, which 
leads to additional scattering contributions, and the invariant changes to: 

( ) ( ) ( )2 2 22
1 2 1 2 2 3 2 3 1 3 1 32 0

1 ( )
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q
Q I q q dq φ φ ρ ρ φ φ ρ ρ φ φ ρ ρ
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(4.3) 

4.3 Experimental 
4.3.1 Materials and synthesis 

Toluene (Biosolve) was dried over CaH2 prior to use. Cu(I)Br (Aldrich, 99.999%) and N,N,N’,N”,N”-
pentamethyl diethylene triamine (PMDETA, Aldrich) were used without purification. Butyl acrylate (BA), 
methyl acrylate (MA), and methyl methacrylate (MMA, Aldrich) were purified by inhibitor removal. 
Poly(ethylene-co-butylene) (PEB-OH, Kraton L-1203, Mn = 3.8 kg/mol, hydroxyl functionality > 0.9, Mw/Mn = 
1.07), prepared by hydrogenation of a polybutadiene precursor, was provided by Kraton Polymers (The 
Netherlands) and used as received. The macroinitiator (PEB-Br) for Atom Transfer Radical Polymerization 
(ATRP) was prepared by esterification of PEB-OH with 2-bromo isobutyrylbromide. 

Diblock copolymers were synthesized by ATRP in a 100 mL three-necked round-bottom flask, equipped with 
condenser and magnetic stirrer. All reactions were carried out in a molar ratio of PEB-Br/PMDETA/CuBr of 
1/1/1. As a typical example, PEB-Br (5.0 g, 1.3 mmol) was dissolved in 5 g toluene. PMDETA (0.23 g, 1.3 
mmol) and BA (26.3 g, 0.2 mol) were added to the solution. The mixture was homogenized and purged with 
Argon for approximately 30 min. Subsequently, Cu(I)Br (0.19 g, 1.3 mmol) was added under an Argon flow. 
The flask was immersed in an oil bath thermostated at 90 °C. After almost complete conversion, the product was 
dissolved in an additional amount of toluene and poured over a silica column to remove the copper catalyst. The 
product was precipitated in cold methanol and dried under reduced pressure at 80 °C for at least 48 h. Triblock 
copolymers were prepared in a similar way, except that the Br-functional diblock copolymer is used as 
macroinitiator. 

Block copolymers with larger polyolefin (polyethylene-co-propylene, PEP) blocks were prepared by anionic 
polymerization20 and subsequently esterified. In these polymers, the polyolefin block was obtained by 
hydrogenation of a polyisoprene precursor. 

Free radical polymerization of MMA/block copolymer solutions was performed over a broad temperature range 
to minimize void formation because of polymerization shrinkage and to get better control over the morphology. 
This required the application of a mixture of three initiators: 2,2’ azobis (4-methoxy-2,4-dimethylvaleronitrile) 
(V-70, WAKO Chemicals, Neuss, Germany), 2,2 azobis(isobutyronitrile) (Perkadox AIBN, AKZO-Nobel), and 
tert-butyl-peroxybenzoate (BPO, Aldrich). The 10 h half-life decomposition temperature of these initiators in 
toluene is 30, 64, and 103 °C, respectively. Homogeneous solutions of MMA, block copolymer, and the 
initiators were prepared in several weight ratios. The solutions were poured into casting moulds, which were 
sealed after being purged with nitrogen for several minutes. The solutions were left at room temperature for 24 h 
during which the free radical polymerization of MMA was initiated by the most reactive initiator. Subsequently, 
the moulds were placed in an oven with a programmed temperature profile: 20 h at 30, 50, 70, and 90 °C, 
followed by polymerization at 110 and 120 °C for 2 h each. UV-polymerizations of 5 - 20 wt% block 
copolymer/MMA solutions were carried out at - 40 °C in 1.5 mL UV-transparent reactor tubes in a Leica EM 
AFS for three days. The reaction was initiated by 1 wt% Irgacure 184 (1-hydroxy cyclohexyl phenyl ketone). 
The blends were further polymerized at 20 °C (24 h) and 70 °C (24 h) respectively, followed by a last 
polymerization step at 120 °C for several hours. Also, PMMA/diblock copolymer blends were prepared by 
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solvent casting of a 5 wt% PMMA/diblock copolymer solution in toluene at room temperature. Subsequently, 
the films were dried at 40 and 80 °C for 5 days under vacuum. 

4.3.2 Characterization 

Size Exclusion Chromatography (SEC). SEC was carried out using a Waters GPC equipped with a 510 pump 
and a Waters WISP 712 autoinjector, using a PL-gel guard precolumn (5 mm, 50 x 7.5 mm), followed by two 
PL-gel mixed-C columns (10 mm, 300 x 7.5 mm, Polymer Laboratories) at 40 °C. The purified and dried 
polymer samples were dissolved in stabilized THF at 1 mg/mL and filtered through a 0.2 μm pore size. THF was 
used as the eluent (1.0 mL/min and 50 μL of the polymer solution was injected). A model 410 RI detector and a 
Waters 486 UV-detector operating at 254 nm were used. The column was calibrated by PS standards (Mn = 580 - 
7.1⋅106 g/mol, Polymer Laboratories). Data were acquired and processed using the Millenium 32 v3.05 software. 

Microscopy. The morphology of the blends was studied by transmission electron microscopy (TEM) and optical 
microscopy (OM). The samples were cut with a Leica microtome (1-5 μm) and analyzed on a Zeiss Axioplan 2 
optical microscope equipped with an Axiocam digital camera. The phase contrast mode was used to enhance the 
phase contrast. TEM-analysis was performed on a Jeol JEM 2000 FX TEM, operating at 80 kV. Ultrathin 
sections were obtained at - 140 °C using a Reichert Ultracut E microtome and were stained by RuO4 vapor. 

Small-Angle X-ray Scattering (SAXS). Morphology development during polymerization was studied by time-
resolved SAXS experiments performed at DUBBLE (BM 26B) at the European Synchrotron Radiation Facility 
(ESRF) in Grenoble (France). SAXS data were collected by a multiwire two-dimensional (2-D) detector. 
MMA/block copolymer solutions were transferred into Lindemann capillaries and sealed. The capillaries were 
placed in a capillary holder fixed on a Linkam THMS 600 hotstage and mounted at an optical bench. The silver 
heating block of the hotstage contained a 4 mm2 conical hole to let the X-rays pass. For calibration of the SAXS 
detector, the scattering pattern from an oriented specimen of wet collagen (rat tail tendon) was used. The 
experimental data were corrected for background scattering. Two-dimensional SAXS data was transformed into 
one-dimensional plots by performing integration along the azimuthal angle using the FIT2D program developed 
by dr. Hammersley of ESRF. 

ATR-FTIR spectroscopy. Infrared spectra were recorded using a UMA500 infrared microscope coupled with a 
BioRad FTS6000 FTIR spectrometer. The Digilab WinIR Pro software was used to record spectra in 
transmission and ATR mode at a resolution of 4 cm-1 co-adding 100 scans. 

4.4 Results 

Several block copolymers were prepared by ATRP by varying the monomer to macroinitiator 
ratio. For triblock copolymer synthesis, first a diblock copolymer was prepared after which it 
was used as a macroinitiator. Table 4.1 lists the prepared block copolymers. 

4.4.1 Morphology development of diblock copolymer/monomer 
solutions during polymerization at 100 °C 

The bulk polymerization of MMA in the presence of block copolymers was carried out at 100 
°C. Polyolefin-b-polyacrylate/PMMA blends were prepared by isothermal polymerization of 
MMA and initiated by 0.2 wt% AIBN. Even though the acrylate block length was varied from 
20 kg/mol up to 140 kg/mol, the resulting PMMA matrix showed macrophase separation, as 
was confirmed by optical microscopy. Three different acrylate blocks were studied, namely 
PMMA, PBA, and PMA. 
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Table 4.1: Characteristics of the block copolymers used. 

block copolymer(a) total Mn (kg/mol)(b) Mw/Mn (-)(b) morphology (d) 

PEB3.8-PBA22 26 1.20 o. spheres 

PEB3.8-PBA46 50 1.17 o. spheres 

PEB3.8-PBA83 87 1.15 d. spheres 

PEP7.6-PBA74 82 1.17 d. spheres 

PEP13-PBA42 55 1.16 o. spheres 

PEP27-PBA116 143 1.40 d. spheres 

PEB3.8-PMA11 15 1.10 lamellae 

PEB3.8-PMA40 44 1.15 d. spheres 

PEB3.8-PMA63 67 1.16 d. spheres 

PEP7.6-PMA48 55 (c)  

PEP27-PMA43 70 1.13 lamellae 

PEB3.8-PBA38-PMMA25 67 1.27  

PEB3.8-PBA48-PMMA52 102 (c)  

PEB3.8-PMA20-PMMA40 64 (c)  

(a) PEBx indicates a PEB block of Mn = x g/mol. (b) analyzed by size exclusion chromatography (SEC). (c) not 
analyzed. (d) o. and d. spheres are ordered and disordered spheres, respectively. 

Figure 4.1a shows the SAXS data of the system containing 10 wt% of PEB3.8-PMA11 in 
MMA during polymerization as a three-dimensional plot of intensity, I(q), versus scattering 
vector q, versus polymerization time. Initially, the SAXS pattern shows a low initial 
scattering, seen in a smooth change in slope, which may suggest some association of diblock 
copolymer at 100 °C, but no structural features can be observed. As the polymerization 
continues, the scattering pattern gradually changes. The scattered intensity in the small-angle 
region, corresponding to a length scale of several hundred Ångströms, increases up to a 
polymerization time of approx. 60 minutes. This increase is related to electron density 
fluctuations, caused by macrophase separation. After 60 minutes a maximum is reached, 
probably due to the situation that equal phase volumes of the block copolymer-rich and block 
copolymer-poor phase is reached. As the polymerization proceeds further, high-order 
reflections at high q appear after approx. 90 minutes, reflecting microphase separation. The 
higher-order reflections of the principal reflection peak q* can be observed at approximately 
2q* and 3q*, and represent a (swollen) lamellar morphology of the pure diblock copolymer 
(with reflections at q = 0.031, 0.062, and 0.093, respectively). During the final stage of the 
polymerization, the morphology changes from a lamellar to hexagonally packed cylindrical 
morphology due to a progressive change of the composition in the block copolymer-rich 
phase, as schematically presented further on in Figure 4.11. In the final state, reflections at q = 
0.052, and 0.077, corresponding to the 2nd and 3rd-order maxima of a hexagonally packed 
cylindrical morphology, can be distinguished; however, the 1st-order reflection is not visible 
due to overlap with the scattering of the direct beam close to the beam-stop. 
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Upon polymerization, the diblock copolymer is macrophase separated from the PMMA phase 
and forms microdomains in which the original lamellar morphology is regained. A lower 
block copolymer concentration (5 wt%) gave similar results. 

The scattering invariant, as shown in Figure 4.1b, provides additional information about the 
morphology development, since it reflects electron density differences in the sample and thus 
the presence and development of different phases. Initially, the experimental invariant shows 
a low plateau value, since the copolymer is dissolved in MMA and no separate (dis)ordered 
phases are present (free chains). After 15 min the invariant starts to increase, since the 
conversion of MMA into PMMA is sufficient to induce macrophase separation into a 
copolymer-rich phase and a PMMA-rich phase, until after 60 min a maximum is reached. 
Since the electron density contrast between the diblock copolymer-rich and PMMA-rich 
phase only increases during the polymerization, any subsequent changes in the experimental 
invariant should be attributed to changes in volume fractions. The fraction of the diblock 
copolymer-rich phase ranges from 1 before the onset of macrophase separation, and decreases 
while reaching a maximum in invariant scattering close to equal phase volumes, to end up at a 
weight fraction of 0.1 (assuming no swelling). Upon further polymerization, the experimental 
invariant levels off due to a decrease in weight fraction of diblock copolymer-rich phase and a 
minimum is reached after 90 minutes, after which a strong increase is observed. This is 
caused by the onset of microphase separation in the diblock copolymer-rich domains. The 
electron density contrast between the PEB and PMA of the diblock copolymer is strongly 
enhanced. On further polymerization, a plateau is found, indicating that no further structural 
changes occur. At full conversion, large diblock copolymer particles are formed, in which the 
original lamellar morphology is retained. These particles still enclose homogeneous droplets 
of pure PMMA. 

The time to reach the maximum of the scattering invariant depends on the block copolymer 
concentration, the system’s viscosity, and temperature. Systems of a lower block copolymer 
concentration (5 wt%) show faster macrophase separation, whereas the invariant decreases 
much slower after the maximum at equal phase volume has been reached since the block 
copolymer-rich phase contains a smaller amount of block copolymer and consequently 
changes are less pronounced.20 

  
(a) (b) 

Figure 4.1: Polymerization of MMA with 10 wt% PEB3.8-PMA11 at 100 °C: (a) SAXS patterns and (b) scattering 
invariant as a function of polymerization time. 
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4.4.2 Micellar ordering in solution prior to polymerization 

The results presented in the previous section show that macrophase separation takes place in 
the initial stage of the in-situ polymerization within a broad block copolymer concentration 
range, when the reaction is carried out at 100 °C. Further, it was evident that no self-assembly 
of the diblock copolymers into micelles occurs at the start of polymerization, implying that 
MMA is not a selective solvent for one of the blocks of the PEB3.8-PMA11 block copolymer at 
this temperature or that the order-disorder temperature (ODT) is situated below 100 °C. The 
ODT-temperature is dependent on a number of parameters. The molecular weight of the 
compatible acrylate block has to be sufficiently high compared to the incompatible polyolefin 
block to get proper interaction with MMA, but should not be too high to make micelle 
formation unfavorable. The concentration of block copolymer in the solution also has a large 
influence, since it not only determines the number of micelles, but also the interaction 
between individual micelles. Further, the type of acrylate block, viz. methyl acrylate and butyl 
acrylate, determines the interaction with MMA. Table 4.2 shows that the characteristics of the 
micelles as obtained from the Percus-Yevick fit are dependent on these parameters and will 
now be discussed in more detail. 

4.4.2.1 Molecular weight of the compatible block. 

Figure 4.2a and b show SAXS patterns of systems containing 20 wt% PEB3.8-PBA22 and 
PEB3.8-PBA46 in MMA as a function of temperature, respectively. In their pure form, both 
diblock copolymers display a micellar morphology, which is also present in these solutions at 
temperatures below 0 °C as evidenced by the presence of the primary scattering peak at q* = 
0.028 Å-1 Figure 4.2a). This peak originates from micellar structures with the PEB-block 
forming the core and the PBA-block (solubilized by MMA) forming the shell of the micelle. 
The primary peak position slightly shifts to higher q-values upon increasing the temperature, 
because the micellar volume fraction increases and the particle size increases due to swelling 
of the core. The higher-order peak at high q (0.055 Å-1) arises from both the structure factor 
and the hard-sphere form factor of isolated micelles and its position depends slightly on 
temperature. Upon heating above T = 0 °C, the micellar ordering of these systems disappears 
due to the reduced selectivity of MMA. 

  
(a) (b) 

Figure 4.2: SAXS profiles for 20 wt% solutions in MMA: (a) PEB3.8-PBA22 and (b) PEB3.8-PBA46 as collected 
during heating from - 50 to 60 °C at 5 °C/min. 
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Table 4.2: Parameters determined by the Percus-Yevick fit of the SAXS data of MMA/diblock copolymer 
solutions at - 50 °C. Fitting parameters: Rc is the micellar core radius, σr is the standard deviation of a Schulz 
distribution of Rc, Rhs is the effective hard sphere radius, and φ is the volume fraction of block copolymer. 

 Percus-Yevick fit 

Diblock copolymer (a) Fraction [wt%] Rc [Å] φ [-] Rhs [Å] σr [Å] 

PEB3.8-PBA24 20 38 0.36 108 5 

PEB3.8-PBA46 20 45 0.29 145 5 

PEP7.6-PBA74 20 54 0.32 194 8 

PEP12.8-PBA42 20 85 0.30 141 4 

PEP27-PBA116 10 158 0.35 503 14 

PEP27-PBA116 20 176 0.39 457 18 

PEB3.8-PMA40 10 37 0.16 71 11 

PEP7.6-PMA48 5 60 0.32 121 9 

PEP27-PMA43 10 162 0.39 354 17 

(a) subscripts in the code of the block copolymers represent the molecular weight of the block in kg/mol. 

Figure 4.3a shows the SAXS pattern of the 20 wt% PEB3.8-PBA22 solution at - 50 °C which 
illustrates the degree of order of the micelles. Apart from the broad structure and form factor 
scattering, the weak high-order reflections indicate that the micelles are positioned on a 
lattice. The principal reflection q* has higher-order reflections at approximately √2q*, √3q*, 
√4q*, and √5q*, which are indicative for a spherical simple cubic (SSC) or body-centered 
cubic (BCC) morphology. Unfortunately, distinction between the two symmetry groups can 
not be made, since that would require at least seven diffraction maxima. 

At constant block copolymer concentration, increasing the molecular weight of the solvent-
compatible acrylate block leads to a reduction of the intensity of the principal reflection, 
implying a swelling of the corona and an increasing steric hindrance between the micelles and 
thus the hard-sphere radius. The scattering pattern of 20 wt% PEB3.8-PBA46 in MMA at T = - 
50 °C and its PY-fit are shown in Figure 4.3b. The volume fraction of micelles is lower, since 
the PEB-volume fraction is lower. When the length of the acrylate block is increased at 
constant polyolefin block length, the ODT-temperature decreases, since the block asymmetry 
increases and the repulsive interaction between the PEB and the swollen acrylate block 
diminishes. Solutions of PEB3.8-PBA83, for example, show hardly any scattering, not even at 
low temperature, indicating that either the concentration of the PEB-domains is too low to 
gain sufficient scattering intensity or that the block length ratio is too far from symmetry to 
obtain stable micelles.20 
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(a) (b) 

Figure 4.3: SAXS profiles at - 50 °C showing experimental data (o) and PY fit (-) for (a) 20 wt% PEB3.8-PBA22 
in MMA [Rc = 38 Å, φ = 0.36 and Rhs = 108 Å] and (b) 20 wt% PEB3.8-PBA46 in MMA [Rc = 45 Å, φ = 0.29 and 
Rhs = 145 Å]. See Table 4.2 for the PY-fit parameters. 

4.4.2.2 Molecular weight of the incompatible block 

SAXS measurements on copolymers with a slightly longer incompatible polyolefin block 
(PEP7.6-PBA74) show a liquid-like arrangement of the micelles during heating (Figure 4.4). 
The ordering on a lattice seems to be absent, since no sharp higher-order reflections are 
observed. Above 20 °C, the structure factor maximum moves to higher q-values, while the 
intensity decreases and the form factor-oscillations diminish. Micelles are present up to 50 °C, 
which is considerably higher than is the case for polyolefin blocks of lower molecular weight. 
Block copolymers of even longer incompatible block length (e.g. PEP27-PBA116) form stable 
micelles in solution over practically the complete temperature range investigated (Figure 
4.5a). There is no evidence for other positional ordering of the micelles than a liquid-like 
arrangement. Fitting the scattering pattern at - 50 °C by the PY-model yields the following 
parameters: Rc = 54 Å, φ = 0.32, Rhs = 194 Å, and σr = 8 Å. 

 

Figure 4.4: SAXS profiles of 20 wt% PEP7.6-PBA74 in MMA during a heating ramp from - 50 to 100 °C. The 
PY-fit at - 50 °C gives Rc = 54 Å, φ = 0.32 and Rhs = 194 Å (Table 4.2). 

Results of the PY-fit for solutions of 20 wt% PBA-based diblock copolymers (Table 4.2) 
suggest a power-law relation between core molecular weight and micellar core size Rc ~ 
Mn,PEB

α (with α = 0.73 ± 0.03), which is in close agreement with the results from Kinning et 
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al. on various blends of polystyrene and polystyrene-b-polybutadiene (S/SB) with varying 
composition (Rc ~ Mn,PB

0.6).14,26 From these results it can be calculated that polyolefin block 
molecular weights of 3.8 kg/mol and 27.6 kg/mol correspond to polyolefin core radii of 
approx. 4 to 16 nm, respectively. The error in the PY-fit increases due to the low coherent 
scattering intensities at high q and the lower signal-to-noise ratio, which makes the core size 
predictions hard to verify. Nevertheless, the agreement at low q-values provides good 
confidence for the presence of liquid-like arranged micelles. 

4.4.2.3 Concentration of block copolymer 

Micelle formation is strongly concentration dependent. Lowering the concentration of PEP7.6-
PBA74 from 20 to 10 wt% shows that the micellar structures become less defined and almost 
completely disappear. The sharp structure factor peak, which is clearly visible at 20 wt% 
(Figure 4.4), can not be observed at 10 wt% anymore (Figure 4.5b), although weak scattering 
at q = 0.03 Å-1 still represents disordered micelles at low temperature. For large micellar cores 
(27.6 kg/mol), the influence of concentration on the presence of micelles is much smaller 
(Figure 4.5a). The core size is observed to increase slightly with concentration, whereas the 
hard-sphere radius decreases. The former finds its origin in an increased aggregation number 
or enhanced swelling of the core with MMA, while the latter is caused by stronger repulsive 
interactions between the core domains. 

  
(a) (b) 

Figure 4.5: SAXS profiles of 10 wt% solutions in MMA during heating from - 50 to 100 °C at 5 °C/min: (a) 
PEP27-PBA116 and (b) PEP7.6-PBA74. 

4.4.2.4 Influence of acrylate block type 

Besides PBA-based block copolymers, also PMA-based copolymers were investigated. Figure 
4.6 shows the SAXS data collected during heating scans of 10 wt% solutions of PEB3.8-
PMA40 and 5 wt% PEP7.6-PMA48 in MMA, as shown in Figure 4.6a and b, respectively. The 
weak structure factor and form factor peaks indicate the presence of disordered micelles. 
Increasing the molecular weight of the PMA-block lowers the intensity of the form factor 
peak. Figure 4.6b shows that there is no significant positional ordering. The presence of a 
broad structure factor peak at q* = 0.026 Å-1 and the form factor peak of isolated micelles at q 
= 0.06 Å-1 indicate that the micelles are ordered with a short-range liquid-like order. Above 
T = 50 °C, the structure factor peak shifts to higher q-values and disappears due to the break-
up of micelles caused by the dissolution of the block copolymer chains in MMA. The thermal 
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stability of the PMA-based micelles is better than the PBA-based micelles at equal polyolefin 
molecular weight. Already at relatively low concentration, PMA-based micelles are more 
stable at high temperature since the solubility parameter of PMA is closer to that of MMA 
compared to PBA. For comparison, a 10 wt% solution of PEB3.8-PMA40 (Figure 4.6a) is 
stable up to 30 °C, whereas a 20 wt% solution of PEB3.8-PBA46 (Figure 4.2b) is only stable 
below 0 °C. A 10 wt% solution of PEB7.6-PMA48 (Figure 4.6b) is even stable up to ~ 70 °C. 

  
(a) (b) 

Figure 4.6: SAXS profiles in MMA during heating from - 50 to 100 °C at 5 °C/min for: (a) 10 wt% PEB3.8-
PMA40 and (b) 5 wt% PEP7.6-PMA48. 

4.4.3 Morphology of block copolymer/PMMA blends 

4.4.3.1 Preparation by polymerization starting from solution at room 
temperature and subsequently increasing the temperature 

The micellar arrangement of block copolymers in solution is described in the previous section 
and is shown to depend on many parameters. Now, the initial micelle-containing solution is 
polymerized starting at room temperature, while the reaction temperature is increased step-
wise to make sure that conversion can proceed and reach high values. During in-situ 
polymerization the formation of PMMA leads to macrophase separation at low conversions, 
even for PEP-based copolymers that originally form micelles up to 50 °C, and the initial 
micellar morphology gets unstable. Optical microscopy (OM) images of 10 wt% PEB-
PMA/PMMA blends (Figure 4.7) clearly show a macrophase separated system, with 
structures comparable to those found in high-impact PS. The secondary phase separation can 
occur due to limited diffusion leading to the formation of PMMA sub-inclusions in the block 
copolymer-rich domains, as can be seen from the white spots in Figure 4.7. Increasing the 
PMA-block length reduces the domain size (compare Figure 4.7a and b), because morphology 
development is limited by viscosity. In contrast, using long polyolefin blocks (PEP27 
compared to PEB3.8) results in large block copolymer-rich domains. Even though the viscosity 
is higher, which should suppress coarsening, the average domain size increases, which is 
probably caused by the presence of a core block that is more stable due to its higher molecular 
weight. 

Blends based on PEB-PBA show more severe macrophase separation and concomitant 
stratification. Optical microscopy shows two separate layers. The compatibility of PEB-PBA 
copolymers with the matrix is lower compared to PEB-PMA copolymers and can be 
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improved by using triblock copolymers instead of diblock copolymers; for instance, by the 
addition of a third PMMA-block and consequently using PEB-b-PBA-b-PMMA triblock 
copolymers as micellar additives. 

(a) (b) 

Figure 4.7: Optical microscopy images of PMMA blend with (a) 10 wt% of PEB3.8-PMA40 and (b) 10 wt% 
PEB3.8-PMA63. Polymerization was initiated at room temperature and continued at step-wise increasing 
temperatures. 

4.4.3.2 Morphology of diblock copolymer/PMMA blends prepared at -40 °C 

To obtain the desired morphology, macrophase separation should be prevented. Microphase 
separation has to occur first and should be succeeded by vitrification, freezing in the 
morphology thus preventing macrophase separation at a later stage. This condition is fulfilled 
when the polymerization takes place below the ODT-temperature at a concentration that 
allows for vitrification. 

Therefore, UV-polymerizations were performed at - 40 °C and samples were subsequently 
post-cured at 20 °C and 70 °C, respectively, to increase the Tg and consequently the 
conversion. A disadvantage of initiating the polymerization by UV-light is the limited 
penetration depth of the UV-light together with a gradient in UV-intensity over the sample 
thickness. Further, the polymerization is slow and takes days to reach high conversions. In the 
end, the molecular weight of the PMMA is very high (Mn > 106 g/mol, as determined by 
SEC), which may restrict processability. To improve the stability of the block copolymer 
micelles during polymerization, the interaction with the solution or polymer matrix should be 
such that micelle preservation is favored. Since PMMA itself has the most favorable 
interaction with a PMMA matrix, an extra PMMA-block should be added to the block 
copolymer to enhance the stability of the micelles. In the next subsection the influence of this 
additional third block on the morphology of the blend is described. 
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4.4.3.3 Morphology of triblock copolymer/PMMA blends 

After UV-polymerization at - 40 °C, blends containing PEB-b-PBA-b-PMMA triblock 
copolymers were completely transparent. The additional third PMMA-block enhances the 
interaction and the compatibility of the block copolymer with the PMMA matrix, since the 
extra block enables partial ‘dissolution’ in the matrix. Using PEB-b-PBA-b-PMMA triblock 
copolymers instead of diblock copolymers does not only enhance the micellar stability, 
however, due to improved interaction it also increases swelling of the micelles. Although 
macrophase separation is not expected, not all triblock copolymers were suitable to prevent 
macrophase separation during in-situ polymerization. For example, PEB3.8-PBA46-PMMA52 
shows a macrophase-separated structure with a continuous phase consisting of triblock 
copolymer and a PMMA phase dispersed as sub-inclusions (Figure 4.8). Transmission 
Electron Microscopy (TEM) could not provide additional information, because the electron 
densities of the acrylic blocks are very similar to the matrix and the staining is not sufficiently 
selective. Therefore, the contrast is low, since the only block that can be distinguished, i.e. 
PEB, is only present in small amounts (around 1 wt%). 

 

Figure 4.8: Optical microscopy image of PMMA blended with 10 wt% of PEB3.8-PBA46-PMMA52. 
Polymerization was initiated at room temperature. 

The SAXS results obtained from PMMA/triblock copolymer blends with 10 wt% of PEB3.8-
PMA20-PMMA40 and PEB3.8-PBA38-PMMA25 are shown in Figure 4.9a and b, respectively. It 
can be seen that the structure factor and form factor peaks for solvent-cast samples (line B) 
are present at the same position as the pure block copolymer (line C), indicating that the 
sample is macrophase separated. Apparently, solvent casting does not produce block 
copolymer micelles, since macrophase separation results in two separate phases, namely a 
block copolymer-rich phase with a similar morphology as the pure triblock copolymer and a 
PMMA-rich phase. Overall, this results in a very broad scattering pattern (line B), in which 
the intensity of the reflections of the block copolymer-rich phase is low, but still can be 
distinguished. The reflections of the UV-polymerized samples (line A) are positioned at lower 
q-values than the pure block copolymer and clearly represent different nano-sized 
morphologies. 
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(a) (b) 

Figure 4.9: SAXS patterns of PMMA blends: (a) 10 wt% of PEB3.8-PMA20-PMMA40 and (b) 10 wt% of PEB3.8-
PBA38-PMMA25: A) after UV-polymerization at T = - 50 °C, B) after solvent casting from toluene, and C) pure 
triblock copolymer. Patterns are shifted vertically for clarity. 

4.4.4 Stratification 

The UV-polymerizations were performed in a rectangular uncovered aluminum mould under 
nitrogen atmosphere. Figure 4.10a shows the optical microscopy image of a cross-section of a 
UV-polymerized sample containing 20 wt% PEB3.8-PBA38-PMMA25 block copolymer. The 
UV-source was positioned at the top. It is evident that macrophase separation must have 
occurred during the polymerization, resulting in stratification in large layers in the order of 
tenths of mm of different compositions. This may be related to a gradient in the UV-intensity 
and/or the effect of density differences during the reaction. The PMMA-chains start to grow 
and the viscosity and the density constantly increase, which can act as a driving force for 
phase separation. Furthermore, the molecular weight of the matrix, that is eventually formed, 
has a much higher molecular weight than the compatible block of the copolymer, which also 
promotes phase separation. Infrared microscopy showed that the block copolymer content was 
much higher in the white top-layer than in the bulk (Figure 4.10b). The FTIR-spectrum 
measured at the bottom of the sample is very similar to a spectrum of pure PMMA, whereas 
the spectrum measured at the top of the sample is almost identical to the pure block 
copolymer, which indicates that the triblock copolymer is only present in large quantities in 
the top layers of the cryo-polymerized sample. 

The major disadvantage of polymerizing at - 40 °C is that a gradient in UV-intensity exists 
over the sample thickness and that the reaction is very slow (in the order of days) due to the 
low propagation constant and the low diffusion coefficient for the monomer at these 
temperatures. The samples containing triblock copolymer were completely transparent after 
polymerization. Light microscopy and scanning electron microscopy did not show separate 
domains, although SAXS did show that micellar structures were present. As mentioned 
above, examination of the cross-sectional area of fracture of such samples showed a layered 
structure over the sample thickness, and infrared analysis revealed that the uppermost layer 
contained more block copolymer than the bottom part. The appearance of this extreme extent 
of macrophase separation might be prevented by ensuring that the molecular weight of the 
matrix does not exceed the molecular weight of the compatible block of the block copolymer 
during the polymerization. In that case, optimal compatibility between block copolymer and 
matrix is obtained and favorable interactions exist throughout the polymerization reaction. 
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(a) (b) 

Figure 4.10: Analysis of the cross-section of a PMMA sample containing 20 wt% PEB3.8-PBA38-PMMA25, 
which has been polymerized at - 40 °C in an aluminum mould: (a) Optical microscopy image and (b) FTIR 
spectrum of top and bottom compared to pure PMMA and a PMMA-PBA core-shell particle, provided by Rohm 
& Haas, with a similar composition as the acrylic part of the triblock copolymer, i.e. the PBA-PMMA part. 

4.5 Discussion 

4.5.1 Ordering of block copolymers in selective solvents 

Block copolymers in selective solvents behave as amphiphilic materials, similar to surfactants 
and lipids. ’Selective’ denotes the thermodynamic preference of the solvent for one of the two 
blocks. In most experimental studies dilute solutions have been investigated, which represent 
micelle forming systems, whereas concentrated solutions display ordered morphologies.27,28 
The selectivity of the solvent for one block of the copolymer is strongly temperature 
dependent. The phase behavior of these systems can be described qualitatively using the 
phase diagram as depicted in Figure 4.11, in which temperature is plotted versus the volume 
fraction of block copolymer. The solvent becomes less selective with increasing temperature 
and causes the micelles to swell as the solvent enters the core. Continuous uniform 
redistribution of the diblock copolymer eventually leads to completely dissociated micelles 
(above the ODT) resulting in a homogeneous diblock copolymer solution. The temperature at 
which the ODT takes place depends on the volume fraction of block copolymer and obviously 
is different for each block copolymer composition. At low concentration, uniformly 
distributed micelles are formed, which do not exhibit long-range order. Increasing the block 
copolymer volume fraction might cause the micelles to associate into a cubic arrangement 
(interacting micelles), followed by a transition into a hexagonally packed cylindrical phase 
and eventually into a lamellar phase. 

The final morphology is determined by the polymerization path that is pursued, the extent of 
the polymerization reaction, and the selectivity of the solvent, since this strongly determines 
the interaction with the separate blocks of the copolymer. 
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Figure 4.11: Schematic phase diagram of a diblock copolymer in a selective solvent as a function of temperature 
and volume fraction. HEX denotes hexagonal packed cylinders and LAM stands for lamellar. 

4.5.2 Morphology of homopolymer/block copolymer blends 

In blends of homopolymer and block copolymers, the homopolymer can have the same 
chemical composition as one of the blocks (AB/A) or a different one (AB/C). Floudas et al. 
and Adedeji et al. studied the morphology of such blends.18,19 To describe the phase behavior 
of an AB/C blend, besides the interaction parameter χ, the degree of polymerization Nh of the 
homopolymer, and block copolymer composition, also the concentration of block copolymer 
in the blend as well as the length ratio of homopolymer chain and compatible block chain 
(Nh/Nc) should be considered. Experiments with AB/A blends led to the identification of three 
regimes, depending on the ratio Nh/Nc:15,29 

• If Nh < Nc, the homopolymer is selectively solubilized in block A, which swells and 
might lead to changes in morphology from, for example, a lamellar to a spherical 
micellar phase. The core is composed of B. It is called the ’wet brush’-regime because 
the copolymer chains can be considered as polymer brushes, wetted by the 
homopolymer.27 

• If Nh ≈ Nc, the homopolymer is on the edge of being solubilized in A, which is not 
significantly swollen. The homopolymer tends to be localized in the middle of the A 
microdomains. Consequently, the conformation of the B chains is not disturbed. This 
regime is called the ’dry brush’-regime. 

• If Nh > Nc, macrophase separation occurs into block copolymer-rich and 
homopolymer-rich phases with domains of 0.1 - 10 μm in size. 

The microphase vs. macrophase relationships in AB/C type of blends were analyzed 
theoretically and compared with morphological observations by Löwenhaupt et al.30 In their 
paper homopolymer C was immiscible with block A and had an attractive interaction with 
block B. Calculations on microscale and macroscale fluctuations of initially homogeneous 
solutions were carried out to predict blend morphologies at the onset of demixing as the 
solvent evaporated. The fluctuations were found to depend not only on volume fraction and 
block copolymer composition, but also on the interaction parameter between C and B, and 
between C and A. 
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In the present study, both PEB-PBA diblock copolymers and PEB-PBA-PMMA triblock 
copolymers are investigated. In the first case, the acrylate block of the copolymer and the 
acrylate matrix have a moderate attractive interaction and still macrophase and microphase 
separation can take place. In the latter, the system is comparable to an AB/A blend, with 
strong favorable interactions between the two PMMA constituents. The main problem of 
polymerization at - 40 °C is that it leads to a very high molecular weight PMMA matrix, 
which favors the retraction of the PMMA-block of the copolymer from the matrix. 

4.5.3 Morphology development during polymerization 

The phase behavior of a block copolymer AB dissolved in a monomer C’ upon 
polymerization to homopolymer C (where C might be A or B) can be described by ternary 
phase diagrams.31 Since most polymer pairs are incompatible, macrophase separation will 
occur, unless specific interactions favor mixing for enthalpic reasons. In Figure 4.12a the 
system composition is described for the case that macrophase separation occurs during 
polymerization (line DE). The macrophase separation line is crossed first, resulting into a 
block copolymer-rich and a homopolymer-rich phase. The block copolymer-rich phase might 
microphase separate or vitrify in a later stage. Note that the positions of all lines are 
dependent on composition, block type, and molecular weight of the constituting components. 
The ODT is strongly influenced by the interactions of the block copolymer with monomer and 
homopolymer, as is described in the results section. For example, the molecular weight of the 
non-compatible (polyolefin) block strongly determines the temperature below which the 
driving force for micellization is strong enough. A higher concentration of block copolymer 
also facilitates micelle formation. 

The case that vitrification occurs before macrophase separation (Figure 4.12b) might result in 
the desired micellar morphology, provided that microphase separation precedes vitrification. 
Following line HI, microphase separation (line FG) occurs first, followed by vitrification, 
which in turn prevents macrophase separation due to kinetic reasons. For this goal, the 
influence of temperature on the final morphology is of utmost significance and this is why 
polymerization should take place below the ODT-temperature when micelles are still present. 

The final morphology can be adjusted by changing the polymerization rate relative to the 
phase separation rate. For extremely fast polymerizations, the time available may be 
insufficient to reach equilibrium before vitrification sets in, even if the spinodal line is crossed 
before vitrification occurs. For extremely slow polymerizations, for example at low 
temperature, phase separation may be limited by viscosity. The final morphology strongly 
depends on the phase diagram trajectory that is followed. Another factor that strongly 
influences the shape of the phase diagram is polydispersity and molecular weight of the 
homopolymer. In general, the immiscibility window increases with polydispersity and 
molecular weight. 
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Figure 4.12: Ternary phase diagram at a given temperature and pressure showing possible forms of phase 
separation during polymerization: (a) macrophase (DE) and (b) microphase (HI) separation.16 

4.5.4 Diblock copolymer versus triblock copolymer 

Addition of a third, more compatible block (i.e. chemically identical to the homopolymer, in 
this case PMMA) further improves the solubilization of the homopolymer in the outer block 
of the triblock copolymer. The favorable interaction between compatible block and matrix is 
enhanced. In the case of triblock copolymers, the third (PMMA) block should be of equal or 
higher molecular weight than the matrix homopolymer. Just as is the case for diblock 
copolymers, the equation Nc ≥ Nh should be satisfied for solubilization of the homopolymer 
matrix (wet brush regime). For triblock copolymers, there is a synergistic effect of the PBA 
and the PMMA-block: both improve the interaction and compatibility with the matrix, 
however, a third block seems to be necessary to obtain the desired morphology even when the 
polymerization is carried out at - 40 °C. 

4.6 Conclusions 
The objective of the present study was to obtain a nano-structured PMMA matrix with 
polyolefin-polyacrylate block copolymer micelles, of which the polyolefin block forms an 
easy-cavitating core.  

The order-disorder transition (ODT) temperature is of utmost importance for the stability of 
the micelles and depends amongst other factors on the block copolymer composition and 
volume fraction of block copolymer. Attempts to obtain micellar-like structures by the 
polymerization of diblock copolymer/monomer solutions above the ODT resulted in all cases 
in macrophase separated systems with a block copolymer-rich and a PMMA-rich phase. The 
block copolymer-rich phase might microphase separate or vitrify in a later stage.  

The final morphology obtained by the polymerization of a micellar solution is mainly 
determined by the polymerization temperature relative to the ODT temperature. In the 
systems studied, the ODT could be varied from approximately 0 to 100 °C by changing the 
molecular weight of the polyolefin core block from 3.8 to 27.6 kg/mol. The phase behavior of 
the block copolymers in MMA was dependent on composition, copolymer concentration, and 
temperature. For example, the larger the incompatible polyolefin block, the larger the driving 
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force for micelle formation. Moreover, the morphology is influenced by the coarsening rate 
after phase separation and the reaction time available before the matrix vitrifies. For high 
reaction rates, morphology fixation occurs after a relatively short time, whereas a low 
polymerization temperature yields a high viscosity and reduces the reaction kinetics and 
promotes the preservation of the initial microstructure. 

The SAXS-data could be fitted with a polydisperse Percus-Yevick model, where the core is 
considered as a hard-sphere with a liquid-like arrangement of the micelles in MMA. This 
yields a core radius Rc that is almost independent of the concentration and the composition of 
the copolymer, but only depends on the molecular weight of the polyolefin block by a power-
law relationship with Rc ~ Mn

α with α = 0.73. 

Not only micelles consisting of symmetric block copolymers show very distinct scattering 
(due to their core-to-shell weight ratio that is close to unity), but even asymmetric block 
copolymers with a compatible block at least ten times longer than the incompatible block 
might still form micelles and manifest distinct scattering. Especially for low-molecular weight 
block copolymers, the concentration should be sufficiently high to get copolymer aggregation. 
Furthermore, the stability of the micelles is dependent on the acrylate block type and 
increases in the order PBA → PMA → PMMA, which is related to more favorable 
interactions with the MMA/PMMA system. 

It has to be stressed that the blends obtained by polymerization at - 40 °C were not 
homogeneous, but showed a gradient in composition over the sample thickness. A large 
disadvantage is that at a certain moment during the polymerization macrophase separation 
must have occurred. Another drawback of the low-temperature polymerization is that the 
reaction is very slow and the PMMA-matrix reaches a very high molecular weight. For 
optimal compatibility and hence no macrophase separation, however, the molecular weight 
should be matched with that of the compatible block of the copolymer to prevent the 
formation of so-called dry-brush micelles. 

In future research, to prepare blends of block copolymers in PMMA of the desired structure, 
the following conditions have to be fulfilled. First, a triblock copolymer is needed of which 
the third block should be similar as the matrix material to favor interaction with the 
homopolymer and should have a molecular weight at least as high as the matrix 
homopolymer. Second, polymerization should take place at temperatures low enough to 
ensure the presence of micelles at the beginning of the reaction, while the occurrence of 
macrophase separation is prevented. 
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Chapter 5 

Synthesis and characterization of 
PMMA-PBA-PCL triblock copolymers 
with a crystallizable block 
 

Abstract: Triblock copolymers consisting of ε-polycaprolactone (PCL), poly(butyl acrylate) 
(PBA), and poly(methyl methacrylate) PMMA are synthesized by a combined approach of 
controlled radical polymerization of the PBA- and PMMA-blocks by nitroxide mediated 
polymerization (NMP) and a coupling reaction with the PCL-block. A commercially available 
alcoxyamine initiator (MAMA), based on an α-hydrogenated nitroxide, known as SG1, is used for 
NMP. The incorporation of the semi-crystalline PCL-block by the coupling reaction is carried out 
either before or after the polymerization of the (meth)acrylic blocks and resulted in triblock 
copolymers of various composition and purity. The block copolymers are characterized by size 
exclusion chromatography (SEC) for the molecular weight distribution, by gradient polymer 
elution chromatography (GPEC) for the chemical composition distribution, and by small-angle X-
ray scattering (SAXS) and transmission electron microscopy (TEM) for the morphology. The 
morphology depends on the composition, the polydispersity, and the sample preparation method. 
Block copolymer blends show rather large variations in morphology, ranging from lamellar to 
spherical, and also large disperse domains as a result of macrophase separation are observed. 
Although variations in the overall molecular weight are only minor, the effect of polydispersity on 
the morphology is more pronounced. Block copolymers of PMMA-blocks of low polydispersity 
are, for example, better ordered than highly polydisperse ones, as shown by SAXS and TEM 
measurements. The sample preparation method has a large effect: solvent-cast samples have more 
time to phase separate during solvent evaporation since they have a high mobility in solution and 
form a distinctly ordered morphology, whereas compression-molded samples only exhibit minor 
ordering due to a low mobility (high viscosity) in the melt. DSC heating and cooling runs show 
that both homogeneous and heterogeneous nucleation can occur, or a combination of both, i.e. 
fractionated crystallization. Homogeneous nucleation preferably occurs when the domain sizes of 
the semi-crystalline phase are small enough due to effective microphase separation. 

5.1 Introduction 

The toughness of brittle amorphous, glassy polymers can be improved by the addition of 
ABA or ABC block copolymers containing at least one rubbery block, which form micellar 
structures within the matrix.1,2 Within these micelles, cavitation should occur easily, since this 
enables the release of the tri-axial stress state and, hence, the delocalization of strain. The 
capability of rubbery particles to cavitate depends on their cross-link density and particle size; 
the smaller the particles, the more difficult they cavitate.3 However, when a particle is 
precavitated, its size has no practical limit.4,5,6 In Chapter 4, a poly(olefin) block of low elastic 
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modulus with a concomitant low glass transition temperature (Tg) was used as the cavitating 
material. Replacing the core-forming block copolymer by a semi-crystalline polymer might 
even further improve the toughness of the matrix, since additional stresses can build up due to 
volumetric shrinkage during crystallization. Subsequently, these extra stresses relieve the tri-
axial stress state upon deformation by cavitation which promotes delocalization and, hence, 
craze formation can be prevented in brittle polymers.7,8 In order to improve the properties of 
poly(methyl methacrylate) (PMMA), at least one of the blocks should have favorable 
interactions with the PMMA matrix phase or, even better, be chemically identical to PMMA 
to prevent macrophase separation upon blending. Since transparency is a second requirement, 
the particles have to be in the nanometer range and should be smaller than approx. 100 nm. 
Therefore, poly(methyl methacrylate)-b-poly(butyl acrylate)-b-polycaprolactone block 
copolymers, abbreviated as MBC, of variable composition and block length are synthesized. 

For good mechanical properties, it is a prerequisite that the matrix molecular weight should 
exceed eight times Me,9 the molecular weight between entanglements, since only then the 
number of entanglements per chain is sufficient to spread out the stress over multiple chains 
during the deformation process. For sufficient interaction between the matrix polymer and the 
triblock copolymer and to suppress macrophase separation, one has to be in the so-called 
‘wet-brush’ regime,10 for which the degree of polymerization in the PMMA-block of the 
copolymer should be equal or higher than that of the PMMA matrix. Besides this, sufficient 
entanglements have to be formed between matrix and block copolymer for successful stress 
transfer. In this respect, a rather high polydispersity index (PDI) will favor interaction 
between these two components since it results in better dispersed blends. 

The morphology of the triblock copolymer systems determines the microscopic mode of 
deformation and hence the overall mechanical performance. The covalent linkage between the 
blocks enables stresses to be effectively transferred from one microphase to another.11,12 
Balsamo et al. reported that the mechanical response of a poly(styrene)-b-poly(butadiene)-b-
poly(caprolactone) (PS-PB-PCL) triblock copolymer, containing a semi-crystalline block, 
strongly depends on the thermal history and the morphology.13,14 

Copolymers of the desired tailored architecture can be synthesized by living polymerization 
techniques, like controlled radical (CRP) or anionic polymerization.15 Both are powerful 
synthetic methods that allow for control of molecular weight, polydispersity, functionality, 
copolymer composition, and architecture. For CRP, various methods can be used, e.g. Atom 
Transfer Radical Polymerization (ATRP),16 Reversible Addition Fragmentation Transfer 
(RAFT),17 and Nitroxide Mediated Polymerization (NMP).18 In this chapter, NMP19 is used 
because of its versatility and since it is frequently used in industry, because purification is not 
necessary either before or after the polymerization reaction. In contrast, ATRP yields products 
containing coordinated metal atoms, whereas RAFT usually produces strongly colored 
polymers. The first study on controlled radical polymerization using nitroxides was performed 
by Georges et al.,20 who used 2,2,6,6-tetramethyl-1-piperidinyloxy (TEMPO) to control the 
polymerization of styrenic monomers. For optimal control over acrylic and methacrylic 
monomers, however, an α-hydrogenated nitroxide was synthesized by Tordo et al.,21,22 i.e. N-
(tert-butyl)-N-(1-diethylphosphono-2,2-dimethylpropyl) nitroxide, also known as SG1. The 
control of NMP is based on the persistent radical effect as described by Fischer.23 This 
synthetic pathway provides control of the monomer insertion in the growing polymer chains, 
since the initiation step is fast, a dynamic equilibrium exists between active and dormant 
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species,24 and the radical concentration is low, see Figure 5.1. In the presence of monomer, 
M, only a small fraction (~ 5 %) of active species, R•, propagates, until they are 
thermoreversibly deactivated by the mediated radical, Y•, which means that every chain can 
repeatedly grow in a controlled way. 
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Figure 5.1: Reaction scheme of nitroxide mediated polymerization (NMP). 

In this chapter, the synthesis of triblock copolymers containing a crystallizable block, namely 
polycaprolactone, by NMP is described using an alcoxyamine initiator based on SG1, see 
Figure 5.2.21,22 The initiator dissociates in a controlled way to incorporate monomers step-
wise at the reactive end group containing the SG1 nitroxide. After the polymerization of butyl 
acrylate (BA) by NMP, methyl methacrylate (MMA) is added and the activated first block R-
(M1)n

• starts to initiate the second PMMA-block, see Figure 5.3. During both propagation 
steps the chains are thermoreversibly deactivated by the mediated radical, SG1•, which 
enables proper control over the growth of the second block. The PCL-block can not be 
obtained by CRP and has to be prepared in a separate step, e.g. by anionic polymerization. In 
this chapter, different approaches are used to incorporate the PCL-block, namely by 
esterification, 1,2-insertion, or a combination of these. 
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Figure 5.2: Dissociation and recombination step of the alcoxyamine initiator ‘MAMA’ into an activated radical, 
R•, and the nitroxide, SG1•. 
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Figure 5.3: General scheme for the block-wise copolymerization by NMP, where M1 is butyl acrylate and M2 is 
methyl methacrylate. 

The crystallinity and the type of nucleation in the PCL-domains influence the performance of 
the material, since internal stresses introduced during crystallization facilitate cavitation upon 
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deformation and thereby promote delocalization of strain.25,26 The size and the geometry of 
these crystallizable domains and the processing conditions, mainly the cooling rate, strongly 
determine the type of nucleation. In the presence of large crystallizable domains, the 
probability is high to find heterogeneities that can act as nucleation site and so-called 
heterogeneous nucleation occurs. When the domains are relatively small, the number of active 
heterogeneities might be smaller than the number of domains and heterogeneous nucleation is 
strongly suppressed. In the latter case, however, nucleation can still occur at a supercooled 
temperature, i.e. homogeneous nucleation. The occurrence of these two nucleation events, 
better known as fractionated crystallization, depends also on the processing conditions; they 
can either occur separately or as a combination of both.27,28  

The final morphology depends on the composition of the triblock copolymer, the processing 
conditions, and, more importantly, on the extent of mixing. Obviously, a different 
morphology, i.e. spherical, cylindrical, or lamellar, implies different mechanical properties. 
When a triblock copolymer is cooled from the melt to room temperature, the system might 
microphase separate, followed by matrix (PMMA) vitrification, and subsequent 
crystallization of PCL. 

In this chapter, several methods for the synthesis of PMMA-PBA-PCL triblock copolymers 
are described, which resulted in polymers of various composition and purity. In order to 
obtain spherical or cylindrical morphologies, the block copolymers should be asymmetric and 
contain a large matrix-compatible block. The morphology of the sample is studied by TEM 
and SAXS and is related to the sample preparation method, i.e. by solvent casting or 
compression molding. By DSC crystallization experiments, the influence of morphology on 
the type of nucleation is evaluated. 

5.2 Experimental 
5.2.1 Materials 

Toluene (99 %), n-butyl acrylate (BA, 99 %), methyl methacrylate (MMA, 99 %), anhydrous dichloromethane 
(CH2Cl2, 99.8 %), 4-dimethylaminopyridine (DMAP), N-N’-dicyclohexylcarbodiimide (DCC), methanol, tert-
butanol (99 %), tetrahydrofuran (THF, 99 %), triethylamine (99.5 %), and hydroxyl-functional ε-
polycaprolactone (PCL-OH, Mn = 10 kg/mol, Mw = 14 kg/mol) were received from Aldrich, while acryloyl 
chloride (99 %) was received from Fluka, and the alcoxyamine initiator MAMA (containing N-(tert-butyl)-N-(1-
diethylphosphono-2,2-dimethylpropyl) nitroxide, SG1, 99 %) was received from Arkema (France). All 
chemicals were used without any further purification. 

All materials (triblock copolymers) were prepared by a combination of controlled radical polymerization (CRP) 
by nitroxide mediated polymerization (NMP) and coupling with hydroxyl-functional PCL. 

5.2.2 Synthetic procedures: block copolymer syntheses 

The PMMA-PBA-PCL triblock copolymers as described in this chapter are synthesized by two different 
methods. The first method describes the various routes developed (polymer A-D), while the remaining triblock 
copolymers are synthesized in the group of prof. Bertin in Marseille. The triblock copolymers will be indicated 
as follows throughout Chapters 5 and 6: the PMMA-, the PBA-, and the PCL-block will be named M, B, and C, 
respectively. Additionally, a number in subscript is used to indicate the number-average molecular weight of this 
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block (in kg/mol). Finally, a letter is provided that represents the polydispersity index of the block and is 
classified as follows: L (low, PDI < 2), M (medium, 2 < PDI < 3), and H (high, PDI > 3). 

A. First synthesis M75B18C10: Diblock copolymer synthesis and subsequent coupling with PCL-OH.  

The acrylate diblock (PBA-PMMA) was synthesized by CRP using MAMA as initiator. Subsequently, the 
carboxylic diblock copolymer was esterified with the hydroxylic end group of PCL. All synthesis steps are 
shown in Figure 5.4 and are described below. 

Step A.1: The polymerization of BA was carried out in a 200 mL Büchi Miniclave Drive glass reactor. MAMA 
(1.653 g, 4.33 mmol) was dissolved in 5.00 g toluene to prepare the initiator solution. BA (100.00 g, 0.7812 mol) 
and 35.00 g toluene were charged into the reactor and purged with nitrogen for 10 min. Subsequently, the reactor 
was immersed in an oil bath thermostated at 120 °C and the initiator solution was added with a syringe to start 
the polymerization reaction. At several time intervals, samples were taken with a degassed syringe to monitor the 
conversion by gravimetric analysis. The reaction was terminated after 170 min at a conversion of 73 % and the 
residual solvent and monomer were stripped under vacuum. 

Step A.2: The synthesis of PMMA-PBA was carried out in the same reactor. The PBA-macroinitiator (6.00 g, 
0.71 mmol), MMA (84.70 g, 0.8471 mol) and 50.00 g toluene were charged into the reactor and purged with 
nitrogen for 10 min. The reactor was immersed in an oil bath set at 105 °C, and after 60 min the temperature was 
raised to 120 °C and after another 80 min the reaction was terminated. After solvent and monomer removal, the 
conversion was determined to be 40 %. 

Step A.3: The coupling by esterification of PMMA-PBA with PCL was carried out in a three-necked round-
bottom flask. Carboxylic PMMA-PBA (15.00 g, 0.16 mmol), hydroxylic PCL (1.61 g, 0.16 mmol), 4-
dimethylaminopyridine (DMAP, 0.0394 g, 0.32 mmol), and 55.00 g anhydrous dichloromethane were charged 
into the reactor, which was purged with nitrogen for 10 min. Subsequently, the reactor was ice-cooled, N-N’-
dicyclohexylcarbodiimide (DCC, 0.040 g, 0.19 mmol) and 5.00 g anhydrous dichloromethane were added, and 
stirring was continued for 24 h, after which the reaction was terminated, the reaction solution was filtered 
through a glass filter, precipitated in methanol, and dried, respectively. 
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Figure 5.4: The subsequent steps in the triblock copolymer synthesis, in which the PCL-block is introduced by 
esterification in the last step: 1) the polymerization of BA, 2) the addition of MMA, and 3) the esterification 
between PMMA-PBA and PCL-OH. 
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B. Second synthesis M50B18C10: Coupling of PCL-OH with the monoblock PBA after one polymerization 
step. 

When coupling of the PCL-block to the acrylate diblock copolymer is the last step of the synthesis, it is difficult 
to determine the extent of esterification by GPEC, since the small PCL-block does not cause a significant change 
in chemical affinity nor molecular weight. Therefore, a similar approach was used as before, except that the 
PCL-block was coupled to the PBA-block before continuation of the synthesis with the polymerization of MMA, 
as schematized in Figure 5.5. Distinction between PBA and PBA-PCL by GPEC is easier than between PMMA-
PBA-PCL and PMMA-PBA, since the shift in retention time is more obvious for short polymer chains. 

Step B.1: The PBA-block was synthesized using the same procedure as described in step A.1. 

Step B.2: The esterification reaction of PBA with PCL was carried out in a three-necked round-bottom flask. 
PBA-macroinitiator (8.3 g, 0.46 mmol), hydroxylic PCL (4.61 g, 0.46 mmol), 4-dimethylaminopyridine (DMAP, 
0.113 g, 0.92 mmol) and 45.0 g anhydrous dichloromethane were charged into the reactor, which was purged 
with nitrogen for 10 min. N,N’-dicyclohexylcarbodiimide (DCC, 0.114 g, 0.55 mmol) dissolved in 5 g 
anhydrous dichloromethane was added to the ice-cooled reactor while stirring for 24 h. The reaction solution was 
passed over a glass filter, precipitated in methanol, and dried, respectively. 

Step B.3: The polymerization of MMA was carried out in a 200 mL Büchi Miniclave Drive glass reactor. PBA-
PCL-macroinitiator (5 g, 0.4 mmol), MMA (57.14 g, 0.5714 mol), and 34 g toluene were charged into the 
reactor, while purging with nitrogen for 10 min. The reactor was immersed in an oil bath set at 105 °C for 60 
min and the temperature was subsequently raised to 120 °C for 80 min before the reaction was terminated. After 
removal of the residual solvent and monomer, the conversion was determined at 40 %. 
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Figure 5.5: The subsequent steps in the triblock copolymer synthesis, in which the PCL-block is introduced in 
the second step of the synthesis: 1) the polymerization of BA, 2) the esterification between PBA and PCL-OH, 
and 3) the final step in which the PMMA-block is added. 

C. Third synthesis M78B22C10: Functionalization by maleic anhydride and subsequent polymerization. 

The esterification reaction between the polymer chain end groups (-COOH and –OH) yields low conversion. The 
efficiency of the coupling reaction can be improved by the preparation of a maleic anhydride intermediate by 
1,2-insertion into the initiator, after which the acrylate polymerization proceeds as described before, see Figure 
5.6. 

Step C.1: The 1,2-insertion of maleic anhydride to MAMA was carried out in a three-necked round-bottom flask. 
A solution of MAMA (8.00 g, 0.0210 mol) and maleic anhydride (2.47 g, 0.0252 mol) in 25.00 g t-butanol was 
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charged into the reactor and purged for 10 min. After this, the reactor was immersed in an oil bath at 80 °C, 
stirred for 2 h, and finally the product was precipitated in methanol and dried. 

Step C.2: The esterification of the MAMA-anhydride with PCL was carried out in a three-necked round-bottom 
flask. A solution of MAMA-anhydride (0.40 g, 0.83 mmol), PCL (8.34 g, 0.83 mmol), and 4-
dimethylaminopyridine (DMAP, 0.204 g, 1.67 mmol) in 55 g anhydrous dichloromethane was charged into the 
reactor and purged with nitrogen for 10 min. N,N’-dicyclohexylcarbodiimide (DCC, 0.206 g, 1.00 mmol) in 5 g 
anhydrous dichloromethane was added dropwise to an ice-cooled reactor under stirring and left agitating for 24 
h. After termination of the reaction, the solution was filtered, precipitated in methanol, and dried. 

Step C.3: The polymerization of BA onto the macroinitiator was carried out in a three-necked round-bottom 
flask. A solution of the PCL-macroinitiator (4.00 g, 0.4 mmol) and BA (16.00 g, 0.125 mol) in 20.00 g toluene 
was charged into the reactor and purged with nitrogen for 10 min. Subsequently, the reactor was immersed in an 
oil bath set at 120 °C and stirred for 240 min. After termination of the reaction, the solvent and residual 
monomer were removed by vacuum stripping. A total conversion of 40 % was obtained. 

Step C.4: The polymerization of MMA was carried out in a 200 mL Büchi Miniclave Drive glass reactor. A 
solution of the PBA-PCL-macroinitiator (1 g, 0.4 mmol) and MMA (30 g, 0.300 mol) in 20 g toluene was 
purged with nitrogen for 10 min. Subsequently, the reactor was immersed in an oil bath at 105 °C for 60 min and 
then the temperature was raised to 120 °C for 80 min, after which the reaction was terminated. Solvent and 
monomer residues were stripped under vacuum, and gravimetric analysis determined the conversion at 30 %. 
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Figure 5.6: The synthesis steps using maleic anhydride: 1) the 1,2-insertion of maleic anhydride into the initiator, 
2) the esterification with PCL-OH, 3) the polymerization of BA, and 4) the polymerization of MMA. 

D. Fourth synthesis M62B32C7: 1,2-insertion of PCL acrylate and subsequent polymerization. 

From the synthesis pathway described before, 1,2-insertion seems to be the most promising way to obtain the 
triblock copolymers. To improve the purity of the final triblock copolymer, PCL-OH is functionalized to be 
suitable for 1,2-insertion by conversion of the hydroxylic end group into an acrylic one by reaction with acryloyl 
chloride, see Figure 5.7. 

Step D.1: The synthesis of an acrylate of PCL was carried out in a three-necked round-bottom flask.29 PCL (3.00 
g, 0.40 mmol) and triethylamine (10.00 g, 0.0988 mol) were dissolved in 35.00 g anhydrous dichloromethane 
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and purged with nitrogen for 10 min. A solution of acryloyl chloride (0.362 g, 4.0 mmol) in 5 g anhydrous 
dichloromethane was added dropwise to the ice-cooled flask under stirring. The reaction was allowed to continue 
for 24 h and then terminated, passed over a glass filter, precipitated in methanol, and dried, respectively. 

Step D.2: To the same flask, a solution of MAMA (0.186 g, 0.49 mmol) and the acrylate of PCL (2.780 g, 0.37 
mmol) in 20.00 g THF was added and purged with nitrogen for 10 min and subsequently immersed in an oil bath 
set at 70 °C for 2 h. After termination of the reaction, the product was precipitated in methanol and dried, 
respectively. 

Step D.3: The polymerization of BA onto this macroinitiator was carried out in a two-necked round-bottom flask 
after purging a solution of the PCL-macroinitiator (1.70 g, 0.21 mmol) and BA (6.38 g, 0.0514 mol) in 2.00 g 
toluene with nitrogen for 10 min by immersion in an oil bath at 120 °C. After 90 min, the reaction was 
terminated and residual solvent and monomer were stripped under vacuum. Gravimetric analysis showed that a 
conversion of 80 % was obtained. 

Step D.4: The polymerization of MMA was carried out in a 200 mL Büchi Miniclave Drive glass reactor. A 
solution of the PBA-PCL-macroinitiator (4.50 g, 0.18 mmol) and MMA (40.50 g, 0.405 mol) in 15 g toluene was 
purged with nitrogen for 10 min and the reaction was initiated by immersion of the reactor in an oil bath at 105 
°C. After 60 min, the temperature was raised to 120 °C and kept constant for 80 min before the reaction was 
terminated. After solvent and monomer removal, the conversion was determined to be 30 %. 
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Figure 5.7: The synthesis steps using acryloyl chloride: 1) synthesis of the acrylate of PCL, 2) the 1,2-insertion 
to prepare the PCL macroinitiator, 3) the polymerization of BA, and 4) the polymerization of MMA. 

E. Fifth synthesis:1,2-insertion of PCL acrylate onto the initiator and subsequent polymerization in the 
presence of free SG1. 

In this synthesis route a similar path to method D is pursued, only this time free SG1 radicals are added to the 
solution to improve control over the reaction, see Figure 5.8. 
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Figure 5.8: The reaction scheme representing the synthesis of the PCL-b-PBA-b-PMMA by route E. 

Step E.1: Synthesis of the acrylate of polycaprolactone (AcrPCL) by the functionalization of ω-hydroxylic 
polycaprolactone. In a three-necked round-bottom flask, ω-hydroxylic PCL was dissolved in dichloromethane 
(DCM) ([OH] = 10-2 mol/L) and degassed by purging with nitrogen for 20 min. Finally, 25 equivalents of 
acryloyl chloride were added by a syringe. The reaction mixture was left under stirring for the weekend at room 
temperature (reaction time > 60 h). Subsequently, DCM was evaporated under vacuum, the product AcrPCL was 
dissolved in THF, precipitated in cold methanol, filtered, rinsed with MeOH, and finally dried under vacuum for 
several hours while being connected to a manifold. The polymer product formed a white powder, with an 
efficiency of functionalization close to 100 %, as determined by 1H NMR. The reaction time was optimized 
(from 66 h to 20 h) by increasing the concentration of hydroxylic groups (from 1⋅10-2 mol/L to 2.5⋅10-2 mol/L) 
and by increasing the number of equivalents of acryloyl chloride (from 25 eq. to 100 eq.). When the reaction is 
terminated prematurely, the yield will be less than 100 % under similar experimental conditions. 

Step E.2: 1,2-insertion of MAMA-SG1 to the acrylate of polycaprolactone. A solution of MAMA-SG1 in THF 
was added to AcrPCL in a Schlenk flask provided with a magnetic stirrer such that a optimal concentration of 
acrylate was obtained (~ 0.05 mol/L). This suspension was degassed with nitrogen for 30 min. Subsequently, the 
flask was introduced in an oil bath set at 100 °C for 1 h and homogenization took place quite rapidly. Once 
cooled down, the content was transferred to a round-bottom flask using THF to rinse the flask. The solution was 
slightly concentrated under vacuum at a temperature of maximum 30 °C to prevent the destruction of the living 
feature of the polymer, i.e. the SG1 group. Next, the polymer was precipitated in cold methanol, filtered, and 
rinsed with methanol. Finally, the white polymer powder was dried under vacuum. Its living ratio is determined 
by ESR (electron spin resonance). 

Step E.3: Polymerization of n-butyl acrylate on the reactive polycaprolactone. To a three-necked round-bottom 
flask, n-butyl acrylate, the macroinitiator PCL-SG1, tert-butylbenzene (t-BuBz) and a solution of SG1 in t-BuBz 
(to obtain an extra amount of 10 mol% of free SG1 relative to the macroinitiator) were subsequently added. After 
degassing by nitrogen for 20 min, the system was heated to 120 °C to initiate the reaction. The reaction was 



86  Chapter 5  
 

 

terminated by removing the heat source and emerging the flask in an ice bath. The polymer solution was 
concentrated under vacuum and precipitated directly in cold methanol. The PCL-block was sufficiently long to 
obtain a precipitate of the PCL-b-PBA diblock copolymer. Next, the copolymer was filtered, rinsed with 
methanol, and dried under vacuum to yield a sticky solid that was slightly translucent.  

Step E.4: Polymerization of MMA on the PCL-b-PBA copolymer. The PCL-b-PBA-SG1 copolymer, MMA, and 
t-BuBz were introduced in a three-necked round-bottom flask, and subsequently degassed with nitrogen for 20 
min and heated to 100 °C. Subsequently, the reaction was terminated after 1 h, and the reaction product was 
diluted by THF, precipitated in cold methanol, filtered, rinsed with methanol, and dried under vacuum. 

An overview of the molecular characteristics of all the triblock copolymers and the intermediate products, i.e. 
functionalized PCL and the diblock copolymer is given in Table 5.1. The first column represents the extent of 
conversion of the functionalization of the PCL-block into an acrylate end group. The second column gives the 
final conversion obtained in the polymerization of BA and the residual amount of PCL after the preparation of 
the diblock copolymer. The final column shows the reaction details during the synthesis of the last block, i.e. the 
reaction temperature, the targeted molecular weight, and the conversion obtained. Note that the intermediate in 
the synthesis of the last three block copolymers is performed in the absence of free SG1. 

 

Table 5.1: Overview of the intermediates and final products in the synthesis of the PCL-b-PBA-b-PMMA 
triblock copolymers by route E. 

PCL acrylate 
(Mn = 10 kg/mol) 

PCL-b-PBA PCL-b-PBA-b-PMMA 

Sample conversion 
(%) (a) 

sample conversion 
(%) (b) 

PCL 
residual 
(%) 

sample Mn 
target 
(kg/mol) 

T 
(°C) 

free SG1 
(mol%) 

conversion 
(%) 

NC14 0.887 NC16 100 10 NC19 150 85 10 14 

NC15 0.901 NC18 68 10 NC20 150 85 10 14 

NC14 0.887 NC17 72 10 NC22 600 85 10 26 

NC21 0.58 NC23 35a 42 NC24 300 100 - 10 

NC29 1 NC30 72 0 NC31 300 100 - (c) 25 

NC29 1 NC30 72 0 NC32 450 100 - (c) 21 

NC29 1 NC30 72 0 NC33 450 100 - (c) 30 

(a) conversion of PCL (Mn = 10 kg/mol) into AcrPCL. (b) extent of coupling of AcrPCL with MAMA-SG1. (c) 
Note that the synthesis of the diblock copolymer intermediate NC30, which is used to prepare the triblock 
copolymers M54,HB23,LC10,L (NC31), M64,HB23,LC10,L (NC32), and M100,MB23,LC10,L (NC33), is performed in the 
absence of free SG1. In this case, the reaction was terminated after 45 minutes and the final product had a 
reduced living character of only 80 % in chlorobenzene (as determined by ESR). 

5.2.3 Characterization 

Size Exclusion Chromatography (SEC). SEC was carried out using a Waters GPC equipped with a 510 pump 
and a Waters WISP 712 autoinjector, using a PL-gel guard precolumn (5 mm, 50 x 7.5 mm), followed by two 
PL-gel mixed-C columns (10 mm, 300 x 7.5 mm, Polymer Laboratories) at 40 °C. The purified and dried 
polymer samples were dissolved in stabilized THF at 1 mg/mL and filtered through a 0.2 μm pore size. THF was 
used as the eluent (1.0 mL/min and 50 μL of the polymer solution was injected). A model 410 RI detector and a 
Waters 486 UV-detector operating at 254 nm were used. The column was calibrated by PS standards (Mn = 580 - 
7.1⋅106 g/mol, Polymer Laboratories). Data were acquired and processed using the Millenium 32 v3.05 software. 
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Differential Scanning Calorimetry (DSC). DSC was performed on a TA Instruments Q1000 DSC equipped 
with an autosampler and a refrigerated cooling system (RCS). The DSC cell was purged with a nitrogen flow of 
50 mL/min. The temperature was calibrated using the onset of the melting peak of indium. The enthalpy was 
calibrated with the heat of fusion of indium. Indium, sapphire, and a PS standard were used to calibrate the DSC 
and to determine the cell constants. The samples, ranging in weight typically between 6 and 13 mg, were 
analyzed in crimped aluminum pans. Heating runs were carried out at 10 K/min, while cooling runs were 
performed at 2 or 10 K/min.  

Gradient Polymer Elution Chromatography (GPEC). Normal phase NP-GPEC was used to determine the 
extent of coupling of the copolymer and was carried out on an HP 1100 liquid chromatograph (Agilent 
Technologies) equipped with a degasser, a quaternary pump, an autosampler, a column oven, and an evaporative 
light scattering detector (Alltech ELSD 2000) (λ = 250 nm, nitrogen flow of 1.6 L/min, T = 60 °C). A Zorbax 
SB-CN column (150 x 4.6 mm2, dp = 5 μm, Agilent Technologies) was used at 30 °C. Dilute polymer solutions 
were made in THF (5.9 mg/mL) and a sample volume of 1 μL was used for analysis. A Varian 9010 solvent 
delivery system was used to maintain a stable flow rate of the eluents. A linear binary gradient in heptane/THF 
(nonsolvent/solvent for the polymers used in the analysis, respectively) starting from 100:0 at t = 0 min to 0:100 
at t = 20 min was used and, subsequently, the composition was held at this composition for 5 min to allow for all 
polymer to be removed from the column. HPLC grade solvents obtained from Biosolve were used. 
Chromatograms were acquired and analyzed using HP Chemstation (Hewlett Packard) software. 

Electron Spin Resonance (ESR). Paramagnetic ESR measurements were carried out at an EMX and a 
Magnetech Miniscope MS100 spectrometer. Solutions of 0.1 mmol/L of polymer in the appropriate solvent (tert-
butylbenzene or chlorobenzene) were compared to a 0.1 mmol/L free SG1 standard solution to determine the 
radical chain-end fraction. All measurements were carried out at room temperature in the presence of air.  

Transmission Electron Microscopy (TEM). The samples were trimmed at low temperature (- 80 °C) and 
subsequently stained for 24 hrs with a RuO4-solution prepared according to Montezinos et al.30 Ultrathin 
sections (70 nm) were obtained at - 50 °C using a Reichert Ultracut E microtome. The sections were put on a 400 
mesh copper grid with a carbon support layer. The sections were examined in a FEI Sphera 200 kV transmission 
electron microscope operated at 200 kV to examine the morphology of the samples. 

Small-Angle X-ray Scattering (SAXS). SAXS experiments were performed at the DUBBLE beamline (BM 
26B) at the European Synchrotron Radiation Facility (ESRF) in Grenoble (France).31,32 The SAXS data were 
collected on a multiwire two-dimensional (2-D) detector positioned at approx. 8 m from the sample using a 
wavelength of 1.24 Å. For calibration of the SAXS detector, the scattering pattern from an oriented specimen of 
dry collagen (rat tail tendon) was used. The experimental data were corrected for detector sensitivity by division 
by a pattern of a uniform scatterer and background subtraction. The two-dimensional SAXS data were 
transformed into one-dimensional plots by performing integration along the azimuthal angle using the FIT2D 
program developed by dr. Hammersley of the ESRF. The samples were prepared by compression molding at 180 
°C or by solvent casting using a 5 - 10 wt% solution in toluene. 

5.3 Results 

In this section, the synthetic aspects of the triblock copolymers are described together with the 
results obtained from the various characterization techniques. 
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5.3.1 Synthesis of the triblock copolymers 

Routes A-D describe the synthetic pathways to obtain the triblock copolymers as prepared at 
the Eindhoven University of Technology, and route E describes the polymers as prepared in 
the CROPS laboratory of prof. Bertin in Marseille. 

5.3.1.1 Routes A & B: carboxylic-hydroxylic esterification reaction 

A: Synthesis results of the coupling reaction via esterification as the last step. By this method, 
first, the PBA-block is synthesized by NMP followed by the PBA-block in a second step. 
Finally, a hydroxyl-functional PCL-block is added by an esterification reaction. 

The molecular weight distributions of the prepared block copolymers were determined by 
SEC and the results are presented in Table 5.2. The coupling efficiency of the acrylate diblock 
with PCL was determined by GPEC, which can distinct between polymer chains of similar 
molecular weight, but different chemical composition, and is advantageous for studying 
coupling reactions with relatively small changes in molecular weight. Figure 5.9a shows the 
GPEC results of the block copolymer components at the various stages during the synthesis. 
Quantification of the coupling efficiency can not be pursued, since the percentage of PCL in 
the final product is only around 10 % and this gives only a minor change in chemical affinity, 
as can be seen from the shift in peak maximum to a slightly lower elution time. The extent of 
coupling, however, can qualitatively be determined by SEC by comparison of the relative 
intensities of the two reactants (PMMA-PBA and PCL) and the product (MBC). After 
baseline subtraction and subsequent integration of the peak centered at an elution time of t = 
15 min (not shown here), the coupling efficiency is estimated to be approx. 20 %. It is evident 
that the final triblock copolymer is not pure, but contains large amounts of unreacted PMMA-
PBA and PCL. In fact, it is a blend of the triblock copolymer, unreacted diblock copolymer, 
and PCL. 

Table 5.2: Chemical composition, block length, and polydispersity index of the M75B18C10 triblock copolymer 
synthesized by coupling via esterification (route A). The subscripts represent the number-average molecular 
weight Mn of the separate blocks in kg/mol. 

M75B18C10 Mn (kg/mol) (a) w/w (%) (b) PDI (-) 

Total 103   

PCL 10 10 1.4 

PBA 18 17 1.4 

PMMA 75 73 2.5 

(a) determined by SEC. (b) based on the results of the SEC analysis as given in column 2. 

B: Synthesis results of the coupling reaction via esterification as the second step. By this 
method, first, the PBA-block is synthesized by NMP. Second, a hydroxyl-functional PCL-
block is added by an esterification reaction. In the last step, the PBA-block is added by NMP. 

The SEC results, presented in Table 5.3, show that the results of the triblock copolymer 
synthesis via route B are comparable to route A, with the distinction that the PMMA-block is 
shorter but of a higher polydispersity index. The GPEC analysis shows that the coupling 
efficiency is also not high and that a substantial amount of PCL is still present after the 
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reaction (see Figure 5.9b). The triblock copolymer is not pure and contains some diblock 
copolymer (PMMA-PBA) and PCL, but practically no separate PBA-blocks, since the 
reactive group for CRP, i.e. SG1, is still present on this block and will always react and 
initiate the polymerization of MMA to form PMMA-PBA. 

(a) Route A: M75B18C10 (b) Route B: M50B18C10 

Figure 5.9: GPEC chromatogram of the various blocks (a) during the synthesis of M75B18C10 and (b) before and 
after the esterification during the synthesis of M50B18C10. 

Table 5.3: Chemical composition, block length, and polydispersity index of the M50B18C10 triblock copolymer 
synthesized by coupling between the two (meth)acrylate polymerization steps (route B). The subscripts represent 
the number-average molecular weight Mn of the separate blocks in kg/mol. 

M50B18C10 Mn (kg/mol) w/w (%) PDI (-) 

Total 78   

PCL 10 13 1.4 

PBA 18 23 1.4 

PMMA 50 64 3.7 

5.3.1.2 Routes C, D, & E: Initiator modification by 1,2-insertion 

In the next three synthetic routes, the triblock copolymer is prepared by an additional step, in 
which either a more reactive group (maleic anhydride, route C) or an acrylate-functional PCL-
block (routes D & E) is introduced into the initiator by a 1,2-insertion reaction. Here, an 
alkene is added by 1,2-insertion into the functional group of the alcoxyamine initiator (see 
Figure 5.10), which resulted in a high conversion and subsequently BA and MMA are added 
to this newly obtained initiator. Two intermediates were prepared to obtain the triblock 
copolymers, namely a maleic anhydride derivative (C), which contains a more reactive group 
for the coupling with PCL-OH, and an acrylate of PCL (routes D & E) that can be directly 
incorporated by 1,2-insertion. In route D the standard pathway, i.e. subsequent polymerization 
of BA and MMA, is pursued to obtain the triblock copolymer; however, by following route E 
the control over the addition of BA is further improved, namely by the addition of 10 mol% of 
free SG1 radicals. 
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Figure 5.10: Schematic representation of the 1,2-insertion of an alkene to the initiator. 

C: Synthesis results of the coupling reaction via esterification after the 1,2-insertion of maleic 
anhydride. By this method, the initiator is first functionalized by maleic anhydride addition. In 
a second step, PCL-OH is added. In the last two steps, PBA and PMMA are added by NMP, 
respectively. 

SEC analysis of the products after the various reaction steps shows that the polydispersity 
index of the PMMA-block is rather high, namely 5.3 (see Table 5.4). GPEC analysis of the 
coupling efficiency (Figure 5.11a) shows that the extent of coupling is higher than for the 
other synthesis routes (A and B). The peak with a retention time of 8.5 min represents the 
diblock copolymer PBA-PCL, which is situated between the peaks of PCL and PBA at 13 and 
7.5 min, respectively. Although a clear PCL peak can still be observed after the coupling 
reaction, the maleic anhydride-functionalized initiator is more effective for the preparation of 
PBA-PCL block copolymers. Qualitatively, the efficiency of the esterification is much better 
using route C than routes A and B. However, the control over the polymerization reaction of 
MMA in the last step is lost and a highly polydisperse third PMMA-block is obtained. 

Table 5.4: Chemical composition, block length, and polydispersity index of the M78B22C10 triblock copolymer 
synthesized by coupling using a maleic anhydride functionalized initiator (route C). The subscripts represent the 
number-average molecular weight Mn of the separate blocks in kg/mol. 

M78B22C10 Mn (kg/mol) w/w (%) PDI (-) 

Total 110   
PCL 10 9 1.4 

PBA 22 20 2.7 

PMMA 78 71 5.3 
 

(a) Route C: M78B22C10 (b) Route D: M62B32C7 

Figure 5.11: GPEC chromatogram of (a) the various blocks before and after esterification during the synthesis of 
M78B22C10, and (b) the macroinitiator PCL before and after BA polymerization. PBA is shown as a reference. 
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D: Synthesis results of the polymerization reaction after the 1,2-insertion of the acrylate of 
PCL into the initiator (TU/e). By this method, an acrylate of PCL is prepared and is added by 
1,2-insertion into the initiator. Subsequently, PBA and PMMA are added to the macroinitiator 
in the next NMP steps. 

The polydispersity index of the PBA-block obtained in this step is extremely high (6.1, see 
Table 5.5), since the control over the reaction was low due to the presence of the bulky 
acrylate of PCL in the initiator. The GPEC-chromatogram shows a very wide peak with a 
residence time of approx. 12 min (see Figure 5.11b). 

The molecular weight distribution and polydispersity index of the four block copolymers as 
described by the synthesis routes A-D are summarized in Table 5.6. 

Table 5.5: Chemical composition, block length, and polydispersity index of the M62B32C8 triblock copolymer 
synthesized by polymerization after initiator functionalization by 1,2-insertion of an acrylate of PCL (route D). 
The subscripts represent the number-average molecular weight Mn of the separate blocks in kg/mol. 

M62B32C7 Mn (kg/mol) w/w (%) PDI (-) 

Total 102   

PCL 7.5 7 1.1 

PBA 32 32 6.1 

PMMA 62 61 4.6 

 

Table 5.6: Molecular weight (distribution) of all polymer grades used. The subscripts represent the number-
average molecular weight Mn of the separate blocks in kg/mol. 

PMMA-block PBA-block PCL-block  
Mn (kg/mol) 
(a) 

PDI (-) Mn (kg/mol) PDI (-) Mn (kg/mol) PDI (-) 

PMMA 40 2.1 -  -  

diblock 75 2.5 18 1.4 -  
M75,MB18,LC10,L 

(b) 75 2.5 18 1.4 10 1.4 

M50,HB18,LC10,L 50 3.7 18 1.4 10 1.4 

M78,HB22,MC10,L 78 5.3 22 2.7 10 1.4 

M62,HB32,HC7,L 62 4.6 32 6.1 7.5 1.1 

(a) determined by size exclusion chromatography. (b) polydispersity: L = low (PDI < 2), M = medium (2 < PDI < 
3), H = high (PDI > 3). 

E: Synthesis results of the polymerization reaction after the 1,2-insertion of the acrylate of 
PCL into the initiator (Marseille), with occasionally the introduction of additional free SG1 to 
the BA polymerization step. The PCL-b-PBA diblock copolymers with Mn(PBA) of 20 
kg/mol, as obtained in the intermediate step for the triblock copolymer synthesis in the 
presence of 10 mol% of free SG1, contained around 90 % of living chains. Electron spin 
resonance (ESR) experiments showed that the initiating efficiency was not complete under the 
conditions used to prepare the PMMA-blocks, which indicates that the samples were 
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contaminated with PCL-b-PBA diblock copolymers. The homopolymer PCL, on the other 
hand, seems almost absent. For the preparation of the triblock copolymers M54,HB23,LC10,L, 
M64,HB23,LC10,L, and M100,MB23,LC10,L, no free SG1 was added to improve the control over the 
polymerization reaction, which resulted in diblock copolymers with 80 % SG1-functionality 
that were used in the final MMA polymerization step, as determined by ESR. The three 
triblock copolymers mentioned here contain still 31, 19, and 15 wt% of diblock copolymer. 
The molecular weight distribution and polydispersity index of the block copolymers 
synthesized by route E are presented in Table 5.7. 

Table 5.7: Molecular weight (distribution) of the respective blocks prepared by route E. 

PMMA-block PBA-block PCL-block block  
copolymer (b) 

sample code 

Mn (a) 
(kg/mol)  

PDI (-) Mn 
(kg/mol) 

PDI (-) Mn 
(kg/mol) 

PDI (-) 

M15,MB21,LC10,L NC19  15 2.1 21 1.6 10 1.6 

M11,MB19LC10,L NC20 11 2.7 19 1.5 10 1.5 

M122,HB11,LC10,L NC22 122 3.5 11 1.4 10 1.6 

M500,HB30,MC10,L NC24 500 3.9 30 2.5 10 1.6 

M54,HB23,LC10,L NC31 (c) 54 3.2 23 1.6 10 1.7 

M64,HB23,LC10,L NC32 (c) 64 3.1 23 1.6 10 1.7 

M100,MB23,LC10,L NC33 (c) 100 2.6 23 1.6 10 1.7 

(a) determined by size exclusion chromatography. (b) polydispersity: L = low (PDI < 2), M = medium (2 < PDI < 
3), H = high (PDI > 3). (c) for the last three samples the polymerization step of the PBA-block was carried out in 
the absence of free SG1 radicals. 

5.3.2 Thermal behavior of the triblock copolymers 

After the various synthetic approaches, the triblock copolymers obtained by routes A-D were 
subjected to an identical DSC program to investigate the crystallization behavior of PCL. 
First, the samples were heated to 160 °C to ensure complete melting and to erase possible 
melt memory effects which may influence the nucleation, after which the samples were 
cooled at a constant rate (10 K/min). Upon reaching the lower set point temperature of - 80 
°C, at which no further crystallization was observed, the samples were reheated at 10 K/min 
to ensure complete melting, after which the samples underwent another cooling and heating 
run at 2 K/min and 10 K/min, respectively. 

Thermal analysis by DSC of the triblock copolymers prepared by solvent casting and a 
reference diblock copolymer shows significant differences in crystallization behavior between 
the cooling runs of the various samples at 2 K/min after complete melting, see Figure 5.12a 
and Table 5.8. M75,MB18,LC10,L shows fractionated crystallization, i.e. two crystallization 
exotherms, around -8.4 and 11.5 °C (temperature at the maximum of the crystallization 
exotherm), whereas M50,HB18,LC10,L exhibits a single crystallization exotherm around 19.8 °C, 
indicating that only heterogeneous nucleation takes place, and M62,HB32,HC7,L exhibits a 
crystallization exotherm at - 42.8 °C, indicative for homogeneous nucleation. Subsequent 
heating shows a melting endotherm at approx. 55 °C varying from 2 - 5 J/g, representing a 
crystallinity of 17 - 37 % in the semi-crystalline phase, see Table 5.9. The enthalpy of 
crystallization of the triblock copolymers is calculated by linear integration of the exotherm in 
Figure 5.12a, yielding the results as given in Table 5.8. The block copolymers of low 
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coupling efficiency, prepared by the direct coupling of hydroxylic and carboxylic groups 
(routes A and B), have a larger crystallinity upon cooling than the block copolymers of which 
the initiating step involves the 1,2-insertion reaction (routes C and D), namely M75,MB18,LC10,L 
and M50,HB18,LC10,L display a crystallinity of 19 - 23 %, whereas the other block copolymers 
show only a low crystallinity (2 - 8 %). The crystallization temperature, either initiated by 
homogeneous or heterogeneous nucleation, varies strongly with the domain size of the block 
copolymer, which can be determined by SAXS. In the larger domains, relatively many 
impurities or nucleation sites are present for heterogeneous nucleation and, consequently, 
crystallization will be initiated at higher temperatures. Heterogeneous nucleation, for 
example, can occur in the temperature interval ranging from 0 to 20 °C. Homogeneous 
nucleation only occurs for M62,HB32,HC7,L at - 42.8 °C with an exotherm of 0.86 J/g (8 % 
crystallinity). Faster cooling at 10 K/min instead of at 2 K/min increases the crystallinity, 
where M75,MB18,LC10,L clearly obtains the highest crystallinity. 

(a) cooling at 2 K/min (b) heating at 10 K/min 

Figure 5.12: DSC runs of the solvent-cast triblock copolymers prepared by routes A-D and a compression-
molded PMMA-PBA diblock copolymer: (a) cooling curves at a rate of 2 K/min, and (b) heating curves at a rate 
of 10 K/min. A, B, C, and D denote the polymers as prepared by that respective synthetic route. 

 

Table 5.8: Crystallization data of solvent-cast triblock copolymers measured during cooling at 2 K/min.  

Block copolymer Cooling at 2 K/min Cooling at 10 K/min 

 ΔHc  
(J/g) (a) 

Tc  
(°C) (b) 

χPCL 
(%) (c) 

Type of nucleation ΔHc 
(J/g) 

Tc (°C) Type of 
nucleation 

M75,MB18,LC10,L 3.29 -8.4 and 11.51 23 Homo and hetero 5.162 10.35 Homo 

M50,HB18,LC10,L 3.59 19.83 19 Hetero 4.278 16.34 Hetero 

M78,HB22,MC10,L 0.281 9.49 2 Hetero 0.262 6.56 Hetero 

M62,HB32,HC7,L 0.861 - 42.8 8 Homo - - - 

(a) determined by linear integration of the exotherm. (b) at peak maximum. (c) χ is the crystallinity of the semi-
crystalline block (%), with ΔHm,PCL (χ = 100 %) = 148.1 J/g.33 
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Table 5.9: Crystallization data of solvent-cast triblock copolymers measured during heating at 10 K/min. 

Block copolymer Heating at 10 K/min   

 ΔHm (J/g) (a) 
around T = 50 °C 

PCL content 
(wt%) 

χPCL (%) (b) 

M75,MB18,LC10,L 3.698 9.7 26 

M50,HB18,LC10,L 4.675 12.8 25 

M78,HB22,MC10,L 2.233 9.1 17 

M62,HB32,HC7,L 3.771 6.9 37 

(a) determined by linear integration of the exotherm. (b) ΔHm,PCL (χ = 100 %) = 148.1 J/g. 

5.3.3 Transmission Electron Microscopy (TEM) 

The morphologies of several triblock copolymers and their blends with PMMA, prepared 
either by solvent casting or by compression molding, are visualized by TEM. Even for the 
pure triblock copolymer systems, sometimes macrophase separation might occur, since most 
triblock copolymers described in this thesis contain impurities (mainly diblock copolymer), 
due to inefficient coupling. 

5.3.3.1 Morphology of M62,HB32,HC7,L prepared by route D 

Solvent casting: Figure 5.13 shows the TEM-images of the solvent-cast triblock copolymer 
M62,HB32,HC7,L as prepared by esterification after functionalization by acryloyl chloride. A 50 
wt% blend shows a typical ‘salami-structure’, see Figure 5.13a and b, where the diblock 
copolymer impurities (black) forms separate domains which are encapsulated by the triblock 
copolymer/PMMA matrix (light). The size of the salami-structure is in the micrometer range, 
whereas the size of the diblock copolymer domains is approximately 0.2 μm. In the latter, the 
organization of the diblock copolymers is cylindrical. Optically, the sample is translucent, 
amongst others because the refractive indices of the three components are closely matching 
(PMMA, PCL, and PBA have respective refractive indices of 1.491, 1.476, and 1.474), but 
slightly opaque. 

   
(a) 50 wt% blend (b) 50 wt% blend (c) 25 wt% blend 

Figure 5.13: TEM-images of solvent-cast blends of M62,HB32,HC7,L and PMMA. 

Blends of 25 wt% of M62,HB32,HC7,L and PMMA show no salami-structures, see Figure 5.13c. 
The morphology is better developed, since the block copolymer is better dispersed by the 
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PMMA. Increasing the amount of PMMA improves the dispersion of the block copolymer, 
although the triblock copolymer is far from pure and contains significant amounts of diblock 
copolymer. In-situ SAXS measurements during tensile testing of M62,HB32,HC7,L confirmed 
that its overall morphology was too coarse to result in proper strain localization and, hence, 
brittle fracture was not prevented. 

Compression molding: Figure 5.14 presents the TEM-images of samples prepared by 
compression molding. Clearly, the morphology is much less defined compared to the solvent-
cast samples. Solvent-cast samples have sufficient time to micro- and/or macrophase separate 
during evaporation of the solvent and therefore yield better ordered structures, whereas 
compression-molded samples experience high viscosities during processing in the melt and 
hence the mobility is much less, thus suppressing the development of a well-phase separated 
morphology. Compression-molded blends of 50 wt% M62,HB32,HC7,L contain much smaller 
diblock copolymer domains in the matrix, although well-developed cylindrical 
microstructures can be discerned throughout the sample, see Figure 5.14a and b. Blends of 25 
wt% M62,HB32,HC7,L almost do not show any organization (Figure 5.14c). 

   
(a) 50 wt% blend (b) 50 wt% blend (c) 25 wt% blend 

Figure 5.14: TEM-images of compression-molded blends of M62,HB32,HC7,L and PMMA. 

5.3.3.2 Morphology of triblock copolymers prepared by route E 

Morphology of M11,MB19,LC10,L. A solvent-cast 50 wt% blend of M11,MB19,LC10,L and PMMA 
shows large dispersed domains of block copolymer, see Figure 5.15a. However, taking a 
closer look at the triblock/PMMA domain, small spherical particles of approx. 30 nm can be 
distinguished when the image is brought just out of focus (under focus), see Figure 5.15b, 
which is confirmed by SAXS (Figure 5.23). 

Morphology of M122,HB11,LC10,L. TEM-analysis of solvent-cast M122,HB11,LC10,L, a triblock 
copolymer with a PMMA-block of moderately high molecular mass (122 kg/mol) and a 
relatively short PBA-block, shows a well-organized structure, see Figure 5.16. Diblock 
copolymer-rich domains (black) surrounded by very small diblock copolymer spots (black) 
are formed in the triblock copolymer matrix (gray). The diblock copolymer domains exhibit a 
cylindrical morphology, as can be seen by the parallel and perpendicularly oriented structures 
at the highest magnification (Figure 5.16b). 

Blending 50 wt% M122,HB11,LC10,L with PMMA results in a similar morphology, mainly due to 
the high compatibility of the PMMA matrix with the high molecular weight PMMA-block in 
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the wet-brush regime. However, diblock copolymer impurities (without PMMA-block) phase 
separate from the PMMA matrix and form a well-organized structure, see Figure 5.16c. In the 
matrix consisting of PMMA/triblock copolymer (gray) diblock copolymer-rich domains 
(black) are visible, which show cylindrical ordering. The only difference with the pure 
M122,HB11,LC10,L is that less diblock copolymer-rich domains are present. Compression-molded 
blends of M122,HB11,LC10,L with PMMA show many dispersed domains, but no distinct 
ordering. 

 
(a) (b) 

Figure 5.15: TEM-images of a solvent-cast 50 wt% blend of M11,MB19,LC10,L and PMMA.  

   
(a) pure triblock (b) pure triblock (c) 50 wt% blend  

Figure 5.16: TEM-images of solvent-cast M122,HB11,LC10,L. 

Morphology of M64,HB23,LC10,L. Figure 5.17 shows the microscope images of solvent-cast 
pure M64,HB23,LC10,L, with a very pronounced lamellar ordering. At high magnifications, 
worm-like structures of approx. 40 nm in size of high curvature can be observed, caused by 
the high polydispersity of the PMMA-block and the presence of diblock copolymer 
impurities. 

Blending M64,HB23,LC10,L with PMMA results in a quite different morphology. At first sight, a 
few large domains are present without any specific ordering, see Figure 5.18a. However, at 
higher magnifications in the PMMA matrix of both the 50 and the 25 wt% blends, dispersed 
spherical domains of approx. 45 nm in diameter can be observed, see Figure 5.18b and c. The 
amount of dispersed spheres is lower when less triblock copolymer is added. 
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(a) (b) 

Figure 5.17: TEM-images of solvent-cast pure M64,HB23,LC10,L. 

  
(a) 50 wt% blend (b) 50 wt% blend (c) 25 wt% blend 

Figure 5.18: TEM-images of solvent-cast blends of M64,HB23,LC10,L and PMMA. 

Morphology of M100,MB23,LC10,L (NC33). Solvent-cast pure M100,MB23,LC10,L shows lamellar 
ordering (Figure 5.19), with a lower curvature due to the relatively low polydispersity index 
compared to the previous system. Upon comparison with M64,HB23,LC10,L, it is clear that the 
longer PMMA-block results in larger PMMA domains. TEM-images of blends of this triblock 
copolymer with PMMA are similar to Figure 5.18, with spherical domains of approx. 30 nm. 

 
(a) (b) 

Figure 5.19: TEM-images of pure M100,MB23,LC10,L (NC33) as prepared by solvent casting. 
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In compression-molded pure M100,MB23,LC10,L lamellar ordering can be observed, see Figure 
5.20. This is the only compression-molded sample that resulted in a well-developed 
morphology, however, compared to the solvent-cast samples its organization is much less as 
confirmed by the absence of a clear scattering ring in the radially-integrated SAXS pattern, 
see Figure 5.25a. 

 
(a) (b) 

Figure 5.20: TEM-images of pure M100,MB23,LC10,L (NC33) as prepared by compression molding. 

Morphology of M500,HB30,MC10,L. Figure 5.21 shows the microscope images of solvent-cast 
pure M500,HB30,MC10,L, with a very pronounced ordering between cylindrical and lamellar. The 
size of the lamellae is approx. 80 nm. In Figure 5.21c, small PCL-domains are present in the 
dark work-like structures which are oriented parallel to the phase boundary. 

   
(a) (b) (c) 

Figure 5.21: TEM-images of solvent-cast pure M500,HB30,MC10,L. 

Effect of PMMA block-length. Figure 5.22 shows three pure triblock copolymers with 
comparable PCL-PBA blocks at a magnification of 14,500 x. M500,HB30,MC10,L, a block 
copolymer with a very long PMMA-block (Mn,PMMA = 500 kg/mol) shows very pronounced 
ordering. M64,HB23,LC10,L, with Mn,PMMA = 64 kg/mol, shows similar organization, although its 
domain size is clearly smaller. The morphology of M100,MB23,LC10,L, with a PMMA-block of 
lower polydispersity (100 kg/mol), shows the same characteristics as M64,HB23,LC10,L, although 
the domain size appears to be a little bit smaller and its curvature is less. 
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(a) M500,HB30,MC10,L (NC24) 
80 nm domains 

(b) M64,HB23,LC10,L (NC32) 
40 nm domains 

(c) M100,MB23,LC10,L (NC33) 
33 nm domains 

Figure 5.22: TEM-images of three solvent-cast pure triblock copolymers at equal magnification (14,500 times). 

5.3.4 Small-Angle X-ray Scattering 

By radial integration of the 2-D scattering patterns detailed information can be obtained about 
the size and type of the morphology. However, the high polydispersity index causes the 
scattering peaks to be quite diffuse and that the higher order peaks, needed to resolve the 
exact morphology, viz. lamellar vs. cylindrical vs. spherical, can not be discerned anymore. 
Solvent-cast blends of M11,MB19,LC10,L with PMMA, for example, show a diffuse scattering 
peak around q = 0.022 Å-1, see Figure 5.23. This corresponds to a domain size of 29 nm, 
which is in close agreement with TEM that shows spherical domains (Figure 5.15). 

 

Figure 5.23: SAXS patterns of solvent-cast blends of 50 and 25 wt% M11,MB19,LC10,L and PMMA. 

Figure 5.24a reveals more details about the morphology of M64,HB23,LC10,L (NC32) and its 
blends. Pure M64,HB23,LC10,L scatters at q-values of approx. 0.0054, 0.0110, and 0.0198 Å-1, 
respectively, which corresponds to a lamellar ordering (1 : 2). Blending with PMMA causes a 
morphological transition from lamellar to hexagonally packed cylinders, and obviously the 
increase in domain size decreases the q-values. A 25 wt% blend of M64,HB23,LC10,L, for 
example, gives scattering peaks at q-values of 0.0052, 0.0096, and 0.0172 Å-1, respectively. 

Figure 5.24b shows the scattering pattern of M100,MB23,LC10,L (NC33). The pure triblock 
displays a hexagonally packed cylindrical morphology, with peaks at q-values of 0.0077, 
0.0129, and 0.0192 Å-1 (approx. 1 : √3 : √7). In this case, the addition of PMMA causes a 
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transition in morphology into a lamellar ordered system for the 25 wt% blend, with scattering 
maxima at q = 0.0059, 0.0118, and 0.0191 Å-1. 

(a) M64,HB23,LC10,L (NC32) (b) M100,MB23,LC10,L (NC33) 

Figure 5.24: SAXS patterns of solvent-cast (SC) blends of triblock copolymer and PMMA. 

The SAXS patterns of compression-molded M100,MB23,LC10,L and its 25 wt% blend (Figure 
5.25a) show no distinct peak and hence no information about the morphology can be 
obtained. The other compression-molded samples (M54,HB23,LC10,L and M64,HB23,LC10,L) do not 
show a peak either. 

(a) compression molded NC33 (b) solvent cast NC24, NC32, and NC33 

Figure 5.25: (a) SAXS patterns of compression-molded M100,MB23,LC10,L (NC33) and its 25 wt% blend. (b) 
Comparison of the SAXS patterns of solvent-cast triblock copolymers varying in PMMA-block length from 64 
to 500 kg/mol. 

Figure 5.25b presents the comparison of the SAXS patterns of some solvent-cast pure triblock 
copolymers. Samples M64,HB23,LC10,L (NC32) and M100,MB23,LC10,L (NC33) show a clear peak 
around q = 0.06 Å-1. The 1st-order maximum of M500,HB30,MC10,L (NC24), however, can not be 
resolved at the used camera length of 8.0 m, since it is positioned close to or behind the beam-
stop. The largest domain size (80 nm) is observed for NC24, as confirmed by TEM and 
SAXS, see Figure 5.22 and Figure 5.25b. 
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5.3.5 Influence of thermal treatments on the morphology 

The domain size of the various triblock copolymers as prepared by both solvent casting and 
by compression molding can be determined by SAXS. This domain size is of utmost 
importance on the type of nucleation that will occur during cooling and on the crystallinity in 
the semi-crystalline domain. Together, domain size and crystallinity control the final response 
to deformation, since the stress level in these domains influences the ability to delocalize 
strain. The morphology, viz. spherical, cylindrical, lamellar, determines the type of nucleation 
that can occur. Cylindrical domains, for example, can show both heterogeneous and 
homogeneous nucleation dependent on the processing conditions. Lamellar domains mainly 
show heterogeneous nucleation, whereas spherical domains mostly nucleate homogeneously. 

After solvent casting and subsequent quenching, the SAXS pattern of M75,MB18,LC10,L, a block 
copolymer with a PDI of 2.5, shows a well-resolved isotropic scattering ring (Figure 5.26a), 
which for M50,HB18,LC10,L, a sample of nearly identical composition but of higher PDI (3.7), is 
not visible, although some additional scattering is observed close to the beamstop (Figure 
5.26b). Radial integration reveals more details (Figure 5.27). Solvent-cast M75,MB18,LC10,L 
shows besides the 1st-order peak a higher order peak. Its peaks are positioned at q = 0.0135 
and 0.0239 Å-1, with an approximate ratio of 1 : √3, indicating that the system consists of a 
morphology of hexagonally packed cylinders with an average d-spacing of 465 Å. The 
scattering pattern of solvent-cast M50,HB18,LC10,L shows less defined peaks, although two 
peaks are observed at q = 0.0073 and 0.0146 Å-1, suggesting a lamellar morphology (1 : 2). 

The morphology of the solvent-cast samples can, compared to compression-molded samples 
with high melt viscosity, develop much better due to its higher mobility in solution. During 
compression molding, the samples are in the melt and subsequent cooling vitrifies the matrix, 
which strongly restricts further morphology development. In summary, the morphology of the 
compression-molded samples is much less developed compared to the solvent-cast samples, 
and in most cases only a 1st-order scattering peak can be observed, see Figure 5.27. 

  
(a) M75,MB18,LC10,L with PDI(PMMA) = 2.5 (b) M50,HB18,LC10,L with PDI(PMMA) = 3.7

Figure 5.26: Initial SAXS patterns of solvent-cast and quenched samples. A higher polydispersity of the PMMA-
block (M50,HB18,LC10,L) results into a much less ordered structure which does not show a 1st-order scattering ring. 
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(a) M75,MB18,LC10,L with PDI(PMMA) = 2.5 (b) M50,HB18,LC10,L with PDI(PMMA) = 3.7 

Figure 5.27: Radially-integrated SAXS patterns after solvent casting (SC) or compression molding (CM). 

5.4 Discussion 

5.4.1 The influence of block copolymer purity on the morphology 

The coupling efficiency between the two end-groups on the polymer chains (e.g. –COOH and 
–OH) by the esterification of PCL-OH and the carboxylic acid end-group of the diblock 
copolymer is limited (e.g. M75,MB18,LC10,L and M50,HB18,LC10,L, routes A and B, respectively). 
Only a minor weight percentage of the resulting polymer actually consists of a triblock 
copolymer, the remainder consists namely of diblock copolymer and monoblock copolymer 
building groups. GPEC analysis showed that the samples sometimes consisted of only 20 wt% 
of triblock copolymer. Dependent on the synthesis method, fractions of acrylate diblock 
copolymer (PBA-PMMA) or homopolymer PCL were present in the triblock copolymer; 
however, this will not have per definition a negative influence on the sample’s mechanical 
properties, since diblock copolymer contamination, for example, might even lead to more 
stable structures due to its compatibilizing influence. Routes C-E yield better coupled triblock 
copolymers. Namely, in route C the reactivity of the initiator is increased by the insertion of 
maleic anhydride into the initiator by 1,2-insertion which has an improved reactivity over the 
carboxylic acid end-group. Finally, routes D and E describe the synthesis of triblock 
copolymer in which an acrylate-functional PCL-block is added to the initiator by 1,2-insertion 
followed by the polymerization of the respective acrylate blocks, which resulted in triblock 
copolymers that contain less intermediate reaction products. 

To understand the material’s response to deformation, the exact composition needs to be 
known. The crystallinity, for example, is influenced by the morphology, which a.o. is 
determined by the ratio of PCL that is present as homopolymer or in the di- or triblock 
copolymer. In this chapter, the synthesis of the triblock copolymers is described and it is 
shown that fractionated crystallization can occur, whereas the effect on the mechanical 
properties is described in Chapter 6. The determination of the exact composition of the 
triblock copolymer additive is beyond the scope of this current research and is left as an issue 
for future research. 
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5.4.2 Polydispersity 

The influence of the polydispersity index on the morphology is evident. Block copolymers 
with a PMMA-block of narrow molecular weight distribution show a better ordered 
morphology with more pronounced scattering peaks than those of high polydispersity. High 
polydisperse systems result in morphologies of high interfacial curvature,34 see Figure 5.22a 
and b, whereas for PMMA-blocks of intermediate polydispersity only a limited curvature is 
observed, see Figure 5.22c. Upon blending with PMMA, as will be pursued in Chapter 6, the 
interaction with the matrix is critical. The molecular weight of the PMMA-block of the 
copolymers should be higher than that of the matrix homopolymer to achieve optimal 
interaction (wet-brush) between the copolymer and the matrix. Preferentially, the molecular 
weight of the PMMA-block should lie in the range of 40 – 120 kg/mol: high enough to form 
effective entanglements and not too high to prevent processing difficulties. The polydispersity 
of the PMMA-block of the copolymer is of no influence on the interaction with the matrix as 
long as the conditions for a wet-brush regime are obeyed.35 

5.4.3 Fractionated crystallization 

The block copolymer morphology, e.g. cylindrical or spherical, influences the type of 
nucleation that will take place, since it is strongly dependent on the domain size of the semi-
crystalline PCL-block. This so-called fractionated crystallization was observed in PS/PP 
blends, in which the crystallizable component (PP) is finely dispersed in the amorphous PS 
matrix, and in polystyrene-poly(ethylene oxide) block copolymers, where the PEO block 
might crystallize.36,37 For self-organizing block copolymer/thermoset blends, which contain a 
semi-crystalline block that is immiscible with the thermoset, the occurrence of homogeneous 
nucleation is shown to be greatly affected by the nanoscale confinement.38 

Fractionated crystallization was identified by DSC for pure polystyrene-polybutadiene-
polycaprolactone (PS-PB-PCL) triblock copolymers with blocks of a molecular weight of 78, 
37, and 22 kg/mol, respectively.13 During cooling, a second exotherm, which is not present in 
the cooling curve of pure PCL, was observed at a much lower temperature, i.e. at larger 
supercooling, see Figure 5.28a. Due to the low PCL content, a dispersed phase is formed 
whose average size is small enough to induce fractionated crystallization: there are more 
PCL-domains present than active sites for heterogeneous nucleation. The first crystallization 
exotherm (I), which appears at a temperature close to the crystallization temperature of the 
pure homopolymer at 25 °C, is the result of heterogeneous nucleation, while the second 
crystallization exotherm (II) at -55 °C results from homogeneous nucleation and, in general, 
can only be discerned when the crystallizable block is the minority component and forms a 
dispersed phase.37 Besides being temperature dependent, the relative crystallization enthalpies 
of both exotherms also depend on the amount of heterogeneities in the system, e.g. extremely 
purified polymers might crystallize predominantly by a homogeneous nucleation process. 

As mentioned before, the type of nucleation is strongly influenced by the domain size of the 
semi-crystalline phase and is closely related to the morphology, which is schematically 
visualized in Figure 5.28b. When the domain size is relatively large, e.g. for block 
copolymers that are organized in a lamellar (L) morphology, heterogeneous nucleation occurs 
and only the high-temperature exotherm can be observed. On the other hand, when the 
number of semi-crystalline microdomains present exceeds the number of active sites for 
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nucleation, then homogeneous nucleation might be the only type of crystallization possible, 
e.g. when small spherical (S) domains are present. A cylindrical (C) microstructure can, 
dependent on the exact morphology, show either one type of nucleation, or a combination of 
both. 

(a) (b) 

Figure 5.28: (a) DSC cooling scan of PS-PB-PCL at 20 °C/min showing both heterogeneous (I) and 
homogeneous (II) nucleation. Reproduced from Balsamo et al.13 (b) Schematic cooling scan representing the 
types of fractionated crystallization that can occur. Heterogeneous nucleation is represented by (I), whereas 
homogeneous nucleation is represented by (II) for lamellar (L), cylindrical (C), and spherical (S) morphologies. 

Although the probability for combined heterogeneous and homogeneous nucleation in a 
system of spherical morphology is small and in most cases allows only for homogeneous 
nucleation, it is the spherical morphology that is the most likely to successfully improve the 
mechanical properties in a blend, since spheres improve the properties in all loading 
directions, whereas lamellae, for example, are likely to be the worst impact modifiers, since 
the occurrence of interlamellar crazing might cause brittle fracture. Furthermore, the influence 
of processing on morphology will be the smallest for spherical structures. In this respect, 
cylindrical structures have intermediate toughening properties. In some cases, the addition of 
extra matrix material to the blend causes a transition in morphology, i.e. for symmetric 
diblock copolymers from lamellae to vesicles or for asymmetric ones from vesicles to core-
shell-like structures, which in turn alters the response to mechanical deformation.39 

DSC evaluation of the triblock copolymers prepared by routes A-D shows that indeed 
fractionated crystallization occurs. One sample exhibits both heterogeneous and homogeneous 
nucleation, namely M75,MB18,LC10,L with a cylindrical morphology shows two crystallization 
exotherms at - 8.4 and 11.5 °C, whereas the other samples show either homogeneous or 
heterogeneous nucleation: M50,HB18,LC10,L with a heterogeneous crystallization exotherm at 
19.3 °C and M62,HB32,HC7,L with a homogeneous crystallization exotherm at - 42.8 °C. 

The crystallinity of the samples obtained under identical thermal conditions is higher for the 
samples prepared by direct coupling (routes A-B) than the block copolymers prepared by 1,2-
insertion (routes C-E). This can probably be explained by the fact that these triblock 
copolymers contain a larger content of diblock copolymer and PCL impurities, which are not 
accounted for while determining the crystallinity. Besides this, the presence of the bulky SG1-
side group might also have a minor effect on the crystallization behavior of the acrylate of 
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PCL. The crystallization temperature of heterogeneous nucleation decreases with decreasing 
domain size. Sample M75,MB18,LC10,L crystallizes heterogeneously at 11.5 °C and shows a 1st-
order scattering peak with a d-spacing of 485 Å, whereas sample M50,HB18,LC10,L crystallizes 
at 19.8 °C and scatters at a d-spacing of 861 Å. In the latter case, the presence of larger 
domains significantly increases the probability to find a nucleation site and, consequently, 
crystallization takes place at a slightly higher temperature. In the former case, there is also a 
fraction of the semi-crystalline domains that crystallizes homogeneously. 

The sample preparation method, i.e. compression molding or solvent casting, has a great 
influence on the thermal properties as measured by DSC. During solvent casting, the blocks 
have more time to phase separate and form a more pronounced ordered morphology than 
block copolymer samples prepared by compression molding. 

5.4.4 Morphology 

Compression molding at 180 °C did not result in well-developed morphologies in contrast to 
solvent casting, which shows distinct peaks in the SAXS pattern. TEM-analysis of the pure 
solvent-cast samples reveals large differences in domain size, which depend on composition 
and polydispersity, for example. After blending with PMMA, however, the triblock 
copolymers seem to organize in spherical structures of approx. 40 nm. By SAXS, it is quite 
difficult to determine the precise peak positions due to the large amounts of impurities in the 
triblock copolymers and the high polydispersities of the various components. 

5.5 Conclusions 

PMMA-b-PBA-b-PCL triblock copolymers were prepared by nitroxide mediated 
polymerization in combination with an esterification reaction. In route A, the triblock 
copolymer is synthesized in a step-wise manner, by simply adding one block in each 
polymerization step. To improve the purity of and the control over the final block copolymer, 
the order of the synthesis was changed, which only had a minor influence on the purity, but 
significantly increased the polydispersity, see route B. In routes C and D, a synthetic pathway 
is described in which the reactivity of the initiator towards the PCL-OH block is increased. 
Overall, this resulted in more pure samples, although the control over the polydispersity was 
strongly reduced. Finally, in route E adjustments are made to route D to obtain an even better 
defined triblock copolymer, amongst others by improving control over the polydispersity in 
the synthesis of the PBA-block. 

The effect of composition and impurities on crystallinity and, consequently, the final 
morphology was discussed. For proper interaction between block copolymer and matrix, the 
system should be in the wet-brush regime, where the PMMA-block of the copolymer is 
‘solubilized’ by the PMMA matrix, and not in the dry-brush regime, where PMMA 
copolymer and matrix tend to phase separate. To this goal, the molecular weight of the 
PMMA-chains and the PMMA copolymer block should be approximately equal. It appears 
that block copolymers containing PMMA-blocks of intermediate polydispersity show both 
homogeneous and heterogeneous crystallization, whereas the others only show one type of 
nucleation. The polymer containing a very short PCL-block of 7 kg/mol shows homogeneous 
nucleation, possibly due to the fact that its PCL-domains are very small and that, as a 
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consequence, the number of nucleation sites is much smaller that the number of PCL-
domains, which only allows for homogeneous nucleation. 

The polydispersity of the triblock copolymer is especially important for the visualization of 
the morphology. Block polymers of low polydispersity arrange in a much better ordered 
fashion than highly polydisperse samples and, consequently, can be characterized more 
accurately. SAXS analysis shows that for a PMMA-block with a polydispersity of 2.5 still 
two scattering rings can be observed, whereas the second ring is absent when PMMA-blocks 
of polydispersity of 3.7 are used. High polydisperse systems show a high interfacial curvature 
with no long range order. For optimal interaction of the PMMA part of the block copolymer 
and the PMMA matrix, the molecular weight of the former should be equal or slightly higher 
than the latter, i.e. the wet-brush conditions should be obeyed to form sufficient effective 
entanglements. 

Transmission electron microscopy (TEM) shows that the samples prepared by solvent casting 
have a more pronounced phase-separated morphology compared to the compression-molded 
samples. Most samples do not reveal a clear morphology, probably due to the high amount of 
diblock copolymer impurities, although well-defined ordering is observed for the solvent-cast 
pure block copolymers M500,HB30,MC10,L, M64,HB23,LC10,L, and M100,MB23,LC10,L. Blends of these 
triblock copolymers with PMMA show spherical domains of approx. 40 nm, see Figure 5.18. 
For the morphology, the synthesis of triblock copolymers containing less impurities is of 
paramount importance in order to develop the concept of ‘easy-cavitating modifiers’. 

Small-angle X-ray scattering (SAXS) indeed shows that the dimensions and the type of the 
morphology changes upon PMMA addition. However, the systems under investigation here 
are rather large in polydispersity and might contain many impurities, which makes the 
determination of the exact morphology from the very broad SAXS peaks quite difficult. 

In Chapter 6, the response to deformation of the triblock copolymer systems and its blends 
with PMMA is described. Furthermore, the effects of a specific thermal treatment or 
processing history on the microscopic mode of deformation will be studied. 
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Chapter 6 

Macroscopic properties and deformation 
mechanisms of PMMA-PBA-PCL triblock 
copolymer systems 
 

Abstract: The local deformation mechanisms and mechanical properties of poly(methyl 
methacrylate) (PMMA)-b-poly(butyl acrylate) (PBA)-b-poly(ε-caprolactone) (PCL) (MBC) 
triblock copolymers, prepared by nitroxide-mediated polymerization, and its blends with PMMA 
are studied by time-resolved small-angle X-ray scattering (SAXS) during tensile testing. These 
block copolymers cover a range of individual block lengths with different levels of coupling 
between the PCL and poly(acrylate) blocks. It is shown that the molecular weight of the PMMA-
block should be approximately equal to or higher than the PMMA matrix homopolymer to avoid 
macrophase separation and have sufficient entanglement coupling, i.e. within the so-called 'wet-
brush' regime. The presence of the semi-crystalline PCL-blocks increases the ductility, since 
volumetric changes during crystallization generate additional stresses within the PBA-domains, 
leading to precavitation. This promotes strain delocalization and concomitantly suppresses the 
formation of crazes. The level of precavitation can be controlled by the cooling procedure, which 
induces heterogeneous and/or homogeneous nucleation, or preferably a combination thereof. 
Further, the influence of processing conditions, viz. compression molding or solvent casting, is 
investigated. Compression molding at 180 °C does not result in a well-organized morphology in 
contrast to solution casting. This may be related to the reduced mobility and the position of the 
order-disorder transition (ODT). The mechanical properties of the solvent-cast systems can 
successfully be improved by the addition of the MBC-block copolymers, which can be ascribed to 
the change of the deformation mechanism from crazing to cavitation-induced shear yielding. 

6.1 Introduction 

The toughness of brittle amorphous, glassy polymers, like poly(methyl methacrylate) 
(PMMA), can be improved by the addition of ABA or ABC block copolymers containing at 
least one rubbery block, which form micellar, cylindrical, or lamellar structures within the 
matrix.1,2,3 Within these rubbery structures, cavitation should occur easily, since this enables 
the release of the tri-axial stress state and, hence, delocalization of strain, which might prevent 
craze formation in brittle polymers.4,5 The ability of the rubbery particles to cavitate depends 
on the cross-link density and particle size; the smaller the particles, the more difficult they 
cavitate.6 However, when a particle is precavitated, its size has no practical limit.7,8,9 
Precavitated systems can be obtained by using block copolymers with a semi-crystalline core-
forming block that shrinks upon crystallization.10,11,12 The crystallinity and the type of 
nucleation in the PCL-domains are important, since internal stresses introduced during 
crystallization facilitate cavitation upon deformation and thereby promote delocalization of 
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strain.13,14 The size and the geometry of these crystallizable domains and the processing 
conditions, mainly the cooling rate, strongly determine the type of nucleation. In the presence 
of large crystallizable domains, the probability is high to find heterogeneities that can act as 
nucleation site and so-called heterogeneous nucleation occurs. When the domains are 
relatively small, the number of active heterogeneities might be smaller than the number of 
domains and heterogeneous nucleation is strongly suppressed. In the latter case, however, 
nucleation can still occur at a supercooled temperature, i.e. homogeneous nucleation. The 
occurrence of these two nucleation events, depends also on the processing conditions; they 
can either occur separately or as a combination of both.11,15 

Further, the short-range and long-range order of the morphology is essential, which depends 
on the composition of the triblock copolymer, the processing conditions, and the extent of 
mixing. A different morphology, i.e. spherical, cylindrical, or lamellar, implies different 
mechanical properties. For example, orientation of semi-crystalline cylinders in a glassy 
matrix parallel to the tensile direction can induce ductility, while orientation perpendicular to 
the tensile direction results in brittle failure.16 When a triblock copolymer is cooled from the 
melt to room temperature, the system might microphase separate, followed by matrix 
(PMMA) vitrification, and subsequent crystallization of PCL. 

For the successful enhancement of the mechanical properties, it is a prerequisite that the 
matrix molecular weight should exceed eight times Me,17 the molecular weight between 
entanglements, since only then the number of entanglements per chain is sufficient to spread 
out the stress over multiple chains during deformation. Next to that, for the successful 
suppression of macrophase separation, the degree of polymerization of the PMMA-block in 
the block copolymer should be equal or higher than that of the PMMA matrix homopolymer, 
i.e. the conditions for the so-called ‘wet-brush’ regime should be obeyed18. Therefore, a rather 
high polydispersity index (PDI) is preferred for both the PMMA homopolymer and the 
PMMA-block. 

The synthesis of poly(methyl methacrylate) (PMMA)-b-poly(butyl acrylate) (PBA)-b-poly(ε-
caprolactone) (PCL) (MBC) triblock copolymers varying in composition, individual block 
lengths, and polydispersity index was described in Chapter 5. Several routes (A-E) were 
explored to incorporate the crystallizable PCL-block, namely by esterification, 1,2-insertion, 
or a combination thereof. In this chapter, the macroscopic deformation of blends of the MBC 
triblock copolymers and PMMA will be compared to PMMA. Next, the microscopic mode of 
deformation of these systems will be studied by time-resolved small-angle X-ray scattering 
(SAXS) during tensile testing to relate this to the macroscopic behavior. The response of the 
PMMA matrix, pure diblock copolymers, and pure triblock copolymers will be successively 
investigated, followed by blends of various triblock copolymers and PMMA. In the latter 
case, the effect of impurities due to ineffective esterification will also be studied. 
Subsequently, the influence of the PMMA block-length and its polydispersity index will be 
investigated by using various block copolymers prepared by route E, which yielded the best-
defined triblock copolymers. Regarding the thermal history, the effect of additional quenching 
on crystallization is investigated first followed by the effect of physical ageing.19,20  
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6.2 Interpretation of Small-Angle X-ray Scattering data 

6.2.1 Microscopic modes of deformation 

Tensile tests in combination with X-ray scattering measurements provide insight in the 
microscopic deformation mechanism of polymers.21,22,23,24 Polystyrene (PS), for example, 
shows already at low deformation very strong scattering in the form of streaks in the vertical 
or meridional direction (azimuthal angles 90 and 270°, see Figure 6.2a for definition of the 
azimuthal angle). The appearance of these streaks is related to the formation of crazes and is 
the result of scattering of the X-rays at the craze-matrix interface caused by electron density 
differences between the polymer matrix and the craze and by some external reflections at this 
interface.25,26 Perpendicular to the testing direction very weak streaks can be observed, which 
originate from craze-fibril scattering and might be used to calculate the volume fraction of 
crazes and the average fibril diameter.27 Figure 6.1 depicts possible scattering patterns that 
can be obtained during tensile testing. Figure 6.1a shows the scattering pattern for a system in 
which crazing is the dominant deformation mechanism, as described above. Figure 6.1b 
shows the scattering pattern of a system dominated by cavitation. Since the cavities have 
initially a spherical shape with neither a dominant size nor correlation, the scattering intensity 
is equal in all directions. The scattering intensity is mainly governed by the electron density 
differences between the vacuum in the cavity and the surrounding polymer. Figure 6.1c is an 
example of a scattering pattern of a high concentration rubber core-shell-filled material. The 
scattering intensity is relatively high perpendicular to the tensile direction, though the 
scattering pattern may be different for systems that show debonding between core and shell or 
cavitation within the core-shell particle.22 Figure 6.1d shows a scattering pattern of a system 
that deforms via cavitation-induced shear yielding. Note that some deformation mechanisms 
may occur simultaneously. 

(a) crazing (b) cavitation (c) deformation of 
particles 

(d) cavitation and 
shear yielding 

Figure 6.1: Schematic representation of several modes of microscopic deformation as visualized by SAXS: (a) 
crazing, (b) cavitation, (c) deformation of particles, and (d) a combination of cavitation and shear yielding. Note 
that the tensile direction is vertical. 

6.2.2 Azimuthal integration 

From the time-resolved scattering patterns, three-dimensional azimuthal plots can be 
constructed to visualize the development of orientation during the tensile test with an 
azimuthal angle of 0 and 180° defined as being perpendicular to the tensile direction. 
Therefore, the 2-D scattering patterns are subdivided in 360 cake sections of 1 degree each 
(Figure 6.2a), which are subsequently integrated over the accessible q-range to determine the 
amount of scattering in each direction. Figure 6.2b shows a 3-D plot of the distribution of the 
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scattering as a function of clamp displacement (or deformation time) after azimuthal 
integration. The azimuthal integration makes it easier to distinguish between different 
deformation mechanisms. Scattering at azimuthal angles of 0 and 180°, referred to as 
equatorial scattering, is indicative for shear yielding, whereas very strong scattering in the 
tensile direction (azimuthal angles of 90 and 270°, i.e. meridional scattering), is typical for 
crazing. 

azimuthal
  angle  

sections 
   of 1 o  

scattering
  pattern 

0 o

270 o

 90 o

180 o

(a) (b) 

Figure 6.2: (a) Schematic representation of the determination of the azimuthally integrated scattering pattern (by 
azimuthal angle) and (b) the corresponding time-resolved scattering pattern of PS after azimuthal integration 
revealing the directions of most intense scattering. Tensile speed was 0.05 mm/min. 

6.3 Experimental 
6.3.1 Materials 

The synthetic aspects, thermal properties, and morphology of the di- and triblock copolymers used in this study 
were already discussed in Chapter 5. The matrix material (PMMA 6N, Mn = 40 kg/mol, PDI = 2.1, provided by 
Degussa) and the block copolymers were dried under vacuum at 80 °C for 24 hours before processing. The 
molecular weight (distribution), as given in Table 6.1, was determined by size exclusion chromatography (SEC) 
in THF using PS standards. The triblock copolymers of interest will be referred to as Mx,iBy,iCz,i, where x, y, and z 
are the number-average molecular weight of the respective block in kg/mol, as determined by SEC, and i is the 
polydispersity index of the particular block, see Table 6.1. More specific details on SEC and gradient polymer 
elution chromatography (GPEC) can be found in Chapter 5. 

6.3.2 Sample preparation 

All triblock copolymers were dried under vacuum at 80 °C for 24 hours before processing. Block 
copolymer/PMMA blends were prepared in a mini-extruder in batches of approximately 5 g. Compression 
molding was carried out by pressing the samples to a thickness of 0.5 - 1 mm in a Collin hot press at 180 °C. 
Solvent casting from toluene at room temperature was used to prepare films of 0.1 - 0.4 mm thickness. After 2-3 
days, the samples were subsequently dried for 2 days at 80 °C under vacuum; for further equilibration, the dry 
films were annealed at 140 °C for 2 h under a nitrogen atmosphere. Small test bars were prepared by injection 
molding according to ISO 527 (DSM Xplore Mini-Mould Injection). After preparation, samples were shaped 
into the desired form for the in-situ tensile test/SAXS measurements, see Figure 6.3a. 

6.3.3 Characterization 

Mechanical characterization. Uniaxial tensile tests were performed on a Zwick Z010 with a constant linear 
strain rate of 10-3 s-1. 
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Table 6.1: Molecular weight (distribution) of all polymer grades used. 

polymer PMMA-block PBA-block PCL-block 
(b) 

Synthesis 
route Mn (a) 

(kg/mol) 
PDI 
(-) 

Mn (a) 
(kg/mol) 

PDI 
(-) 

Mn (a) 
(kg/mol) 

PDI 
(-) 

PMMA (6N)  40 2.1 -  -  

diblock  75 2.5 18 1.4 -  

M75,MB18,LC10,L 
 A 75 2.5 18 1.4 10 1.4 

M50,HB18,LC10,L B 50 3.7 18 1.4 10 1.4 

M78,HB22,MC10,L C 78 5.3 22 2.7 10 1.4 

M62,HB32,HC7,L D 62 4.6 32 6.1 7.5 1.1 

M15,MB21,LC10,L E 15 2.1 21 1.6 10 1.6 

M11,MB19LC10,L  E 11 2.7 19 1.5 10 1.5 

M122,HB11,LC10,L  E 122 3.5 11 1.4 10 1.6 

M500,HB30,MC10,L  E 500 3.9 30 2.5 10 1.6 

M54,HB23,LC10,L E (c) 54 3.2 23 1.6 10 1.7 

M64,HB23,LC10,L E (c) 64 3.1 23 1.6 10 1.7 

M100,MB23,LC10,L  E (c) 100 2.6 23 1.6 10 1.7 

(a) determined by size exclusion chromatography (Chapter 5). (b) polydispersity index: L = low (PDI < 2), M = 
medium (2 < PDI < 3), H = high (PDI > 3). (c) for the last three samples the polymerization step of the PBA-
block was carried out in the absence of free SG1-radicals, see Chapter 5. 

Crystallization / quenching procedure. The samples were cooled from room temperature to - 40 °C at 20 
°C/min and kept at this temperature for 10 minutes. Subsequently, the samples were further cooled to - 45 °C 
and - 50 °C at the same cooling rate and kept isothermally at each of these temperatures for 10 min. The DSC 
results showing both heterogeneous and homogeneous nucleation were presented in Chapter 5. 

Mechanical characterization by small-angle X-ray scattering. The mode of microscopic deformation was 
studied by performing time-resolved small-angle X-ray scattering (SAXS) measurements during tensile testing. 
Measurements were performed on the DUBBLE beamline (BM 26B) at the European Synchrotron Radiation 
Facility (ESRF) in Grenoble, France. The data were collected on a gas-filled multiwire 2-D detector positioned 
at approximately 8 m from the sample using a wavelength of 1.24 Å. To calibrate the SAXS detector, oriented 
dry collagen from a rat-tail tendon was used. The samples were stretched using a home-built tensile test machine 
at a strain rate of 0.05 mm/min, unless mentioned otherwise, which corresponds to a deformation rate of 0.005 
mm/frame. This apparatus was designed in such a way that both clamps moved in opposite direction at the same 
speed in order to keep the centre position of the sample fixed in the X-ray beam. The experimental data were 
divided by the detector response to correct for intrinsic errors of the detector. Subsequently, the data were 
corrected for background scattering by subtraction of the scattering of a direct beam, i.e. without sample, and 
normalized by the second ionization chamber, which measures the amount of scattering after the sample. During 
the whole deformation process, the total beam intensity both in front and behind the sample was recorded by two 
ionization chambers (Figure 6.3b). As a reference sample, thick aluminum foils were stacked on top of one 
another in order to determine their absorption relative to the air absorption. 
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(a) sample (b) setup (c) tensile stage 

Figure 6.3: (a) The geometry and dimensions of the tensile test bar, (b) schematic representation of the 
experimental setup, and (c) a picture of the tensile stage. 

6.4 Results and discussion 

In this section, the mechanical properties are evaluated with respect to the microscopic as well 
as the macroscopic response to deformation. First, the results of the brittle PMMA matrix and 
diblock copolymers are described followed by a discussion on triblock copolymer systems in 
pure form as well as in blends with PMMA. 

6.4.1 Macroscopic deformation 

Tensile testing of solvent-cast pure PMMA results in brittle fracture with a strain at break of 
approx. 8 %, as shown in Figure 6.4, but the addition of the MBC triblock copolymer 
significantly improves the strain at break εb to 13 and 23 % for blends with 25 and 50 % 
M64,HB23,LC10,L, whereas the pure block copolymer has a strain at break of 94 % (Figure 6.4a). 
The addition of the triblock copolymer also reduces the yield stress, although M100,MB23,LC10,L 
shows a smaller reduction than M64,HB23,LC10,L, since it contains more PMMA. However, the 
improvement in strain at break is less pronounced, namely εb ~ 30 % for the pure sample, see 
Figure 6.4b. Optical images of tensile bars of the pure MBC triblock copolymer 
(M100,MB23,LC10,L, for example) and a 50 wt% blend after fracture show stress whitening, see 
Figure 6.5, although it is remarkable that the solvent-cast triblock copolymers show much less 
stress whitening compared to the 50 wt% blend. Most likely, this is caused by differences in 
morphology. In Chapter 5, it was shown that for pure triblock copolymers the microphase 
separation after solvent casting is more pronounced than for blends with PMMA. The addition 
of triblock copolymers with a very short PMMA-block did not lead to an improvement of 
properties, and hence the results are not shown here. 

The microphase separation process of the compression-molded samples of the PMMA-blends 
with triblock copolymers doesn’t yield equilibrium morphologies as discussed in Chapter 5, 
which may be the result of the high viscosity during compression molding or the position of 
the order-disorder transition (ODT) relative to the compression molding temperature. These 
samples show brittle fracture. 

X-ray 

Detector 

I0  I1 
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(a) solvent cast M64,HB23,LC10,L (b) solvent cast M100,MB23,LC10,L 

Figure 6.4: Tensile stress-strain curve of solvent cast blends of pure PMMA and (a) M64,HB23,LC10,L or (b) 
M100,MB23,LC10,L at a strain rate of 10-3 s-1. 

(a) (b) 

Figure 6.5: Optical image of a tensile test sample of M100,MB23,LC10,L after deformation: (a) pure triblock 
copolymer and (b) 50 wt% blend with PMMA. 

6.4.2 Microscopic deformation 

In this section, the results of the time-resolved SAXS measurements in combination with 
tensile tests are described and discussed. First, the results from pure PMMA are described. 
Second, the microscopic deformation mechanism of diblock copolymer systems is studied. 
Third, the effect of the PCL-block in the triblock copolymer is discussed. Fourth, variations in 
composition are studied, ranging from a short to a long PMMA-block and a short and an 
intermediate PBA-block, to determine the optimal composition for effective stimulation of 
cavitation with respect to the morphology. Fifth, blends of block copolymers of various 
compositions with PMMA are evaluated. One particular triblock copolymer is used to study 
the change in deformation mechanism after several thermal treatments, viz. quenching, 
physical ageing, and annealing. 

The PMMA matrix: First, it has to be noted that not a pure PMMA is used, but a random 
copolymer of PMMA with a few percent of methyl acrylate, which is quite common for 
industrial PMMA grades to avoid degradation by unzipping. During deformation, it shows 
strong craze-like scattering patterns similar to PS. 
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PBA-PMMA diblock copolymer systems: Pure PBA-PMMA diblock copolymers with a 
PMMA block-length of 75 kg/mol show craze-like scattering patterns at low strains. Even 
though the addition of PMMA homopolymer leads to the swelling of the PMMA-block of the 
copolymer and a concomitant morphological change from a lamellar to a cylindrical or even a 
spherical structure, the delocalization of the strain is not sufficient and crazing dominates, 
which results in brittle fracture. The addition of the PCL-block to the PMMA-PBA diblock 
copolymer should improve the mechanical properties by precavitation.5,11  

6.4.2.1 Triblock copolymer systems: variations in composition 
Final scattering patterns: The final scattering patterns after deformation of the pure triblock 
copolymers prepared by compression molding are shown in Figure 6.6. The largest 
deformation is observed for M100,MB23,LC10,L (Figure 6.6d) which shows a scattering pattern 
corresponding to highly deformed particles. For M78,HB22,MC10,L slight crazing is observed in 
the vertical direction (at 90 and 270°), which might indicate that its morphology is not 
optimally developed to effectively delocalize the strain. The effect of block copolymer 
composition on the microscopic mode of deformation is rather large. Therefore, the effect of 
composition will be studied in more detail before we will focus on blends of block 
copolymers and PMMA. 

(a) x = 0.65 mm (b) x = 0.275 mm (c) x = 0.35 mm (d) x = 0.75 mm 

Figure 6.6: Final scattering patterns of pure compression-molded samples at clamp displacement x: (a) 
M50,HB18,LC10,L, (b) M78,HB22,MC10,L, (c) M75,MB18,LC10,L, and (d) M100,MB23,LC10,L. 

Very short PMMA block-length: PCL-PBA-PMMA triblock copolymers with a very short 
PMMA-block (10:18:11 kg/mol, respectively) only show crazing in a tensile test and brittle 
fracture is observed (not shown here). Due to the low-molecular weight of the PMMA-block, 
practically no entanglements are formed and hence the material has no resistance to 
deformation. The scattering patterns are similar to that of pure PMMA and PS. 

Very high PMMA block-length: There exists an upper limit for the PMMA block-length in 
view of processing. Solvent-cast PCL-PBA-PMMA triblock copolymers with a PMMA 
block-length of 500 kg/mol (10:30:500 kg/mol) show no delocalization and deform similar to 
PMMA and PS. It is very likely that microphase separation does not occur due to the fact that 
the composition is very asymmetric and, hence, no separate PB-PCL-domains are formed. 
Furthermore, due to its rather high viscosity, long annealing times have to be applied to obtain 
equilibrium morphologies, which may lead to degradation. 

Relatively short PBA block-length: For solvent-cast triblock copolymers with a relatively 
low-molecular weight PBA-block (M122,HB11,LC10,L), a small peak originating from crazing 
appears during deformation, but also cavitation can be observed, see Figure 6.7. The 
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azimuthal scattering pattern (Figure 6.8) clearly shows the sudden onset of cavitation upon 
deformation, as is visualized by the plateau, since this is caused by the sudden appearance of 
small cavities that make the scattering intensity increase strongly in all azimuthal directions. 
Continuation of deformation causes an additional meridianal crazing signal to appear, in 
combination with minor equatorial scattering. It has to be noted though that the craze-like 
peak is rather broad, which suggests that crazing is less pronounced compared to pure 
PMMA. Eventually, the transfer of stress to the PCL-domains that should cavitate is not 
optimal and crazing still predominates and results in brittle fracture. 

   
x = 0 mm x = 0.3 mm x = 0.575 mm 

Figure 6.7: SAXS patterns of solvent-cast pure M122,HB11,LC10,L with short PBA-block vs. clamp displacement x. 

 

Figure 6.8: Azimuthal pattern of pure solvent-cast M122,HB11,LC10,L with a short PBA-block. 

Intermediate PMMA block-length: optimal composition? The SAXS patterns of a solvent-
cast sample of intermediate PMMA block-length and PBA block-length of 23 kg/mol 
(M64,HB23,LC10,L) are shown in Figure 6.9. The scattering patterns are practically identical, 
even at high clamp displacements of 0.625 mm, and no craze-like structures can be seen. The 
azimuthal pattern (Figure 6.10) confirms this observation: during deformation some small 
signals appear and the background intensity slightly increases which indicates that cavitation 
occurs, but a pronounced crazing peak is absent. In the last scattering pattern, the higher 
scattering intensity is observed at the equator, which may be originating from deformed 
particles. 
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(a) x = 0 mm (b) x = 0.3 mm (c) x = 0.625 mm 

Figure 6.9: SAXS patterns at increasing clamp displacement x of pure M64,HB23,LC10,L by solvent casting. 

 

Figure 6.10: Azimuthal scattering pattern of pure solvent-cast M64,HB23,LC10,L upon increasing deformation. 

6.4.3 Blends of PMMA with triblock copolymer 

Final scattering patterns of triblock copolymer/PMMA blends: Figure 6.11 shows the 
scattering patterns after deformation of blends with 25 wt% diblock and triblock copolymer as 
prepared by compression molding. The addition of the PCL-block (around 10 kg/mol and 
about 10 % of the total triblock by weight) facilitates cavitation, as can be seen from the 
strong increase of scattering around the beam-stop, particularly for M78,HB22,MC10,L and 
M62,HB32,HC7,L. These 2 samples contain a highly polydisperse PMMA-block with an optimal 
interaction with the PMMA matrix. For M78,HB22,MC10,L, the meridional scattering is still 
visible which originates from crazing, whereas M62,HB32,HC7,L shows pronounced cavitation 
and orientation due to shear yielding. The final scattering pattern of M50,HB18,LC10,L, on the 
other hand, is nearly identical to that of the diblock copolymer, which might indicate that the 
morphology is not optimally developed during compression molding. 

(a) x = 0.275 mm (b) x = 0.25 mm (c) x = 0.3 mm (d) x = 0.4 mm 

Figure 6.11: Final scattering patterns of compression-molded blends containing 25 wt% block copolymer at 
displacement x: (a) PMMA-PBA, (b) M50,HB18,LC10,L, (c) M78,HB22,MC10,L, and (d) M62,HB32,HC7,L. From the left to 
the right delocalization becomes more pronounced. 
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6.4.3.1 Low coupling efficiency: routes B and C 

The synthesis routes B and C explored in Chapter 5 resulted in materials containing many 
diblock copolymer impurities due to incomplete esterification. In route B the esterification 
was performed after the synthesis of one acrylic block, whereas in route C the coupling was 
performed in an early reaction step, after increasing the reactivity of the initiator for 
esterification. Since the deformation mechanisms are identical for the materials prepared by 
routes B and C, only results from blends with M50,HB18,LC10,L (prepared by route B) will be 
described here. 

The microscopic mode of deformation of compression-molded M50,HB18,LC10,L (approx. 65 
wt% PMMA) is investigated in its pure and blended form (50 and 25% copolymer by weight). 
The azimuthally integrated scattering patterns in Figure 6.12 show that on increasing the 
PMMA content the ability to cavitate decreases and concomitantly more crazing is observed. 
This is evident from the slope that represents the onset of the cavitation. In Figure 6.12c, 
strong crazing signals are present at 90 and 270°, on top of the increasing level of the plateau 
that is caused by cavitation, and result in brittle fracture. 

During deformation, the azimuthal scattering patterns of solvent-cast samples show strongly 
increasing scattering intensities in all directions (Figure 6.13), which is caused by cavitation. 
Especially for the blends, the scattering increase in all directions is rather sudden, as a plateau 
appears after approximately 50 frames with a slope at the onset of this plateau that is even 
higher than for the pure samples. Apparently, the addition of PMMA improves the 
microphase separation of the triblock copolymer and results in a better defined structure. 

 
(a) (b) (c) 

Figure 6.12: Azimuthally integrated scattering patterns of M50,HB18,LC10,L after compression molding: (a) pure 
triblock copolymer, (b) 50/50 blend with PMMA, and (c) 25/75 blend. 

 
(a) (b) (c) 

Figure 6.13: Azimuthally integrated scattering patterns of M50,HB18,LC10,L after solvent casting: (a) pure triblock 
copolymer, (b) 50/50 blend with PMMA, and (c) 25/75 blend. 
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6.4.3.2 High coupling efficiency: route E 

In synthesis route E, triblock copolymers were prepared after increasing the reactivity of the 
initiator and performing subsequent reaction steps in a more controlled manner, which 
resulted in triblock copolymers that contain much less impurities.  

Compression molding: Figure 6.14 shows the scattering patterns of a 25 wt% blend of 
M64,HB23,LC10,L in PMMA. During loading two streaks appear at the meridian, suggesting the 
development of craze-like structures. However, this is immediately accompanied by an 
increase of the scattering intensity perpendicular to the tensile direction and an overall 
increase in intensity even between the principal axes. The first may be originating from the 
development of craze fibrils and orientation of the scattering particles present in the system. 
The latter indicates the development of electron density fluctuations with no specific 
orientation and is the result of cavitation. The intensity of the craze fibril scattering exceeds 
the intensity of the streaks in the tensile direction. As can be observed in the azimuthal 
scattering pattern (Figure 6.15), the intensity of the plateau strongly increases and almost 
exceeds that of the crazing signal. Note that the sample is slightly oriented due to processing, 
since the initial scattering intensity is not constant in all directions. For sample 
M100,MB23,LC10,L, differing only in PMMA block-length (100 instead of 64 kg/mol), the same 
features are observed. 

  
(a) x = 0 mm (b) x = 0.325 mm (c) x = 0.875 mm 

Figure 6.14: SAXS pattern of a compression-molded blend of 25 wt% M64,HB23,LC10,L vs. clamp displacement x. 

 

Figure 6.15: Azimuthal scattering pattern of a 25 wt% blend of M64,HB23,LC10,L and PMMA prepared by 
compression molding. 

Solvent casting: The solvent-cast scattering patterns of M64,HB23,LC10,L and M100,MB23,LC10,L 
show similar characteristics, and therefore only M100,MB23,LC10,L is discussed. The pure block 
copolymer shows a pronounced increase of the scattering intensity in all directions upon 
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deformation and deforms almost completely homogeneous, as no preferred orientation can be 
observed in the scattering patterns, see Figure 6.16a. In the same figure, it can be observed 
that the initial uniform scattering ring becomes more diffuse upon the addition of PMMA and 
that it strongly increases the craze-like scattering. The azimuthal scattering pattern in Figure 
6.17 shows that adding PMMA to the block copolymer again strongly increases the slope at 
the onset of the cavitational plateau, and that the crazing signal at 90 and 270° becomes more 
pronounced. However, the 25 wt% blend still sufficiently cavitates and, hence, can delocalize 
strain and deform up to high elongations as is observed by macroscopic testing. 

 

  
(a) x = 0 mm x = 0.425 mm x = 0.6 mm 

 

  
(b) x = 0 mm x = 0.275 mm x = 0.375 mm 

 

  
(c) x = 0 mm x = 0.3 mm x = 0.375 mm 

Figure 6.16: SAXS patterns of solvent-cast M100,MB23,LC10,L at increasing clamp displacement x: (a) pure triblock 
copolymer, (b) 50 wt% blend, and (c) 25 wt% blend with PMMA. 

 
(a) pure triblock copolymer (b) 50 wt% blend (c) 25 wt% blend 

Figure 6.17: Azimuthal scattering pattern of pure solvent-cast M100,MB23,LC10,L upon deformation. 
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6.4.4 The influence of thermal history 

The effect of the thermal history is investigated only for solvent-cast M75,MB18,LC10,L, 
synthesized by route A, i.e. by the polymerization of the two acrylic blocks followed by the 
esterification in the final step. As a consequence, the fraction of impurities is somewhat 
higher that for the other copolymers, but here only relative changes will be considered. 

Untreated sample. The initial scattering pattern of untreated solvent-cast M75,MB18,LC10,L 
shows a well-developed ring (Figure 6.18a), which indicates that it is highly ordered. During 
tensile testing, the ring slowly disappears as it changes position towards smaller q-values and 
a small but broad craze-like peak appears at the meridian. The scattering intensity increases in 
all directions due to cavitation, which stabilizes the crazes and prevents their further 
development. Besides this, in a later stage of the deformation, the appearance of a new band 
can clearly be observed around the equator (Figure 6.18a). From the azimuthal scattering 
pattern in Figure 6.19a, the sudden onset of cavitation can be observed from the appearance of 
the plateau, which represents a strong increase of scattering in all directions. 

Additional quenching. Figure 6.18b shows the scattering patterns after an additional 
quenching treatment by cooling (at 20 °C/min from room temperature to – 40 °C, followed by 
cooling to – 45 and – 50 °C, with isothermal steps of 10 min in between). Compared to the 
untreated sample (Figure 6.18a), more pronounced cavitation and stronger equatorial 
scattering is observed for the quenched sample, as can be deduced from its more detailed 
elliptical ring around the equator. Besides this, the comparison of the azimuthally integrated 
scattering pattern of these two samples (Figure 6.19a and c, respectively) shows that 
quenching stimulates cavitation and reduces scattering in the meridional and equatorial 
directions relative to the intensity of the cavitation plateau. Furthermore, the slope at the onset 
of the plateau is slightly less pronounced after quenching, since the enhanced crystallinity of 
the PCL-domains might have caused some precavitation prior to deformation. 

untreated 

(a) x = 0 mm x = 0.32 mm x = 0.42 mm 

quenched 

(b) x = 0 mm x = 0.22 mm x = 0.67 mm 

Figure 6.18: SAXS pattern of the solvent-cast pure triblock copolymer M75,MB18,LC10,L at increasing clamp 
displacement x: (a) untreated and (b) after an additional quenching treatment. 
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Physical ageing at room temperature (below Tm PCL). The microscopic deformation mode 
is strongly dependent on physical ageing, which causes the yield stress to increase as a 
function of time28 and, consequently, also strain softening which induces strain localization, 
whereas strain hardening should stabilize this localization of strain.29 Strain softening has 
been studied extensively,30,31,32,33 and originates from the ever-continuing conformational 
rearrangement of the polymer in its approach towards a minimum in potential energy.34,35 By 
thermal rejuvenation, i.e. by heating above Tg followed by quenching, the level of the yield 
stress and, consequently, softening can be (temporarily) decreased. For slowly cooled 
samples, the yield stress and the strain softening increase with decreasing cooling rate, since 
the rate of physical ageing is temperature dependent. 

Comparison of the scattering patterns of solvent-cast M75,MB18,LC10,L before and after physical 
ageing (for approximately 4 months at room temperature) reveals a dramatic change in the 
deformation response: scattering in the equatorial direction decreases after extensive ageing, 
see Figure 6.19a and b. The sample remains ductile after physical ageing, although the strong 
meridional scattering (90 and 270°) indicates that craze-like deformation strongly increases. 
Apparently, physical ageing partly eliminates the advantageous effect of the triblock 
copolymer additive, although deformation up to high strains remains possible. Figure 6.19c 
and d depict the azimuthally integrated scattering patterns, which visualize the response of a 
quenched sample before and after physical ageing. Also these samples show a sudden onset of 
cavitation, as can be observed by the appearance of the plateau. Moreover, for the quenched 
samples, physical ageing causes an increase in the meridional scattering intensity, whereas 
equatorial scattering decreases. Overall, physical ageing increases strain softening and results 
in a deformation mechanism with a stronger tendency towards crazing, see Figure 6.20. 

  
(a) untreated (b) physically aged 

  
(c) quenched (d) quenched and physically aged 
Figure 6.19: Azimuthally integrated scattering pattern of solvent-cast M75,MB18,LC10,L during tensile testing. The 
sudden onset of the cavitational plateau can be observed readily. Samples were physically aged for 4 months at 
room temperature. 
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physically 
aged 

(a) x = 0 mm x = 0.195 mm x = 0.245 mm 

quenched and 
physically aged 

(b) x = 0 mm x = 0.22 mm x = 0.295 mm 

Figure 6.20: SAXS pattern of a solvent-cast pure triblock copolymer M75,MB18,LC10,L that has been physically 
aged for 4 months at room temperature at increasing clamp displacement x. 

Annealing at 90 °C (above Tm PCL). The modes of deformation of compression-molded 
pure M75,MB18,LC10,L and its 50 wt% blend with PMMA are studied before and after extensive 
annealing by a heat treatment (90 °C for 2 days under vacuum), and since the results are 
comparable, only the 50 wt% blend is discussed. Figure 6.21a shows that annealing results in 
more pronounced meridional scattering, with strongly enhanced craze-like scattering. At 
elevated temperatures physical ageing is accelerated, which leads to a faster increase of the 
strain softening. Therefore, annealing at 90 °C causes a very dramatic change in deformation 
mechanism: compared to the untreated sample (Figure 6.21a) a clear peak parallel to the 
tensile direction and a strong reduction of cavitation are observed after annealing (Figure 
6.21b). In the azimuthally integrated scattering pattern of the 50 wt% blend, see Figure 6.22, 
the influence of annealing is obvious: the plateau increases much slower, since cavitation is 
reduced, and crazing becomes the main mechanism of deformation, as can be seen from the 
dominating meridional peak. Before annealing, however, the addition of 50 wt% of 
M75,MB18,LC10,L to PMMA (thus approx. 14 wt% of non-PMMA additive) causes a transition 
in deformation from crazing (in pure PMMA) to cavitation-induced shear yielding (in the 50 
wt% blend). 
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untreated 

(a) x = 0 mm x = 0.445 mm x = 0.62 mm 

annealed 

(b) x = 0 mm x = 0.295 mm x = 0.47 mm 

Figure 6.21: Compression-molded sample at increasing clamp displacement x of a 50 wt% blend of 
M75,MB18,LC10,L and PMMA (a) before and (b) after annealing. 

(a) untreated (b) annealed 

Figure 6.22: Azimuthally integrated scattering pattern of a 50 wt% M75,MB18,LC10,L/PMMA blend prepared by 
compression molding (a) before and (b) after annealing. 

6.4.5 Influence of processing 

Samples prepared by solvent casting or by compression molding resulted in very different 
morphologies, as could be seen on the TEM-pictures in Chapter 5. During compression 
molding at 180 °C, the morphology development of the triblock copolymer systems is much 
slower due to the high melt viscosity and hence no equilibrium morphology is obtained. This 
may be related to the reduced mobility and the position of the order-disorder transition (ODT) 
which may be close to the processing temperature. Occasionally, this resulted in slightly 
oriented samples. Due to the initial orientation of the cylindrical (lamellar) structure, some of 
the samples might have high elongations at break, even though pronounced crazing is 
observed, since they effectively delocalize strains when accidentally tested parallel to the 
direction of orientation. However, these materials fail in a brittle manner when loaded 
perpendicularly. Apparently, the processing method and, more specific, the remaining internal 
stresses are of large importance for the final response of the block copolymer blend. Other 
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preoriented samples, e.g. M100,MB23,LC10,L, basically show only cavitation without any sign of 
crazing, as can be deduced by the absence of meridional scattering streaks. Most 
compression-molded samples show no pronounced microphase-separated morphology and, 
therefore, the mechanism of precavitation to prevent crazing is not optimal. During solvent 
casting, on the other hand, the vitrification temperature of the matrix is approached while the 
solvent slowly evaporates. As this process is very slow (in the order of days), there is 
sufficient time to obtain a well-ordered morphology. Therefore, the solvent-cast samples 
show much more pronounced cavitation and have, consequently, a better response to 
deformation. 

6.5 Conclusions 
In this chapter, the microscopic deformation mechanisms and mechanical properties of MBC 
triblock copolymers, prepared by nitroxide-mediated polymerization, and its blends with 
PMMA have been studied. The MBC block copolymers cover a range of individual block 
lengths with different levels of coupling between the PCL and poly(acrylate) blocks (see 
Chapter 5). The composition of the MBC triblock copolymer plays a significant role. The 
molecular weight of the PMMA-block is critical for the prevention of macrophase separation, 
as was also observed in Chapter 4. The PMMA-block should possess sufficient entanglement 
coupling and, therefore, should be approximately equal to or higher than that of the PMMA 
matrix homopolymer, i.e. within the so-called 'wet-brush' regime. 

The presence of the semi-crystalline PCL-blocks is essential to improve the ductility, since 
volumetric changes during crystallization generate additional stresses within the PBA-
domains, leading to precavitation. The level of precavitation can be controlled by the cooling 
procedure, which induces heterogeneous and/or homogeneous nucleation or preferably a 
combination thereof. This promotes strain delocalization and concomitantly suppresses the 
formation of crazes. The length of the PBA-block, which forms the shell, relative to the core-
forming PCL-block is also important. When the PBA block-length is too long, as is the case 
for the M62,HB32,HC7,L copolymer, the volumetric changes during crystallization can easily be 
compensated for by the PBA-shell, and correspondingly, no precavitation is induced, resulting 
in brittle behavior. On the other hand, a relatively short PBA-block, as is the case for 
M122,HB11,LC10,L, may not be sufficient to induce microphase separation with PCL, thereby 
suppressing crystallization. 

The polydispersity index of the PMMA-block is also of significance on the morphology and 
the resulting properties. Though a low polydispersity index results in better ordered 
microphase-separated structures, a high polydispersity index is favorable for blending, while 
at the same time highly curved interfaces36 are formed which have a lower tendency to form 
structures with directional long-range order as a result of flow during processing. The 
detrimental effect of long-range order on the properties was shown for poly(styrene)-
poly(butadiene)-poly(ε-caprolactone) (SBC) triblock copolymers, having a polydispersity 
index of 1.12, either after solvent casting, compression molding in a channel die, or injection 
molding and the best properties were observed for systems prepared via compression 
molding.10,11 However, for the MBC block copolymer systems of high polydispersity index, 
this effect is not observed. On the contrary, the best properties are observed for solvent-cast 
systems, as processing via this method results in the best-developed morphologies. 
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The microscopic mode of deformation strongly depends on the thermal history (see Chapters 
2 and 3). Physical ageing leads to an increase of the yield stress as a function of time28 and, 
consequently, increases strain softening which induces strain localization whereas strain 
hardening should stabilize this localization of strain.29 Quenched samples show more 
pronounced cavitation compared to untreated samples, since the crystallinity in the PCL-
domains is enhanced. Although unaged samples might show desirable cavitation that is 
sometimes accompanied by limited crazing, physical ageing can completely overrule this 
favorable mechanism of cavitation since it enhances strain softening which stimulates craze-
like deformation. 

In conclusion, MBC triblock copolymers can be blended successfully with PMMA to change 
the dominant microscopic mode of deformation of PMMA from crazing to cavitation-induced 
shear yielding. The internal stresses caused by the crystallization of the PCL-phase within the 
PBA-domains promote cavitation, which is favorable for strain delocalization, and this 
improves the toughness of the matrix. 
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Chapter 7 

Research perspectives 

7.1 Approach 

The primary goal of this line of research is to develop a universal toughness modifier suitable 
for all (brittle) polymeric materials. Since brittle polymers mainly suffer from crazing under 
most loading conditions, the introduction of specific additives should suppress this dramatic 
effect. Unfortunately, these toughness modifiers always need to be tailored to fit the matrix 
that is to be reinforced. For example, polystyrene-polybutadiene-poly(methyl methacrylate) 
(SBM) block copolymers are used as a toughening agent for epoxy networks,1 polystyrene-
polybutadiene-polycaprolactone (SBC) block copolymers2,3 and polystyrene-polybutadiene-
polystyrene (SBS)3,4 can be applied as a ductile polystyrene (PS) matrix, polyolefin-
polyacrylate block copolymers can reinforce PS in combination with additional stabilizing 
hydrogen bonds by copolymerization of the PS matrix,5 and the impact strength of semi-
crystalline polyamide-12 (PA-12) can be successfully improved by reactive melt blending 
with polystyrene-polyisoprene diblock copolymers that are end-capped by an anhydride.6 

In this thesis, several different trajectories have been pursued to improve the toughness, which 
is strongly determined by the post-yield behavior or the intrinsic properties. Strain softening 
causes localization of strain, whereas strain hardening might stabilize this localization.7 
Defects play a great role in the response to deformation, which necessitates the introduction 
of specific heterogeneities to prevent the hydrostatic stress for craze formation to be exceeded 
locally and to transfer the intrinsic ductility to the macroscopic level.8 For polystyrene, for 
example, the maximum strain in the craze-fibrils exceeds 300 %, whereas macroscopically it 
fractures at 4 % strain.9,10 

Modeling has shown that the heterogeneities should obey several requirements. First, the local 
ligament thickness between the dispersed core-shell-like rubbery particles should be small 
enough to prevent craze formation. Therefore, nano-sized particles are desired that only 
minimally affect the modulus and strength of the matrix. Second, a core with a minimal 
resistance to cavitation11 and a (preferably cross-linked) rubbery shell8 that improves the 
strain hardening is desired. To fulfill these criteria, a liquid-like or a semi-crystalline core 
could be used, which relieves the tri-axial stresses in the matrix and, consequently, prevents 
crazing and promotes shear yielding. Bucknall et al. derived that the capability of rubbery 
domains to cavitate depends on the cross-link density and the particle size. Voids 
preferentially form in the larger particles, although after precavitation no practical limit for 
the size exists anymore.12 

Polycarbonate (PC) is a ductile polymer, not only because of its advantageous post-yield 
behavior, but also since the hydrostatic stress at which crazing occurs is rather high (90 MPa) 
due to its relatively high network density, see Figure 7.1.13 PS, on the other hand, is very 
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brittle in tension due to its dramatic post-yield behavior, in combination with a low network 
density that enables craze formation at a hydrostatic stress of 40 MPa.14 Poly(methyl 
methacrylate) (PMMA) is intermediate in network density and, consequently, has also an 
intermediate resistance to crazing (75 MPa). Therefore, it should be less difficult to improve 
the toughness of PMMA compared to PS. 

 

Figure 7.1: Critical hydrostatic stress at which craze formation occurs versus network density. 

7.2 Main results and recommendations 
Nano-sized PMMA matrices with minimal resistance to cavitation were prepared by two 
methods. First, the self-assembly process of polyolefin-polyacrylate block copolymers was 
studied in solution (Chapter 4). The development of morphology was monitored during in-situ 
polymerization of the monomeric solvent, which often resulted in macrophase separated 
structures,3 although the preparation of relatively thick samples by UV-polymerization below 
the order-disorder temperature could yield microphase instead of macrophase separated 
structures. However, a gradient in composition over the thickness remained, which might find 
application in the synthesis of polymers with a specific layered structure. Second, blends of 
poly(methyl methacrylate)-poly(butyl acrylate)-poly-(ε-caprolactone) triblock copolymer and 
PMMA were prepared by solvent casting or compression molding (Chapters 5 and 6). In these 
systems, the semi-crystalline core generates extra stresses by shrinkage due to crystallization 
in order to facilitate cavitation. Here, emphasis lay on the understanding of the relation 
between the initial morphology and the corresponding microscopic mode of deformation. 
Compared to pure PMMA, blends with triblock copolymer show more pronounced 
delocalization of strain, which can be observed in the form of cavitation that spreads over the 
whole sample.  

A first option that might be explored to obtain better defined triblock copolymers, containing 
less impurities, for example, is the synthesis of SG1-functional PBA-PCL, followed by the 
simultaneous polymerization of the third PMMA-block to this diblock copolymer and a 
separate PMMA-block. The polymerization of this mixture, containing MAMA-SG1 and 
PCL-PBA-SG1, will, provided that their reactivity rates are equal, form equally long PMMA-
chains and result in a PMMA-PBA-PCL/PMMA blend of optimal compatibility. A second 
possibility to prepare such a blend might be via the reactive melt bending of a PBA-PCL 
diblock copolymer that contains a specific reactive group with end-functional PMMA.  
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It is difficult to obtain well-developed morphologies. During processing, in most instances, 
properly dispersed systems are far from equilibrium due to the absence of favorable 
interactions, such as interfacial adhesion. Therefore, solvent casting, compression molding, or 
injection molding will result in different morphologies, all with different properties. The 
microscopic mode of deformation and, hence, the response of a sample to deformation also 
strongly depends on the orientation. Oriented PMMA samples, prepared by injection molding 
at high speed and at high temperature, were evaluated in tension while continuously 
monitoring the small-angle X-ray scattering (SAXS) pattern. Samples, oriented perpendicular 
to the loading direction applied, were brittle, just like unoriented PMMA. Crazes could be 
observed in the SAXS pattern, which can easily propagate in the direction perpendicular to 
the load. When aligned parallel to the tensile direction, however, initially a craze-like peak is 
observed too, but this decreases upon further loading and the sample starts to neck. Due to the 
high viscosity during preparation, compression-molded samples can also possess some initial 
orientation and, consequently, their response to deformation depends on the alignment of the 
sample during the tensile test. For solvent-cast samples, no initial orientation is present, since 
preparation occurs from a completely random solution. 

Besides block copolymer reinforced systems, the post-yield behavior was studied in more 
detail. Concerning the strain softening contribution, antiplasticization of polycarbonate and 
polystyrene (Chapter 3) showed an advantageous effect on the rate of physical ageing of the 
matrix and, hence, slowed down the return of strain softening after mechanical rejuvenation, 
which should improve the ductility. However, the tensile strength of these materials was 
reduced due to chain disentanglement. Kambour et al. explored the effects of the combined 
addition of antiplasticizer and rubber additive on the properties of PC and showed that already 
small amounts of rubber modifier were sufficient to regain high elongations due to effective 
shear yielding.15 Simply applying traditional rubber toughening with acrylic core-shell 
particles to polystyrene reduced the modulus and the yield stress, but did not seem to affect 
the rate of ageing after rejuvenation, although mechanical rejuvenation induced ductility in 
one sample which lasted for over three years. 

The origin of strain hardening was addressed in Chapter 2 by the mechanical evaluation of 
various blends of polystyrene and poly(2,6-dimethyl-1,4-phenylene ether),16 poly(methyl 
methacrylate)-poly(ethyl acrylate) copolymers, PMMA homopolymers of various tacticity, 
and polycarbonate. The effect of transition temperatures appeared to be of much greater 
impact on the strain hardening modulus than the network density, however, no conclusive 
universal relation was observed. Remarkably, the dependence of the yield stress on (T – Tg)  
indicates that a correction for (T – Tg) is not sufficient to compare the polymers involved at an 
identical state of thermal mobility. Hence, it is concluded that strain hardening finds its origin 
in the orienting molecular network and that its magnitude appears to be governed by 
thermally-induced segmental mobility. 
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Samenvatting 

 
Dit proefschrift beschrijft de mechanische eigenschappen van glasachtige polymeren en de 
verbetering van deze materialen door de toevoeging van specifieke additieven. Verschillende 
methoden zijn onderzocht ter verhoging van de taaiheid, d.w.z. de hoeveelheid energie die 
geabsorbeerd wordt gedurende de deformatie alvorens het materiaal bezwijkt. Dit wordt 
gedomineerd door de effectiviteit om rek te kunnen delokaliseren. Polycarbonaat (PC) staat 
bekend als een taai polymeer. Polystyreen (PS) en in mindere mate poly(methyl methacrylaat) 
(PMMA), zijn typische brosse materialen. Verschil in macroscopische deformatie, bros of 
taai, wordt bepaald door het gedrag van polymeren bij hoge rek (post-yield), zoals 
weergegeven in de intrinsieke eigenschappen, gemeten in homogene deformatieproeven zoals 
uniaxiale compressietests met verminderde wrijving. Het macroscopisch brosse gedrag van 
PS is het gevolg van een extreme lokalisatie van rek (strain softening) en het gebrek aan 
rekversteviging (strain hardening). PC, daarentegen, is taai doordat het slechts geringe rek-
lokalisatie vertoont die gemakkelijk gecompenseerd kan worden door de hoge mate van 
rekversteviging. Hierdoor vormt zich een nek die zich macroscopisch over de trekstaaf kan 
verspreiden. Desalniettemin bezwijkt ook PC aan crazing onder bepaalde belastingssituaties, 
bijvoorbeeld wanneer een kerf is aangebracht. Dit komt doordat de hydrostatische spanning 
onder zo’n kerf gemakkelijker een kritische waarde overschrijdt waarop cavitatie en crazing 
plaatsvindt. Om dit probleem te omzeilen moet de opbouw van hydrostatische spanning 
voorkomen worden door het aanbrengen van heterogeniteiten, bijvoorbeeld door het 
inmengen van een enorme hoeveelheid (aantal in de orde van 1011 deeltjes per cm3), kleine 
(diameter in de orde van 10-6 m) rubberbolletjes. 

Deel 1 
Allereerst wordt het intrinsiek gedrag van polymeren onder de loep genomen, waarbij de 
nadruk ligt op de rekversteviging en mechanische verjonging. Berekeningen, gebaseerd op de 
netwerkdichtheid voorspellen veelbelovend een veel hogere intrinsieke taaiheid voor 
macroscopisch bros PS (εbreuk ~ 300 %) dan voor macroscopisch taai PC (εbreuk ~ 70 %) dat 
shear yielding vertoont. Dit gegeven vormt de aanleiding om de ductiliteit van brosse 
glasachtige polymeren zoals PS en PMMA te gaan verbeteren en wel door te voorkomen dat 
extreme lokalisatie van rek optreedt. Dit kan door het elimineren van deze rek-lokalisatie, 
door het stimuleren van rekversteviging, of door een combinatie hiervan. 

Gedurende de laatste 20 jaar zijn verschillende 3-D constitutieve modellen ontwikkeld die het 
visco-elastisch en post-yield gedrag van amorfe polymeren in detail beschrijven en hierdoor 
het deformatie- en faalgedrag goed voorspellen. Meestal wordt de rekverstevigingsmodulus 
(GR) gerelateerd aan het verstrengeld netwerk, terwijl de invloed van de temperatuur wordt 
verwaarloosd of onderschat. Dit wordt beschreven in Hoofdstuk 2. Bij kamertemperatuur 
hangt de rekversteviging inderdaad af van de netwerkdichtheid van fysisch verstrengeld of 
chemisch vernet PS. In eerste instantie wijzen de experimenten erop dat er één enkele 
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universele curve bestaat die een lineair verband beschrijft tussen GR en de temperatuur, 
gevisualiseerd als het temperatuursinterval tussen de testtemperatuur en de glastransitie-
temperatuur (T – Tg), hetgeen een maat is voor de segmentale mobiliteit. Blijkbaar heeft de 
netwerkdichtheid vrijwel geen invloed op GR, behalve voor temperaturen dicht bij Tg. Voor 
twee materialen, te weten isotactisch PMMA en PC, vertoont GR een sterk verschillende 
afhankelijkheid van (T – Tg); de eerste hangt namelijk relatief gezien sterker af van de 
temperatuur en de tweede relatief gezien minder sterk. Het is echter opmerkelijk dat de 
afhankelijkheid van de vloeispanning een soortgelijke trend vertoont als de 
rekverstevigingsmodulus GR als functie van (T – Tg). Dit duidt erop dat het corrigeren met (T 
– Tg) niet voldoende is om de afhankelijkheid van polymeren bij dezelfde thermische 
mobiliteit te vergelijken. Derhalve kan geconcludeerd worden dat de rekversteviging zijn 
oorsprong vindt in het oriënterende moleculaire netwerk en dat de grootte hiervan beheerst 
wordt door thermisch-geïnduceerde segmentale mobiliteit. 

Door middel van mechanische verjonging kan het post-yield gedrag verbeterd worden en 
kunnen alle polymeren, inclusief PS, compleet ductiel gemaakt worden. Deze ductiliteit is 
echter van tijdelijke aard, aangezien geleidelijke veroudering de terugkeer van softening met 
de tijd veroorzaakt. De snelheid van fysische veroudering kan worden vertraagd door 
toevoeging van antiplasticizers, i.e. door anti-plastificatie, zie Hoofdstuk 3. Dit leidt tevens 
tot disentanglement van de ketens en daarmee tot een lagere breukspanning. Traditionele 
rubberversteviging door het toevoegen van rubberachtige core-shell deeltjes aan PS heeft een 
positieve invloed op de verouderingssnelheid, alhoewel het is aangetoond dat dit effect slechts 
gebaseerd is op een mengregel: de rule of mixtures. 

Deel 2 
In de zoektocht naar een ultiem en universeel additief om de taaiheid te verbeteren is het van 
belang dat cavitatie onder de kerf voorkomen wordt. Hiervoor is het noodzakelijk dat in alle 
polymere materialen heterogeniteiten geïntroduceerd worden om te voorkomen dat een 
kritische hydrostatische spanning wordt overschreden waarbij craze-initiatie kan optreden. 
Om optimale taaiheid te verkrijgen moeten nanometer-schaal rubberachtige core-shell 
deeltjes toegevoegd worden. Hiervan moet de kern een minimale weerstand tegen cavitatie 
bezitten, bijvoorbeeld door te bestaan uit een polymeer van laag molecuulgewicht dat 
nauwelijks vernet is, of zelfs een geprecaviteerde kern, bijvoorbeeld veroorzaakt door krimp 
gedurende kristallisatie tijdens afkoelen. Tijdens belasting zal cavitatie leiden tot een 
verlaging van de hydrostatische spanningen, hetgeen craze-vorming voorkomt en shear 
yielding tot gevolg heeft. Door de verbeterde delokalisatie van rek vertoont het materiaal een 
meer ductiele respons, temeer omdat strain hardening extra gepromoot wordt door de 
rubberachtige schil. De gewenste morfologie is moeilijk te bereiken via conventioneel 
mengen in de smelt, hoewel recentelijk is aangetoond dat geschikte systemen met voldoende 
compatibiliteit tussen blok-copolymere additieven en matrix behaald kunnen worden via 
reactief mengen in de smelt. 

In Hoofdstuk 4 is beschreven hoe heterogene PMMA blends verkregen kunnen worden door 
middel van zelfassemblage van blok-copolymeren gevolgd door de polymerisatie van het 
oplosmiddel. De thermodynamische, ofwel evenwichtsmorfologie van blok-copolymeren in 
oplossing wordt onder andere bepaald door het molecuulgewicht, de bloksymmetrie, de 
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interne repulsie tussen verschillende blokken en de interactie tussen oplosmiddel en blok-
copolymeer. De uiteindelijke morfologie hangt af van het eventuele optreden van micro- en 
macrofasescheiding gedurende de polymerisatie. De blok-copolymeren zijn zo ontworpen dat 
ze in oplossing core-shell micellen vormen, bestaande uit een polyolefine kern en een 
acrylaat-schil. Polymerisatie van het monomeer (in dit geval methyl methacrylaat), dat tevens 
dienst doet als oplosmiddel, resulteert in de gewenste matrix met rubberachtige deeltjes van 
nanometer-schaal. Omdat tijdens de polymerisatie voorkomen moet worden dat 
macrofasescheiding optreedt, hetgeen leidt tot grote blok-copolymeer-rijke gedispergeerde 
gebieden in een brosse, niet-gemodificeerde PMMA-rijke matrix, is de invloed van 
polymerisatietemperatuur en compositie van het blok-copolymeer bestudeerd. Hieruit blijkt 
dat, om stabiele blok-copolymere micellen te behouden, de polymerisatiereactie plaats moet 
vinden beneden de order-disorder temperatuur, bijvoorbeeld op T = - 40 °C, en dat verglazing 
vooraf moet gaan aan macrofasescheiding. Bovendien leidt een lage polymerisatietemperatuur 
tot een verhoogde viscositeit van het systeem, hetgeen verdere coalescentie van het blok-
copolymeer vertraagt. 

Hoofdstuk 5 beschrijft de synthese van poly(methyl methacrylaat)-b-poly(butyl acrylaat)-b-
poly-ε-caprolacton triblok-copolymeren met een semi-kristallijn polycaprolacton-blok (PCL). 
De kleine ingesloten PCL domeinen vertonen een sterke neiging om te caviteren in 
trekbelasting vanwege de interne spanning die zich ontwikkelt gedurende kristallisatie. 
Proefstaven bestaande uit puur triblok-copolymeer en blends hiervan met een PMMA matrix 
zijn vervaardigd op twee manieren: ten eerste door middel van gieten van een oplossing van 
de benodigde componenten gevolgd door het langzaam laten verdampen van dit oplosmiddel, 
ook wel solvent casting genaamd, en ten tweede door de benodigde materialen te extruderen 
en vervolgens te persen tot een plaat, hetgeen compression molding genoemd wordt. De 
uiteindelijke morfologie hangt voornamelijk af van de zuiverheid en de polydispersiteit van 
het triblok-copolymeer, maar ook van de samenstelling van de blend. Deze kan namelijk 
variëren van een lamellaire via een hexagonaal-gestapelde cylindrische tot een bolvormige 
morfologie. Relatief zuivere en laag-polydisperse materialen vertonen een uitgesproken 
morfologie. De uiteindelijke microscopische respons die optreedt ten gevolge van deformatie, 
bijvoorbeeld crazing, cavitatie of shear yielding, kan aangetoond worden met 
röntgenverstrooiing over kleine hoeken met behulp van synchrotron-straling, zie Hoofstuk 6. 
Afhankelijk van de hoeveelheid en het type additief en de verwerkingscondities kan de wijze 
waarop deformatie optreedt in de PMMA/triblok-copolymere blends verbeterd worden van 
crazing naar cavitatie-geïnduceerde shear yielding. Snel afkoelen verhoogt de kristalliniteit 
van de semi-kristallijne kern, welke geïnitieerd wordt door heterogene en/of homogene 
nucleatie en cavitatie vergemakkelijkt en resulteert in een meer ductiele deformatie. De 
toevoeging van ongeveer 6 gewichtsprocent rubberachtig materiaal (dat voor 30 % semi-
kristallijn is) blijkt voldoende om cavitatie teweeg te brengen en delokalisatie van rek in 
PMMA te bewerkstelligen. Alhoewel toenemende veroudering nog steeds tot brosse breuk 
leidt (crazing), mag het duidelijk zijn dat PMMA/triblok-copolymere blends de 
noodzakelijkheid aantonen van op maat gemaakte heterogeniteiten die cavitatie bevorderen en 
ductiliteit tot gevolg hebben. 
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