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Summary

In the last decades considerable effort is addressed to the toughening of brittle amorphous
polymers like polystyrene (PS) and polymethylmethacrylate (PMMA). The brittleness of
these polymers is the result of a catastrophic strain localization in the form of crazes. Con-
sidering the network density, the intrinsic toughness of PS is expected to be higher than poly-
carbonate (PC), which is known as a more ductile material and deforms via shear yielding.
Previous studies indicated that macroscopic deformation behavior such as crazing or shear
yielding is dominated by the post yield behavior. PS suffers from strong strain softening
in combination with limited strain hardening, giving rise to an extreme localization of the
stress during deformation within the crazes. Improving the ductility should hence focus on
avoiding localization of the strain by eliminating the intrinsic strain softening and promoting
the contribution of strain hardening such that the high intrinsic ductility can be transferred to
the macroscopic level. Furthermore, a transition from crazing to shear yielding takes place
if the matrix ligament thickness within a heterogenous system is reduced to below a critical
value. Maximum toughness in PS and PMMA is, therefore, expected by the introduction of
a nanosized core-shell rubber with minimal resistance against cavitation. Cavitation of the
core causes a strong relieve of the hydrostatic stresses, whereas delocalization is enhanced by
a stronger strain hardening behavior of the rubber shell. Control over morphology is the key
issue for a successful toughening process, since the required morphology can not be achieved
by conventional melt blending routes. Therefore, the self-assembly process of block copoly-
mers is used.

Block copolymers are known to self-assemble into well-defined ordered phases with nano-
scopic length scales both in the undiluted state and in blends. The thermodynamic or equilib-
rium morphology of a given diblock copolymer is governed by the polymer molecular weight,
block symmetry and interblock repulsion. In blends and solutions, the morphology is further
dictated by solvent-block interaction parameters and blend composition. In the self-assembly
process used in this study, the monomer styrene or methyl methacrylate (MMA) is polyme-
rized in the presence of block copolymers, which should result in a thermoplastic matrix filled
with small rubbery particles. The observations on the morphology development showed that
for a large number of systems with block copolymers based on a hydrogenated polyethylene-
co-butylene (PEB) (or polyethylene-co-propylene (PEP)) and an acrylate block, undesired
macrophase separation occurs during the polymerization, resulting in a PS- or PMMA-rich
phase, and a block copolymer-rich phase, having a structure similar to the characteristic mi-
crophase structure of the block-copolymer itself.

Two possible routes were explored to avoid macrophase separation. For PMMA blends
it is shown that by reducing the polymerization temperature to -40 ◦ C, the order-disorder
temperature (ODT) is passed, resulting in additional stabilization of the initial micellar mor-
phology of the block copolymer/MMA solution upon polymerization. Furthermore, a de-
creased polymerization temperature results in an enhanced viscosity of the reacting MMA
mixture, which prevents further coalescence of the block copolymer. The intrinsic behavior
of the resulting nanosized PMMA blends showed a strong reduction in strain softening with
block copolymer content.
For blends based on PS, suppression of macrophase separation could be realized by intro-
duction of intermolecular hydrogen bonding between the PS matrix material and the acrylate
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shell block. Dependent on the extent of interactions, a transition in morphology occurs from
macrophase separated structures to nanosized microphase separated structures up to complete
miscibility of the block copolymer shell and PS matrix.
Although the tensile test results didn’t reveal a strong synergistic toughening effect, the
changes in intrinsic deformation behavior were evident. The strain hardening modulus re-
mained unaffected, whereas strain softening was strongly reduced by the introduction of the
sub-micron micellar morphology. With increased miscibility between the rubber shell and
matrix, the yield stress and strain softening were enhanced resulting in a more localized de-
formation and thus brittle behavior. This indicates that a rubber shell is a prerequisite for
optimal delocalization.
Time-resolved small angle X-ray scattering using synchrotron radiation proved to be a pow-
erful technique to determine the mode and development of the microscopic deformation.
Depending on the rubber content and amount of hydrogen bond interactions introduced, the
deformation of PS/diblock copolymer blends in uniaxial tension can be altered from crazing
to cavitation induced shear yielding. The formation of voids relieve the triaxial stress state,
which subsequently enhances shear yielding and thus a more ductile behavior. The limited
strain at break observed in these blends is mainly caused by the too low strain hardening
modulus.
The introduction of hydrogen bond interaction is necessary to gain the required compatibility
of the constituents and, subsequently, to control the morphology (development). The con-
sequent incomplete demixing between the PS matrix and the rubber acrylate shell may be a
major drawback of using this type of interactions to prepare model blends to study the in-
fluence of core-shell-like morphologies on the mechanical performance of brittle amorphous
polymers. Therefore, additional attention is paid on the microscopic deformation behavior
of various types of microphase separated triblock copolymers consisting of a glassy PS or
PMMA matrix, with special emphasis on the role of cavitation, crazing and shear yielding.

The first triblock copolymer is based on polyethylene-co-butylene-polybutylacrylate-poly-
methyl methacrylate (PEB-PBA-PMMA). Liquid-like PEB particles, surrounded by a PBA
rubber shell, are embedded in a PMMA matrix. Upon deformation, the PEB cores cavitate
resulting in delocalization of the strain caused by the subsequent yielding of the PMMA lig-
aments. The second triblock copolymer with sharp phase boundaries studied is polystyrene-
polybutadiene-polycaprolactone (SBC) triblock copolymer, showing a cylindrical core-shell
morphology. It is demonstrated that the confined crystalline PCL domains possess a strong
tendency for cavitation under tension due to the internal stresses that develop during crystal-
lization and contraction. Consequently, the triaxial stress state is relieved and shear yielding
is promoted resulting in a drastically improved tensile toughness (±900%). The degree of
long range order of the cylindrical microdomains determines the craze termination capabil-
ity. For materials possessing a high degree of ordering, crazes propagate preferentially along
the cylindrical axes and can not be terminated effectively.

The final triblock copolymer studied is a poly(styrene-butadiene-styrene) (PS-PB-PS) tri-
block copolymer with a polystyrene content of 75 wt%. The microscopic mode of deforma-
tion of this triblock copolymer is largely influenced by the microscopic morphology. Orien-
tation of the lamellae either parallel or perpendicular to the applied load results in a drastic
reduction in mechanical performance. For lamellae oriented parallel to the applied load, the
deformation proceeds via the subsequent failure of PS domains and the rearrangement of
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these fragmented domains in the PB phase. The samples with the lamellae oriented per-
pendicular to the applied load predominantly deform via craze initiation and propagation in
the PS lamellae. In contrast to samples with random oriented lamellae, crazes propagate in
the preferential direction perpendicular to the load. Furthermore, it is demonstrated that the
choice of the solvent in the solvent casting process causes a transition from a lamellar mor-
phology to a random distribution of short wavy rods of PB surrounded by a matrix of PS. As
a result, the deformation behavior as well as the microscopic mode of deformation changes.
Whereas a ductile homogeneous deformation behavior was observed for the lamellar mor-
phology proceeding via yielding and effective craze termination, a more brittle behavior was
seen for the short wavy PB rods embedded in a PS matrix. The latter is caused by the sub-
sequent cavitation of the PB domains and the absence of a morphology able to terminate
propagating crazes.

Diblock copolymers can thus be used to prepare more ductile heterogenous systems based on
brittle amorphous polymers. It is demonstrated that strain softening diminishes and that the
deformation predominantly proceeds via cavitation induced shear yielding. Both a liquid-like
core as well as a semi-crystalline core may facilitate the occurrence of cavitation. However, in
order to obtain high strains at break the deformation should be transferred more accurately to
undeformed parts by increasing the strain hardening modulus. Additionally, it is shown that
triblock copolymers consisting of either a PS or PMMA matrix can serve as perfect model
systems to reveal the influence of cavitation, long range order and microscopic morphology
on the intrinsic deformation behavior.
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Chapter 1

Introduction

1.1 Mechanical behavior of polymers

1.1.1 Introduction

The last few decades have been accompanied by a rapid development of synthetic polymeric
materials. Nowadays, and on a continuous increasing scale, polymers are used in many kinds
of industrial products (e.g. in the aeronautic, automotive, packaging and toy industry). Com-
pared to more traditional materials, polymers intrinsically exhibit a surprisingly wide com-
bination of chemical, physical and electrical properties (such as low density, high stiffness,
water impermeability, good optical properties and chemical inertness) that can be useful in
a variety of applications. More important, in addition, is the ease and cheapness with which
they can be processed.
Since polymers are often used as construction materials, the mechanical performance in high
loading conditions is, therefore, a general requirement for the successful application of poly-
meric materials and products. As a consequence, toughness enhancement has been subject
of many studies in the past and great attention has been paid to reveal the fundamentals of
different toughening mechanisms. It has been well known for many years that the fracture
toughness of thermoplastics can be improved up to one order of magnitude by incorpora-
tion of a certain amount of elastomer; rubber toughening, Bucknall (1977). This incorpora-
tion/modification, however, results in a strong decrease in stiffness and yield strength. Con-
cerning the toughness of amorphous polymers, recently considerable effort has been pointed
towards the numerical simulation of deformation phenomena in (heterogeneous) polymer
systems, like e.g. polymer/rubber blends, Smit et al. (2000a). This constitutive modelling
enables to quantitatively predict polymer responses and reveals the relation between micro-
and macroscopic deformation, including the effects of temperature, strain rate, time and com-
position. One of the major conclusions is that polymers must be made heterogeneous in order
to circumvent notch or scratch sensitivity. Application of this knowledge and understanding
may offer new guidelines for further development of polymers with a high fracture toughness.
This thesis deals with the development of a general route to prepare ductile heterogeneous
polymer systems, with minimal loss in stiffness and strength and the evaluation of the resul-
ting mechanical properties on both microscopic and macroscopic level.
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1.1.2 Localization phenomena in brittle amorphous polymers
Localization phenomena on the microscopic level are of major importance on the macro-
scopic mechanical response of polymers. Polystyrene (PS) and polymethylmethacrylate
(PMMA) are known as extremely brittle amorphous materials with a macroscopic strain at
break of only a few percent, whereas polycarbonate (PC), on the other hand, is generally
considered to be ductile. Uniaxial compression tests reflect the differences in the intrinsic de-
formation behavior of these materials, since localization phenomena as crazing and necking
are absent. For all materials, the intrinsic stress-strain curves show an initial elastic region,
followed by yielding, intrinsic strain softening and strain hardening as schematically depicted
in Figure 1.1.
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Figure 1.1: A schematic representation of the intrinsic stress-strain behavior of amorphous polymers,
I) elastic region, II) yield stress, III) strain softening and IV) strain hardening.

Main differences between the different polymers are found in the post-yield behavior: the
drop in true stress after yielding (strain softening) and the strain hardening modulus at higher
strains. Localization of the strain is induced by severe intrinsic strain softening whereas the
evolution of this plastic zone depends on the stabilizing effect of the strain hardening, van
Melick et al. (2003a). For PS, severe strain softening causes the strain to localize, which can-
not be stabilized due to the low strain hardening modulus. The localized deformation with
increasing strain induces the build-up of triaxial stresses. The dilative stresses become so
large that void nucleation occurs. Deformation of the polymer ligaments between the voids
and coalescence of individual voids finally lead to craze formation. Consequently, crazes are
interconnected voided structures containing small, highly oriented polymer fibrils that bridge
the craze interface. During the drawing process, the formation of fibrils is accompanied by
considerable disentanglement and/or chain scission. Intrinsic fibril failure occurs, when load
bearing molecules between effective entanglements fracture and start an unstable process of
chain scission. Crazes are usually initiated at surface irregularities or at internal voids and
inclusions. These defects provide the stress concentration necessary for plastic deformation.
Within these craze fibrils, however, large draw ratios can be obtained, approaching the the-
oretically estimated value of 300% for PS as demonstrated by Kramer (1983), indicative for
the high intrinsic ductility of PS. PC, on the other hand, has a limited strain softening and a
more pronounced strain hardening. The moderate strain localization can, therefore, easily be
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stabilized and crazing is prevented. PMMA has intermediate properties.
The post yield behavior, consequently, plays a key role in the macroscopic deformation be-
havior in tension and determines whether a polymer behaves ductile or brittle. Besides the
intrinsic post yield behavior causing strain localization, the resistance against void-nucleation
should be considered. Surpassing a certain critical value, estimated to be 40 MPa for PS, 75
MPa for PMMA and 90 MPa for PC, matrix cavitation is induced and ultimately crazing
occurs, van Melick et al. (2003b). In conclusion, it can be said that PS behaves brittle, due
to a severe strain softening, a limited network density in combination with this low craze
initiation stress. For unnotched polycarbonate (PC), the strain hardening process, in combi-
nation with the higher craze initiation stress, stabilizes the strain localization process before
craze initiation sets in. PC deforms by shear yielding: stress induced co-operative motion of
polymer chain segments. In uniaxial tension, this results in macroscopic localization of the
deformation in the form of a neck which propagates through the sample till fracture occurs at
a strain at break of approximately 80%. The challenge will be to modify brittle amorphous
polymers in order to avoid catastrophic localization and to transfer the intrinsic ductility to
the macroscopic level. As described above this can be achieved by decreasing the yield stress
or increasing the strain hardening modulus in such a way that the macroscopic response of the
polymer shows no strain softening anymore. The origin of strain hardening is well known:
a contribution of the entanglement network as a result of stress-induced segmental mobility.
Therefore, possible routes to enhance strain hardening are crosslinking or preorientation of
the network, van Melick et al. (2003c). The origin of strain softening is much less estab-
lished. It is known that it is dominated by secondary interactions between polymer chains,
and hence, depend on temperature and mechanical history in a similar way as the yield stress.
Slow cooling rates tend to increase strain softening whereas quenching leads to a diminished
softening. Erasure of physical ageing effects occurs by plastic deformation, yielding com-
plete mechanical rejuvenation after underloading, which causes a (temporarily) decrease in
strain softening and even PS becomes temporarily ductile and does not craze anymore. Mod-
erate strain softening and pronounced strong strain hardening does not always result in ductile
behavior under all test conditions. A well-known example is the notch-sensitivity of polycar-
bonate. Due to the confined development of the plastic zone underneath a notch, high triaxial
stresses develop, resulting in void nucleation and finally crazing. In PS similar events happen
underneath a defect (e.g. irregularities or dust particles), and therefore, PS is said to be defect
sensitive. Thus, more practical routes to toughness are needed, including the application of a
second rubber phase.

1.1.3 Need for heterogeneities and cavitation

The major objective of this thesis is to transfer the high intrinsic ductility of brittle amor-
phous polymers to the macroscopic level by suppressing the tendency of localization in the
form of crazes underneath a scratch or notch. To overcome localization and surpassing of
the critical hydrostatic stress, polymeric materials that are designed for toughness must be
made heterogeneous. For polycarbonate and polyamide it was recognized that a transition in
macroscopic mode of deformation from crazing to shear yielding can be reached by incor-
poration of a dispersed rubber phase. Cavitation in this rubber phase is essential for release
of the triaxial stress state and to induce massive plastic deformation. Once a rubber particle
has cavitated, the surrounding matrix is free to yield and stretch in a way that was previ-
ously impossible. The rigid polymer enclosing the rubber phase expands through biaxial
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extension, thereby increasing the dimensions of the cavitated particle. Sequential yielding
prevents strain softening on the microscopic level, which macroscopically results in a change
in deformation mode from crazing to shear yielding and, consequently, a ductile behavior.
Recent computative analysis indeed showed that for different materials, dependent on Me, a
brittle to ductile transition can be obtained. Smit et al. (2000b) modelled the deformation of
amorphous polymers by evaluating the influence of voids and rubber particles on the extent
of localization and the resulting macroscopic response. In order to circumvent the notch sen-
sitivity of tough polymer systems like PC, the dispersed phase may consist of voids, whereas
for brittle polymers like PS a precavitated rubber is necessary.
The cavitation capability of rubber domains is dependent on the crosslink density of the rub-
ber and the size of the dispersed phase, Bucknall et al. (1994); Dompas and Groeninckx
(1994). Crosslinking of the rubber phase is desirable, since the rubber phase is subject to
large tensile strains during impact. For uncrosslinked polymers, molecular entanglements of
the molecules are unable to prevent rapid flow and fracture in response to an applied stress.
Tests on blends containing rubber particles within a large range of sizes showed that voids
form preferentially in the larger particles. However, once the dispersed phase is precavitated,
there exist no practical lower limit for its size. Cavitated rubber particles behave like voids
only during the initial stages of the yielding process. As the local strain in the matrix in-
creases, the rubber phase is forced to stretch until it reaches considerable biaxial extension
ratios. At this stage, the stresses in the rubber become high enough to cause additional strain
hardening of the cavitated material, thus preventing premature failure. The importance of a
precavitated rubber phase on the deformation mechanism was experimentally demonstrated
by Jansen et al. (2001b) via in-situ small angle X-ray scattering (SAXS) experiments. For
PMMA-aliphatic epoxy blends with extremely small structures in the order of 30 nm, Jansen
et al. (2001a), a ductile behavior was found under low speed. The material was able to initiate
voids within the rubbery domain prior to shear yielding. Under high loading conditions, no
cavitation occurred and the material behaved brittle. Consequently, the critical hydrostatic
stress could not be circumvented and the material showed brittle failure as a result of crazing.
Precavitation of the rubber phase by low speed deformation, prior to impact testing, indeed
resulted in prevention of the build-up of high hydrostatic stresses, delocalization of the local
strain and macroscopic ductile behavior. In general, cavitation within the rubbery domains
releases the triaxial stress and prevents localization of the strain in the form of crazes.
For PS this ultimate mechanism is not reached yet. For high impact PS (HIPS), the improved
toughness is the result of a process called multiple crazing. Rather than inhibition of craz-
ing, a larger volume participates in the deformation. The crazes grow from rubber particle
surfaces, Kramer (1983). Crazing may even be cooperative and necessary in spreading the
cavitation from rubber particle to rubber particle, whereas in more ductile polymeric matrices
cavitation or debonding of the rubber particles allows the polymer to spread the cavitation by
shear bands (dilatation bands).
Considering the high drawability of PS in the craze fibrils, it can be anticipated that crazes
can be prevented by reducing the local thickness in brittle amorphous polymers. Studies
performed by Wu (1988) (for semi-crystalline materials) and van der Sanden et al. (1993,
1994)(for glassy amorphous polymers) demonstrated that the intrinsic ductility of the poly-
mer can be transferred to the macroscopic level if the ligaments in the polymer systems are
reduced to below a certain critical value. Also for these systems a decreased build-up of
hydrostatic stresses and enhanced delocalization contribute to the observed toughness im-
provement. The latter may find its origin in a reduction of the glass transition temperature



Introduction 5

(Tg), Keddie et al. (1994); Forrest and Dalnoki-Veress (2001). Near a free surface the seg-
mental mobility of a polymer chain is enhanced, which, comparable to thermally enhanced
mobility, results in a reduction of yield stress and strain softening, van Melick et al. (2002).
This explains the more stable and homogeneous deformation behavior. Modelling suggest
that addition of precavitated core shell rubbers represents the ideal impact modification for
the extreme case of low entangled polystyrene. The first Finite Element Method (FEM) anal-
ysis of the developing hydrostatic stress in these structures, however, revealed that inside a
representative volume element (RVE) the critical stresses to induce crazing is still surpassed.
A brittle-to ductile transition (no crazing) could only be predicted when the thickness effect,
a lower yield stress from rubber surface to bulk, was considered in the model. This implies
that for improved toughness in all optimized heterogeneous polymer systems, the critical in-
terparticle distance should be reached relying on the consequently reduced average bulk yield
stress. In combination with a small decrease in stiffness and yield strength, i.e. low volume
fraction of rubber particle (∼ 5 vol%), the critical interparticle distance of 30 nm for PS is
reached when the particle size is decreased to 30 nm.
All theories/experiments described above lead us to a new route for optimal toughening of
brittle amorphous polymers. The proposed morphology for optimal toughness, a combination
of nanosized rubber particles and cavitation, is schematically depicted in Figure 1.2.
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Figure 1.2: Proposed morphology for maximum properties: precavitated 30 nm sized core shell mor-
phology with a core modulus of � 3MPa, shell modulus of 300 MPa in a 3GPa matrix.

1.2 Rubber blending by use of diblock copolymers
The results mentioned above will be considered as guidelines to develop new routes to duc-
tile polymers based on the brittle amorphous polymers PS and PMMA. The ultimate goal
of this thesis is the preparation of a nanosized rubber morphology with minimal resistance
against cavitation. This requires a large control over the morphology development during
blending. In general two blending techniques can be considered: physical and chemical.
The most common technique is physical blending and involves dispersive mixing using pro-
cessing equipment like extruders and kneaders. The final morphology is determined by the
processing conditions, compatibility, viscosity and viscosity ratio of the polymers involved.
During chemical blending, at least one of the components is synthesized in the presence of
the other one. Starting from an initially homogeneous solution, the final morphology is the re-
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sult of a chemically induced phase separation which occurs during polymerization. The final
morphology (i.e. size of the dispersed phase) is controllable by adjusting the polymerization
conditions and starting viscosity. It is very difficult if not, impossible to prepare nanosized
morphologies via physical blending routes, therefore, this thesis describes the preparation of
nanosized blends via the in-situ polymerization of styrene resp. methyl methacrylate/ rubber
solutions.
As concluded, maximum toughness can be expected for an easily cavitating modifier, which
supports the strain hardening process at higher strains. A possible route to core-shell parti-
cles for which these two contradicting properties are combined may be the application of di-
block copolymers. Diblock copolymers self-assemble into micellar structures when they are
dissolved in selective solvents. To obtain the desired morphology these micellar structures
should be formed in monomers like styrene or methyl methacrylate, which after polymeriza-
tion form the matrix. With respect to the monomeric solvent, the blocks should consist of a
compatible and an incompatible block, see Figure 1.3. The compatible shell block should be
a rubber or an other easily deforming polymer, which will phase separate upon polymeriza-
tion of the monomeric solvent. The resistance against cavitation of the core block should be
minimized. This can be achieved by making use of a liquid or low molecular weight poly-
mer. Even a crystalline polymer may possess a low cavitation stress when internal stresses
are introduced by the density change upon crystallization. This in-situ polymerization route
may result in the preparation of nanosized core-shell-like morphologies, as schematically
depicted in Figure 1.3. The concept of using the self-assembly process of diblock copoly-
mers to create nanostructures was first explored by Lipic et al. (1998); Hillmyer et al. (1997).
Nanocomposite materials with nanoscopic features were prepared based on the formation
of a well-ordered nanostructure from a two component mixture of a low-molecular weight
thermosetting epoxy resin and a diblock copolymer. These mixtures formed ordered mor-
phologies with compositional heterogeneities on 10-20 nm length scales. Crosslinking of the
epoxy matrix without macroscopic phase separation of the block copolymer lead to stable
structures with nanoscopic features. Self-assembly and polymerization are sufficiently un-
coupled that, once a ordered state symmetry has been obtained, the crosslinking of the epoxy
resin does not significantly affect the morphology. The mechanical properties of these blends
were studied by Dean et al. (2001) and a slight increase in impact strength was observed.
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Figure 1.3: Concept to induce ductility via the self-assembly process of diblock copolymers.
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1.3 Scope of the thesis
The aim of this thesis is the development of a ductile heterogeneous polymer based on orig-
inally brittle amorphous polymers via modification with diblock copolymers. The diblock
copolymer is dissolved in the monomer, which after polymerization forms the brittle matrix.
The dispersed phase is in the order of tens of nanometers and possesses a core with low re-
sistance against cavitation (i.e. liquid phase). The shell consists of a (crosslinked) rubber to
support the strain hardening behavior at higher strains.
Chapter 2 describes the synthesis and characterization of various diblock copolymers, consist-
ing of a liquid core and a rubber shell. The microphase separated morphology as a function of
molecular weight (distribution) and composition is discussed. In Chapter 3 the morphology
development of MMA/diblock copolymer solutions is investigated during the polymeriza-
tion of MMA in the presence of diblock copolymers. Attention is paid to the occurrence of
macrophase versus microphase separation as a function of polymerization temperature and
viscosity. Chapter 4 discusses rubber modified PS blends. By introduction of hydrogen bond
interactions, macrophase separation can be avoided and nanosized blends are obtained. In
the subsequent chapter the mode of deformation for those systems is discussed by means of
tensile tests, compression tests and in-situ small angle X-ray scattering (SAXS) experiments
during tensile testing. The aim is to gain additional information on the relation between mor-
phology and mode of deformation. In Chapter 6 the deformation mode of a pure triblock
copolymer with a core-shell-like structure based on a liquid core, rubber shell and PMMA
matrix is described. Chapter 7 discusses the various deformation modes of a triblock copoly-
mer with PS as the matrix and a semi-crystalline core. The occurrence of cavitation, crazing
and shear yielding is investigated as a function of thermal treatment and long range order. In
Chapter 8 the influence of long range order and microdomain morphology on the mechanical
performance is studied using the model system SBS (75 wt% PS). The 3D morphology is
assumed to play an important role in the intrinsic deformation behavior. The final chapter
summarizes some main conclusions and gives recommendations for further research.
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Chapter 2

Synthesis and characterization of
block copolymers

Diblock copolymers consisting of polyethylene-co-propylene (PEP) as the liquid-like block
and various acrylates as the rubber block were synthesized by a combination of living an-
ionic polymerization (LAP) and copper-based atom transfer radical polymerization (ATRP).
The macroinitiator PEP containing a 2-bromoisobutyryl end group was prepared by LAP
of isoprene and suitable termination with ethyleneoxide followed by esterification with 2-
bromoiso-butyrylbromide and hydrogenation. This compound together with the commer-
cially available polyethylene-co-butylene (PEB) were used as macroinitiators for the con-
trolled ATRP to prepare block copolymers with methyl-, ethyl- and butylacrylate. The block
copolymers were characterized by means of size exclusion chromatography and small angle
X-ray scattering (SAXS). Dependent on the molecular weight and composition, the block
copolymers exhibit lamellar, cylindrical or spherical microdomain morphologies.

2.1 Block copolymer phase behavior

The phase behavior of diblock copolymers and diblock copolymer blends was subject of an
extensive amount of research for over thirty years. The unique properties of block copolymers
arise from their molecular structure: two chemically different polymers (A and B) covalently
bonded. A remarkable property of block copolymers is their ability to self-assemble into a
variety of ordered structures with nanoscale periodicities via the process of microphase sep-
aration. Microphase separation is driven by the enthalpy of demixing of all components of
the block copolymer, whereas macrophase separation is prevented by the chemical connec-
tivity of the blocks, Hamley (1998). Two competing effects govern the thermodynamics of
block copolymers. As the temperature is reduced, the tendency for blocks to phase separate
is enhanced; the enthalpic process of demixing is favored. However, this process is accom-
panied by a reduction in entropy as the chain configuration becomes more constrained. Like
in polymer blends, the phase behavior of block copolymers is dependent on the product of
χ N , where χ is the Flory-Huggins interaction parameter and N is the copolymer degree of
polymerization. In reality, χ is best expressed as χ = α/T + β, where α and β are empir-
ically determined constants, and β is indicative for the excess entropic contributions to the
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free energy. Three regimes can be defined depending on the extent of segregation. The strong
segregation limit is obtained for χ N � 100 and results in sharp microdomain boundaries
with narrow interfaces. The intermediate regime exist for χ N ≈ 10 − 100, whereas the
’weak segregation limit’ is obtained for χ N ≈ 10. For χ N � 10, entropic effects dominate
and the block copolymer exist in the homogeneous state. For a diblock copolymer in the
strong segregation limit, the volume fraction of one component, f, controls the microdomain
structure. Examples of those ordered microdomain structures are spheres on a body centered
cubic (bcc) lattice, cylinders packed on a hexagonal lattice and alternating lamellae. The
composition profile is periodic, with the length scale of the period set by the radius of gyra-
tion of both components. Figure 2.1 shows the classical picture of the changes in morphology
as a function of f. The three regimes can be easily accessed with a single block copolymer by
varying the temperature, since χ is inversely proportional to temperature. The transition from
a homogeneous melt of chains to a heterogeneous melt of ordered microdomains is called the
order-disorder transition.

Figure 2.1: Schematic phase diagram for a diblock copolymer and illustration of six diblock copoly-
mer microstructures showing the domains occupied by the minority components block: L
lamellar, C cylindrical, S spherical, Scp close-packed spheres, PL perforated lamellar, G
gyroid and D double diamond morphology, reproduced form Matsen and Bates. (1996,
1997).
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The nanosized microphase separated morphologies in block copolymers makes them widely
used industrially. In the solid and rubbery states they are used as thermoplastic elastomers;
rubber-like materials that, unlike conventional vulcanized rubber, can be recycled and pro-
cessed like thermoplastic materials. In solution their surfactant properties are exploited in
e.g. foams, oil additives and solubilizers.

2.2 Synthesis of diblock copolymers

Block copolymers with well defined structures can be synthesized by various living polyme-
rization techniques. Diblock copolymers based on polybutadiene (PB) or its hydrogenated
product poly(ethylene-co-butylene)(PEB) with vinyl and acrylic polymers are produced on
an industrial scale by sequential anionic polymerization. Anionic polymerization offers great
control over molecular weight, molecular weight distribution and chain architecture. Those
advantages are a result of the ’living’ character of the polymerization, meaning that there is
no termination or chain transfer of the propagating chain. Anionic polymerization is usually
initiated by metal organic bases (e.g. n-butyl lithium and sec-butyl lithium) and the propa-
gating chain end is an anion with the metal as counter ion. One of the major disadvantages
of the application of living anionic polymerization techniques is the need for high purity re-
actants and the limited range of monomers that can be polymerized. Any acidic compound
is able to terminate the living chain, including water, oxygen and protic solvents. Therefore,
reactions are usually conducted under an inert atmosphere with rigorously purified materials
(monomer, solvents, modifiers) and set-up. When these conditions are met, each mole of
initiator results in one mole of polymer and the molecular weight of the polymer is simply
the mass of monomer reacted divided by the moles of initiator. Within the last few years,
techniques have been developed which also allow radical polymerizations to be carried out
in a controlled manner. In 1995, Sawamoto and Matyjaszewski developed the concept of
atom transfer radical polymerization (ATRP), Kato et al. (1995); Wang and Matyjaszewski
(1995). ATRP is based on the reversible deactivation of a propagating radical by transfer
of a halogen atom from a transition metal complex (Mn

t /Ligand) in its higher oxidation
state to the growing chain-end, Qui and Matyjaszewski (1997). In ATRP, initiation starts
through halogen abstraction from an alkyl halide or halogen functional polymer. The poly-
mer chains grow by the addition of monomers to the intermediate radical, with rate constants
of activation kact and deactivation kdeact . A successful ATRP reaction will have not only
a low level of termination reactions but also a uniform growth of all chains, through fast
initiation and rapid reversible deactivation. The most extensively used transition metal is
copper (with Cu+ as activator and Cu2+ as deactivator). In order to be active, the catalyst
needs to be complexed by ligands. These ligands strongly affect the position of the dy-
namic equilibrium. For copper based ATRP, there are many candidates, such as bipyridines
and alkyl amines, i.e. multidentate tertiary amine ligands, Xia and Matyjaszewski (1997);
Matyjaszewski and Xia (2001). The mechanism of the ATRP of acrylates with Cu+ and
N,N,N’,N”,N”-pentamethyldiethylenetriamine (PMDETA), initiated by bromide functional
PEB macroinitiator, is schematically depicted in Figure 2.2. A major drawback of this tech-
nique is the need of relatively high amounts of active transition metal, which makes product
purification inevitable.
This chapter reports on the synthesis of well defined diblock copolymers using a sequential
anionic and atom transfer radical polymerization, Jankova et al. (1999); Schellekens et al.
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(2001); Tong et al. (2000). The block copolymers consist of block with liquid-like properties
(low Mn hydrogenated polyolefin) and a rubbery block (several acrylates possible). Those
synthesized diblock copolymers are used in a later stage (Chapter 3-6) as possible impact
modifier in PS and PMMA.
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Figure 2.2: Equilibrium between activated and dormant species during the ATRP of acrylates using
PEB macroinitiators.

2.3 Results and discussion

2.3.1 Mono end-functional polyolefins via anionic polymerization of iso-
prene

Diblock copolymers consisting of a liquid-like block and a rubber block were synthesized
by ATRP using various mono hydroxyl-functionalized macroinitiators: commercial PEB-OH
and anionically synthesized PEP-OH. In literature, many reports are found concerning the
anionic polymerization of 1,3-dienes like isoprene and butadiene. The stereochemistry of the
polydienes prepared may vary from a cis- and trans-1,4 to 1,2 and 3,4-microstructure, and
strongly depends on e.g. the counterion, solvent and the presence of Lewis base additives.
For example, addition of small amounts of THF results in about 50% 1,2-microstructure con-
tent, Zune et al. (1999), whereas a 1,4-high microstructure content (> 95%) is obtained in
absolute non-polar conditions only. The anionic polymerization of isoprene was performed
in cyclohexane with sec-butyl lithium as initiator. Polymerization at ambient temperatures in
cycohexane with lithium as counterion results in a predominant cis-1,4 microstructure, yield-
ing a mostly alternating ethylene-co-propylene copolymer after hydrogenation of the residual
double bonds. The route towards the mono hydroxyl-functionalized linear PEP (PEP-OH) is
depicted in Figure 2.3.
In order to vary the chain length of the polyisoprenes prepared (PI), various reactions were
performed with different sec-butyl lithium to monomer ratios. To use the polyisoprenes as
a macroinitiator for ATRP, high chain end-functionality should be obtained. Therefore, the
number of termination events should be minimized. Since the negatively charged growing
polymer chain-end readily reacts with water, all reactants need to be extremely dry. After
polymerization and functionalization with ethylene oxide, the molecular weight distribution
of the polyisoprenes was determined with SEC using polyisoprene standards for calibration.
The results are given in Table 2.1. The target molecular weight (Mn target) is calculated from
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Figure 2.3: Three subsequent reaction steps towards mono hydroxyl-functional poly(ethylene-co-
propylene) with a predominant cis-1,4 microstructure: polymerization, termination and
hydrogenation, respectively.

the molar (mass) ratio of monomer to added amount of sec-BuLi. The molecular weight of
the polyisoprenes from reactions 1 and 2 is considerable higher than the target molecular
weight. Most probably, part of the initiator and/or living chain was terminated by reaction
with traces of water. For reactions 3-5, all polymers have low polydispersities and molecu-
lar weights close to their target molecular weight. The molecular weights as determined by
SEC might be somewhat overestimated due to the presence of hydroxyl groups at the chain
end, especially for low Mn . The microstructures of the polyisoprene prepared were deter-
mined with 1H-NMR spectroscopy as a 94% cis-1,4- and 6% 3,4-microstructure, which is in
good agreement with values reported by Tobolsky and Rogers (1959). Normal-phase gradient
polymer elution chromatography (NP-GPEC) in combination with quantitative evaporative
light scattering detection (ELSD) was used to determine the hydroxyl functionalization. Suc-
cessful separation based on end-groups was obtained using a gradient from cyclohexane to
dichloromethane on a polar polyamine divinylbenzene column. The OH-functional poly-
mers have a stronger column adsorption and, therefore, elute at an increased eluent strength.
The exact percentage of OH-functionality is determined by construction of ELSD calibration
curves. The calculated values are reported in Table 2.1. A complete functionality is obtained
for reactions 3-5. The functionality of reactions 1 and 2 is incomplete due to premature ter-
mination. The reduced fraction of terminated chains in reaction 6 is most probably caused by
the presence of water in the ethyleneoxide, since the target molecular weight equals the final
molecular weight.
In order to get the hydroxy-functional poly(ethylene-co-propylene) (PEP-OH), the synthe-
sized polyisoprenes from reactions 3-5 were hydrogenated using a homogeneous nickel cat-
alyst. After hydrogenation, the amount of residual unsaturations was determined with 1H-
NMR spectroscopy and proved to be less than 1%.



14 Chapter 2

Table 2.1: Results for the anionic polymerization reactions of isoprene

Reaction
1 2 3 4 5 6

Mn target (kg ·mol−1) 9.7 37.6 20.5 11.0 7.4 13.6
Mn (SEC)(kg ·mol−1)a 27.5 60.0 27.8 12.8 7.6 14.2
Mw /Mn (SEC) 1.10 1.20 1.04 1.04 1.07 1.12
fb

O H <0.5 ' 0.5 0.91 0.96 0.98 ' 0.5

a Calculated on polyisoprene standards (Polymer Laboratories)
b Fraction of OH-terminated chains, determined with quantitative NP-GPEC, experimental error ±
0.01.

2.3.2 Esterification of hydroxyl functional polyolefins

One of the proposed methods towards well-defined polyolefin-polyacrylate block copolymers
concerned the application of copper(I)-catalyzed ATRP, using halide-end functional poly-
olefin as macroinitiator. A simple method to obtain a polyolefin-like macroinitiator is the
esterification of hydroxy-terminated polyolefins with 2-bromoisobutyrylbromide. Beside the
poly(ethylene-co-propylene) functional polymers described in section 2.3.1, poly(ethylene-
co-butylene), commercially available as Kraton L-1203 is used. This polymer, hereafter re-
ferred to as PEB, is prepared via hydrogenation of anionically prepared hydroxy-functional
polybutadiene and has a molecular weight of 3.8 kg·mol−1 and a polydispersity (Mw/Mn) <

1.1. The esterification was quantitative as found by 1H-NMR, Figure 2.4. The CH2OH mul-
tiplet in PEB-OH at 3.66 ppm disappeared after the reaction and two new signals appeared,
a singlet at 1.9 ppm for the methyl groups CH3-CH(Br) and a multiplet at 4.15-4.25 ppm for
the methylene group OCO-CH2.

Figure 2.4: Left:1H-NMR-spectrum of PEB-Br, right:1H-NMR-spectrum of PEB-OH.

The characteristics of the macroinitiators used are listed in Table 2.2. The glass transition
temperatures are comparable for all macroinitiators and are independent of molecular weight.
The low polydispersity and high end-functionality of the macroinitiators were a good starting
point for the synthesis of well-defined diblock copolymers.
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Table 2.2: Macroinitiator characteristics

Macroinitiator Molar Mass Polydispersity OH-functionality Tg
Mn[g·mol−1] Mw/Mn [%] [◦ C]

PEB 3840 1.05 >90 -60
PEP7 7600 1.07 98 -59
PEP12 12800 1.04 96 -57
PEP27 27800 1.04 91 -58

2.3.3 Polymerization of diblock copolymers via ATRP
To ensure a good control over MWD and molecular weight for the diblock copolymer, several
requirements have to be met. The rate of initiation should be high, or preferable higher than
the rate of propagation, which will ensure that the macroinitiator chains all start growing at the
same time. Furthermore, the equilibrium should be strongly shifted towards dormant species:
a low radical concentration suppresses termination. Moreover, fast deactivation compared to
propagation is required, resulting in a low number of monomer units added to the growing
chain per activation-deactivation cycle, preventing broadening of the MWD. In case all these
requirements are met, the diblock copolymers prepared will have low polydispersities and a
degree of polymerization which is predetermined by the molar ratio of consumed monomer
to initiator.
ATRP reactions of methylacrylate were performed using copper bromide (CuBr) as the active
catalyst and N,N,N’,N”,N”-pentamethyldiethylenetriamine (PMDETA) as the ligand. The
progress of molecular weight and MWD was determined during the polymerization by with-
drawing samples at intervals of approx. 5 min for GC and SEC analyses. The experimental
points nearly coincide with the theoretical line for the increase of the molecular weight with
conversion, calculated on the basis of the converted styrene and the amount of initiator added,
see Figure 2.5. Note that the overall molecular weight is overestimated due to the use of poly-
styrene standards for calibration in SEC. The number average molecular weights (Mn) of the
block copolymers as determined by SEC analysis increase linearly with conversion and the fi-
nal Mn is close to the theoretical molecular weight (Mn,th). This confirms the living nature of
the polymerizations and indicates that essentially no termination took place in the macroini-
tiated ATRP of methylacrylate. The SEC plots do not show any shoulders, which would be
indicative for the presence of unreacted macroinitiator. The polydispersity increases slightly
in the first stage of polymerization but levels off with increasing conversion.
Block copolymers with different target molecular weight can be prepared by varying the
monomer-to-macroinitiator ratio. With increasing theoretical molecular weight, the polyme-
rization rate decreases due to the lower concentration of catalyst and initiator. Figure 2.6
shows the kinetic plots of the ATRP of MA with target molecular weights of 40 and 60
kg ·mol−1. The molecular weights of the block copolymers increase linearly with the con-
version of MA. The molecular weight and molecular weight distribution increase faster than
expected but become close to the theoretical value as the monomer conversion is increased.
This phenomenon is typically for slow initiation, compared to propagation. The molecular
weight distribution is, after full conversion, slightly higher compared to the low molecular
weight polymer, but still acceptable. Comparable kinetic plots were obtained for the ATRP
of PBA using PEB macroinitiators, as for the PEP-Br initiated ATRP.
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Figure 2.5: Conversion vs Mn and MWD for the macroinitiated ATRP of methylacrylate.
Mn,th = 20 kg·mol−1 for the methylacrylate block. The dotted line represents the theo-
retical curve.
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Figure 2.6: Conversion vs Mn for the macroinitiated ATRP of methylacrylate. The dotted lines rep-
resent the theoretical curves; A) Mn,th = 40 kg·mol−1, B) Mn,th = 60 kg·mol−1 for the
methyl acrylate block.

2.3.4 Characterization of the diblock copolymers
The morphologies of all diblock copolymers have been characterized using small angle X-ray
scattering. Every SAXS patterns consists of:

I (q) = N S(q)|F(q)|2 (2.1)

in which S(q) is the structure factor (scattering which is due to the spatial arrangement of the
particles) and F(q) is the form factor (scattering originating from the shape of the particle).
For diluted solutions S(q) approaches unity at relatively small scattering angles and can be
ignored. However, for less diluted solutions the structure factor might become the leading
contribution. In some cases, when one is dealing with monodisperse scatterers in an homoge-
neous ’matrix’, one can divide out the form factor and one is able to just derive the structure



Synthesis and characterization of block copolymers 17

factor.
The structure factor contains information regarding the morphology of the sample. In a highly
ordered system the diffraction pattern can be derived from the normal rules of crystallogra-
phy, albeit at smaller scattering angles due to the size of the particles:

nλ = 2d sin(θ/2) (2.2)

where n is an integer d is the spacing between two crystallographic planes and θ the scat-
tering angle. The scattering wave vector, q, is related to d by q = 2π/d, when n=1. For
monodisperse scatterers the form factor can still modify the pure structure factor scattering
by modulating the expected intensity of the pure crystallographic lattice. In extreme cases,
in the case that the form factor minimum is coinciding with a peak in the to be expected
diffraction pattern, this can lead to a total extinction of that reflection.
Different ordered structures have different allowed reflections. The morphology can usu-
ally be determined by the ratio of q-values for higher order reflections to the q-value for the
primary reflection. Scattering from a specific crystallographic plane can be described by:

q(hkl) =
2π

d(hkl)
=

2π(m(hkl))
1
2

a
(2.3)

where m(h2 + k2 + l2) is known as the modulus and a is the unit cell length. Then

q(hkl)

q∗ =
(m(hkl)

m∗

)
1
2 (2.4)

For a lamellar structure, containing parallel layers, (00l) crystallographic planes, the ratio is
q00l/q∗ = 1, 2, 3, ... for l = 1, 2, 3, ..., with q∗ = q001. For hexagonally packed cylinders
higher order reflections appear at
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8. In addition to the ordered
structures, like lamellae, cylinders, spherical SC, FCC and BCC structures, a disordered
liquid-like packing of spheres may develop. This is the case for highly asymmetric diblock
copolymers, where no ordered lattice is present, Kinning and Thomas (1984).
In Table 2.3 the scattering wave vector q and the domain spacings d are given for various PEB-
PBA diblock copolymers as a function of molecular weight (distribution). The corresponding
patterns are depicted in Figure 2.7. As can be seen, the morphology changes with increas-
ing amount of PBA from cylinders to spherical particles. The PEB-PBA system exhibits
a high χ parameter since even for the block copolymer with the highest molecular weight
(fraction PEB < 4%) the SAXS pattern still shows a microphase separated morphology. For
these high molecular weight polymers, a long range order at high q-values cannot be ob-
served. These diblock copolymers exhibit in addition to the low-angle interference peak, a
weak second interference peak, appearing as a broad shoulder. This broad shoulder, observed
at q2 ∼

√
3q1, indicates the presence of spheres with a liquid-like order, as predicted by the

Percus-Yevick model and the paracrystalline model with a very large distortion Sakamoto and
Hashimoto (1998). The first maximum (q1) is claimed to originate from the interparticle in-
terference peak and is directly related to the distance between two poly(ethylene-co-butylene)
spheres (d-spacing d = 2π/q1). The presence of a broad peak (form factor) at approximately
q = 0.08 Å−1, is caused by the scattering of the spheres, and is directly related to the radius
(Rc) of the (PEB or PEP) dispersed phases by Rc = 5.76/qm, where qm is the q-value of
the form factor peak, Sakamoto and Hashimoto (1998). Although the scattering patterns do
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not suggest a highly organized structure, the domains may still occupy a distorted paracrys-
talline lattice (sc, bcc or fcc). At equilibrium the domains in a pure diblock copolymer are
predicted to organize themselves on a bcc lattice so as to minimize steric repulsions between
the matrix chains from different domains. Paracrystalline distortions of the domains from
their ideal lattice positions, along with small grain sizes, are normally thought to account for
the lack of sharpness in the normally observed scattering patterns. Another argument for the
presence of crystal-like arrangement instead of a disordered liquid-like packing arises from
the observation that due to low volume fractions of the spherical domain component, multi-
ple sharp scattering maxima cannot be observed. Furthermore, it is generally accepted that
block copolymer systems are trapped in a non-equilibrium state during sample preparation
via solvent casting although the block copolymers described here are annealed far above their
glass transition temperatures.

Table 2.3: Diblock copolymer characteristics based on PEB and butylacrylate

Diblock copolymer Mn PDI q-value d-spacing morphology
[kg·mol−1] Mw/Mn [1/Å] [Å]

PEB3.8-PBA12 12.0 1.29 0.038 166 cylinders
PEB3.8-PBA22 22.1 1.24 0.031 202 o. spheresa

PEB3.8-PBA34 34.1 1.16 0.029 219 o. spheres
PEB3.8-PBA46 46.9 1.17 0.028 226 o. spheres
PEB3.8-PBA83 83.5 1.15 0.023 276 d. spheres
PEB3.8-PBA98 98.0 1.20 0.021 306 d. spheres
PEB3.8-PBA119 119.0 1.22 0.019 340 d. spheres
PEB3.8-PBA126 126.0 1.87 0.017 365 d. spheres

a The o stands for ordered spheres (signal-to-noise ratio not sufficient at high q to distinguish SC, FCC
and BCC), whereas the d stands for disordered spheres with a liquid-like order, (Kinning and Thomas
(1984)).
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Figure 2.7: SAXS spectra of PEB-PBA diblock copolymers as a function of molar mass; A=119.0,
B=83.5, C=34.1, D=22.1, E=12.0 kg·mol−1. For clarity the spectra are shifted on the
vertical axis.
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The SAXS profiles for the block copolymers based on poly(ethylene-co-butylene) and me-
thylacrylate are presented in Figure 2.8. The characteristic values are given in Table 2.4. No
clear differences in morphology with increasing acrylate molecular weight can be observed
between the butylacrylate and methylacrylate system. The molecular weights, polydispersi-
ties and characteristic lengths of the block copolymers based on the anionically polymerized
polyethylene-co-propylene (PEP) are summarized in Table 2.5.

Table 2.4: Diblock copolymer characteristics based on PEB and methylacrylate

Diblock copolymer Mn PDI q-value d-spacing morphology
[kg·mol−1] Mw/Mn [1/Å] [Å]

PEB3.8-PMA11 11.4 1.10 0.034 186 lamellae
PEB3.8-PMA18 18.1 1.17 0.028 224 o. spheresa

PEB3.8-PMA40 40.9 1.15 0.027 236 d. spheres
PEB3.8-PMA63 63.8 1.16 0.022 286 d. spheres
PEB3.8-PMA83 83.2 1.15 0.020 317 d. spheres
PEB3.8-PMA113 113.9 1.22 0.019 327 d. spheres

a The o stands for ordered spheres (signal-to-noise ratio not sufficient at high q to distinguish SC, FCC
and BCC), whereas the d stands for disordered spheres with a liquid-like order, (Kinning and Thomas
(1984)).
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Figure 2.8: SAXS spectra of PEB-PMA diblock copolymers as a function of molar mass; A=114.0,
B=63.7, C=41.0, D=30.0, E=11.4 kg·mol−1. For clarity the spectra are shifted on the
vertical axis.

2.4 Conclusions
The introduction of controlled radical polymerization, such as ATRP and RAFT, in the past
decade enables the preparation of a whole new class of monodisperse polymers and block
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Table 2.5: Diblock copolymer characteristics based on PEP

Diblock Mn PEP Mn total PDI q-value d morphology
copolymer [kg·mol−1] [kg·mol−1] Mw/Mn [1/Å] [Å]

PEP-PMA48 27.6 48.3 1.08 0.011 556 lamellae
PEP-PMA70 27.6 70.6 1.13 0.0097 647 lamellae
PEP-PEA32 12.8 32.6 1.07 0.013 490 cylinders
PEP-PBA25 7.6 25.1 1.13 0.022 289 cylinders
PEP-PBA82 7.6 82.5 1.17 0.019 340 d. spheresa

PEP-PBA54 12.8 54.5 1.16 0.014 449 o. spheres
PEP-PBA58 27.6 58.3 1.08 0.011 571 lamellae
PEP-PBA143 27.6 143.8 1.40 0.090 698 d. spheres

a The o stands for ordered spheres (signal-to-noise ratio not sufficient at high q to distinguish SC, FCC
and BCC), whereas the d stands for disordered spheres with a liquid-like order, (Kinning and Thomas
(1984)).

copolymers, that was inaccessible with conventional free radical polymerization. The mech-
anism of ATRP provides the ability to use functionalized polyolefins as macroinitiators that
are synthesized via metallocene catalyzed (co)polymerization or living anionic polymeriza-
tion. In this chapter, the various synthesis steps were described to develop diblock copoly-
mers consisting of a minor fraction of a polyolefin liquid block and a second rubber block.
With conservation of a low polydispersity, high molecular weight diblock copolymers were
synthesized. The composition of the liquid polyolefin block ranged from 2 wt% to 50 wt%.
Even for the diblock copolymers with extremely small weight fractions of PEB (or PEP)
a microphase separated morphology was observed by SAXS. The morphology varied with
decreasing PEB fraction from PEB (or PEP) lamellae, cylinders to disordered spheres dis-
tributed randomly in the PBA or PMA rubber matrix. The synthesized diblock copolymers
will be used as impact modifiers in the following chapters. In conclusion, it has been shown
that the application of ATRP in combination with anionic polymerization allows the prepa-
ration of several well-defined polyolefin block copolymers, with accurate control of chain
length and a low polydispersity.

2.5 Experimental

2.5.1 Synthesis of mono end-functionalized PEP via anionic polymeri-
zation of isoprene

Purification of chemicals
Cyclohexane (Merck) was dried over potassium for at least 8 h, followed by distillation over lithium
aluminum hydride (Aldrich, 95%) under a dry nitrogen atmosphere. The dry cyclohexane (0.6 L) was
transferred in-line into the reactor (0.8 L). Isoprene (Merck, 99%) was distilled over KOH (Merck) and
subsequently over lithium aluminum hydride under a dry nitrogen atmosphere. About 100 mL of dried
isoprene was further dried over trioctylaluminum (Merck, 90%) in a high vacuum condensation appa-
ratus using three freeze-pump-thaw cycles. The monomer was subsequently condensed in an ampoule,
which was refrigerated under dry nitrogen atmosphere prior to use. Sec-Butyllithium (Aldrich, 1.3 M in
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cyclohexane) was stored at -20◦ C and used as received. Ethylene oxide (Messer Griesheim, Germany)
was passed under vacuum over a column filled with CaH2 powder (Fluka, 97+ %) and a second column
with oven-dried molecular sieve (Merck, 4Å). About 5 mL of ethylene oxide was condensed over CaH2
or trioctylaluminum into an ampoule.
Polymerization of isoprene: setup and process
The anionic polymerization was performed in a glass vessel (0.8 L) under dry nitrogen atmosphere. The
purified cyclohexane (0.6 L) was directly transferred from the distillation setup to the polymerization
vessel, after which the purified isoprene (70 g) was added from the ampoule using an oven dried double
syringe. Upon slow addition of the calculated amount of sec-BuLi solution, the reaction was stirred
at room temperature and allowed to proceed to full conversion overnight. Subsequently, the reaction
mixture was transferred in-line to a second vessel, where the reaction was terminated by addition of
ethylene oxide (≈ 0.5 − 1mL). After precipitation in methanol, the polymer was dissolved in THF and
2,6-di-tert-butyl-4-methylphenol was added (0.5 wt% to polymer) to stabilize the polyisoprene. The
polymer was further dried under vacuum.
Hydrogenation and purification
The synthesized polyisoprenes were dried under high vacuum to remove residual methanol and subse-
quently dissolved in cyclohexane. Hydrogenation was performed with a homogeneous nickel catalyst,
while monitoring the disappearance of the chemical shift of the vinyl protons (4.6-4.8 and 5.0-5.2 ppm)
with 1H-NMR spectroscopy. After full hydrogenation (>99%), the catalyst was removed by oxidation
through intensive mixing of the cyclohexane solution with 0.5% aqueous sulfuric acid at 70◦ C while
purging with argon. The polymers were isolated by precipitation in methanol and dried under high
vacuum, yielding a transparent and colorless to slightly yellow viscous liquid.

2.5.2 ATRP of acrylates using PEB and PEP macroinitiators
Materials
For the preparation of liquid-like macroinitiators Kraton L-1203 was used, (Mn = 3.8 · 103 g·mol−1,
hydroxyl functionality > 0.9, Mw /Mn=1.07), provided by Kraton Polymers (The Netherlands) and used
without further purification. Toluene (Biosolve) was dried over CaH2 prior to use. Triethylamine and 2-
bromoisobutyryl bromide were supplied by Aldrich and used as received. Cu(I)Br (Aldrich, 99.999%)
and the ligand N,N,N’,N”,N”-pentamethyldiethylenetriamine (PMDETA) (Aldrich) were used without
further purification as the catalyst system for ATRP. The monomers methylacrylate (MA), ethylacrylate
(EA) and butylacrylate (BA) (purified before use) were supplied by Aldrich.
Synthesis of PEB-Br macroinitiator
Kraton L-1203 (300 g, 0.08 mol) was dissolved in dried toluene (1 L) in a oven-dried three-necked
round-bottom flask. Triethylamine (9.2 gram, 0.07 mol) was added to the mixture, followed by drop-
wise addition of a solution of 2-bromoisobutyrylbromide (21.5 gram, 0.09 mol) in toluene (200 ml)
within 1 h at 0◦ C. The reaction was proceeded to full conversion overnight under stirring at room
temperature. The resulting product was filtered, washed with water, and precipitated in methanol. The
product was dried under reduced pressure for at least 48 h resulting in a viscous liquid. The hydroxyl-
functional hydrogenated polyisoprenes were esterified using the same procedure.
Atom Transfer Radical Polymerization
ATRP of methyl- and butylacrylate (MA, resp. BA) using PEB-Br as macroinitiator
All polymerizations were carried out in a 100 mL three-necked round-bottom flask, equipped with con-
denser and magnetic stirrer. As a typical example, the macroinitiator (5.0 g, 1.3 mmol) was dissolved in
5 g of dry toluene. PMDETA (0.23 g, 1.3 mmol) and BA (26.3 g, 0.2 mol) were added to the solution.
The mixture was homogenized and purged with argon for approx. 30 minutes. Subsequently, the copper
catalyst Cu(I)Br (0.19 g, 1.3 mmol) was added under argon flow. The flask was immersed in a thermo-
statically controlled oil bath at 90◦ C. Samples were taken at predetermined time intervals through a
septum for conversion (GC) and molecular weight analysis (SEC). After almost complete conversion,
the product was dissolved in an additional amount of toluene and poured over a silica column to remove
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the copper catalyst. The product was precipitated in cold methanol and dried under reduced pressure
at 70◦ C for at least 48 h. For other compositions the ratios of monomer to macroinitiator and catalyst
were adjusted. The solvent/initiator ratio remained constant.

2.5.3 Characterization
Gas Chromatography (GC)
GC measurements were conducted on a Hewlett Packard 5890 SII gas chromatograph equipped with an
AT-wax capillary column. An HP 3393a integrator was used to analyze the spectra. For GC characteri-
zation dilute samples in THF were made in 1.5 ml crimp neck vials and measured using an autosampler.
Size Exclusion Chromatography (SEC)
The SEC analyzes were carried out using a Waters GPC equipped 510 pump and a Waters WISP 712
autoinjector, using a PL-gel guard precolumn (5 mm, 50x7.5 mm) followed by two PL-gel mixed-C
columns (10 mm, 300x7.5 mm, Polymer Laboratories) thermostated at 40◦ C. The purified and dried
polymer samples were dissolved in stabilized THF at 1 mg ·ml−1 and filtered using 0.2 µl filters. THF
was used as the eluent (1.0 mL·min−1 and 50 µL of the polymer solution was injected). For detection
a Model 410 RI detector and a Waters 486 UV detector operating at 254 nm were used. Calibration was
performed using PS standards (M = 580 -7.1·106 g·mol−1, Polymer Laboratories). Data were acquired
and processed with the Millenium 32 3.05 software.
Fourier Transform Nuclear Magnetic Resonance (FT-NMR)
NMR spectra were recorded with a Bruker AM-400 MHz spectrometer at the resonance frequency of
400.162 MHz for 1H-resonance spectra. All spectra were recorded in CDCl3 at 25◦ C. The chemical
shifts are reported in ppm downfield from tertramethylsilane (TMS), used as an internal standard (δ=0
ppm).
Differential Scanning Calorimetry (DSC)
For DSC (Perkin-Elmer Pyris 1), samples of 2.5-4 mg were weighted with a precision balance and en-
capsulated in standard Al-pans of well known mass. Aluminum pans with almost identical weight were
used in the reference side. Nitrogen gas was used as purge gas at a rate of 25 ml·min−1. The heating
and cooling rate for DSC was 10◦ C·min−1. The temperature was calibrated using indium, zinc and
n-dodecane.
Small Angle X-ray Scattering (SAXS)
SAXS experiments were performed on the DUBBLE beamline (BM 26B) at the European Synchrotron
Radiation Facilities (ESRF) in Grenoble (France), Bras (1998); Bras et al. (2003). The SAXS data
were collected on a multiwire two-dimensional (2D) detector positioned at 5.5 m from the sample. For
calibration of the SAXS detector, the scattering pattern from an oriented specimen of wet collagen (rat-
tail tendon) was used. A parallel plate ionization detector was placed in front and after the sample, to
record the incident and transmitted intensity. The experimental data were divided by the detector re-
sponse in order to correct for intrinsic errors in the intensity measurements of the detector used. Finally
the background scattering, which is mainly the result of air, is subtracted. The two-dimensional SAXS
data were transformed into one-dimensional plots by performing integration along the azimuthal angle
using the FIT2D program of Dr. Hammersley of ESRF. The exposure time for each pattern was three
minutes.
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Morphology of diblock
copolymer/homopolymer blends

The micellar ordering of polyolefin-polyacrylate diblock copolymers in methyl methacrylate
was investigated by small angle X-ray scattering as a function of temperature with varying
copolymer concentration, copolymer molecular weights and composition. The SAXS pat-
terns from solutions exhibiting a micellar morphology were simulated using a polydisperse
Percus-Yevick hard sphere fluid model to obtain information about the micellar structure as
a function of the molecular parameters. The micellar core depends largely on the polyolefin
molecular weight and is almost independent of block copolymer composition and concen-
tration. Furthermore, it was demonstrated that the order-disorder transition is mainly deter-
mined by the incompatible block molecular weight. Subsequently, the microstructure of the
PMMA/block copolymer blends was investigated, followed by a detailed study towards the
morphology development of MMA/diblock copolymer solutions upon polymerization. It was
shown that macrophase separation occurs during the initial stage of the polymerization resul-
ting in large microdomains exhibiting the expected original diblock copolymer microstruc-
ture. The occurrence of macrophase separation can be avoided by decreasing the polymeri-
zation temperature of MMA to -40◦ C. A preliminary study towards the intrinsic mechanical
behavior of these blends showed a decreased strain softening with diblock copolymer content.

3.1 Introduction

As discussed in Chapter 1, maximum toughness can be expected by introduction of an easily
cavitating modifier. A possible route to prepare these blends may be the application of di-
block copolymer micelles. The diblock copolymer is dissolved in a monomer like styrene or
methyl methacrylate, which after polymerization forms the amorphous matrix. With respect
to the monomeric solvent, the diblock copolymer should consist of an incompatible and a
compatible block to form micelles. The shell block should be a rubber, which phase separates
upon polymerization of the monomer. The core block should possess a minimum resistance
against cavitation. In this chapter, the micellar properties of polyolefin-polyacrylate diblock
copolymers in the monomer MMA will be discussed, as well as the morphology of the di-
block copolymer/homopolymer blends during and after polymerization of the monomer.
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The size and structure of block copolymer micelles can be obtained from a number of meth-
ods. Scattering techniques such as dynamic light scattering, small angle X-ray scattering
(SAXS) and small angle neutron scattering (SANS) are the most suitable. Light scattering
can only provide information on the hydrodynamic radius of micelles, and not their inter-
nal structure. Furthermore, the result is often an apparent value due to a different contrast
between the core and shell of the micelle in a given solvent. SAXS and SANS are able to
provide information on the intramicellar structure, for example by use of contrast variation
via isotope labelling in SANS, and intermicellar ordening.
In this chapter first the general phase behavior of diblock copolymers in (selective) solvents
will be discussed as a guideline to the phase behavior of diblock copolymer/monomer so-
lutions. The influence of the addition of a third component (homopolymer) on the mor-
phology is presented in the following section. The most common route to prepare homopoly-
mer/diblock copolymer blends is solvent casting. Evaporation of the solvent results in a bi-
nary blend of homopolymer/diblock copolymer, for which the microstructure is determined
by several factors such as molecular weight and composition. The morphology development
of this solvent cast process will be compared with the morphology development during the
preparation route starting from a monomer/diblock copolymer solution. During both prepa-
ration methods the selective solvent component (monomer or solvent) gradually disappears
(evaporation or polymerization) in time.
In the results section, a detailed SAXS analysis is presented to reveal the phase behavior of
various diblock copolymers in the monomer MMA. The diblock copolymers used consist of a
liquid-like polyolefin block and a rubber acrylate block and are described in detail in Chapter
2. Since the monomer MMA is selective towards the acrylate block compared to the PEB (or
PEP) block, micellization is expected. The influence of the molecular weight of the core and
shell block, respectively, as well as the amount of diblock copolymer, on the phase behavior
is emphasized. The temperature regime investigated ranges from -50 to 100◦ C and the con-
centration is varied form 5 to 20 wt%. In the subsequent section, the morphology after full
conversion of MMA (as determined by microscopy) is presented for several binary blends of
PMMA/diblock copolymer. The morphology development upon polymerization of MMA is
described in the last section, followed by a general discussion on the observed phenomena
and the theoretical background. Finally, new routes to nanosized morphologies for optimal
toughness are described and the first results on the mechanical performance and structure will
be presented.

3.2 Ordering of diblock copolymers in selective solvents

Block copolymers mixed with a solvent that is selective for one of the blocks behave as
amphiphilic materials, very similar to surfactants and lipids. The majority of block copoly-
mer/solvent experimental studies have investigated the dilute block copolymer limit, where
the system forms block copolymer micelles. This micellization is one of the most important
and useful properties of block copolymers. For example, micelles formed by block copoly-
mers can solubilize otherwise insoluble substances, they can be used to microscopically mix
incompatible substances, and they can stabilize colloidal particles or form microemulsions.
Therefore, solutions of block copolymers are used extensively in the surfactants and cosmet-
ics industry. The addition of a selective solvent to a block copolymer can greatly expand
the range of accessible self-assembled morphologies. ’Selective’ denotes the thermodynamic
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preference of the solvent for one of the two blocks. For high concentration of diblock copoly-
mer, the solution still retains ordered morphologies, whereas for dilute solutions micelles are
formed, Hamley et al. (1998); Hanley et al. (2000). In the strongly selective limit, the sol-
vent will be positioned almost entirely into one microdomain of the diblock copolymer. In
the other limit, the solvent is said to be non-selective, the solvent exhibits no preferential
partitioning. This is for instance the case when poly(styrene-isoprene) block copolymers are
dissolved in toluene. The selectivity of the solvent for one block of the block copolymer is
strongly temperature dependent. If there is an accessible 2 temperature for the solvent and
the less favorable block, the solvent may approach neutrality when the 2 temperature is ex-
ceeded, but the solvent may be rather selective below this temperature, Lodge et al. (2002).
The phase behavior for a given block copolymer/solvent system can qualitatively be described
using a schematic phase diagram as depicted in Figure 3.1 in which temperature is plotted vs
the volume fraction block copolymer.
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Figure 3.1: Schematic phase diagram for a given lamellar diblock copolymer in a slightly selective
solvent as function of temperature and volume fraction.

In mean-field theory, the degree of segregation, χ N, where N is the degree of polymeriza-
tion and χ the Flory-Huggins interaction parameter between the segments of the two blocks,
is inversely related to T. As the temperature increases, the solvent becomes less selective
and micelles start to swell as solvent enters the core. Consequently, the diblock copolymer
starts to redistribute itself more uniformly upon heating and, dependent on the initial vol-
ume fraction and temperature, a transition may occur directly from isolated micelles to free
disordered chains or via interacting micelles. The development of this interacting micellar
phase with increasing temperature is caused by swelling of the core resulting in a larger mi-
cellar radius. An increase in volume fraction of the diblock copolymer in solution results in
association of micelles into cubic (interacting micelles), hexagonal or even lamellae phases.
The temperature at which a transition occurs from these ordered states to a disordered state,
order/disorder transition (ODT), increases with increasing concentration. To describe the
complete phase behavior of diblock copolymer/solvent systems, a third axis, composition
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of the diblock copolymer fa , is necessary, since the ODT is also determined by the diblock
copolymer interaction parameter, e.g. χN.
At low diblock copolymer concentration, micelles are formed which do not exhibit a long
range order. These micelles are distributed uniformly in the solvent. At higher concentra-
tions the micelles display a long range order. For a solvent that is slightly selective, small
changes in temperature can produce large changes in solution properties, as variations in
temperature influence most interactions present.

3.3 Phase behavior of blockcopolymer/homopolymer blends

Morphology of homopolymer/diblock copolymer blends
In recent years, there has been a growing interest in the morphology of blends of homopoly-
mer and diblock copolymer, either with the homopolymer (A) having a chemical structure
equal to one of the blocks (A-B/A) or with the homopolymer (C) having a chemical struc-
ture different from either block (A-B/C). Considerable theoretical and experimental work has
been reported on the morphology of these blends, Floudas et al. (1997); Adedeji et al. (2001).
When a homopolymer is added to a diblock copolymer, additional parameters are needed to
describe the phase behavior. Besides χ , N and fa , also the volume fraction of block copoly-
mer in the blend (f) and the length of the homopolymer chain compared to the compatible
block chain length (Mn,Ah /Mn,Ac) has to be considered. Experiments with A-B/A type of
blends have led to the identification of three regimes, depending on the degree of polymeri-
zation of the homopolymer A, NAh , and that of the same component of the copolymer, NAc ,
Thomas and Winey (1990); Bodycomb et al. (2000).
If NAh < NAc , the homopolymer A tends to be selectively solubilized in the A domain of
the microphase-separated copolymer. This leads to a swelling of the A blocks and hence
also to an increase in interfacial area per block. Dependent on the volume fraction, this may
lead to changes in the morphology from e.g. a lamellar to a spherical micellar phase. These
spherical micelles consist of two regions: the core, composed of the immiscible block B and
the corona, which contains the miscible block of the copolymer A, swollen by homopolymer
A chains. This regime has been termed ’wet brush’, because copolymer chains in the strong
segregation limit can be considered as polymer brushes, wetted by the homopolymer chains,
Hamley (1998).
If NAh ≈ NAc , the homopolymer is still selectively solubilized in the A microdomains. How-
ever, it does not significantly swell the A block chains and tends to be localized in the middle
of the A microdomains. Consequently, the interfacial area is not significantly affected and
the conformation of the B chains is not disturbed. This regime is called the ’dry brush’.
If NAh > NAc , macrophase separation occurs, with domains of microphase separated block
copolymer in the homopolymer matrix with a periodicity of 0.1-10 µm.
The microphase vs macrophase relationships in A-B/C type of blends were analyzed theo-
retically and compared with morphological observations by Löwenhaupt et al. (1994). In
their paper C was immiscible with A, but had an attractive interaction with B. Calculations
of microscale and macroscale fluctuations in the still homogeneous solutions were carried
out to predict blend morphologies at the onset of initial demixing as the solvent evaporated.
The fluctuations were found to depend not only on the volume fraction and composition of
the block copolymer, but also on the magnitude of the attraction parameter between C and
B, compared to the repulsive interactions between C and A. In the following section more
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attention is paid to the competition between macro- and microphase separation upon solvent
casting.

Morphology development during preparation
The complex phase behavior of diblock copolymer A-B and homopolymer C (where C can
have the same chemical composition as one of the blocks) upon solvent casting can be ex-
plained via ternary phase diagrams, Adedeji et al. (1995); Prahsarn and Jamieson (1997). A
similar approach was used by Hashimoto et al. (1991) to describe microstructural transforma-
tions in solvent cast blends of poly(phenylene oxide) (PPO) and poly(styrene-b-isoprene)(PS-
b-PI), in which PS and PPO are miscible. A representation of the various routes to phase sep-
aration starting from a homogeneous diblock copolymer/homopolymer solution at a given
temperature is depicted in Figure 3.2.
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Figure 3.2: Ternary phase diagram at a given T,p showing the routes to A) microphase and B) macro-
phase separation during solvent casting (D-E) on changing the immiscibility window by
e.g. the molecular weight of the diblock copolymer or interaction parameter between di-
block copolymer A-B and homopolymer C, reproduced from Adedeji et al. (1995).

Each vertex represents 100% of the given component. Upon drying of a very dilute mixture
of the homopolymer and the block copolymer in the solvent from concentration D to E, a
composition line (isopleth) is followed as indicated by the dashed arrow in Figure 3.2. The
curved line F-G represents the onset of diblock copolymer microphase separation as the sol-
vent is removed. The boundary at which macrophase separation will occur is given by the
curved solid line (binodal line). When this line is crossed, the system becomes metastable,
eventually leading to phase separation in a two phase system: one phase rich in homopolymer
and the other rich in diblock copolymer. As the solvent is evaporated, the solvent concen-
tration reaches a critical point where any structure that is formed vitrifies as the solution
passes through its glass transition temperature. The position of these vitrification lines de-
pends on the initial concentration of the diblock copolymer. The shape and position of the
vitrification lines in Figure 3.2 are arbitrary chosen and represented by the dotted lines. To
explain the different morphologies that can be obtained, several trajectories should be con-
sidered. For Figure 3.2A, vitrification sets in before macrophase separation occurs. Since
the diblock copolymer microphase separates in an early stage (F-G) of the evaporation pro-
cess, this represents the route to micellar microphases; microphase separation of the diblock
copolymer is directly followed by vitrification which inhibits the possibility of macrophase
separation. The occurrence of macrophase separation requires that the vitrification line lies
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within the immiscibility window, as shown in Figure 3.2B. The immiscibility window extends
beyond the microphase separation line and on following the isopleth line macrophase sepa-
ration occurs, initially generating a diblock copolymer rich phase and a homopolymer rich
phase. This process is followed by a second process of local microphase separation within
the diblock copolymer rich phase. This immiscibility window increases, as indicated by an
upward shift of the curved line from Figure 3.2 A to B, as the incompatibility between the
homopolymer C and the incompatible segment A increases and/or the compatibility of the
homopolymer C and the compatible segment B decreases. Another process that influences
the occurrence of microphase separation and macrophase separation, respectively, is vitrifi-
cation. The corresponding vitrification line moves upwards with higher molecular weight of
the diblock copolymer. For example, if the macrophase is formed first and the vitrification
concentration is reached before the onset of microphase separation (F-G), a non-equilibrium
macrophase separated structure will be observed since the microphase separation process will
be hindered by the low mobility. In the other case, when vitrification occurs after microphase
separation and before macrophase separation sets-in, uniform micellar microphases may be
formed. Consequently, the onset of microphase separation, represented by line F-G, is also of
major importance. Microphase separation will occur much earlier at higher block copolymer
molecular weight or χ parameter.
It has to be noted that the effect of polydispersity of the homopolymer on the extent of phase
separation should also be considered. Polydispersity can lead to a redistribution of the chains
with reasonably higher molecular weight into homopolymer rich domains, whereas lower
molecular weight chains possess an enhanced tendency to mix with the diblock copolymer
rich phase. In general, a higher polydispersity causes a larger immiscibility frame.
As discussed before, solvent cast systems, containing one or more components which are
glassy at the temperature at which the solvent casting is done, may vitrify before complete
solvent removal. In this case, the final morphology is highly dependent on the phase separa-
tion process upon solvent evaporation and vitrification of the glassy component(s). Prepara-
tion of samples with this technique may introduce non-equilibrium phase behavior. Complete
solvent removal in combination with preservation of the morphology can only be achieved
by slow increase of the drying temperature.
A comparable technique to prepare in-situ nanosized blends starts from a monomer/diblock
copolymer solution, Molau and Wittbrodt (1968). The monomer is polymerized in the pres-
ence of the diblock copolymer yielding a homopolymer/diblock copolymer blend. The chem-
ical induced phase separation via a chain growth polymerization shows some similarities
with the solvent casting of polymer blends as discussed in the previous section. Because
of the chain growth mechanism, a third component is formed immediately after initiation
of the polymerization and the phase behavior must be described using ternary phase dia-
grams. Continuing the discussion on the morphology development of homopolymer/diblock
copolymer blends, Figure 3.3B is used as a schematic representation of the ternary system
upon polymerization. The initial composition of the homogeneous solution is located on the
monomer/diblock copolymer axis. The polymerization takes place at fixed temperature T.
Upon polymerization, a reaction line can be followed as indicated by the dashed line H-I.
Similar to solvent casting of polymer blends, interference of macrophase separation, with
microphase separation and vitrification can occur. Depending on the actual position of the
vitrification (dotted lines) and macrophase separation vertexes (determined by composition
and concentration of the diblock copolymer, polymerization temperature and interaction pa-
rameter), two possible phenomena may be observed. In the first case, macrophase separation
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occurs before vitrification takes place, resulting in a diblock copolymer rich phase and a
diblock copolymer poor phase. The diblock copolymer rich phase may be microphase sepa-
rated depending on the interaction parameter and temperature (position of F-G). On the other
hand vitrification may occur before macrophase separation sets in. If starting from an initial
micellar morphology or passing the microphase separation line in an early stage, this route
will result in the desired morphology.
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Figure 3.3: Ternary phase diagram at a given T,p showing the routes to microphase separation for the
arbitrary chosen vitrification lines (dotted lines), microphase separated regime (F-G) and
the immiscibility window for diblock copolymer A-B and homopolymer C, A) solvent
casting (D-E), B) polymerization of monomer C’ (H-I), reproduced from Adedeji et al.
(1995).

Although, the starting point is rather different, both routes describe the morphology devel-
opment of homopolymer/diblock copolymer blends starting from homogeneous solutions. In
addition, the final morphology for a constant initial concentration can be altered by influenc-
ing the polymerization rate (or evaporation rate) relative to the phase separation rate. For
extremely fast polymerization rates, the available time may be insufficient to reach the equi-
librium morphology before vitrification sets in, even if the spinodal line is crossed before
the vitrification line. For extremely slow polymerization rates or decreased polymerization
temperatures, phase separation may be limited by the high viscosity of the mixture. The final
morphology highly depends on the coarsening process at the early and late stages of the trans-
formation of the system from homogeneous to complete or incomplete demixing. A strong
reduction in mobility reduces further coarsening of the morphology, since the diffusion of the
remaining solvent (or monomer) from the diblock copolymer is suppressed and the flow of
the matrix phase needed in the coalescence process is reduced.

3.3.1 Small angle X-ray scattering analysis
Diblock copolymers dissolved in a selective solvent or blended with homopolymers might
form micelles. The dimensions of these micelles can be derived from SAXS patterns, Kin-
ning et al. (1989); Ahn et al. (2002). In order for radiation to be scattered by a particle, the
electron density (the number of electrons per unit volume) of the particle and its surroundings
should be different. The larger the contrast difference between the particle and the matrix,
the stronger the scattered intensity will be. The intensity of scattered radiation of N indepen-
dent particles at a given scattering vector (q), I(q), is dependent on the square of the electron
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density difference, ρ, and the shape and size of the scattering objects, described by the form
factor P(q) as given in Equation 3.1:

I (q) = ρ2 · N · P(q)2 (3.1)

In very dilute micellar solutions, scattering originates only from the intraparticle correlation
(i.e. scattering from different parts of the same micelle) and not from interparticle correlations
(scattering from different micelles) and therefore Equation 3.1 is valid. Scattering from a
dilute solution of spheres with a monodisperse distribution of radii can be represented by the
form factor P, as given in Equation 3.2, Pedersen (1997).

P(q, Rs)
2 = ν2

0

[

3(sin(q Rs) − q Rs cos(q Rs))

(q Rs)3

]2

(3.2)

where Rs is the radius of the sphere and ν0 is the volume of the sphere (ν0 = 4/3π R3
s ).

When it is assumed that the compatible block is completely dissolved in the solvent and
that the solvent possesses a uniform electron density Equation 3.2 can be used for micellar
systems and Rs = Rc, where Rc is the radius of the micellar core. The electron density
of the micellar core is marginally different compared to the electron density of the solvated
micellar corona and the surrounding matrix. The polydispersity in the micellar core radius
may be accounted for by convoluting the spherical form factor with a distribution function.
A discrete form of the unimodal continuous Schulz distribution function is used:

p(Rc) =

[

(z + 1)z+1

Rc

]

Rz
cex p

[

−
(z + 1)Rc

Rc

]

/0(z + 1) (3.3)

Rc = mean value of the distribution, 0(z) is the gamma function and z>-1. The mean square
deviation of this size distribution, σr , the polydispersity, is related to the parameter z by:

σr = Rc/
√

(z + 1) (3.4)

The analytical solution as derived by Aragon and Pecora (1976) and Kotlarchyk and Chen
(1983) is implemented in the model and used to determine the polydispersity of the micellar
core radius. When the solution becomes more concentrated, interparticle correlations are no
longer negligible. These are accounted for by a structure factor S(q), so that I(q) may be
given by Equation 3.5.

I (q) = ρ2 · N · P(q)2 · S(q) (3.5)

The simplest and mostly used correlation to consider is the hard sphere potentials between mi-
celles, with a disordered liquid-like packing of the micelles in the matrix. Ornstein described
the direct correlation between two hard spheres, which Percus and Yevick (1958) approxi-
mated by an analytical solution. The resulting expressions, referred to as the Percus-Yevick
model, are given in Equations 3.6 to 3.8.

S(q, Rhs, φ) =
1

(

1 + 24φG(A)
A

) (3.6)

G(A) =
α

A2 (sin A − A cos A) +
β

A3 (2A sin A + (2 − A2) cos A − 2) +
γ

A5

(

−A4 cos A + 4
[

(3A2 − 6) cos A + (A3 − 6A) sin A + 6
])

(3.7)
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α =
(1 + 2φ)2

(1 − φ)4 ; β =
−6φ(1 + φ

2 )2

(1 − φ)4 ; γ =
1
2φ(1 + 2φ)2

(1 − φ)4 (3.8)

In these equations, A is given by 2q Rhs , with Rhs representing the effective hard sphere
radius and φ the effective volume fraction of spheres.
These expressions work well for block copolymer micelles because of the strong entropic
repulsion between micelles from the shell brushes, Mortensen (1996). The contribution of
the structure factor on the scattering curve depends on the degree of ordering in the system.
If the ordering is sufficiently strong the interparticle scatter will continu till infinity. The
range of the intraparticle, or form factor, contribution is actually dependent on the degree of
polydispersity. The larger the polydispersity the smaller the q-value at which the scattering
levels off. Figure 3.4 shows how these correlations appear in the scattering for a monodisperse
(non-)interacting and a polydisperse (non-)interacting system (Rc = 75Å, σ r =7.5Å, Rhs =
150Åand φ =0.25).
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Figure 3.4: Model small-angle scattering for four different spherical systems, A) non-interacting
monodisperse spheres, B) interacting monodisperse spheres, C) non-interacting polydis-
perse spheres and D) interacting polydisperse spheres using the Percus-Yevick model.

The experimental data were fitted using the equations described above and a least-squares
routine in Matlab 6.0, yielding the four parameters, Rc, Rhs , φ and σr .
The growth of scattered intensity as a result of e.g. phase separation can be related to electron
density fluctuations. The invariant is a measure of the internal electron density differences in
a sample, i.e. the total internal scattering surface and the electron density difference between
these scattering surfaces. For isotropic scatterers, the invariant is defined as:

Q =
1

2π2

∫ q=∞

q=0
I (q)q2dq (3.9)

in which q is the scattering vector. When dealing with a simple two phase system, the fol-
lowing relation is valid:

Q =
1

2π2

∫ q=∞

q=0
I (q)q2dq = φ(1 − φ)(1ρ)2 (3.10)
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The parameter φ is the volume fraction of one of the phases, and 1ρ is the mean electron
density contrast between the two phases. The calculation of the absolute value of the invari-
ant requires absolute intensity measurements, correction for thermal fluctuations and for the
integration from q=0 → ∞, extrapolating to q → 0 and ∞. Due to experimental constraints,
the experimental invariant is calculated by integrating from the first to the last reliable data
point. Calculation of the experimental invariant as a function of time is useful to evaluate the
structural changes during polymerization and additional information may be obtained.

3.4 Results
As discussed in Chapter 1, the major objective is the preparation of ductile blends based on
diblock copolymers and PMMA (or PS) via the self-assembly process of the diblock copoly-
mer in the monomer MMA, resp. styrene. Therefore, the micellar ordering of various diblock
copolymers in MMA has been studied as a function of temperature to determine the choice
of the polymerization temperature (MMA is used as the monomeric solvent, since MMA
is a selective solvent for polyolefin-polyacrylate diblock copolymers, whereas styrene is a
non-selective solvent, see Chapter 4). Time-resolved SAXS patterns were recorded during
heating ramps from -50◦ C to 100◦ C to obtain information about the formation, size and
disassociation of the micelles. This section is organized as follows. First, the phase be-
havior is described for MMA/polyolefin-acrylate diblock copolymer solutions as a function
of temperature, acrylate molecular weight, diblock copolymer composition and concentra-
tion. Subsequently, the microstructure of the PMMA/block copolymer blends is presented
followed by a detailed description of the morphology development upon polymerization. In
the subsequent discussion further explanation is given about the observed phenomena and
how the data may be understood. In the last section, new concepts are introduced which
should result in the desired morphology and preliminary results considering the mechanical
performance are emphasized.

3.4.1 Micellar ordering of diblock copolymers in MMA
Molecular weight of the compatible block
In Figure 3.5A SAXS data are depicted for a MMA solution with 20 wt% PEB3.8-PBA22 as
a function of temperature. The cutoff at low q, evident in all SAXS pictures, is due to the
beamstop. For T≤ 0◦ C, strong scattering can be observed at q∗= 0.028 Å−1. It is expected
that the oscillations are the result of micellar scattering, based on the PEB block forming the
micellar core, while the PBA block is solubilized by MMA and forms the micellar corona.
With increasing temperature the first order maximum, arising from the liquid structure factor
scattering, moves slightly to higher q. This shift finds its origin in an increase in micellar
volume fraction and/or increased particle size due to swelling of the core. Oscillations in
the high q-range (q=0.055 Å−1) arise from both the structure factor and the form factor from
isolated micelles (actually the form factor from hard spheres) and are also weakly depen-
dent on temperature. The contribution of the structure factor in the high q-range depends on
the degree of ordering of the micelles. Upon heating, dissolution of the micelles is inferred
from the disappearance of the SAXS structure factor peak at T > 0◦ C. The slope of the
log I vs q plot for the higher q-range changes with temperature. In two-phase systems, the
specific interface between constituent phases can be determined from the scattering curve at
higher scattering angles. The change in q-dependence observed in this data-set is caused by
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Figure 3.5: SAXS profiles for PEB-PBA solutions in MMA. A) 20 wt% PEB3.8-PBA22, B)20 wt%
PEB3.8-PBA46 collected during a heating ramp from -50 to 60◦ C at 5◦ C·min−1.

a decreased amount of interface. Initially, a micellar structure is present which results in a
considerable amount of interface. With increasing temperature a homogeneous solution is
formed and all interfaces disappear. To have a closer look at the ordering of micelles at low
temperatures, the lowest temperature traces from Figure 3.5A are averaged and plotted as I
versus q in Figure 3.6A. The presence of weak higher order reflections, apart from the broad
structure and form factor scattering, shows that the micelles have a lattice arrangement. De-
noting the peak position of the principle reflection as q∗, higher order reflections are observed
at approximately

√
2q∗,

√
3q∗,

√
4q∗and

√
5q∗. This is consistent with a spherical simple cu-

bic (ssc) or body centered cubic (bcc) morphology. A distinction between ssc or bcc cannot
be made, since differentiation between the two symmetry groups from the position of scatter-
ing maxima requires seven diffraction maxima.
The lattice arrangement of the micelles disappears with temperature and an overall liquid-like
arrangement is obtained. Due to the gradual decrease of the intensities of the higher order re-
flections, the exact temperature at which the lattice ordering disappears, order-order tempera-
ture (OOT), cannot be detected. Information on the size of the micelles can be obtained by
fitting the experimental data with the Percus-Yevick model with a homogeneous PEB core
and a corona of solvated PBA chains. The fitted and experimental curves are depicted in Fig-
ure 3.6B. The Percus-Yevick model is suited for fitting a liquid-like arrangement of micelles.
The high ordered diffraction maxima as a result of lattice arrangement are not implemented in
the model. The characteristics of the fit are listed in Table 3.1. In Figure 3.5B the temperature
dependent SAXS data are depicted for 20 wt% PEB3.8-PBA46. Compared to Figure 3.5A, the
molecular weight of the PEB remained constant, whereas the molecular weight of the PBA
chains was increased from 22 kg·mol−1 to 46 kg· mol−1. The SAXS data are qualitatively
similar to those for the lower molecular weight diblock copolymer (Figure 3.5A), however,
the intensity of the principal reflection is lower. Higher order reflections can be observed for
temperatures far below 0◦ C, suggesting a cubic lattice arrangement. The scattering pattern
at T = -50◦ C and the corresponding fit are depicted in Figure 3.7 and the results of the fit
are listed in Table 3.1. With enhanced molecular weight of the acrylate block, the swollen
corona thickness and, consequently, the steric hinderance between the micelles increases and
therefore, the hard sphere radius is larger compared to the lower molecular weight diblock
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Figure 3.6: A) Low temperature SAXS profile for 20 wt% PEB3.8-PBA22 solution in MMA, B) SAXS
spectrum at -50◦ C for 20 wt% PEP-PBA22 in MMA (◦) and the Percus-Yevick fit (-):
Rc=38 Å, φ = 0.36 and Rhs=108.
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Figure 3.7: A) Low temperature SAXS profile for 20 wt% PEB3.8-PBA46 solution in MMA, B) SAXS
spectrum at -50◦ C for 20 wt% PEB3.8-PBA46 in MMA (◦) and the Percus-Yevick fit (-):
Rc=45 Å, φ = 0.29 and Rhs=145.

copolymer solutions. Remarkably, the core size slightly increases, which can be caused by
a small increase in aggregation number or swelling with MMA. The volume fraction of the
PEB3.8-PBA46 micelles is lower compared to the PEB3.8-PBA22 micelles, which is the result
of a decrease in volume fraction PEB. Whereas the micelles consisting of PEB3.8-PBA22 are
stable up to 0◦ C (ODT' 0◦ C), the PEB-PBA46 micelles start to dissolve at -25◦ C (ODT
'-25◦ C), presumably due to the decreased core-shell block length ratio.
As discussed in section 3.2 the phase behavior is among others influenced by the product χN.
With increasing molecular weight of the acrylate block and the consequent asymmetric block
length ratio, the repulsive interaction of the PEB-PBA is not strong enough to induce micellar
structures. This phenomenon is more evident in Figure 3.8, which presents the temperature
dependent X-ray patterns of a 20 wt% PEB3.8-PBA83/MMA solution. Although hardly any
scattering can be observed arising from the structure factor or form factor, a small change
in microstructure with temperature can be deduced from the difference in the decay of the
intensity with q. Either, the concentration of the PEB domains is too low to gain sufficient
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Figure 3.8: SAXS profiles for a 20 wt% PEB3.8-PBA83/ MMA solution collected during a heating
ramp from -50 to 50◦ C at 5◦ C·min−1.

scattering, or the block length ratio is too far from symmetry to obtain stable micellar struc-
tures.

Molecular weight of the incompatible block
SAXS data for MMA solutions with 20 wt% PEP7.6-PBA82, taken during a heating exper-
iment from -50 to 100◦ C at 5◦ C·min−1 are shown in Figure 3.9. The scattering patterns
suggest the presence of a liquid-like arrangement of micelles. There is no lattice ordering as
can be seen in the absence of sharp higher order reflections. Above approximately 20◦ C, the
location of the structure factor maximum moves to larger q and the intensity of the structure
factor peak decreases. At the same time the form factor oscillations diminish. The disappear-
ance of both signals at 50◦ C is associated with the breaking-up of micelles. Compared to
the system of Figure 3.8, the core block length is increased whereas the PBA block length re-
mained approximately constant. The solution forms a disordered micellar phase up to 50◦ C,
considerably higher than the PEB3.8-PBA blocks. This effect is even more pronounced for
MMA/PEP27-PBA143 solutions, for which micellar structures can be observed over the com-
plete temperature range investigated as shown in Figure 3.10. There is no evidence for other
positional ordering of the micelles as a liquid-like arrangement. With enhanced temperature,
the location of the structure factor peaks move slightly to larger q, implying that the centers
of the micelles are approaching one another more closely. Due to swelling of the core, the
form factor peak moves slightly to lower q-values.
The results of the PY-fit as given in Table 3.1 confirm the dependence of the core molecular
weight on the micellar core size, Kinning and Thomas (1984). Furthermore, the micellar vol-
ume fraction is enhanced as the total weight fraction of the incompatible PEP increases.

Concentration of the diblock copolymer
When the concentration PEP7.6-PBA82 is decreased to 10 wt %, the micellar structures be-
come less defined as can be concluded from the weak reflections in Figure 3.11A. The sharp
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Figure 3.9: A) Temperature dependence of SAXS profiles for 20 wt% PEP7.6-PBA82 in MMA.B)
SAXS spectrum at -50◦ C for 20 wt% PEP7.6-PBA82 in MMA (◦) and the Percus-Yevick
fit (-), Rc=54Å, φ = 0.32 and Rhs=194Å.
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Figure 3.10: SAXS profiles for a 20 wt% PEP27-PBA143/ MMA solution collected during a heating
ramp from -50 to 100◦ C at 5◦ C·min−1.

structure factor peaks, clearly visible in the 20 wt% sample, cannot be observed, although
some weak scattering at approximately q=0.03 Å−1 still suggest the presence of disordered
micelles. An accurate ODT cannot be determined from the scattering patterns. The forma-
tion of micelles and the micellar ordering diminishes drastically with decreased concentra-
tion. However, when the core molecular weight is further enhanced to 27.6 kg·mol−1, the
influence of the concentration on the presence of micellar structures is much smaller, see Fig-
ure 3.11B. For this specific system, a remarkable phenomenon is observed at T = 75◦ C. A
sudden shift in q value of the structure factor peaks may suggest the onset of significant in-
termicellar correlations, different from a liquid-like arrangement. Rheological measurements
may provide additional evidence and information. The micellar dimensions of this system,
according to the Percus-Yevick model are listed in Table 3.1.

Composition of the acrylate block
A similar study was conducted on the phase behavior of PMA-based diblock copolymers dis-
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Figure 3.11: SAXS profiles for PEP-PBA solutions in MMA, A) 10 wt% PEP7.6-PBA82 and B)
10 wt% PEP27-PBA143 collected during a heating ramp from -50 to 100◦ C at
5◦ C·min−1.

solved in MMA. Figure 3.12A shows SAXS data for a MMA solution with 10 wt% PEB3.8-
PMA40 diblock copolymer as a function of temperature. A weak structure factor peak to-
gether with weak form factor oscillations prove the presence of disordered micelles. With
higher molecular weight of the PMA block, scattering from the form factor gets even less
pronounced, as can be seen in Figure 3.12B. Due to the higher molecular weight of the PMA
block, the volume fraction of PEB micelles is lower. Dissolution of the micelles occurs at
approximately 30◦ C, which is comparable with the PEB-PBA block copolymer solutions.
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Figure 3.12: SAXS profiles for A) 10 wt% PEB3.8-PMA40 and B) 10 wt% PEB3.8-PMA63/ MMA
solutions collected during a heating ramp from -50 to 100◦ C at 5◦ C·min−1.

Similar experiments were performed for MMA solution with diblock copolymers based on
PEP (instead of PEB). The unfavorable interactions between the solvent MMA and the PEP
core, which should induce micellization, are stronger compared to PEB since both the core
volume fraction and core molecular weight are higher. Figure 3.13 represents the SAXS
patterns for a MMA solution with only 5% of PEP7.6-PMA50. Sharp diffraction peaks at low
q-values cannot be observed. This, in the absence of sharp higher order reflections, suggests
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that also this solution does not exhibit any significant positional ordering. The presence
of a broad structure factor peak at q∗ = 0.026 Å−1 and the form factor peak from isolated
micelles at q = 0.06 Å−1 indicates that the micelles are ordered with only a short range
liquid-like order. With increasing temperature (especially above T = 50◦ C), the structure
factor oscillations move to larger q and finally disappear. A shift in q∗ and form factor reflect
the changes in both Rhs , φ and Rc, respectively. At higher temperatures both the structure
factor peak and form factor peak (weak) disappear, which can be attributed to the breaking-up
of micelles as the diblock copolymer chains dissolve in solution. The micelles are thermally
stable up to approximately 50◦ C. This thermal stability of the micelles is comparable with
the PEP7.6-PBA/MMA solutions which possess an equal core molecular weight, Figure 3.9.
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Figure 3.13: SAXS profiles for a 5 wt% PEP7.6-PMA48/ MMA solution collected during a heating
ramp from -50 to 100◦ C at 5◦ C·min−1.

A further increase in core molecular weight leads to an enhancement in thermal stability.
A core molecular weight of 27.6 g·mol−1 gives micellar structures which are stable up to
100◦ C as can be seen in Figure 3.14. Experimentally it becomes difficult to work with a
higher concentration of high molecular weight diblock copolymer, due to the high viscosity
and the consequent inhomogeneity. In Table 3.1 the micellar characteristics are given for
some MMA/diblock copolymer solutions as determined by fitting the experimental data with
the Percus-Yevick model.

3.4.2 Morphology of diblock copolymer/PMMA blends
The general route to prepare nanosized morphologies in brittle amorphous polymers is a
templating scheme, in which a solution containing a diblock copolymer and a monomer self
assemblies into micellar structures with dimensions around 10-60 nm. Polymerization of the
reactive component solidifies the structure and prohibits further change. In this study, MMA
is used as the monomer, which after polymerization forms the brittle matrix. Blends are
prepared via the free-radical polymerization of MMA/diblock copolymer solutions starting
at ambient temperatures. During polymerization, the conversion of MMA and, subsequently,
the viscosity of the solution is enhanced by slowly increasing the polymerization temperature.
The continuation of the MMA radical polymerization is accomplished by the application
of the different radical initiators. For all systems, transparent blends were obtained after
polymerization.
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Figure 3.14: SAXS profiles for a 10 wt% PEP27.6-PMA70/ MMA solution collected during a heating
ramp from -50 to 100◦ C at 10◦ C·min−1.

Table 3.1: Micellar parameters determined from PY modelling of SAXS data of MMA/diblock copoly-
mer solutions

Percus Yevick
Diblock Weight fr. Rc φ Rhs σ r

copolymer [wt%] [Å] [-] [Å] [Å]
PEB3.8-PBA24 20.0 38 0.36 108 5
PEB3.8-PBA46 20.0 45 0.29 145 5
PEP7.6-PBA82 20.0 54 0.32 194 8
PEP12.8-PBA54 20.0 85 0.30 141 4
PEP27-PBA143 10.0 158 0.35 503 14
PEP27-PBA143 20.0 176 0.39 457 18
PEB3.8-PMA40 10.0 37 0.16 71 11
PEP7.6-PMA48 5.0 60 0.32 121 9
PEP27-PMA70 10.0 162 0.39 354 17

Fitting parameters are as follows: Rc is the micellar core radius; σ r is the standard deviation for a Schulz
distribution of Rc; Rhs and φ are an effective hard sphere radius and volume fraction, respectively.
Note that the X-ray patterns of the MMA solutions with poor scattering cannot be fitted.

The morphology after polymerization was visualized by optical microscopy and TEM. In
Figure 3.15, optical microscopy images are shown for 10 wt% PEB-PMA/PMMA blends.
The phase contrast mode was used to distinguish separate phases with refractive indices close
to each other. The matrix is formed by PMMA. The white spots represent the relatively small
domains of pure PMMA, distributed in large continuous diblock copolymer rich domains.
Instead of the preferred microphase separated micellar morphology, the diblock copolymer is
macrophase separated from the PMMA matrix. The morphologies obtained are comparable
with the typical high impact PS (HIPS) structures. With increasing molecular weight of the
methyl acrylate block, the domain size decreases from 50-100 µm, to 25 µm and finally 5-
10 µm, although macrophase separation cannot be avoided as can be seen in Figures 3.15
and 3.16. Presumably, this decrease in domain size is caused by an enhanced viscosity of
the mixture, which prevents further coarsening of the morphology by a strong reduction in
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mobility. In Figure 3.16, a transmission electron micrograph is shown for a single PEB-
PMA domain. Pure PMMA forms the continuous matrix, the diblock copolymer forms the
dispersed phase, in which pure PMMA droplets are enclosed. A possible explanation of the
occurrence of macrophase separation may be the homogeneous state of the system at the
polymerization temperature, i.e. there is no micellar structure present at room temperature.

Figure 3.15: Optical microscopy images of PMMA blend with 10 wt% of PEB3.8-PMA. Mn of the
diblock copolymer is left: 18.1 kg·mol−1 and right: 40.9 kg·mol−1. The polymerizations
were started at ambient temperature.

Remarkably, similar macrophase separated morphologies with extremely large domains are
obtained for blends consisting of PEP based block copolymers, which exhibit a micellar phase
behavior up to 50◦ C, as can be seen in Figure 3.17. The formation of an additional PMMA
phase in the early stage of the polymerization step results in macrophase separation and con-
sequently, disruption of the initial micellar morphology. Presumably, the viscosity is too low
to prevent coarsening and diffusion of the monomer. Furthermore, the repulsive interactions
between PMMA matrix and acrylate shell are strong and cause macrophase separation. For
blends based on PEB-PBA the macrophase separation is more severe resulting in stratifica-
tion. A surface layer is formed consisting of PEB-PBA, containing small droplets of pure
PMMA. An optical microscope image is given in Figure 3.18, clearly showing the two sepa-
rate layers. Compared to PMA based diblock copolymers, the compatibility with the PMMA
matrix is lower. After little conversion, the diblock copolymer is expelled from the PMMA
rich phase. To improve the compatibility between diblock copolymer and PMMA and to
overcome the repulsive interaction of the matrix and dispersed phase, triblock copolymers
based on PEB-PBA with a third PMMA block were used. The block length of the PMMA is,
however, not high enough to prevent macrophase separation, as can be seen in Figure 3.18.
Typically, the continuous phase is formed by the triblock copolymer and PMMA is dispersed
as sub-inclusions within the triblock copolymer matrix.
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5 0 0  n m

Figure 3.16: Left: Optical microscopy image and right: transmission electron micrograph of PMMA
blend with 10 wt% PEB3.8-PMA63. The polymerization was started at ambient tempera-
ture.

1 0 0   m m  

Figure 3.17: Optical microscopy images of PMMA blend with 10 wt% of PEP7.6-PMA48. The poly-
merization was started at ambient temperature.

3.4.3 Morphology development of diblock copolymer/monomer solu-
tions upon in-situ polymerization

As discussed before, micellization of diblock copolymers is temperature dependent. With
increasing temperature, the micelles dissociate and the diblock copolymer dissolves (as free
chains) in the monomer. In case of polymerization of the ’solvent’, the additional third phase
will, apart from the monomer MMA (solvent) and the diblock copolymer, also contribute to
the phase behavior. To get additional understanding on the morphology development and
phase separation upon polymerization, time-resolved SAXS data are recorded during isother-
mal polymerizations at 100◦ C. Microphase separation can be characterized by X-ray scatter-
ing at non-zero q, whereas macrophase separation is characterized by an increased scattering
at q→0. The final morphology, as analyzed with optical microscopy, is comparable with
the morphologies obtained after polymerization starting at ambient temperature (RT-120◦ C),
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Figure 3.18: Optical microscopy images of PMMA blend with left: 10 wt% of PEB3.8-PBA22 and
right: 10 wt% of PEB3.8-PBA46-PMMA52. The polymerization were started at ambient
temperature.

although the average size of the dispersed phase is slightly larger. The SAXS data obtained
during the isothermal polymerization of MMA with 5 wt% and 10 wt% of PEB3.8-PMA11
at 100◦ C are plotted as 3D plots in Figure 3.19 as a function of time. Initially no sharp
scattering or diffraction peaks can be observed, which was expected since micelles formed
by a PEB core were only stable up to 30◦ C, as discussed in the previous section. However,
the SAXS patterns show a low initial scattering for both concentrations, seen in a smooth
change in slope, which may suggest the presence of some diblock copolymer association at
100◦ C. As the polymerization continues, the scattering patterns gradually changes. The scat-
tered intensity in the small angle region, corresponding to a length scale of several hundreds
of angstroms, increases. This increase is related to electron density fluctuations, caused by
macrophase separation. As the polymerization proceeds, the total intensity decreases slightly
and a sharp diffraction peak at low q develops, followed by a second and third reflection at
higher q. The presence of sharp higher order reflections indicates that ordered microphases
are present. Denoting the peak position of the principle reflection as q∗, the higher order re-
flections are observed at approximately 2q∗ and 3q∗. The diffraction pattern after 60 min re-
sembles the diffraction pattern of the pure diblock copolymer possessing a (swollen) lamellar
morphology. This suggests that upon polymerization the diblock copolymer is macrophase
separated from the PMMA phase and forms microdomains in which its original lamellar
morphology is regained. The SAXS patterns hardly change, when the concentration diblock
copolymer is enhanced to 10 wt%, as can be seen in Figure 3.19B.
The invariant can provide additional information about the various stages and timescales of
the polymerization. In Figure 3.20 the experimental invariant is plotted for the polymeriza-
tion of the 5 and 10 wt% PEB3.8-PMA11/MMA systems. Initially, the experimental invariant
shows a (low) plateau. The diblock copolymer is completely dissolved in the monomer MMA
and in the homogeneous system no separate (dis)ordered phases are present (free chains).
After a period of 10 min the invariant increases. The conversion of MMA into PMMA is
sufficient to induce macrophase separation into a diblock copolymer rich phase dissolved in
MMA and a PMMA/MMA phase. For the 5 wt% diblock copolymer/MMA system, a maxi-
mum of the experimental invariant is found in the early stages of the polymerization. Since
the electron density contrast (1ρ) between the diblock copolymer rich and PMMA rich phase
only increases during the polymerization, the subsequential changes in the experimental in-
variant should be attributed to changes in volume fractions.
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Figure 3.19: Time-resolved X-ray patterns, recorded during isothermal polymerization of MMA at
T = 100◦ C with A) 5 wt% PEB3.8-PMA11, B)10 wt% PEB3.8-PMA11.
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Figure 3.20: Experimental scattering invariant for the polymerization of MMA with A) 5 wt% PEB3.8-
PMA11, B)10 wt% PEB3.8-PMA11.

The weight fraction of the diblock copolymer rich phase ranges from 1 before the onset of
macrophase separation, reaching a maximum close to equal phase volumes, and ends up with
a fraction of 0.05 (assuming no swelling) or 0.1 for the 10 wt% polymerization. On further
polymerization, the experimental invariant levels off (weight fraction diblock copolymer rich
phase decreases) and reaches a minimum at t = 50 min, after which a strong increase is ob-
served. This is caused by the onset of microphase separation in the diblock copolymer rich
domains. The electron density contrast between the PEB and PMA of the diblock copoly-
mer is strongly enhanced. On further polymerization, a plateau is found, indicating that no
further structural changes occur. After full conversion, large diblock copolymer particles in
which the original lamellar morphology is retained, are formed. These particles still enclose
homogeneous droplets of pure PMMA, a comparable morphology as the so called salami-
structures in HIPS.
The difference in time to reach the maximum for the two polymerization reactions as ob-
served in Figure 3.20A and B reflects the influence of dilution and viscosity on the reaction
rate. Macrophase separation is delayed and slowed down, whereas the decrease in invariant
after 60 min is much faster. The position of the critical point and the conversion to equal
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phase volumes, corresponding to the maximum in invariant, change with increasing concen-
tration.
In Figure 3.21 the scattering curves and the invariant are plotted for the heating run from
-50◦ C to 100◦ C (t = 0 to 15 min, heating rate =10◦ C·min−1), followed by the isothermal
polymerization at 100◦ C for a MMA solution with 10 wt% of PEP27-PMA70. During the
complete heating run (0-15 min), oscillations can be observed in the low q-range of the data
that arise from the structure and form factor of micelles. The micellar characteristics, as fit-
ted by the Percus-Yevick model are listed in Table 3.1. The peak position moves slightly to
higher q with increasing temperature caused by swelling of the micelles as MMA enters the
core. The dissociation of the micelles with increasing temperature is also seen in the experi-
mental invariant, as it decreases after 5 min ( for T > 0◦ C). After 15 min, the polymerization
temperature of 100◦ C is reached and a third phase, PMMA, is formed. As the polymeriza-
tion proceeds, the diblock copolymer becomes less miscible and the system enters into the
two phase region, eventually leading to phase separation into a PMMA rich and a diblock
copolymer rich phase. As a consequence, the concentration of the diblock copolymer in the
diblock copolymer rich regimes increases with ongoing conversion of MMA, which results
in association of the copolymer into a micellar structure. This phenomenon occurs after low
conversion since after 20 min (polymerization temperature of 100◦ C is kept constant for 5
min) micellar scattering is observed in the time-resolved X-ray patterns. Even the invariant
shows a sharp increase as the amount of scattering elements (micelles) is enhanced. With
increased conversion, macrophase separation continues, as observed in the sharp increase of
the invariant and the enhanced scattering for q → 0 at t = 40 min. Finally, the diblock copoly-
mer reorganizes itself into its equilibrium morphology (first order structure factor peak not
distinguishable due to low q-values and scattering from the beamstop).
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Figure 3.21: Polymerization of MMA with 10% PEP27.6-PMA70 A)Time-resolved X-ray patterns, B)
experimental scattering invariant at T = 100◦C.

3.4.4 Mechanical properties
Although the desired morphology of the blends described in this chapter was not reached,
the mechanical properties of the blends were tested in impact, tensile and compression. For
the blends with 5 wt% PEB3.8-PMA40 and 5 wt% PEB3.8-PMA63 a slight increase in tensile
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properties and a twice as high impact strength compared to neat PMMA was observed. When
the fraction of diblock copolymer was increased further, the impact properties levelled off to
below that of pure PMMA. The mechanical performance for all blends based on PEB-PBA
was extremely poor due to macrophase separation into two separate layers on top of each
other. Addition of the triblock copolymer PEB-PBA-PMMA to PMMA results in a sharp
decrease in yield stress and strain softening. This is a consequence of the triblock copolymer
forming the continuous matrix. An improved impact strength could not be observed.

3.5 Discussion

3.5.1 Micellization of diblock copolymers in MMA
SAXS was used to investigate the structure and state of order in concentrated solutions
of polyolefin-polyacrylate diblock copolymers in MMA. The monomeric solvent MMA is
slightly selective for the acrylate block. For a constant weight fraction diblock copolymer the
total scattered intensity increases as the molecular weight ratio of the core, compared to that
of the shell, is enhanced. Besides a larger volume fraction of scattering elements, interparti-
cle scattering is introduced. In addition, for an an extremely low core/shell molecular weight
ratio, a large fraction of diblock copolymer may be unaggregated: the effective interaction
parameter is insufficient to induce phase separation. From the experimental data it can be de-
duced that the thermal stability of the micelles is mainly dependent on the molecular weight
of the core block. The temperature at which the diblock copolymer micelles dissociate in
MMA increases from approx. 0 to 50 to 100◦ C when Mn,core is enhanced from 3.8, 7.6 to
27.6 kg·mol−1, respectively. The influence of the composition of the acrylate block (PMA
vs. PBA) is negligible. The fact that the order-disorder temperature (ODT) is essentially in-
dependent of φ indicates that the ODT is determined by the solvent-polymer interactions. For
the 10 wt% PEP27-PBA143 system, there is even some evidence of subtle changes in packing
below the ODT. The effective interaction parameter of the diblock copolymer in solution, χ ,
changes with temperature, Lodge et al. (1996). With increasing temperature, the core volume
fraction is increased, as solvent enters the core, resulting in a shift of the form factor peak to
a lower q-value. The repulsive interactions between the individual micelles decreases with
temperature. Swelling of the core leads to a decrease of the interparticle distance and an
increase of the volume fraction of micelles resulting in a shift of the structure factor peak to
a higher q-value. These shifts in peak position with temperature indicate that the micelles
are dynamic aggregates in which the individual copolymer chains constantly hop from one
micelle to another. This is further demonstrated by the change in slope of I plotted vs q upon
heating for all systems studied, since by disassociation of the micelles the total amount of
interfaces will be reduced. The small angle X-ray scattering data from solutions exhibiting
a spherical micellar structure with a liquid-like arrangement can be fitted using the polydis-
perse Percus-Yevick hard sphere fluid approximation. For the systems with PEP27.6-PBA143,
the micellar core size was observed to increase slightly with increasing copolymer concentra-
tion, whereas with increasing concentration the hard sphere radius decreases. The first finds
its origin in an increased aggregation number or enhanced swelling of the core with MMA,
while the latter is caused by the enhanced repulsive interactions between the core domains.
The relationship between the radius of the micellar core and the molecular weight of the core
is given in Figure 3.22 for solutions with 20 wt% of PBA-based diblock copolymer. By vary-
ing the molecular weight from 3.8 kg·mol−1 to 27.6 kg·mol−1, the radius of the polyolefin
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inclusions increases from approx. 4 to 16 nm. To account for the chemical differences be-
tween PEB and PEP, the core molecular weight was converted to a degree of polymerization,
whereas the density was assumed to be equal. A power law relationship, Rc ∼ Mn

α , where α

= 0.73 +/- 0.03, is observed. This relation is similar to the observations of Lipic et al. (1998).
In addition, the error of the PY-fit becomes larger at high q-values. This is due to the low
coherent scattering intensities at high q-values and the signal-to-noise ratio in relation to the
background substraction. Consequently, the quality of the data at high q-values is insufficient
to rigorously verify that the PY-model provides an accurate fitting of the core size. Never-
theless, the agreement at low q-values provides reasonable confidence for the presence of a
liquid-like arrangement of micelles.

100

10 slope = 0.74 +/- 0.03
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Figure 3.22: Core radii from Percus-Yevick simulations vs the number of monomer units in the core
(PEB or PEP) block.

3.5.2 Morphology development during polymerization
Similar to solvent casting of polymer blends, interference of macrophase separation and
vitrification may occur during the in-situ polymerization. The following discussion on the
phase behavior of the ternary system may support the experimental observations on the mor-
phology development, as revealed by SAXS and microscopy. Upon polymerization, a third
component is formed: PMMA. It is known that most polymer pairs are incompatible, un-
less specific interactions favor mixing for enthalpic reasons. Therefore, it is obvious that
macrophase separation will occur upon polymerization. It is assumed that when MMA is
polymerized via a chain growth polymerization mechanism long linear polymeric chains are
formed. Continuing the discussion on the miscibility upon polymerization, Figure 3.23 is
used as a schematic representation. The initial composition of the homogeneous solution is
located on the Monomer C’/Block Copolymer A-B axis. The polymerization takes place at
a fixed temperature. In all SAXS patterns recorded during polymerization, it was observed
that the invariant rapidly increases after a short polymerization time (or low conversion),
which suggests that the onset of macrophase separation occurs after low conversion. This
means that the binodal line is crossed and the system becomes metastable, eventually leading
to phase separation in a two-phase system, with one phase rich in PMMA and one phase
rich in diblock copolymer. For all systems studied, a further microphase separation occurred
in the diblock copolymer rich domains, observed as narrow diffraction peaks related to ei-
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ther a disordered spherical, hexagonally packed cylindrical or lamellar morphology. This
indicates that microphase separation is not hindered by vitrification and occurs at lower con-
version, see Figure 3.23. The position of the onset of microphase separation is dependent on
the temperature, molecular weight, composition and concentration of the diblock copolymer.
With increasing molecular weight of the diblock copolymer the curved line F-G will shift
towards the monomer corner. Depending on the initial composition, the polymerization may
start from a micellar solution or microphase separation may occur at a low conversion, before
the onset of macrophase separation. The latter was found during the polymerization of MMA
with 10 wt% PEP27.6-PMA70 as presented in Figure 3.14.

B l o c k  C o p o l y m e r  
A - B

M o n o m e r  C �

H o m o p o l y m e r  C

V i t r i f i c a t i o n  
l i n e

G

F

J

K

M a c r o p h a s e  
s e p a r a t i o n

B l o c k  C o p o l y m e r  
A - B

M o n o m e r  C �

H o m o p o l y m e r  C

V i t r i f i c a t i o n  
l i n e

G

F

J

K

M a c r o p h a s e  
s e p a r a t i o n

Figure 3.23: Ternary phase diagram at a given T,p showing the route to macrophase separation between
diblock copolymer A-B and homopolymer C upon polymerization of monomer C’ (J-K).
The line F-G represent the onset of microphase separation for the diblock copolymer,
reproduced from Adedeji et al. (1995).

This discussion on ternary phase diagrams implies, according to thermodynamics, the attain-
ment of equilibrium. Equilibrium will certainly not be attained for viscous systems in which
diffusion of MMA and PMMA out of the diblock copolymer rich regimes will be hampered.
The constraints on diffusion become more important for higher diblock copolymer content.
When the diffusion is limited, a second phase separation may occur, leading to the formation
of PMMA sub-inclusions in the diblock copolymer rich domains. This so-called phase in-
version is clearly observed in the optical microscopy pictures presented in the results section,
e.g. Figure 3.17. The use of block copolymers based on PEP27.6 compared tot PEB3.8 results
in extremely large diblock copolymer rich domains. Although the system viscosity is higher,
which should hinder the coalescence process, the domain size is increased, most likely caused
by larger unfavorable interactions.
Nevertheless, to get fundamental insight in the system and to explain the several transitions
occurring, ternary phase diagrams provide useful information for discussing the phase be-
havior. Extreme polymerization conditions (e.g. fast reaction rates or low polymerization
temperatures) may also result in deviation from equilibrium morphologies for similar rea-
sons. This will be discussed in the subsequent section.

3.6 Influence of polymerization temperature
Mechanical properties of blends are determined by the properties of the constituent phases
and by their morphology. As discussed in Section 3.4, macrophase separation occurs in
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the beginning of the polymerization step. Furthermore, it was observed that for almost all
systems, the polymerization does not start from a micellar solution, at polymerization tem-
peratures of 25◦ C or higher. If the matrix is polymerized in the presence of a second phase,
i.e. the diblock copolymer, it can be expected that extreme polymerization conditions yield
different results. The final morphology will depend on the rate of coarsening after phase
separation and the time available which is determined by vitrification of the matrix. For high
reaction rates, morphology fixation occurs after relatively short times and, consequently, at
an early stage of the coarsening process, whereas a low polymerization temperature yields a
high viscosity that slows down the coalescence process. Additionally, the ordering of diblock
copolymers in (selective) solvents is temperature dependent: with increasing temperature the
micelles will dissociate.
To study the influence of polymerization temperature and consequently viscosity, UV-initiated
polymerizations were performed at -40◦ C. At this temperature, the micellar structure still ex-
ists for both the PEB and PEP diblock copolymers. A clear disadvantage of this procedure is
that the polymerization time will be long (in the order of days) and that it is very difficult to
prepare thick samples, due to the limited penetration depth. The morphology obtained was
examined with optical microscopy. For the blends with PEB-PBA diblock copolymer, the
UV-polymerization of MMA at -40◦ C still results in macrophase separation, although the
domain size was decreased drastically (< 1 µm) and stratification into two separate layers
was prevented. For the PMMA blends based on PEB-PMA, no separate phases could be
observed, using SEM and optical microscopy. SAXS data were collected to get additional
information about the morphology of these blends. In Figure 3.24, the SAXS patterns are
given for a 10 wt% PEB-PMA/PMMA blend.
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Figure 3.24: SAXS patterns of PMMA blends with 10 wt% of PEB3.8-PMA11. A) after UV-
polymerization at -50◦C, B) pure PEB3.8-PMA11. For clarity the patterns are shifted
on the vertical axis.

For the pure diblock copolymer, sharp diffraction peaks can be observed corresponding to
a lamellar morphology. After polymerization at ambient temperatures and 100◦ C, similar
patterns with equal d-spacings were obtained as a result of macrophase separation into a pure
PMMA and a lamellar PEB-PMA phase. The SAXS pattern for the blend polymerized at -
40◦ C shows some differences. Apart from the peak broadening, the peak maxima are shifted
to lower scattering angles. The pattern is typical for scattering caused by (disordered) spher-
ical morphologies. The principal reflection is inversely proportional to the interdomain dis-
tance. By dissolving the diblock copolymer in the PMMA matrix, the distance between two
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PEB-domains is increased and causes the location of the first scattering maximum to change.
Thus, by adjusting the polymerization route, it is possible to generate micellar structures in
PMMA with PEB-PMA as the diblock copolymer. If PEB-PBA is used as the dispersed
phase, a third PMMA block is required to avoid macrophase separation. The SAXS patterns
obtained for the PMMA/triblock copolymer blends are given in Figure 3.25 and 3.26.
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Figure 3.25: SAXS patterns of PMMA blends with 10 wt% of PEB3.8-PMA20-PMMA40. A) after
UV-polymerization at T = -50◦ C, B) after solvent casting from toluene, and C) pure
PEB-PMA-PMMA. For clarity the patterns are shifted on the vertical axis.
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Figure 3.26: SAXS patterns of PMMA blends with 10 wt% of PEB3.8-PBA39-PMMA25. A) after
UV-polymerization at T = -50◦ C, B) after solvent casting from toluene, and C) pure
PEB-PBA-PMMA. For clarity the patterns are shifted on the vertical axis.

For clarity, the scattering curves for the macrophase separated solvent casted blends are in-
cluded as well. For the blends prepared via UV-polymerization, the principal reflection can
be found at lower scattering angles. In case of the PEB-PBA-PMMA blends, the princi-
pal reflection moves into the beamstop. These results show the influence of polymerization
temperature on the final morphology. A decrease in polymerization temperature below the
ODT, results in stabilization of the micelles and in an enhanced viscosity. The latter leads
to limited diffusion of the MMA out of the micellar corona. This in combination with a de-
creased polymerization rate probably prevent the occurrence of macrophase separation and
result in nanosized morphologies.
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Preliminary compression test results of the blends with PEB-PBA-PMMA as the dispersed
phase are given in Figure 3.27. The true stress/ true strain behavior in compression reflects
the intrinsic behavior of the blends. With increasing triblock copolymer content the strain
softening clearly decreases, which enhances the occurrence of delocalization and, subse-
quently, should suppress premature fracture due to craze formation in uniaxial strain. The
decrease in strain hardening modulus is expected considering the addition of relatively low
molecular weight PMMA from the monodisperse PEB-PBA-PMMA to the PMMA contin-
uous phase. From the intrinsic behavior, it can be concluded that the tendency for local-
ization is suppressed although experimental evidence for this localization approach should
be obtained by performing both tensile and compression tests. Since preliminary attempts
towards the preparation of relatively thick blends made by UV-polymerization of MMA in
the presence of the triblock copolymer were successful, a detailed investigation of the ten-
sile and compression behavior of these blends is currently performed, Kierkels et al. (2003).
In addition, the fraction of syndiotactic sequences in PMMA may be enhanced by UV-
polymerization at -40◦ C. A matrix Tg of 118◦ C, approx. 10◦ C higher compared to atactic
PMMA, as measured by DSC supports this view. The presence of syndiotactic sequences
may increase the yield stress.
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Figure 3.27: Compression tests results of PMMA blends with 0-20 wt% of PEB3.8-PBA39-PMMA25.
after UV-polymerization at -40◦ C; the compressive strain rate is 1·10−3 s−1.

3.7 Conclusions
In this chapter the phase behavior of a number of diblock copolymers in MMA was described
as a function of composition and content of the block copolymer and temperature. The SAXS
data were fitted with a Percus-Yevick model with liquid-like distortions. The simulated scat-
tering agrees well with the experimental data, indicating that in these solutions disordered
liquid-like spherical micelles are formed. From the model, it could be derived that the core
radius is almost independent of the concentration and composition of the diblock copolymer,
but depends largely on the molecular weight of PEB resp. PEP. A power-law relationship
Rc = Ma

n with a = 0.74 is observed for these data. The thermal stability is predominantly
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influenced by the core molecular weight. An increase in the molecular weight of the PEB or
PEP core changes the magnitude of the repulsive interactions and, subsequently, the thermal
stability. Furthermore, it was shown that the scattering from the micellar particles is more
pronounced when the ratio of core molar mass to shell molar mass is higher. For solutions
with 20 wt% PEB-PBA based diblock copolymers, the presence of higher order reflections
showed that the micellar particles are arranged in a cubic lattice. Due to the limited number
of peaks, a distinction could not be made between SC and BCC.
The morphology of the block copolymer/PMMA blends, obtained via in-situ polymerization,
is the result of a combined macrophase and microphase separation. The morphology develop-
ment of the initially homogeneous diblock copolymer/MMA solutions was investigated upon
polymerization. For polymerizations at ambient temperatures as well as isothermal polymer-
izations at 100◦ C, macrophase separation occurs during the initial stage of polymerization.
Large domains of diblock copolymer are formed in which homopolymer droplets may be
dispersed. Yet, the use of triblock copolymers by adding a third miscible PMMA block could
not prevent the occurrence of macrophase separation.
The complete path from an initially micellar solution to micro- and/or macrophase separated
domains can be interfered by different solidification processes (mainly vitrification), which
interrupt the domain growth during the coarsening process. The occurrence of chemical
fixation in case of chemically induced phase separation is easily realizable by making use
of step-growth polymerizations. These polymerizations often involve a slow built up of the
molecular weight and/or crosslinking, which already before the gelation point prohibit further
growth of the structure. The conversion at which the gelation occurs, and thus the point of
fixation, can be varied by the ratio of bifunctional and multifunctional monomers. This route
was used by Lipic et al. (1998) to prepare micellar nanosized morphologies in cured epoxies.
For chain growth polymerizations, as described in this chapter, chemical fixation of the ini-
tial micellar morphology can be achieved by addition of multifunctional monomers similar
to step growth polymerization. However, in the context of this study, for toughness enhance-
ment in brittle amorphous polymers, crosslinking of the PMMA matrix is undesirable. The
results on UV-polymerizations at -40◦ C prove the influence of temperature on the coarsen-
ing process. An increased viscosity, combined with a lower polymerization rate and initially
stable micellar structure, leads to nanosized morphologies. Similar experiments with styrene
as the monomer instead of MMA will fail for two reasons. First, styrene is not a selective
solvent for either the polyolefin block or the acrylate block. Secondly, selectivity cannot be
obtained by decreasing the temperature to -40◦ C, since the melting point of styrene is -31◦ C.

3.8 Experimental

3.8.1 Materials and blend preparation
The diblock copolymers used in this study were synthesized by ATRP and extensively discussed in
Chapter 2. Triblock copolymers, with PMMA as the third block, were synthesized by an additional
ATRP step, using the diblock copolymers as described in Chapter 2 as macroinitiator. The reactions
were performed in bulk with a minor fraction of toluene as reference. The CuBr/PMDETA complex is
used as catalyst system (equal initiator/catalyst/solvent ratios as for the ATRP reactions as described in
Chapter 2). In this way, triblock copolymers based on PEB-PBA-PMMA and PEB-PMA-PMMA were
synthesized. MMA was obtained from Aldrich and purified prior to use. The free radical polymerization
of MMA/diblock copolymer solutions was performed over a broad range of temperatures to minimize
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void formation and to get more control over the morphology. This requires the application of three
initiators with a different decomposition behavior: 2,2’azobis (4-methoxy-2,4-dimethylvaleronitrile)
(V-70 initiator, WAKO Chemicals, Neuss, Germany), 2,2-azobis(isobutyronitrile)(Perkadox AIBN,
AKZO-Nobel) and tert-butyl-peroxybenzoate (Aldrich). The 10 h half-life decomposition tempera-
ture in toluene of these initiators increase from 30, to 64 and 103◦ C. Homogeneous solutions of MMA,
diblock copolymer and all three mentioned initiators were prepared at room temperature for several
weight ratios. The solutions were poured into cast molds which were sealed after being purged with
nitrogen gas for several minutes. The solutions were left at room temperature for 24 h during which
the free-radical MMA polymerization was initiated by the most reactive initiator. Subsequently, the
molds were placed in an oven with a programmed temperature profile: 20 h at 30◦ C and subsequently
at 50◦ C, 70◦ C and 90◦ C, followed by two post polymerization steps at 110◦ C and 120◦ C for 2 h.
The in-situ SAXS polymerizations were performed at 100◦ C and initiated by 0.2 wt% AIBN. For the
UV polymerizations, 5-20 wt% diblock and triblock copolymer/MMA solutions were poured in 1.5 ml
UV-transparant reactor tubes. The polymerizations were carried out at -40◦ C in a Leica EM AFS for
three days. The reaction was initiated by 1 wt% of Irgacure 184 (1-hydroxy-cyclohexyl-phenyl-ketone).
The blends were post-cured at 20◦ C (24 h) and 70◦ C (24 h) respectively. All samples were annealed
at 120◦ C for several hours. PMMA/diblock copolymer blends with equal composition were prepared
by slow solvent casting of PMMA and the diblock copolymer from a 5 wt% toluene solution at room
temperature, followed by subsequent drying at 40 and 80◦ C for 5 days under vacuum.

3.8.2 Characterization
Microscopy
The morphology of the blends was examined using transmission electron microscopy (TEM) and optical
microscopy. For optical microscopy the samples were cut with a Leica microtome (1-5 µm) and ana-
lyzed on a Zeiss Axioplan 2 optical microscope equipped with an Axiocam digital camera. The phase
contrast mode was used to enhance contrast between the phases. The TEM analysis was performed on
a Jeol JEM 2000 FX transmission electron microscope, operating at 80 kV. Ultrathin sections were ob-
tained at low temperatures (-140◦ C) using a Reichert Ultracut E microtome and subsequently stained
using a vapor of a RuO4-solution.
Small Angle X-ray Scattering (SAXS)
To study the morphology development upon in-situ polymerization of the monomer, time-resolved small
angle X-ray scattering experiments (SAXS) were performed on the DUBBLE beamline (BM 26B) at the
European Synchrotron Radiation Facility (ESRF) in Grenoble (France). The SAXS data were collected
on a multiwire two-dimensional (2D) detector positioned at 4.5 m from the sample. MMA/diblock
copolymer solutions were transferred into Lindemann capillaries and, subsequently, sealed. The capil-
laries were placed in a capillary holder fixed on a Linkam THMS 600 hotstage mounted on the optical
bench. The silver heating block of the hotstage contained a 4 mm2 conical hole allowing the X-rays
to pass through unhindered. For calibration of the SAXS detector, the scattering pattern from an ori-
ented specimen of wet collagen (rat-tail tendon) was used. The experimental data were corrected for
background scattering, i.e. substraction of the scattering from the camera, hotstage and a pure MMA
solution. The two-dimensional SAXS data were transformed into one-dimensional plots by performing
integration along the azimuthal angle using the FIT2D program of Dr. Hammersley of ESRF. The ex-
posure time for each single shot experiment was 3 min and for the time-resolved measurements 24 s.
Mechanical characterization
Uniaxial compression tests were performed on a servo hydraulic MTS Elastomer Testing System 810.
Cylindrical specimens (�6.0x6.0 mm) were compressed at room temperature with a constant logarith-
mic strain rate (10−3·s−1) between two parallel, flat steel plates. Friction between sample and steel
plates was reduced using PTFE tape (3M 5480, PTFE skived film tape) on the sample and a soap-water
mixture on the surface between the steel and the tape. No bulging or buckling was observed, indicating
that the friction was sufficiently reduced.



Chapter 4

The preparation of nanosized
blends via hydrogen bonding

This chapter concentrates on the miscibility and morphology of otherwise immiscible blends
by introducing hydrogen bond interactions. FTIR spectroscopy, solid state NMR spectroscopy,
DSC and DMTA were used to examine the extent of miscibility of polystyrene (PS) and
poly(acrylate)-b-polyolefin diblock copolymers in a blend in which PS was chemically mod-
ified by copolymerization with 0.5 -5 mol% of p-(hexafluoro-2-hydroxy isopropyl) styrene
(HFS). Hydrogen bonding between the hydroxyl-groups and the carbonyl-groups of poly-
butylacrylate and polymethylacrylate, respectively, dramatically enhanced the miscibility and
lead to randomly distributed polyolefin particles surrounded by a homogeneous PBA/PS ma-
trix. This approach was used to prepare nanosized core-shell particles to induce ductility in
the otherwise brittle PS. Morphological parameters such as the size of the dispersed phase or
extent of interpenetration between the components are controllable simply by changing the
amount of interacting groups in the blend, whereas the size of the core can be changed by
variation of the polyolefin block length. Two preparation methods were investigated: solvent
casting of the modified PS and the diblock copolymer and the direct co-polymerization of
styrene and HFS in the presence of the diblock copolymer.

4.1 Introduction

The major objective of this research is the preparation of a tough heterogeneous system based
on brittle polymers like PS and PMMA. The size of the dispersed rubber-phase should be
decreased to sub-micron scale in order to combine the ductile mechanical behavior with a
minimum loss in modulus and strength. Cavitation of the rubber domains is a prerequisite for
shear yielding and thus a ductile mechanical response. A straightforward method to minimize
the resistance against cavitation and to overcome the strain rate dependence of the rubber is
the application of a rubber phase which possesses an extremely low elastic modulus or glass
transition temperature. The maximum toughness is, therefore, expected for nanosized core-
shell-like particles with a liquid core to induce cavitation and a rubbery shell to enhance
delocalization by the stronger strain hardening behavior as discussed in Chapter 1. A pos-
sible route to meet these requirements may be the application of the self-assembly process
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of diblock copolymers into micellar morphologies. This chapter discussed PS blends with
polyolefin-polyacrylate diblock copolymers for which the compatibility of the PS matrix and
the acrylate shell is enhanced by specific interactions. Special attention is paid towards the
phase behavior and the competition between macro- and microphase separation of the binary
PS/diblock copolymer systems. In the subsequent chapter, the mechanical behavior of these
blends is discussed.
Considerable attention has been focussed on homopolymer/diblock copolymer blends for
which one block is similar to the homopolymer. Only a few studies dealt with the micelle
formation in blends of an AB diblock copolymer with a third C polymer that is partially mis-
cible with one block (B) but immiscible with the other (A), Ahn et al. (2002). The generally
complex phase behavior of blends composed of diblock copolymer (AB) with a homopoly-
mer C is governed by many factors, as discussed in Chapter 3. Three main possible states
and corresponding morphological features exist: microphase separation, macrophase sepa-
ration and a combination of macro- and microphase separation. The microphase separation
represents the phase separation of the diblock copolymer and mixing of one block with the
homopolymer. For small amounts of diblock copolymer, the blend is characterized by in-
dividual small microdomains of the so-called micellar core. In the macrophase separated
regime, homopolymer C is separated from the diblock copolymer, which itself may be in
the disordered state. The macro-microphase separated phase can be described by the coexis-
tence of microphase separated AB and macrophase separation between AB and homopolymer
C. The final morphology is determined by the weight fraction of the diblock copolymer, the
molecular weight ratio between homopolymer and diblock copolymer and the extent of phase
interaction between C and B, compared to the repulsive interaction between C and A, as well
as the repulsive interaction between A and B.
Numerous experimental results proved that the presence of any kind of interactions in a blend,
including hydrogen bonding, ion-ion pairing, and electron-donor and electron-acceptor com-
plexation, produces a favorable mixing enthalpy and hence may lead to complete miscibility
between the components. Eisenberg and Molnar (1991) studied the effect of introducing
cationic and anionic groups into immiscible polymer pairs on the miscibility. Pugh and
Percec (1986) reported the results of miscibility enhancement via interaction between pen-
dant electron-donor and electron-acceptor groups which were introduced into both polymers
by chemical modification. As for hydrogen bonding, Pearce et al. (1984) presented inter-
esting results dealing with blends of polystyrene with incorporated hydroxyl units and a
counter-polymer containing carbonyl groups. All these interactions introduced improve the
compatibility and avoid phase separation. The use of specific interactions may, therefore, be
a promising route to AB/C blends possessing a nanosized micellar morphology.
In our concept, the use of hydrogen bond interactions seems to be most attractive from a num-
ber of different viewpoints. It has a high efficiency in improving miscibility without major
change in the original physical properties of both components. It is possible to take certain
immiscible or incompatible polymer pairs and form a single phase, just by copolymerizing
into each polymer functional groups of the appropriate type. From a theoretical point of view,
models have been developed to predict the phase behavior in such a way that it is possible to
calculate how many copolymer units are necessary to be incorporated into a particular chain
to obtain a single phase system. Finally, hydrogen bonding makes the interaction and, conse-
quently, the miscibility adjustable, since the nature and amount of the interacting groups can
be controlled by chemical modification or copolymerization.
For nonpolar binary polymer blends, the miscibility can be roughly estimated using the Flory-
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Huggins polymer solution theory presented in Equation 4.1.
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RT
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N2
lnφ2 + φ1φ2χ12 (4.1)

where 1G N is the free energy of mixing, φ and N denote the volume fraction and the number
of segments, respectively, χ represents the Flory-Huggins interaction parameter calculated by
Hildebrand’s solubility parameters, and subscript 1 and 2 refer to the blend compounds. In the
case of high-molecular weight polymers, N1 and N2 � 1, the first two entropy terms become
vanishingly small and the miscibility becomes increasingly dependent on the contribution of
the enthalpic term. Introduction of favorable specific interaction, e.g. hydrogen bonding, be-
tween the two base components of the blend enhances the formation of a one-phase miscible
system. Coleman and Painter (1995) suggested adding an additional term to account for the
free energy of the hydrogen bonded formation into the Flory-Huggins expression for the free
energy of mixing of two polymers, as in Equation 4.2.
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Here 1GH denotes the change in free energy as a result of the hydrogen bonding between the
two components. This equation is based on the association model and neglects the change in
free volume.
When we focus on a hydroxyl-carbonyl hydrogen bond forming systems, the phase behavior
of these kind of polymer blends depends on, amongst other factors, a balance between inter-
molecular hydrogen bonds, or ’interassociation’ and ’self-association’ between, in this case,
the hydroxyl groups. On going from the pure components to the mixture, there must be a
contribution to the free energy from breaking a certain number of OH· · ·OH hydrogen bonds
and forming a certain number of OH· · ·O=C hydrogen bonds. Both competing effects have a
strong composition and temperature dependence.
Infrared spectroscopy is probably one of the most powerful tools for studying hydrogen bond-
ing. The presence but also the exact number of hydrogen bonds can be visualized, although
exact ’counting’ is rather difficult, Coleman and Painter (1984). Focussing on the OH stretch-
ing mode in hydroxyl-carbonyl type hydrogen bonds, the infrared spectra will give at least
three bands, assigned to interassociated, self-associated and free OH groups, Jiang and Xie
(1991). The absorption band of the bonded OH stretching are strong and broad, whereas the
free vibration mode usually appears as a weak sharp band. Usually, a distinction can also be
made in the interassociated band between doublets, triplets or multiplets. Also, in the car-
bonyl stretching region two separate bands can be observed as a function of composition: free
non-hydrogen bonded carbonyl groups (1740 cm−1) and one band due to hydrogen-bonded
groups (1710 cm−1).
As discussed in Chapter 3, macrophase separation between the homopolymer and the di-
block copolymer prevents the formation of nanosized core-shell-like particle. Incorporation
of a strong proton donating group in e.g. PS will accomplish hydrogen bond interaction be-
tween PS and the carbonyl group in the acrylate block and, therefore, lead to an enhanced
miscibility, Cao et al. (1989).
This chapter describes a route to create nanosized structures in PS. p-(Hexafluoro-2-hydroxy
isopropyl)styrene (HFS) is used as the proton donating group in PS, since it possesses a
strong electron positive hydroxyl group as a result of adjacent electron attracting fluor groups.
Without any protection steps, it can be copolymerized with styrene to constitute the polymer
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Table 4.1: (Co)polymer characteristics

(Co)Polymer mol% HFS Molecular weight Polydispersity Tg
Mn [kg·mol−1] Mw/Mn [◦C]

PS 0 105.0 3.77 101
P(HFS) 100 - - 112
PS(OH)0.5 0.5 121.0 2.86 102
PS(OH)1 1 134.0 3.65 102
PS(OH)2 2 84.0 3.31 104
PS(OH)3 3 103.0 2.92 103
PS(OH)4 4 89.2 2.81 104
PS(OH)5 5 114.0 3.52 104

matrix. The diblock copolymers used consist of a hydrogenated polybutadiene or hydro-
genated polyisoprene ’core’ with liquid-like properties to induce cavitation and an acrylate
shell (butyl-, ethyl-, and methylacrylate), as described in Chapter 2. The morphology (de-
velopment) will be studied by FTIR spectroscopy, SAXS, DSC and solid state NMR spec-
troscopy for two blending procedures. The first one involves solvent casting of a premade
polystyrene/HFS copolymer and diblock copolymer from the non-selective solvent toluene.
The other procedure starts from a styrene/HFS/diblock copolymer solution, after which both
monomers are copolymerized in the presence of the diblock copolymer.

4.2 Results and discussion: solvent cast blends

4.2.1 Copolymerization of styrene and HFS
In the first section the preparation of the copolymers consisting of styrene and HFS will be
discussed. These copolymers will be used in a latter stage as the brittle amorphous matrix
in blends prepared via solvent casting from toluene. In this study six different copolymers
were made via free radical bulk copolymerization. The comonomer (HFS) content is varied
from 0 to 5 mol%. Since the reactivity ratios of the two components are almost identically,
Pearce et al. (1984), an almost uniform composition of the copolymer can be expected. The
characteristics of the copolymers used in this study are listed in Table 4.1. The copolymers
are represented in the text as PS(OH)x , where x represents the mol percentage of HFS in
the copolymer. The glass transition temperatures of the copolymers are almost equal to pure
polystyrene. The broad polydispersity of the copolymers is the result of the high viscosity du-
ring the free radical bulk polymerization. The presence of hydroxyl groups in the copolymer
can be visualized by FTIR, as shown in Figure 4.1. For simplicity, Figure 4.1 represents a
small spectral range related to the stretching bands of hydroxyl groups. In this range two sep-
arate bands can be observed: the band with the higher wavenumber (3600 cm−1) is assigned
to free non-hydrogen bonded hydroxyl groups, whereas the band with the lower wavenumber
(3520 cm−1) can be assigned to interassociated hydroxyl groups. Although the intensity of
an associated band is much stronger compared to a non-bonded band, it may be said that
the fraction of those interassociated hydroxyl groups is larger than the non-bonded hydroxyl
fraction for all copolymers studied.
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Figure 4.1: FTIR spectra for PS and three copolymers in the hydroxyl region. For clarity the spectra
are shifted on the vertical axis.

4.2.2 Morphology of polystyrene/diblock copolymer blends

The object of this study is the preparation of a nanosized core-shell-like morphology, with a
liquid core and a rubber shell. To accomplish this morphology, the self assembly process of
diblock copolymers into micellar structures is used. Hydrogen bonding is introduced to avoid
macrophase separation. In this section, we discuss the miscibility and morphology of PEB-
b-PBA/PS(OH) blends cast from toluene, which has no effect on hydrogen bonding between
PBA and PS(OH). Several aspects have to be considered, which may have a major influence
on the final morphology. First, the number of hydroxyl groups present in the copolymer:
for high contents the acrylate shell will be completely dissolved in the modified polystyrene
matrix, whereas a low number of hydroxyl groups might lead to macrophase separation. The
molecular weight ratio between matrix and miscible part of the diblock copolymer is also of
major importance. When a large mismatch between the molecular weights exists, more HFS
is needed to prevent macrophase separation. Finally, the strength of interaction is dependent
on the choice of the acrylate shell. Three different acrylate diblock copolymers were used
(polybutylacrylate, polyethylacrylate and polymethylacrylate), all based on both PEB and
PEP cores. The influence of these aspects will be discussed in this section (by e.g. FTIR,
DSC, SAXS and solid state NMR). Finally, it should be remarked that this type of hydrogen-
bonded binary blends shows a LCST (lower critical solution temperature) behavior just above
the glass transition temperature of PS, He et al. (1991). Therefore, it is impossible to obtain
blends with nanosized morphologies via compression molding or extrusion or to perform an
additional processing step.

Spectroscopic evidence of specific interactions
Interactions between the proton donating hydroxyl group of HFS and the carboxylic groups
of the acrylate diblock copolymer can readily be detected by FTIR spectroscopy. In Fig-
ure 4.2A, the FTIR spectra of six blends with 20 wt% PEB3.8-PBA83 and varying hydroxyl
content are depicted. Depending on the interaction strength, the hydroxyl stretching vibra-
tions at 3600 and 3520 cm−1 disappear and a new peak emerges at approx. 3400 cm−1. This
frequency shift of the hydroxyl vibration observed in Figure 4.2 caused by intermolecular hy-
drogen bonding is very similar as reported by Pearce et al. (1984) for PBA/PS(OH) blends.
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This shift is dependent on the strength of interaction (i.e. the choice of the counterpolymer)
but independent on the molar fraction of hydroxyl groups. Furthermore, the intensity of the
new peak is approximately proportional to the number of hydroxyl groups in PS(OH). These
results indicate that the hydroxyl groups of PS(OH) in these blends are almost quantitatively
engaged in hydrogen bonding with the carbonyl groups of the ester groups of the counterpoly-
mer. The specific interaction between PS(OH)x and the counterpolymer is also revealed in a
change in the infrared spectra of the proton accepting groups, see Figure 4.2B. The carbonyl
stretching band of PBA is split to form a doublet with some of the absorption remaining at
1740 cm−1 and a new peak at 1715 cm−1.
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Figure 4.2: FTIR spectra of PS blends with 20 wt% PEB3.8-PBA83 and 0-5 mol% HFS, A) hydroxyl
region, B) carbonyl region. For clarity the spectra are shifted on the vertical axis.
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Figure 4.3: FTIR spectra of PS blends with 0, 5, 10, 20 and 25 wt% PEB3.8-PBA83, A) 1 mol% HFS,
B) 5 mol% HFS. For clarity the spectra are shifted on the vertical axis.

In Figure 4.3, FTIR spectra are given for blends with a constant mol fraction of hydroxyl
containing units but with varying diblock copolymer content. For the blends with 5 wt% of
diblock copolymer, the major fraction of hydroxyl units remains self-associated for both 1 and
5 mol% HFS. As expected, with increasing amount of diblock copolymer the hydroxyl units
get more and more intermolecularly associated. Within the hydroxyl vibration, shoulders can
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be observed corresponding to doublets (3450 cm−1) and triplets or multiplets (3390 cm−1)
as is evident from Figure 4.3. When the molar fraction of HFS is increased to 5 mol% the
intensity of the multiplet vibration is enhanced strongly.
The degree of mixing is determined by the molecular weight of the compatible block. For
blends in which the acrylate block has a relative low Mn , a large fraction of hydroxyl units
remains unassociated or self-associated. This phenomenon can be clearly seen in Figure 4.4
in which the FTIR spectra are given for blends with 10 wt% PEB3.8-PBA and 2 mol% HFS.
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Figure 4.4: FTIR spectra for blends of PS(OH)2 and 10 wt% PEB3.8-PBA with varying Mn . For clarity
the spectra are shifted on the vertical axis.

With increasing molecular weight, a clear shift can be observed from self-associated hydroxyl
groups to interassociated doublets and multiplets. The introduction of hydrogen bonding is
more effective and the miscibility is improved when the molecular weight of the acrylate
block is enhanced.
In Figure 4.5 three FTIR spectra are depicted for three different diblock copolymers with
comparable molecular weight of the carbonyl containing component. No significant changes
can be observed. The ratio of the two vibrations corresponding to the intermolecular hydroxyl
vibrations of the PEB-PMA blend seems to be shifted compared to the PEB-PEA and PEB-
PBA blends. A possible explanation for this small variation may be related to the difference
in Tg. Upon solvent casting, the PS/PEB-PMA solution vitrifies in an earlier stage compared
to the PEB-PBA blends, finally resulting in non-equilibrium morphologies.
The objective of this research is the preparation of core-shell-like structures in PS. Therefore
the influence of the core size on the final morphology has been studied. The FTIR spectra do
not reveal major differences with core molecular weight for blends with ≥ 3 mol% HFS as
can be observed in Figure 4.6A and B.

Glass transition of the blends
The miscibility of modified polystyrene containing 0-5 mol% HFS with diblock copolymers
containing a hydrogenated polyolefin and a polybutylacrylate block was studied with 13C
solid state NMR complemented with temperature modulated differential scanning calorime-
try (DSC) experiments. Although Tg measurements have limitations in the study of mi-
cro/macro phase transitions in block copolymer blends, they can provide useful information
on the miscibility of the selected systems. A large amount of Tg data has been collected
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Figure 4.5: FTIR spectra for blends with PS(OH)2 and 10 wt% of three different block copolymers.
For clarity the spectra are shifted on the vertical axis.
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Figure 4.6: FTIR spectra for blends with PS(OH)3 and, respectively, 20 wt% PEB3.8-PBA83 and
20 wt% PEP27.6-PBA143, A) hydroxyl region, B) carbonyl region. For clarity the spec-
tra are shifted on the vertical axis.

in this study to demonstrate the effect of hydrogen bonding on the glass transition tempera-
ture. The observation of two separate Tg’s at -50 and 100◦ C demonstrates the occurrence of
macrophase separation into pure PBA and PS(OH), whereas a single, composition dependent
Tg indicates full miscibility with dimensions below approx. 30 nm. Various equations have
been designed to predict the dependency of the Tg of a random copolymer or miscible blends
as a function of composition. The most widely used equation is the Fox equation:

1
Tg

=
w1

Tg1
+

w2

Tg2
(4.3)

where wx is the weight fraction of the component in the mixed phase and subscripts 1 and 2
refer to the blend compounds, respectively. However, the generally used Fox-equation is not
valid when strong interactions are present. The Kwei equation given in Equation 4.4 can be
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applied to miscible polymer blends with a specific interaction.

Tg =
w1Tg1 + kw2Tg2

w1 + kw2
+ qw1w2 (4.4)

where q is assumed to depend on the intermolecular interactions and k is used as a fitting
parameter. The term q can be either positive or negative depending upon the balance between
the breaking of the self-association hydrogen bonding and the forming of the inter-association
hydrogen bonding. A negative q indicates that the intermolecular hydrogen bonding is weaker
than the intramolecular hydrogen bonding.
In Table 4.2, the Tg’s of the solvent cast films determined from the second scan are listed for
several compositions. The opacity of the blends with 0, 0.25 and 0.5 mol% OH for all used
diblock copolymers, together with the observation of two separate Tg’s, indicates a phase
separated state, see Figure 4.7. In homopolymer/PEB3.8-based diblock copolymer blends, in
which the homopolymer possesses 1 mol% OH or higher, microphase separation is the dom-
inant mechanism. For 1 and 2 mol% HFS the blends appear to possess a broad composition
range with intermediate glass transition temperatures, as monitored by a gradual increase
in heat capacity with temperature. This is caused by a high degree of interphase mixing.
Besides both pure phases, all intermediate compositions are present as an interphase. For
3 mol% HFS and higher, a sharp single Tg can be observed. The calculated value of 60◦ C,
using the Fox equation, is above the experimental values for the miscible blends with 20 wt%
PEB-PBA (or PEP-PBA) having a Tg of approx. 52◦ C. Due to the presence of hydrogen
bond interaction, the Fox equation deviates from the experiential data. To apply the Kwei
equation the values of q and k should be fitted. For correct fitting, Tg data are needed over
the complete composition range, which are unavailable in this study.
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Figure 4.7: DSC curves for PS blends with 20 wt% PEB3.8-PBA83 and 0 mol%, 1 mol%, 2 mol% and
5 mol% HFS. For clarity the curves are shifted on the vertical axis.

As discussed in the previous section, the molecular weight of the compatible PBA block is
of major importance for the final morphology. DSC shows two Tg’s for blends with PEB3.8-
PBA block copolymers in which the PBA block length is 46 kg·mol−1 or less. With increas-
ing molecular weight, a single, however broad, Tg is observed, see Figure 4.8.



62 Chapter 4

-50 0 50 100
2

3

4

5

6

7
34 kg/mol

83 kg/mol

46 kg/mol

C
 p [J

/(g
 K

)]

T [˚C]

Figure 4.8: DSC curves for PS blends with 20 wt% PEB3.8-PBA83, 20 wt% PEB3.8-PBA46 and
20 wt% PEB3.8-PBA34 and 1 mol% HFS. For clarity the curves are shifted on the ver-
tical axis.
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Figure 4.9: DSC curves for PS blends with 20 wt% PEB3.8-PBA83, 20 wt% PEP7.6-PBA82 and
20 wt% PEP27.6-PBA143 and 1 mol% HFS. For clarity the curves are shifted on the vertical
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In Figure 4.9 the heat capacity is given for PS blends with three diblock copolymers with dif-
ferent core molecular weight and 1 mol% HFS. The influence of the core molecular weight on
the phase behavior is evident. The presence of two separate Tg values for the blends based on
PEP-based diblock copolymers is indicative for macrophase separation. Whereas for blends
with PEB3.8-based block copolymers macrophase separation could be avoided with 1 mol%
HFS, 3 mol% HFS was necessary to induce enhanced miscibility in PEP27.6-based block
copolymer blends. Since this type of blends show LCST behavior, an alternative expla-
nation for the observed broad glass transition temperatures and the presence of a high Tg
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Table 4.2: DSC-results

Diblock fraction HFS Tg1 Tg2 Tg3
[wt%] [mol%] [◦C] [◦C] [◦C]

PEB3.8-PBA34 10 1 -66 102.4
PEB3.8-PBA46 10 1 -66 101.9
PEB3.8-PBA83 5 1 - 91.6
PEB3.8-PBA83 10 1 - 82.2
PEB3.8-PBA83 15 1 - broad
PEB3.8-PBA83 20 1 - broad
PEB3.8-PBA83 25 1 - broad
PEB3.8-PBA83 20 0 -61 -50.4 102.8
PEB3.8-PBA83 20 2 -60 51.6
PEB3.8-PBA83 20 3 -61 52.5
PEB3.8-PBA83 20 4 -60 54.2
PEB3.8-PBA83 20 5 -58 55.2
PEP7.6-PBA82 20 0 - -51.7 106.4
PEP7.6-PBA82 20 0.5 -55.0 - 105.1
PEP7.6-PBA82 20 1 -64 58.0 104.1
PEP7.6-PBA82 20 2 -65 58.6
PEP7.6-PBA82 20 3 -65 50.8
PEP7.6-PBA82 20 4 -65 51.0
PEP27.8-PBA143 20 0 -66 -50.9 102.1
PEP27.8-PBA143 20 1 -66 54.8 105.6
PEP27.8-PBA143 20 3 -66 55.2
PEP27.8-PBA143 10 1 -67 67.5

transition in DSC, which is close to the Tg of pure PS, can be found. The exothermal peak
above the blend’s Tg can be assigned to decomplexation or phase separation. The LCST is
dependent on the molecular weight of the polyacrylate block. Furthermore, the distribution
of HFS along the PS chains may influence the cloud point temperature. The DSC and FTIR
results indicate that the number of interacting groups determines the domain size in this series
of blends. However, the limits of miscibility for the blends showing a single Tg cannot be
seen from the aforementioned techniques.

Solid state NMR: 1H spin-lattice relaxation experiments
One of the powerful methods to explore such limits is solid state cross-polarization magic-
angle spinning (CPMAS) 1H-13C NMR. Through the understanding of the spin diffusion
mechanism and the determination of proton spin-lattice relaxation times, the inhomogene-
ity of a blend on the nanometer scale can be estimated, Jong et al. (1993); Campbell et al.
(1992). The 1H nuclei in a polymer form a network of spins, which are coupled by the dipolar
1H - 1H interactions. Similar to self-diffusion of molecules in a medium, local perturbations
of the spin-polarization (magnetization) diffuse through the polymer blend, giving rise to
spatial-averaging effects. As a result of such ’spin diffusion’, NMR cannot resolve the intrin-
sic NMR properties of polymer components which are closer together than the spin-diffusion
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path length L ∼
√

6DT at the timescale T of the characteristic NMR property studied. D
denotes the (effective) spin-diffusion coefficient, which depends on the proton density in the
polymer and the rotational mobility of the polymer chains. The higher the proton density, the
stronger the dipolar interactions and the faster proton spin diffusion. Spin diffusion is fast in
crystalline or glassy polymer domains, and slow in rubbers with a low cross-link density.
In order to estimate the miscibility of components in a polymer blend at two different length
scales, we have measured two different types of proton NMR relaxation, i.e. spin-lattice
relaxation along the direction of the external magnetic field, and that of the spin-locked com-
ponent in the presence of a resonant radio-frequency field. The first type of relaxation is
characterized by a decay time TH

1 , which for polymers is typically in the order of 0.1-1 s.
The decay time T1,ρ

H of the second relaxation type commonly lies in the range 10−3-10−1 s.
For a miscible blend of two polymer components A and B with identical spin-diffusion co-
efficient D and different intrinsic relaxation times TH

1,A and TH
1,B (TH

1,A < TH
1,B), the effective

domain size is smaller than the spin-diffusion-path length L ∼
√

6DT 1,A
H . The two com-

ponents show the same apparent relaxation behavior with a weighted-average relaxation rate
given by:

1/T H
1 = fA/T H

1A + (1 − fA)/T H
1B (4.5)

with fA the fraction of H atoms in component A. Even, if the domain sizes are smaller than√
6DT 1,A

H , they may still be bigger than the shorter spin-diffusion distance
√

6DT
H
1ρ at the

T1,ρ
H timescale. In proton T1ρ experiments we then obtain the intrinsic T1,ρ values for the

two components in the blend. Such situation represents the ideal case, where NMR yields
both an upper limit

√
6DT

H
1A and a lower limit

√
6DT

H
1,ρ for the domain size. For polymer

blends with smaller domain sizes, the same effective proton T1,ρ relaxation is observed for
both components. For blends with bigger domain sizes, relaxation measurements show dif-
ferent proton T1 values.
In reality, the interpretation of the above proton spin diffusion measurements is complicated
by the presence of broad density gradients, rather than clear phase boundaries. Also, the def-
inition of the ’domain size’ may be ambiguous, referring to the continuous phase in a blend
and the concentration. In addition, the phases may have strongly different spin-diffusion co-
efficients.
The 13C-NMR spectra of PS(OH)5, PEB3.8-PBA83 and the 80/20 blend are given in Fig-
ure 4.10. Spinning side-bands are indicated by asterisks. TH

1,ρ
and TH

1 measurements show
a mono-exponential decay with different relaxation times for each blend component. Since
proton spin diffusion averages out the differences between the intrinsic relaxation behavior of
different protons along the chain, no differences can be observed in the relaxation behavior
of the individual protons in a single phase.
The variations of TH

1ρ
and TH

1 in blends of PS and 20 wt% PEP7.6-PBA82 with the hydroxyl
content in PS(OH) are illustrated in Figure 4.11. It is shown that the TH

1 values of each of
the components become very close to each other as the number of OH in PS reaches 2 mol%.
The value of 1.65 agrees well with the theoretical value of 1.61 which is calculated from
equation 4.5 for a completely miscible 20 wt% PEP7.6-PBA82/PS blend. The TH

1,ρ values for
the blend with 0 mol% HFS are almost identical with the TH

1,ρ
values of the homopolymers.

This means that the diffusive path length in this blend is much smaller than the phase domain.
Physical miscibility at the lengthscale associated with the spin diffusion at the timescale T1ρ

H

is only obtained for blends with 5 mol% HFS. Since a single average TH
1 relaxation time was
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Figure 4.10: CPMAS 13C NMR spectra of A) PS(OH)5 [CH2: 41 ppm, CH: 47 ppm, C-OH: 82 ppm
aromatic secondary C5H5: 128 ppm, aromatic tertiary C: 146 ppm], spinning sidebands
are indicated with *, B) PEB3.8-PBA83 [sidegroup: CH3: 14 ppm, CH2: 19 ppm, CH2:
31 ppm, CH2: 65 ppm, C=O 175 ppm, backbone: CH2: 34 ppm, CH: 42 ppm]. Since
the fraction PEB is very small, the corresponding peaks cannot be detected separately, C)
blend of PS(OH)5 with 20 wt% PEB3.8-PBA83

already obtained for blends with 2 mol% HFS, the domain size of the blends with 2-4 mol%
HFS lies between the spin-diffusion path lengths at the TH

1 and TH
1,ρ

timescales. Consider-
ing an experimental error of ± 10% in TH

1,ρ , one can use 6.7 ms as the average TH
1,ρ for the

completely miscible blend (5 mol% HFS). The predicted value of 6.3 from Equation 4.5 is
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Figure 4.11: A)TH
1 and B)T1

H
ρ of the blends with 20 wt% PEP7.6-PBA82 and varying mol fractions

of HFS; squares: PS components, circles: PBA components.

in close accordance. A systematic deviation is possibly caused by the use of the TH
1,ρ

of hPS
instead of PS(OH)5, since with increasing HFS content the relaxation rate increases slightly,
Jong et al. (1990). A higher core molecular weight increases the differences in TH

1,ρ
and

TH
1 between the acrylate phase and the PS phase for blends with 1 mol% HFS. This can be

explained by a decreased miscibility and the enhanced repulsion with increasing core block
length.

Solid state NMR: 1H spin-spin relaxation experiments
TH

1,ρ
and TH

1 are determined via cross polarization experiments. A disadvantage of this pro-
cedure is the lack of sensitivity in very mobile material. The NMR signal of the mobile
material is under-represented (or even invisible) in cross polarization (CP) spectra. This is
caused by the extensive motional averaging of the orientation dependent 1H-13C dipolar cou-
pling. CP arises from 1H-13C dipolar interactions, which is strongest in rigid polymers, and
only weak in mobile polymers. As a consequence, the relaxation rates of the liquid PEB
phase (or PEP) cannot be determined and even the mobile part of the PBA phase is not taken
into account. Furthermore, this may imply that, for the results described above, the effective
average relaxation times for the acrylate block may be lower. To overcome this problem,
static 1 H−Hahn-echo experiments are performed, which, although resulting in spectra with
low chemical resolution, can be interpreted quantitatively. For the resulting spectra decon-
volution of the separate peaks is difficult due to the large number of individual peaks and,
consequently, no distinction could be made between separate protons in the blend. There-
fore, the total areas of the complete broadline spectra obtained were plotted as a function of
delay time to gain insight in the variation in mobility in the blend (the degree of demixing).
The decay curves for blends with varying amount of HFS are presented in Figure 4.12. The
results clearly show a different proton magnetization decay for the pure diblock copolymer
compared to the PS matrix. A steep decrease corresponds to a rigid phase whereas a slower
decay is indicative for a highly mobile material. The blends consist of a rigid phase and a
more mobile phase, since for all blends a significant deviation from mono-exponential behav-
ior can be observed. The decay curves for the blends are not just simple linear combinations
of the decay curves of the two reference materials (PS and PEP-PBA), since both the mobil-



The preparation of nanosized blends via hydrogen bonding 67

ity of the PS phase as well as the PBA phase are mutually influenced due to the hydrogen
bond interaction. To gain information about the mobility distribution, it may be useful to fit
the data with a more complex decay function. As expected, the decay curves for the blends
and the pure diblock copolymer cannot be fitted by a single exponential decay, as more than
one individual phase is present. Remarkably, the fit (bi-exponent) of the relaxation behavior
of the pure diblock copolymer results in a large fraction with a very high relaxation time
(mobile material) and a considerably smaller fraction with a shorter relaxation time (more
rigid). Although the opposite is expected from the diblock copolymer composition, it may be
suggested that due to the large amount of interface in a nanosized spherical morphology, the
liquid particles have a major influence on the mobility of the surrounding PBA matrix.
For the PS blends, even a double exponent is insufficient for correct fitting and for simplicity
reasons a three component exponential decay is used to fit the data (solid line):

T2 =
k=3
∑

k=1

Ake−t/T2(k) (4.6)

Although the mathematical analysis of fitting a multi-exponential decay automatically yields
large coupled errors in the fit parameters and the fit procedure is an over-simplification, since
no sharp phase boundaries exist between the three phases, it does give information about the
total amount of mobile material. By extrapolating the steep and the moderate decay lines to
t = 0 s, the intercept at t = 0 s can be used to estimate the ratio between rigid and mobile
material. The fraction of mobile material as estimated from the individual intercepts corre-
sponds well with the total fraction of mobile material estimated from the amplitudes of the
multi-exponential fit and, therefore, the fit-results are indicative for the amount of mobile
material. The results of the fit are listed in Table 4.3. The T2 relaxation behavior of the
blends can be described by three components with a short decay time, characteristic for the
matrix, an intermediate and a long decay time. The short decay times for the blends are equal
to 15-17 µs. These values of T2 are typical for rigid materials and molecules experiencing
strong hindered local molecular mobility, McBrierty and Packer (1993). The large differ-
ence in the decay curves for the blends with 0.5 mol% and 1 mol% HFS is obvious. The
blend with 0.5 mol% HFS shows macrophase separation, since the fraction mobile material
is almost equal to the initial amount of diblock copolymer added. Although the DSC results
show some incomplete miscibility by the presence of a high Tg at 104◦ C for the blend with
1 mol% HFS, the fit results clearly suggest an enhanced miscibility compared to the macro-
phase separated blend with 0.5 mol% HFS. Probably, a combination exist of microphase and
macrophase separated morphologies. The differences in relaxation times and corresponding
proton fractions for the blends with 1 and 2 mol% HFS are minor. For 4 mol% HFS, the
relaxation time of the rigid phase is enhanced (becomes more mobile) and the total fraction
of mobile material is reduced. Although the DSC results show one single Tg for the PBA-PS
phase and indicate complete miscibility, the NMR data suggest that even for 4 mol% HFS an
intermediate mobile phase is present. The interpretation of the percentages should be handled
with care. Between the mobile PEP phase and the more rigid matrix, a third shell region may
be present possessing a range of intermediate features. The outer layers may have a restricted
mobility because of their connection to the PS matrix whereas the inner layers possess a high
mobility due to the connection with the liquid PEP phase. In the fit two relaxation times are
relatively close to each other, whereas one relaxation time is considerably longer. From 1H
proton solution NMR spectra, the total fraction of PEP protons in the blend was calculated to
be 3.2%. This value corresponds rather well to the fitted value of 3.5% for the blends con-
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sisting of 1, 2 or 4 mol% HFS. It is, therefore, suggested that this most mobile phase consists
predominantly of PEP. The relaxation time of the PEP phase decreases as the HFS content is
enhanced. Since a large fraction PBA is dissolved in the PS matrix, the mobility of the liquid
phase is more influenced by the glassy matrix. The two shorter relaxation times correspond
to the PS matrix and PBA shell. Since the blend does not give sharp phase boundaries, the
shortest relaxation time does not directly correspond to the rigid PS (plus PBA) matrix and
the intermediate time does not correspond to an almost pure PBA phase, .
Similar NMR-experiment were conducted on PS/20 wt% diblock copolymer blends with
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Figure 4.12: Decay of the proton magnetization as measured by the Hahn-echo pulse sequence for
blends with 20 wt% PEP7.6-PBA82 and varying mol fractions of HFS; squares: pure
PEP7.6-PBA82, circles: pure PS, triangles: 0.5 mol% HFS, open circles: 1 mol% HFS,
diamonds: 2 mol% HFS. The inset represents the initial part of the T2 decay and the result
of the least-squares fit of the decays.

Table 4.3: Fit results of the T2 decay in a static 1 H Hahn-echo experiment as measured by solid state
NMR for PS/diblock copolymer blends with different amount of HFS using Equation 4.6

PEP7.6-PBA82 PS HFS T2(1) A(1) T2(2) A(2) T2(3) A(3)

[wt%] [wt%] [mol%] [µs] [%] [µs] [%] [µs] [%]
0 100 - 14.6 100 - - - -
100 0 - 128 25 637 75
20 80 0.5 15.2 83.4 107.8 8.3 712 8.3
20 80 1 16.2 92.5 78.4 4.0 610 3.5
20 80 2 15.0 92.2 82.8 4.2 595 3.6
20 80 4 17.2 93.4 93.0 3.0 566 3.6
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varying PEB (or PEP) block length and 1 mol% HFS. The decay curves are depicted in
Figure 4.13. The results of the fit (three exponential decay) are listed in Table 4.4. It is
assumed that the third relaxation time correspond to the liquid PEB or PEP phase. Since
the total weight fraction liquid material in the diblock copolymer enhances with increasing
block length, the fraction possessing the longest relaxation time in the blend increases with
increasing block length. For the highest core block molecular weight, the relaxation time is
considerably lower. This is the result of the enhanced viscosity with molecular weight. From
the DSC results, it was obvious that the blend with 20 wt% PEP27.8-PBA143 shows macro-
phase separation. The NMR results do not give a clear indication for this, although the T2,H
relaxation time for the intermediate mobile phase is considerably larger. The core particle
size decreases with decreasing core block length. As a result, the fraction with intermediate
mobility is enhanced caused by an increased amount of PBA interphase.
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Figure 4.13: Decay of the proton magnetization as measured by the Hahn-echo pulse sequence for
blends with 1 mol% HFS and 20 wt% of: circles: PEP27.8-PBA143 squares: PEP7.6-
PBA82, triangles: PEB3.8-PBA83. The inset represents the initial part of the T2 decay
and the result of the least-squares fit of the decays.

Table 4.4: Fit results of the T2 decay in a static 1 H Hahn-echo experiment as measured by solid state
NMR for PS blends with different diblock copolymer composition using Equation 4.6

Diblock fraction HFS T2(1) A(1) T2(2) A(2) T2(3) A(3)

[wt%] [mol%] [µs] [%] [µs] [%] [µs] [%]
PEB3.8-PBA83 20 1 14.5 91.6 78.0 5.8 754 2.6
PEP7.6-PBA82 20 1 16.2 92.5 78.4 4.0 610 3.5
PEP27.8-PBA143 20 1 16.4 89.7 108.0 2.7 550 7.6
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The NMR experiments revealed information on the mobility of the different phases in the
system. Different from DSC, NMR is able to provide information on the inhomogeneity of a
sample on the nanometer scale (1-100 nm). However, for domain sizes beyond micrometers,
NMR cannot discriminate anymore.
From these experiments, it may be concluded that with increasing HFS content the PS phase
and the PBA phase become more miscible, resulting in a single spatially averaged relaxation
time. However, the Hahn-echo experiments showed that even for 4 mol% HFS an inter-
mediate mobile phase is present, although very small. Due to the micellar structure, the
concentration of PS, which can be solubilized in the PBA corona is limited as the stretching
of the PBA chains causes a loss of conformational entropy in the PBA chains. Therefore,
some demixing will always exist.

4.2.3 Morphology characterization

Small angle X-ray scattering
The micellar structure of PEB-PBA and PEP-PBA diblock copolymers in PS(OH) is studied
by SAXS. By fitting the data with the polydisperse Percus-Yevick hard sphere fluid model,
the structure parameters characterizing the micelles are determined as a function of block
copolymer concentration, core and shell block length and amount of hydroxyl groups in the
PS matrix. The Percus-Yevick model is suitable to fit polydisperse spherical structures ar-
ranged in a liquid-like order. For the blends with large amounts of HFS, this model is phys-
ically correct, since the morphologies of these blends consist of randomly distributed PEB
(or PEP) spheres in a miscible PS-PBA matrix. The blends with 1 and 2 mol% HFS show
incomplete miscibility and these blends should, therefore, be described with a polydisperse
core-shell model with hard sphere interactions. However, the normally used core-shell model
describes sharp phase boundaries between the core, shell and the matrix, which are obviously
not present in the systems described here. To overcome this discrepancy in morphology,
gradient phase boundaries should be implemented in the model. For convenience the Percus-
Yevick model is used for all blends.
The Percus-Yevick model as used in this study is described in more detail in Chapter 3. Fig-
ure 4.14 represents the SAXS patterns of PS/PEB3.8-PBA83 blends with 1 mol% HFS. Fig-
ure 4.15 shows the SAXS patterns for the PS blends with 2 mol% HFS and varying amount
of PEP7.6-PBA82. In Tables 4.5 to 4.7 the corresponding fit results are given for PS systems
with varying block copolymer composition.
From the fit results, it is evident that the hard sphere radius decreases and the volume fraction
increases with increasing diblock copolymer concentration. Due to an enhanced amount of
diblock copolymer the repulsive interaction between the micellar coronas is larger, which re-
sults in a decrease in effective hard sphere radius. Since the core-size remains approximately
constant, it is expected that the aggregation number of the micelles also remains unchanged;
only the number of micelles increases. With increasing amount of HFS, the hard sphere ra-
dius slightly decreases. An enhanced swelling of the PBA corona with PS causes a reduction
in electron density difference between corona and matrix. For low HFS content it is expected
that X-rays are scattered by PBA-PEB core-shell particles, whereas for higher HFS content
X-rays may predominantly be scattered by the PEB (or PEP) cores. Secondly, swelling of
the PBA corona may cause an increase in corona thickness (and hard sphere radius). As a
result the core radius may be smaller since the number of copolymers per micelles may be
decreased.
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Figure 4.14: Integrated SAXS patterns for solvent cast PS films with 5, 10, 15, 20 and 25 wt% PEB3.8-
PBA83 and 1 mol% HFS. For clarity the spectra are shifted on the vertical axis.
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Figure 4.15: Integrated SAXS patterns for solvent cast PS films with 5, 10, 15 and 20 wt% of PEP7.6-
PBA82 and 2 mol% HFS.

The core size decreases with increasing PBA block length (results are not shown here). This
can be understood by the decreased weight fraction of the PEB (or PEP) core and by the
effect of mixing entropy. As the ratio of PS to PBA block molecular weight decreases, the
mixing entropy of the PBA block and homopolymer is increased. This increased mixing en-
tropy gives rise to the change in micellar structure as follows: the volume fraction of PS in the
corona increases and the corona thickness becomes larger, the micellar core size decreases as
a result of fewer copolymer chains per micelle. Therefore, the thickness of the shell region is
determined by a balance of opposite factors.
From the SAXS data hardly no distinction can be made between macrophase separated blends
and microphase separated blends, since the scattering from disordered PEP spheres in a PBA
matrix as a result of macrophase separation resembles the scattering from core-shell like
PEB-PBA micelles in a PS matrix for microphase separated blends. In Table 4.7 the fit re-
sults are listed for blends consisting of PEP27.6-PBA143. The blends with 1 and 2 mol% HFS
and, respectively, 10 and 20 wt% show comparable fit data. Due to the presence of macro-
phase separation in these type of blends, the observed SAXS patterns are mainly the result of
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Table 4.5: Percus-Yevick fit results for PS blends with varying amount of HFS and PEB3.8-PBA83

wt% PEB3.8-PBA83 HFS Rc σ R Rhs φ c
[-] mol% [Å] [Å] [Å] [-]
5 1 - - - -.
10 1 - - - -.
15 1 54 9 210 0.17
20 1 49 5 184 0.21
25 1 53 7 182 0.26
20 2 46 11 170 0.19
20 4 47 5 162 0.20

Fitting parameters are as follows: Rc is the micellar core radius; σ r is the standard deviation for a Schulz
distribution of Rc; Rhs and φ are an effective hard sphere radius and volume fraction, respectively. For
the blends with 5 and 10 wt% PEB-PBA the contrast was too low for accurate fitting.

Table 4.6: Percus-Yevick fit results for PS blends with varying amount of HFS and PEP7.6-PBA82

wt% PEP7.6-PBA82 HFS content Rc σ r Rhs φ

[-] [mol%] [Å] [Å] [Å] [-]
10 1 66 4 181 0.34
10 2 56 11 234 0.12
15 2 67 8 237 0.19
20 2 66 5 195 0.28
20 3 56 9 208 0.24
20 4 56 7 172 0.34

Fitting parameters are as follows: Rc is the micellar core radius; σ r is the standard deviation for a Schulz
distribution of Rc; Rhs and φ are an effective hard sphere radius and volume fraction, respectively.

Table 4.7: Percus-Yevick fit results for PS blends with 1 to 3 mol% HFS and varying amount of
PEP27.6-PBA143

wt% PEP27.6-PBA143 HFS content Rc σ r Rhs φ

[-] [mol%] [Å] [Å] [Å] [-]
10 1 127 9 375 0.35
10 2 129 11 343 0.25
10 3 124 8 323 0.20
20 1 134 5 356 0.36
20 2 129 13 348 0.35
20 3 134 7 282 0.33

Fitting parameters are as follows: Rc is the micellar core radius; σ r is the standard deviation for a Schulz
distribution of Rc; Rhs and φ are an effective hard sphere radius and volume fraction, respectively.
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scattering from the PEP spheres in the diblock copolymer rich structures. The corresponding
fit, therefore, reflects the original (or slightly swollen) diblock copolymer morphology. The
blends with 3 mol% HFS predominantly possess a microphase separated structure, resulting
in a decrease in volume fraction and changed core and hard sphere radius compared to the
blends with 1 mol% HFS. The same trend is observed for the blend with 1 mol% HFS and
10 wt% PEP7.6-PBA82.

Microscopy
Scanning electron microscopy (SEM) is used to demonstrate the influence of HFS on the final
structure. An example is given in Figure 4.16 representing micrographs of PS blends with
20 wt% PEB3.8-PBA83. Although the contrast is low and the domain sizes of the microphase
separated blend are too small to obtain high resolution in SEM, the change in morphology by
addition of 1 mol% HFS is obvious.

5  µ m       2 0  µ m       

Figure 4.16: Scanning electron micrograph of A) PS blend with 20 wt% PEB3.8-PBA83, B) PS blend
with 20 wt% PEB3.8-PBA83 and 1 mol% HFS.

TEM pictures with sufficient contrast could only be obtained for blends with PEP27.6-PBA143
as the dispersed phase. Macrophase separation is observed for blends without HFS, as can
be seen in Figure 4.17A. Within the diblock copolymer rich phase microphase separated PEP
domains in a PBA matrix can be noticed. The average diameter of the PEP domains is 30 nm,
which corresponds rather well with the Percus-Yevick fit data. For the blend with 1 mol%
HFS, small white dots are visible with an average diameter of approximately 25 nm. From
the domains size, it may be suggested that these dots consist of almost pure PEP, although
no clear distinction can be made between the separate PEP (slightly stained) and PBA (not
stained) domains. Beside the small dots, large dark and white domains are visible with-
out sharp grain boundaries. Since the small white dots can also be observed in these white
regions, it is clear that this large ’white’ phase not predominantly consists of pure diblock
copolymer (otherwise the PEP dots would appear black). It is suggested that variation in
concentration of the diblock copolymer over the sample results in a difference in contrast.
The morphology for the blend with 3 mol% HFS looks rather homogeneous, although some
minor large white domains can also be observed in this blend. The presence of a combined
micro/macrophase separation in the blend with 1 mol% HFS was revealed in DSC but is
more obvious from the DMTA data, displayed in Figure 4.18. For the blend with 1 mol%
HFS a two-step decrease in modulus can be observed at 50◦ C and 90◦ C. This elucidates the
presence of two separate phases; one phase consisting of PBA dissolved in PS and the other
one consisting of almost pure PS. With increased HFS content, the modulus shows only one
single decay, indicative for enhanced miscibility between the separate phases.
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Figure 4.17: Transmission electron micrographs of PS blend with 20 wt% PEP27.6-PBA143 with A)
0 mol% HFS, zoom of white phase included, B)1 mol% HFS and C) 3 mol% HFS.
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Figure 4.18: Dynamic modulus Gd and loss angle (tan δ) versus temperature of PS blends with 20 wt%
PEP27.6-PBA143 containing A) 1 mol % HFS, and B) 3 mol% HFS.

4.3 Results and discussion: direct polymerization

As discussed in Chapter 1, a direct polymerization route to heterogeneous nanosized poly-
mer blends is preferred. Clear disadvantages of solvent casting are the use of large amounts
of organic solvents, a limited and inhomogeneous film thickness and non-equilibrium mor-
phologies due to vitrification in an early stage of the casting process. This section discusses
the morphology (development) of in-situ polymerized styrene(HFS)/diblock copolymer so-
lutions. The polymerization is started at 60◦ C. The reason for this temperature choice is
twofold. First of all, the system has an LCST just above the glass transition temperature of
PS. Secondly, the formation of voids and bubbles should be minimized for further study to-
wards the mechanical performance, since the LCST prohibits additional processing by extru-
sion or compression molding. In the following section the morphology development during
polymerization of styrene/HFS/diblock copolymer solutions is described.
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4.3.1 SAXS analysis during polymerization
The structure development during the copolymerization of styrene and HFS in the presence
of diblock copolymer was examined by time-resolved SAXS. Data were collected during
polymerizations at 100◦ C to minimize the polymerization time needed to reach sufficient
conversion. A typical result for a polymerization with 10 wt% PEB3.8-PMA11 and 2 mol%
HFS is given in Figure 4.20. For comparison, the morphology development of the 10 wt%
PEB3.8-PMA11 system without HFS is given in Figure 4.19. For this system, the SAXS
patterns resemble the SAXS patterns of the macrophase separated blends as described in
Chapter 3. It is evident from the SAXS data that the original lamellar morphology of the
pure diblock copolymer is regained since three sharp diffraction maxima develop after t = 60
min. The strange patterns around t = 25 min may originate from experimental errors but most
probably are caused by the onset of microphase separation. This is accompanied with an
abrupt change in invariant after t = 25 min (Figure 4.19B). The invariant shows an increase
in scattering at t = 40 min. This is caused by microphase separation of the diblock copoly-
mer rich phases into lamellar domains. The time-resolved SAXS data for the polymerization
with 2 mol% HFS show completely different scattering patterns. The polymerization starts
from an almost homogeneous solution. Some scattering can be observed from the change in
slope, and is most probably caused by some minor aggregation of the diblock copolymer into
micellar structures. Upon polymerization nothing seems to occur until t = 80 min. A broad
maximum appears, which is accompanied by a strong increase in the experimental invariant,
see Figure 4.20B. This is the result of micellar scattering. With increasing conversion, both
monomers are expelled from the swollen polyolefin block and, at a certain stage, the unasso-
ciated diblock copolymer chains are transformed into a favorable micellar state.
The results on the morphology development as probed by time-resolved SAXS indicate the
major influence of HFS on the final morphology. A minor fraction of HFS, incorporated in
the matrix, causes a transformation from macrophase separation to microphase separation,
even for blends with low molecular weight diblock copolymers as the dispersed phase.
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Figure 4.19: Time-resolved SAXS profiles and experimental invariant recorded during the polymeriza-
tion of styrene with 10 wt% PEB3.8-PMA11.

A complete series of blends is prepared via the direct polymerization of styrene and HFS in
the presence of the diblock copolymer. These samples are used in a latter stage (Chapter 5)
for compression tests. The thermal characteristics of the blends were investigated by DSC.
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Figure 4.20: Time-resolved SAXS profiles and experimental invariant recorded during the polymeriza-
tion of styrene with 10 wt% PEB3.8-PMA11 and 2 mol% HFS.

No significant changes could be observed in the thermal behavior compared to the solvent
cast blends, indicating that similar morphologies are obtained. The final morphology after
complete conversion is analyzed with SAXS and the SAXS data are fitted with the Percus-
Yevick model. The results from the Percus-Yevick fitting are listed in Table 4.8. A typical
example of the fit is given in Figure 4.21 for a PS blend with 4 mol% HFS and 20 wt%
PEP7.6-PBA82 using the monodisperse and the polydisperse Percus-Yevick model with hard
sphere interactions. The deviation in scattered intensity for high q-values is caused by the
low coherent scattering intensities at high q-values and the signal-to-noise ratio in relation to
the background substraction. Unfortunately, the blends based on PEB-PBA gave insufficient
contrast for accurate fitting. Within an experimental error of approx. 10%, the results cor-
respond well with the fit results for the solvent cast blends. Apparently, the morphology is
hardly influenced by the preparation method. However, to determine the influence of HFS on
the core and corona thickness a more detailed study should be performed.
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Figure 4.21: SAXS spectrum for a PS blend with 4 mol% HFS and 20 wt% PEP7.6-PBA82 (◦) and the
Percus-Yevick fit (-) for the A) monodisperse model and B) the polydisperse model.
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Table 4.8: Percus-Yevick fit results for PS blends and varying amount of HFS and diblock copolymer
prepared via the in-situ polymerization of styrene and HFS

diblock copolymer diblock copolymer HFS content Rc σ r Rhs φ

[wt%] [mol%] [Å] [Å] [Å] [-]
PEP7.6-PBA82 10 2 64 8 249 0.14

10 4 66 15 220 0.15
20 2 67 8 245 0.18
20 3 74 6 232 0.24
20 4 78 12 224 0.22

PEP27.6-PBA143 20 3 135 21 285 0.30

Fitting parameters are as follows: Rc is the micellar core radius; σ r is the standard deviation for a Schulz
distribution of Rc; Rhs and φ are an effective hard sphere radius and volume fraction, respectively. Note
that the blends with 1 mol% HFS show combined micro-/ macrophase separation and, therefore, cannot
be fitted accurately.

4.3.2 FTIR analysis during polymerization

From the results presented above, it is evident that X-ray investigations using synchrotron
radiation can be used to follow structure and morphological changes in time. It is shown that
minor fractions of HFS causes a major change in morphology. The final morphology can
simply be controlled by adjusting the amount of added HFS and, consequently, the amount
of hydrogen bond interactions. A powerful technique to study the development of hydrogen
bonding upon polymerization is in-situ FTIR spectroscopy. In this section, the polymeriza-
tion of several styrene/PEB-PBA systems with varying amount of HFS at 100◦ C is followed
by FTIR spectroscopy. The styrene conversion is calculated by the peak areas of the styrene
C=C vibration and the polystyrene C-C vibration. In Figure 4.22 the FTIR spectra are shown
for styrene solutions with 20 wt% PEB3.8-PBA83 and with respectively 0, 1 and 2 mol%
HFS before polymerization at 100◦ C. For the systems containing HFS, it is evident that in
solutions at 100◦ C hydrogen bonds are formed between the HFS monomer and the carbonyl
group of the block copolymer as a broad band is observed below 3400 cm−1. Even the car-
bonyl stretching vibration shows a shoulder at 1715 cm−1, indicative for the formation of
carbonyl-hydroxyl interactions. During the polymerization of the styrene solution without
HFS, a sudden increase in the baseline for higher wavenumbers can be observed, see Fig-
ure 4.23. This is related to the onset of macrophase separation. The presence of an interface
with a change in refractive index causes incident radiation to be scattered, Bhargava et al.
(1999). Thus, if an initially homogeneous solution, placed in the beam path of an infrared
spectrometer, macrophase separates as a result of polymerization, the transmitted intensity
of the incident radiation would be lower than for a sample which remains homogeneous.
The ratio of a single beam profile of a macrophase separated sample to the single beam pro-
file of a background sample will show this loss in intensity as an absorbance in the infrared
absorbance spectrum. This effect results in an offset from the baseline in the absorbance
spectrum. This effect is less pronounced for the system with 1 mol% HFS and is not present
for the system with 2 mol% HFS as can be seen in Figure 4.23A. The system with 2 mol%
HFS remains homogeneous on the scale detectable by FTIR, whereas for 1 mol% still some
macrophase separation is observed. The increase of the intensity in the 5700-5300 cm−1 re-
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gion can be used to monitor the baseline scattering as a function of time and is depicted in
Figure 4.23B. It is evident that the onset of macrophase separation occurs after very short re-
action times and thus low conversion. The results described in the previous sections showed
that for the systems with 20 wt% PEB3.8-PBA83, 1 mol% is sufficient to avoid macrophase
separation. The observed macrophase separation for the solution with 1 mol% HFS can be
explained by the absorption of HFS to the KBr windows and the subsequent salt formation
during the FTIR experiments. This hypothesis was confirmed by a sudden decrease in the in-
tensity of the hydroxyl band after low conversion. Absorption of HFS was also observed for
the system with 2 mol% HFS, but sufficient HFS remained in solution for copolymerization
to avoid the occurrence of macrophase separation.
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Figure 4.22: FTIR spectra of 20 wt% PEB3.8-PBA83/styrene solutions before the in-situ polymeriza-
tion with, respectively, 0, 1 and 2 mol% HFS in the A) hydroxyl region and B) carbonyl
region.
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Figure 4.23: A) FTIR spectra of 20 wt% PEB3.8-PBA83/PS blends after in-situ polymerization and B)
development of the absorbed intensity during polymerization for styrene solutions with
20 wt% PEB3.8-PBA83 and with, respectively, 0, 1 and 2 mol% HFS.
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If the domain sizes are sufficient large in a polymer sample (10 µm), it is possible by FTIR
to map the structure. In Figure 4.24 an FTIR map is given for the macrophase separated
styrene/20 wt% PEB3.8-PBA83 solution after almost complete conversion. From the FTIR
spectra of the separate phases, it is evident that the diblock copolymer forms the continuous
phase. The PS dispersed droplets hardly contain any diblock copolymer, as can be revealed
from the absence of vibrations corresponding to the diblock copolymer.
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Figure 4.24: FTIR map of a 20 wt% PEB3.8-PBA83/PS blend after in-situ polymerization showing
macrophase separation.

4.4 Conclusions
The use of hydrogen bonding in homopolymer/diblock copolymers blends was explored to
prepare nanosized morphologies in rubber modified PS. The competition between macro- and
microphase separation and, consequently, the morphology can be influenced by control over
the amount of hydrogen bond interactions. As a result, this procedure can be used to prepare
the two-phase nanosized morphologies that are interesting for the toughening purpose of brit-
tle PS. Two different blending routes were investigated: solvent casting from toluene and the
direct polymerization of styrene in the presence of the diblock copolymer.
Pearce et al. (1984); Jiang et al. (1990) reported that for cast blends consisting of two ho-
mopolymers, PS(OH) and poly(acrylic esters), i.e. PMMA, poly(ethyl methacrylate)(PEMA),
poly(butyl methacrylate)(PBMA) and PBA, only 2 mol% hydroxyl units in PS(OH) is needed
to obtain miscible blends as judged by DSC and TEM. However, in this study, a three phase
structure is maintained in the diblock copolymer/homopolymer blends for hydroxyl contents
varying from 1 to 4 mol% HFS, although the size of the interphase is extremely small. Due to
the microphase separation of the diblock copolymer itself, a gradient in PBA concentration is
created from the core to the PS matrix. When the hydroxyl content is as high as 4 mol% the
PBA phase is almost completely dissolved in the PS matrix, resulting in a 2-phase system.
The composition of the dominant phase is close to the total composition of homogeneous



80 Chapter 4

blended PBA and PS(OH). It was demonstrated by DSC that for blends with diblock copoly-
mers possessing a higher core molecular weight (27.6 kg·mol−1), 3 mol% HFS is needed
to overcome the repulsive interactions and avoid macrophase separation. Solid state NMR
provided information of the nanoscopic degree of demixing. Blends with 3 and 4 mol% HFS
show a single Tg and a single TH

1 . However, when probed by TH
1ρ

experiments, the blends
show two relaxation times for the PBA and PS phase, respectively. Therefore, heterogeneities
with dimensions between 1 and 25 nm are present in these blends. Finally, it is difficult to
make a clear distinction between microphase separation and combined micro-/macrophase
separation for the blends described in this chapter since for microscopy the contrast of the
individual components is insufficient.
The polymerization of styrene and HFS in the presence of the diblock copolymer revealed
similar morphologies with increasing HFS content compared to solvent casting. From the
FTIR results it is obvious that hydrogen bond interactions between the acrylate block and the
HFS monomer are present from the initial stage of the polymerization and remain present
during the complete polymerization at 100◦ C. Although microphase separation is obvious
form the SAXS patterns recorded during polymerization, the onset of macrophase separation
during polymerization can hardly be detected by SAXS. Conversely, FTIR is a suitable tool
to detect the onset and presence of macrophase separation in time. From the FTIR results it is
obvious that for the blends without HFS macrophase separation occurs after short times and,
consequently, low conversion. As expected, macrophase separation is avoided by the addi-
tion of small amounts of HFS. The final morphology of the PS blends (solvent cast and in-situ
polymerized) was studied by SAXS. The scattering patterns were fitted with a polydisperse
Percus-Yevick hard sphere model with liquid-like order. Although for the blends with 1 and
2 mol% HFS a core-shell model would be more appropriate, sufficient insight is gained in the
particle dimensions and volume fractions.
The tensile and intrinsic behavior and the microscopic mode of deformation of these blends
will be studied in Chapter 5 as a function of diblock copolymer content and amount of HFS
(degree of demixing).

4.5 Experimental

4.5.1 Materials and synthesis
Diblock copolymers
The synthesis, morphology and characteristics of the diblock copolymers used in this chapter are dis-
cussed in more detail in Chapter 2. The first subscription in the notation of the diblock copolymer
denotes the PEB (or PEP) molecular weight, the second the overall molecular weight in kg·mol−1.
Copolymer synthesis
Styrene was supplied by Aldrich and purified extensively before use. p-(hexafluoro-2-hydroxy iso-
propyl) styrene (HFS) was synthesized and supplied by ARC Laboratories, The Netherlands, and was
used as received. The structure formula is depicted in Figure 4.25. Styrene /HFS copolymers were
prepared by bulk polymerization at 60◦ C, initiated by 0.5 wt% 2,2-azobis(isobutyronitrile) (Perkadox
AIBN AKZO-Nobel), Liu et al. (2000). The reactions were performed in (closed) glass tubes (25 cm3).
Before starting the polymerization reaction, the reaction mixture was subdued to three freeze-thaw
cycles to remove residual oxygen. The products were purified by precipitation in a dichloromethane-
petroleum ether mixture. A series of copolymers PS(OH)x was obtained by varying the feed concentra-
tion of HFS from 0 to 5 mol%. The comonomer HFS concentration (x) is determined from the monomer
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ratio of the feed for copolymerization. The molecular weight (distribution) was characterized by SEC,
using polystyrene standards.

C F 3C F 3

O H

Figure 4.25: Structure formula of p-(hexafluoro-2-hydroxy isopropyl) styrene (HFS).

4.5.2 Blend preparation
Solvent casting
Solvent cast samples were prepared by casting a 5 wt% polymer (PS(OH)x and diblock copolymer)
solution in toluene on F2 coated glass slides. The solvent was evaporated slowly over 5-7 days at room
temperature. Afterwards, the films were dried in a vacuum oven at 60◦ C for three days, followed by
three days at 80◦ C to remove any residual solvent (film thickness ∼ 0.1-0.3 mm).
In-situ polymerization of styrene and HFS
Homogeneous solutions of styrene, HFS and diblock copolymer were prepared at room temperature for
several HFS concentrations and styrene/diblock copolymer weight ratios. The solutions were poured in
6.5x60 mm glass tubes, which were closed after being purged with argon for several minutes. The poly-
merization was initiated by 0.2 wt% 2,2-azobis(isobutyronitrile)(Perkadox AIBN, AKZO-Nobel) under
magnetic stirring in an oilbath at 60◦ C. After 72 hours of continuous stirring, the samples were placed
in an oven at 60◦ C for three extra days, followed by three hours at 80◦ C and one hour at 110◦ C.
After completion of the polymerization, the glass tubes were kept in the oven which was allowed to
cool slowly to room temperature. The in-situ SAXS polymerizations were performed in Lindemann
capillaries at 100◦ C using a hotstage and initiated by 0.2 wt% AIBN.

4.5.3 Characterization
Differential scanning calorimetry (DSC)
The glass transition temperatures of the blends were measured by DSC. For conventional DSC (Perkin-
Elmer Pyris 1) as well as temperature modulated DSC (TMDSC) (Perkin-Elmer DSC-7 modified with
a HP precision function generator to enable a sinusoidal temperature modulation), samples of 2.5-
4 mg were weighted with a precision balance and encapsulated in standard Al-pans of well known
mass. Pans with almost identical weight were used. Nitrogen gas was used as purge gas at a rate of
25 ml·min−1. The heating and cooling rate for conventual DSC was 10◦ C·min−1, whereas for TMDSC
a underlying heating rate was used of 1◦ C·min−1. The frequency applied in the TMDSC experiments
was 12.5 mHz and the amplitude was set at 500 mK. Calculation of the heat capacity and phase angle
from the measured heat flow was done with a mathematical procedure described by Höhne (1997). The
temperature was calibrated using indium, zinc and n-dodecane, while the heat capacity was calibrated
with sapphire.
Dynamic mechanical thermal analysis (DMTA)
The thermal response of the annealed solvent cast films was studied on a TA Instruments DMA 2980
using the film geometry clamp with a frequency of 1 Hz, a strain of 40 µm and a heating rate of
2◦ C·min−1.
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Microscopy
The morphology was visualized by optical microscopy, scanning electron microscopy (SEM) and trans-
mission electron microscopy (TEM). For optical microscopy the samples were microtomed using a
glass knife (1-3 µm) and analyzed on a Zeiss Axioplan 2 microscope equipped with a Axiocam digital
camera. Scanning electron microscopy was performed on a Philips XL30 FEG-ESEM. Investigations
were carried out in high vacuum mode using an acceleration voltage of 1 kV. The solvent cast films
were etched with oxygen plasma for 5 min at 45 Watt using a Plasma Asher (Emitech) to remove the
acrylate phase and, subsequently, coated with a gold layer using a sputter coater (Emitech). The TEM
analysis was performed on a Jeol JEM 2000 FX transmission electron microscope, operating at 80 kV.
Ultrathin sections (50-80 nm) were obtained at low temperatures (-140◦ C) using a Reichert Ultracut E
microtome equipped with a diamond knife. Subsequently, the sections were exposed to the vapor of a
Ruthenium tetraoxide (RuO4)-solution to stain the PEP and PS phase.
Fourier transform infrared spectroscopy (FTIR) spectra were recorded on a Digilab Excalibur 3000
spectrometer with a resolution of 2 cm−1 . The solvent cast films were directly placed in the sample
holder, whereas the pure diblock copolymers were first cast on KBr disks.
Fourier Transform Infrared Spectroscopy (FTIR)
In-situ FTIR spectroscopy during reaction was done using a Biorad UMA 500 IR microscope coupled
to a Biorad FTS 6000 FTIR spectrometer. The reaction mixture was placed between two KBr-plates
having a Pb spacer of 0.05 µm in between. The KBr sandwich was placed in a Linkam oven under the
microscope. Mapping was done using the Biorad UMA500 IR microscope using the Biorad Shadow
software. The aperture was 30x30 µm, whereas the mapped area was 300x400 µm.
Small Angle X-ray Scattering (SAXS)
To study the morphology development upon in-situ polymerization and the final morphology of solvent
cast blends, SAXS experiments were performed on the DUBBLE beamline (BM 26B) at the European
Synchrotron Radiation Facility (ESRF) in Grenoble (France). The exposure time for every single ex-
periment was 240 s. For the time-resolved experiments the exposure time was reduced to 60 s. Spectra
were recorded with a sample-to-detector distance of respectively 5.5 and 8 m. For details on the exper-
imentation, the reader is referred to Section 3.4.3.
Solid state NMR
Solid state NMR measurements were used to explore the structure and to gain insight in mobility dif-
ferences of the solvent cast blends. All solid state NMR experiments were performed on a Bruker
DMX500 spectrometer operating at a 1H and 13C NMR frequency of 500.13 MHz and 125.13 MHz,
respectively. A 4-mm magic-angle spinning (MAS) probehead was used with sample-rotation rates of
9 kHz to avoid overlapping of spinning side bands and other peaks. The radio-frequency power was
adjusted to obtain an 5 µs 90-degree pulse both for 1H and 13C nuclei. The 38.56-ppm resonance of
adamantane was used for external calibration of the 13C chemical shift. Proton spin-lattice relaxation,
T1(1 H ) and T1ρ(1 H ), were measured for each of the polymer components separately via cross po-
larization (CP) to the 13C nuclei. The typical number of scans (NS) was 1024, relaxation delays in
CP-derived experiments (D1) were 5 s, and the number of experiments per relaxation data set (NE) was
12. For the cross-polarization-based experiments, amplitude-modulated pulses (CPramp) were utilized,
being less sensitive to the experimental settings than standard CP experiments. For the Hahn-echo pulse
sequence (90◦-τ -180◦-τ ) 2τ1 varied from 2.5 to 3000 µ s. 1H NMR spectra are typically the result of
16 scans and a spectral width of 1 MHz. The total number of experiments was 60. The characteristic re-
laxation times which determine the different slopes in the magnetization decay curves, where obtained
by performing a least-squares fit on the data. The T2 relaxation decay was fitted with a combination of
three exponential functions.



Chapter 5

Mechanical properties of
nanosized blends prepared via
hydrogen bonding

The mechanical properties of poly(ethylene-co-butylene)-b-polybutylacrylate / PS(OH)x
blends with nanosized core-shell-like morphology were studied in slow speed uniaxial ten-
sion. The intrinsic deformation behavior was investigated by compression tests, whereas the
microscopic mode of deformation was extensively studied by time-resolved X-ray scattering
using synchrotron radiation. It was shown that the macroscopic strain at break depends to a
large extent on the diblock copolymer content and the degree of demixing between rubber
shell and PS matrix (amount of hydroxyl interaction introduced). Brittle behavior was ob-
served for PS blends which contain more than 3 mol% of hydroxyl units and show complete
miscibility between PS matrix and acrylate shell. For the blends showing partially miscibility,
the compression tests demonstrated a pronounced decrease in strain softening with increas-
ing diblock copolymer concentration. Furthermore, it was illustrated that dependent on the
degree of demixing the microscopic deformation mode changes from crazing to cavitation
induced shear yielding.

5.1 Introduction
The aim is of this research is to accomplish the ultimate toughness in brittle amorphous poly-
mers which requires a transition in mode from crazing to shear yielding. The development
of new ductile heterogeneous blends based on originally brittle amorphous polymers was
discussed in the previous chapter. In order to minimize the resistance against cavitation to
obtain a ductile shear yielding response a liquid core is introduced in these materials. Diblock
copolymers consisting of a liquid-like and a rubber block were dispersed in a PS matrix, cre-
ating two-phase core-shell-like particles. The competition of macro-/microphase separation
and the degree of demixing between rubber shell and PS matrix was adjusted by the introduc-
tion of hydrogen bond interaction. In order to optimize the mechanical performance of rubber
filled polymers, it is important to obtain additional understanding of the morphological pa-
rameters that influence the type and extent of the microscopic deformation. In addition to the
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mechanical response in uniaxial compression and elongation, the mode of microscopic defor-
mation of the materials described in Chapter 4 is studied by time-resolved small angle X-ray
scattering (SAXS) measurements during slow speed uniaxial tensile deformation. At pres-
ent synchrotron radiation is used frequently to study this microscopic deformation by means
of time resolved X-ray scattering, Salomons et al. (1999); He et al. (1998); Sferrazza et al.
(2001). The advantage of using synchrotron radiation is that the development of deformation
can be followed during mechanical testing, Salomons et al. (1996). In this chapter special
attention is paid to the occurrence of cavitation upon deformation. Furthermore, this chap-
ter focusses on the effect of interphase mixing between shell and matrix on the microscopic
mode of deformation.

5.2 Results and discussion

5.2.1 Macroscopic properties
The objective of this research is to study the relation between nanosized core-shell-like mor-
phologies in originally brittle amorphous polymers and the resulting mechanical properties
of the system. It has to be noted that two contradictory phenomena prevent the preparation of
the ideal morphology (low volume fraction of 30 nm sized two-phase rubber particles). Max-
imum, or even complete, phase separation is required to perform an unambiguous study of
the influence of volume fraction, core/shell size and modulus on the final properties. On the
contrary, complete (macro)phase separation with sharp phase boundaries is inhibited since a
certain compatibility between PS matrix and PBA shell by introduction of hydrogen bonding
is required to produce the desired morphologies. Therefore, some care should be taken in
the interpretation of the results concerning the influence of morphology on the mechanical
performance.
Thin dog-bone shaped samples were machined from the solvent cast films in order to measure
their tensile behavior. PBA-based diblock copolymers are used as the dispersed phase. The
molecular weight of the rubber shell should be high enough (at least five times the molecu-
lar weight between entanglements) to obtain good rubber properties. Therefore, only blends
with high molecular weight diblock copolymers are studied. Preparation of tensile bars from
solvent cast films is far from optimal, since incorporation of impurities, imperfections and
inhomogeneities may lead to early brittle failure. Due to the LCST behavior of these spe-
cific polymer blends with a critical temperature at approx. 140◦ C, compression or injection
molding of tensile bars is not possible, He et al. (1991).
In Figure 5.1, the tensile behavior is presented for PS blends with 1 mol% HFS and vary-
ing PEB3.8-PBA83 diblock copolymer content. The strain at break gradually increases with
increasing diblock copolymer concentration, although a synergistic toughening effect is not
observed. Neat PS and blends with less than 15 wt% PEB3.8-PBA83 suffer from brittle frac-
ture at limited macroscopic draw ratios. For blends with ≥ 20 wt% block copolymer stress
whitening is observed. The modulus and yield strength, however, drastically decrease with
increased rubber content.
With increasing HFS content the materials are more brittle, as can be seen in Figure 5.2 and
5.3. Large amounts of diblock copolymer are required to improve the tensile toughness and
strain at break. Consequently, this leads to a sharp decrease in stiffness and yield strength. It
is remarkable that with increasing amount of HFS and equal amount of diblock copolymer,
the yield stress and E-modulus increase. This is most probably caused by an enhanced pen-
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Figure 5.1: Stress-strain behavior of PS(OH)1/PEB3.8-PBA83 blends with different diblock copolymer
concentrations: 0 wt%, 10 wt%, 20 wt% and 25 wt%; the strain rate is 1·10−3 s−1.
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Figure 5.2: Stress-strain behavior of PS(OH)3/PEB3.8-PBA83 blends with different diblock copolymer
concentrations: 0 wt%, 10 wt%, 20 wt% and 25 wt%; the strain rate is 1·10−3 s−1.

etration of PS matrix in the rubber shell; the thickness (and amount) of the rubber shell is
decreased.
To study the influence of the core size on the macroscopic deformation behavior, similar
tensile tests were performed for PS blends with PEP27.6-PBA143. In Figure 5.4, the results
are presented for blends with 20 wt% diblock copolymer and varying amount of HFS. The
blends with 0 and 1 mol% HFS show a low yield stress and remain brittle during tensile
testing. This is caused by the presence of macrophase separation, as discussed in Chapter 4.
With increasing amount of HFS, the strain at break is enhanced and stiffness and strength are
higher. Macrophase separation is avoided for these blends and the PBA corona is only partly
swollen with the PS matrix. The blends with 4 and 5 mol% HFS behaved extremely brittle,
with maximum draw ratios smaller than 1 %. This is presumable caused by the complete mix-
ing of the PBA shell and the PS matrix. The microscopic deformation mechanisms in these
blends have been studied by using small-angle X-ray scattering during tensile deformation as
will be discussed in the subsequent sections.



86 Chapter 5

1.00 1.05 1.10 1.15 1.20 1.25 1.30 1.35 1.40
0

5

10

15

20

25

30

35

35 wt%Tr
ue

 s
tre

ss
 [M

P
a]



Draw ratio[-]

Figure 5.3: Stress-strain behavior of PS(OH)5/PEB3.8-PBA83 blends with different diblock copolymer
concentrations: 0 wt%, 10 wt%, 20 wt%, 25 wt% and 35 wt%; the strain rate is 1·10−3 s−1.
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Figure 5.4: Stress-strain behavior of blends with 20 wt% PEP27.6-PBA143.8 and varying HFS content
in the PS matrix: 0 mol%, 1 mol%, 2 mol% and 3 mol%; the strain rate is 1·10−3 s−1.

5.2.2 Intrinsic behavior
Localization phenomena on the microscopic level play an important role in the macroscopic
mechanical performance of a polymer system. The occurrence and extent of strain localiza-
tion is mainly determined by the interplay and relative importance of three parameters: yield
stress, strain softening and strain hardening. As the stress in a deforming local zone reaches
the yield stress, strain localization occurs since the deformation can proceed at a lower stress.
The deformation can only be delocalized, when the local strain hardening process results in a
stress which exceeds the yield stress in the undeformed parts of the test sample. This should
occur before the breaking strength of the locally stretched polymer is reached.
Localization via crazing or necking mainly occurs during deformation in uniaxial tension but
is suppressed in compression. Therefore, compression tests usually reflect much more the
intrinsic behavior of a polymer system and may give an explanation for the observed macro-
scopic tensile test results, van Melick (2002).
The compressive behavior of the PS(OH)x copolymers with varying HFS content is presented
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Figure 5.5: Compressive behavior of pure PS(OH)x copolymers with varying HFS content: 1 mol%,
2 mol%, 3 mol% and 4 mol%; the compressive strain rate is 1·10−3 s−1.

in Figure 5.5. It is expected that due to self association of the hydroxyl groups in the copoly-
mer, the strain hardening modulus increases. This effect can be observed, but is minimal for
the HFS content used. The yield stress and strain softening remains unchanged with hydroxyl
content. Figure 5.6 shows the compression tests results for the blends with 1 mol% HFS and
varying diblock copolymer concentration. The amount of strain softening clearly decreases
with increasing amount of diblock copolymer. This favors the occurrence of delocalization
which, subsequently, suppresses premature failure. As mentioned before, delocalization of
the strain may occur for limited strain softening in combination with a more pronounced
strain hardening behavior. It can be clearly seen that the strain hardening modulus does not
change with composition. Although, the amount of strain softening is decreased drastically,
the strain hardening modulus is not high enough to overcome catastrophic localization. This
results in brittle failure at limited macroscopic draw ratios, as observed in Figure 5.1. For the
blend with 30 wt% diblock copolymer, strain softening almost completely diminished, resul-
ting in a more homogeneous deformation. The yield stress, however, decreases tremendously
with increasing concentration diblock copolymer. An explanation for this phenomenon may
be found in the incomplete demixing of the PS matrix and the diblock copolymer. Especially
the blends with 1 mol% HFS appear to possess a broad composition spectrum with interme-
diate glass transition temperatures, as shown by the gradual increase in heat capacity in the
DSC measurements. The compression test results described in Section 3.6.2 with PMMA
as the matrix and PEB-PBA-PMMA triblock copolymers as the dispersed phase showed a
minor decrease in yield stress with increasing amount of triblock copolymer. This is not
predominantly caused by a lower rubber content (triblock copolymer instead of diblock),
these blends also possessed a completely separated three phase morphology with sharp phase
boundaries. The material forming the polymer matrix consists exclusively of PMMA. When
the HFS content is enhanced to 2 mol%, comparable compressive behavior is observed, as
shown in Figure 5.7. Strain softening diminishes and strain hardening remains unaffected
with block copolymer content. However, the yield stress decreases less rapidly with increas-
ing amount of diblock copolymer and the decrease in softening compared to Figure 5.6 is less
pronounced. These effects can be used to explain the differences in the tensile test results.
For 2 mol% HFS the PBA phase is almost completely miscible with the PS matrix as shown
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Figure 5.6: Compressive behavior of PS(OH)1/PEB3.8-PBA83 blends with different diblock copoly-
mer concentrations: (from top to bottom) 0%, 10%, 20% and 30% and 1 mol% HFS; the
compressive strain rate is 1·10−3 s−1.
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Figure 5.7: Compressive behavior of PS(OH)2/PEB3.8-PBA83 blends with different diblock copoly-
mer concentrations: (from top to bottom) 0 wt%, 10 wt%, 20 wt% and 30 wt% and 2 mol%
HFS; the compressive strain rate is 1·10−3 s−1.

by the DSC and solid state NMR results in Chapter 4. The total effective amount of rubber
in the polymer blend is decreased. The poor tensile properties may, therefore, find its origin
in an enhanced yield stress and minor reduction in strain softening compared to the blends
with 1 mol%. When the total amount of PEB3.8-PBA83 (> 25 wt%) is further increased, an
enhanced tensile toughness can be observed, which is caused by incomplete mixing. This
phenomenon may better be demonstrated in Figure 5.8. With 4 mol% HFS the PBA corona
is almost completely ’dissolved’ in the PS matrix. As demonstrated by DSC and solid state
NMR, this results in a single glass transition temperature and single relaxation behavior. The
reduction in strain softening with increased amount of diblock copolymer is further dimin-
ished and the yield stresses are considerable higher than for the blends with 1 mol% HFS.
As a consequence, catastrophic localization of the strain in the form of crazes causes brit-
tle failure. For extreme large concentrations of diblock copolymer (>30 wt%) an increase



Mechanical properties of nanosized blends prepared via hydrogen bonding 89

0 0.5 1 1.5 2 2.5 3
0

10

20

30

40

50

60

70

80

90

100

|λ2−λ−1| [−]

C
om

p.
 tr

ue
 s

tre
ss

 [M
P

a]

Figure 5.8: Compressive behavior of PS(OH)4/PEB3.8-PBA83 blends with different diblock copoly-
mer concentrations: (from top to bottom) 0 wt%, 10 wt%, 20 wt% and 30 wt% and 4 mol%
HFS; the compressive strain rate is 1·10−3 s−1.

in strain at break is observed. Comparable experiments were performed for PS blends with
PEP27.6-PBA143, see Figure 5.9. The strain hardening modulus is considerably lower for
blends with 1 mol% HFS and 20 wt% diblock copolymer. This is caused by macrophase
separation in these type of blends. For the microphase separated blends (>2 mol% HFS),
similar trends can be observed as for the PEB3.8-PBA83 based blends. Strain hardening re-
mains unaffected, whereas the strain softening and, consequently, the yield stress decreases
with increasing diblock copolymer content. Since the molecular weight, and thus, the radius
of the core is considerably higher compared to PEB based diblock copolymer, the number of
micellar particles is lower for equal weight fractions of diblock copolymer, which results in
an increase in interparticle distance. The decrease in strain softening with increasing diblock
copolymer content is less pronounced and therefore, it may be suggested that the number of
particles and, subsequently, the interparticle distance, may have an influence on the intrinsic
mechanical behavior.

5.2.3 The mode of microscopic deformation studied by in-situ SAXS
during tensile deformation

The main objective of this study is to accomplish ultimate toughness with a change in de-
formation mode from crazing to shear yielding. This can be reached by incorporation of
a dispersed rubber phase. Cavitation in this rubber phase is an essential requisite for plastic
deformation. The build-up of high hydrostatic stresses is reduced and sequential yielding pre-
vents strain softening on the microscopic level. Macroscopically, this will result in a change
in deformation mode from crazing to shear yielding and, consequently, ductile behavior. In
order to optimize the rubber morphology it is necessary to obtain information about the mor-
phological parameters that influence the mode of deformation. Several different modes of
deformation can be responsible for respectively brittle or ductile behavior. Time-resolved
SAXS can be used to give more accurate information about the development of deformation
during mechanical testing. In this section the mode of microscopic deformation of the solvent
cast blends during slow speed uniaxial tensile deformation will be discussed.
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Figure 5.9: Compressive behavior of PS(OH)/PEP27.6-PBA143.8 blends with different diblock copoly-
mer concentrations: (from top to bottom) 10%, 20% and A) 1 mol% HFS B) 3 mol% HFS;
the compressive strain rate is 1·10−3 s−1.

0 0 . 1 2 0 . 2 5

Figure 5.10: 2D-SAXS spectra for the in-situ deformation of pure PS measured at different clamp
displacements, x [mm], indicated in the right bottom corner. The tensile direction is
vertical.

Figure 5.10 shows the development of the 2D scattering patterns during tensile deformation
of PS. PS is known to deform via crazing. Hardly any scattering is observed prior to defor-
mation, displacement x = 0 mm. Upon deformation, intense scattering streaks are developed
in the tensile direction, see x = 0.12 mm. This peak is the result of the reflection of the X-ray
scattering at the craze bulk interphase caused by the electron density difference between the
polymer matrix and the craze and by some external reflection at the craze matrix interface,
Brown and Kramer (1981); Tang and Fellers (1984). During further drawing very weak scat-
tering is observed perpendicular to the tensile directions, which can be seen vaguely in the
azimuthal plot in Figure 5.11. This peak corresponds to the scattering of the craze fibrils and
can be used to calculate the amount of crazes and the fibril diameter. The intensity of the
streaks in tensile direction is clearly stronger than the scattering from the craze fibrils. Frac-
ture occurs immediately after the nucleation and growth of the crazes, which is indicative for
a localized deformation. Of course, the onset of crazing can be observed in the experimental
invariant, see Figure 5.12A. After a displacement of 0.1 mm the total scattered intensity in-
creases. This can be explained by the nucleation and growth of crazes. Figure 5.12B shows
the relation between the clamp displacement and the actual local strain, calculated from the
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Figure 5.11: SAXS data for the in-situ deformation of pure PS (azimuthal plot). The tensile
speed = 0.05 mm·min−1.
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Figure 5.12: SAXS data for the in-situ deformation of PS. The tensile speed = 0.05 mm·min−1. A)
Experimental invariant and B) local strain data.

intensities measured by the ionization chambers. The strain increases linearly with the clamp
displacement to a maximum value of only 4%.
The mode of deformation of the PS blends with 1 mol% of HFS and 25 wt% of PEB3.8-
PBA83 is clearly different from pure PS as can be concluded from the development of the
SAXS patterns in Figure 5.13. This blend shows stress whitening during tensile deformation.
Initially, hardly any morphological scattering from the micelles is observed. The reason for
this is the short exposure time and low contrast. At x = 0.42 mm additional scattering is found
in the tensile direction, almost immediately followed by the development of a second streak
perpendicular to the tensile direction (x = 0.83 mm). This is finally followed by extensive ori-
entation of the scattering elements as can be concluded from the elliptical scattering pattern
(x = 1.88 mm). The azimuthal plot for this blend, depicted in Figure 5.14, is indeed different
from the azimuthal plot of the brittle pure PS, see Figure 5.11.
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Figure 5.13: 2D-SAXS spectra for PS blend with 1 mol% HFS and 25 wt% of PEB3.8-PBA83, mea-
sured at different clamp displacements, x [mm], indicated in the right bottom corner. The
tensile direction is vertical.

As observed for the formation of crazes in PS also in this case enhanced scattering in the ten-
sile direction is observed (azimuthal angle 90◦and 270◦). Those streaks suggest the forma-
tion of crazes and a localized deformation behavior. However, this scattering is immediately
accompanied by scattering perpendicular to the tensile direction and an overall increase in in-
tensity even between the principal axes. The first one is caused by the development of craze
fibrils and orientation of the scattering particles present in the system. The latter indicates the
development of electron density fluctuations with no specific orientation and is the result of
cavitation. The intensity of the craze fibril scattering exceeds the intensity of the streaks in
the tensile direction.
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Figure 5.14: SAXS data for the in-situ deformation of a PS blend with 1 mol% of HFS and 25 wt% of
PEB3.8-PBA83 (azimuthal plot). The tensile speed = 0.05 mm·min−1.

Figure 5.15 shows the development of the experimental invariant and the local strain upon
deformation. Initially between 0-0.4 mm the local strain increases linearly with the clamp dis-
placement without the occurrence of any scattering. The absence of additional scattering in
this region suggests that the increase in local strain is caused by sample thinning from elastic
deformation. The development of scattering beyond a displacement of 0.3 mm, which corre-
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Figure 5.15: SAXS data for the in-situ deformation of a PS blend with 1 mol% of HFS and 25 wt% of
PEB3.8-PBA83. The tensile speed = 0.05 mm·min−1. A) Experimental invariant and B)
local strain data.

sponds to a local strain of 30%, is associated to the onset of crazing and cavitation. The local
strain measured can be divided roughly in two regions with different slopes. This indicates a
difference in local strain rate which appears to be much higher for the initial stage. A possible
explanation for the presence of the plateau in the local strain data during the latter stage may
be delocalization of the stress/strain. The deformation proceeds over the complete length of
the sample and remains approximately constant at the position where the X-ray beam passes
through. However, due to the chosen sample geometry, delocalization of the stress is limited.
Consequently, this results in a subsequent increase in local strain, immediately followed by
failure. Since the samples were extremely thin (100 µm), no clear indication for necking
could be observed.
The combination of scattering at the equator and at the meridian suggest the formation of
stable craze fibrils. The changes in the shape of the micellar structures and the orientation of
voids results in the development of the ellipsoidal scattering pattern and thus in redistribution
of the intensity. From the pattern it is not clear whether the scattering caused by the craze
bulk interface (90 and 270◦) remains constant or diminishes, since the underlying intensity
caused by scattering of the voids gradually increases. However, since a sharp increase in in-
tensity cannot be observed it may be concluded that no new crazes are formed after an initial
period of 12 min (x = 0.6 mm) and most probably, the deformation delocalizes.
Enhancing the HFS content from 1 to 2, 3 resp. 4 mol%, or increasing the miscibility between
PBA corona and PS matrix, results in some important changes in the scattering patterns as
can be observed in Figure 5.16. For 2 mol%, the development of sharp crazing streaks can be
observed followed by an increased intensity at the equator originating from fibril scattering.
The amount of anisotropic scattering (originating from cavitation), however, is diminished
compared to the system with 1 mol% HFS. The local strain shows a linear increase with
clamp displacement up to 25%, see Figure 5.17B. The decrease in the intensity at the merid-
ian (90 and 270◦) indicates that no new crazes are formed after a period of 10 min. The local
strain still increases which can simply be explained by sample thinning and/or the growth of
already formed crazes. Whereas the blend with 1 mol% showed a small plateau in the local
strain , this is not the case in the blend with 2 mol%. After a local strain of 25 %, the material
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fractures and is not capable of transferring the deformation to undeformed parts (localized
deformation). From the sharpness of the streaks perpendicular to the tensile direction and the
limited increase in intensity in between the principle axes, it is evident that this blend shows
less cavitation and consequently, orientation of the formed cavities. The deformation pro-
ceeds predominantly via crazing. This effect is more pronounced for the blend with 20 wt%
PEB3.8-PBA83 and 3 mol% HFS. The complete PBA corona is dissolved with PS, thereby
reducing the total amount of rubber. Tensile tests showed brittle behavior and the compres-
sion test curves indicated extreme localized deformation. This is confirmed by the azimuthal
plot in Figure 5.16B. Sharp crazing patterns develop without any increase in scattering be-
tween the principal axes. Cavitation is tremendously diminished. The glassy corona does not
provide enough mobility for the liquid PEB core to cavitate and induce orientation and shear
yielding in the PS domains. The local strain reaches a maximum value of only 14 % as can
be observed in Figure 5.17B.
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Figure 5.16: SAXS data for the in-situ deformation of the PS blends with A) 2 mol% of HFS and 25
wt% of PEB3.8-PBA83(azimuthal plot) and B) 3 mol% of HFS and 25 wt% of PEB3.8-
PBA83 (azimuthal plot). The tensile speed = 0.05 mm·min−1.
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Figure 5.17: Local strain data for the in-situ deformation of the PS blends with A) 2 mol% of HFS and
25 wt% of PEB3.8-PBA83 and B) 3 mol% of HFS and 25 wt% of PEB3.8-PBA83; the
tensile speed = 0.05 mm·min−1.
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Similar experiments were performed for PS blends with PEP27.6-PBA143 diblock copoly-
mers. The total ’core’ weight fraction (PEP phase) is larger and the particle size is enhanced
compared to blends with equal weight fraction PEB3.8-PBA83. The number of particles is,
consequently, lower. As discussed in Chapter 4, the blends with ≤2 mol% HFS show com-
bined micro-/ macrophase separation, resulting in large diblock copolymer rich domains.
These materials behave extremely brittle. Crazing is supposed to be the major deformation
mechanism as can be derived from Figure 5.18A. The azimuthal plot shows the typical streak
corresponding to localized deformation in the form of crazes. The local strain increases in
a rather linear way up to 10 %, as can be seen in Figure 5.19A. When the HFS content is
further enhanced, macrophase separation is avoided and the change in the scattering patterns
is evident, see Figure 5.18B. Strong craze/bulk interphase scattering is present which is ac-
companied by a continuously increase in scattering at the equator. As for Figure 5.14, these
patterns suggest the formation of extremely stable craze fibrils. The occurrence of cavitation
is less pronounced. The local strain is comparable with the curve in Figure 5.15A. An initial
sharp increase, followed by a plateau in local strain is the result of resp. craze formation and
stabilization of the craze fibrils. In the latter stage, the deformation is passed on to unde-
formed parts. This phenomenon is in agreement with the tensile test results. Brittle behavior
was observed for blends up to 2 mol% HFS, whereas more ductile behavior was observed for
the blends consisting of 3 mol% HFS. Most probable this is caused by the decreased miscibil-
ity of the PBA shell in the modified PS matrix. For low HFS content, the PEP27.6-PBA143.8
diblock copolymer is (partly) macrophase separated from the matrix and consequently, shows
crazing. The tendency for cavitation, as observed in an increase in intensity in between the
principal axes, is less pronounced for the PEP27.6-based diblock copolymer blends compared
to the PEB3.8-based diblock copolymer blends, presumably caused by a decreased total num-
ber of polyolefin particles in the system. Furthermore, the resistance against cavitation may
be enhanced for the higher molecular weight due to higher viscosity, although in slow speed
tensile testing this effect should be minor.
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Figure 5.18: SAXS data for the in-situ deformation of the PS/ PEP27.6-PBA143.8 blends with A)
1 mol% of HFS and 20 wt% of PEP27.6-PBA143.8 (azimuthal plot) and B) 3 mol% of HFS
and 20 wt% of PEP27.6-PBA143.8 (azimuthal plot). The tensile speed = 0.05 mm·min−1.
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Figure 5.19: Local strain data for the in-situ deformation of the PS/ PEP27.6-PBA143.8 blends with A)
1 mol% of HFS and 20 wt% of PEP27.6-PBA143.8 and B) 3 mol% of HFS and 20 wt% of
PEP27.6-PBA143.8. The tensile speed = 0.05 mm·min−1.

5.3 Discussion

As discussed in this chapter all pure PS and PS(OH)x samples without diblock copolymer suf-
fered from brittle failure caused by crazing. For the blends with 1 mol% HFS and more than
20 wt% of PEB3.8-PBA83 a small toughening effect was observed. With increasing amount
of HFS, the rubber PBA shell is completely dissolved in the PS matrix and the PS/PEB-
PBA blends behaved brittle again for all compositions. The compression tests, reflecting the
intrinsic deformation behavior, clearly show a decrease in strain softening with increasing
diblock copolymer content for blends with 1 mol% HFS. If the fraction HFS is increased to
2 and 4 mol% this effect is drastically reduced. Apparently, a rubber shell is a prerequisite
to diminish strain softening and, consequently, delocalize the deformation. Unfortunately,
the strain hardening modulus is insufficient for complete delocalization and, therefore, the
deformation can hardly be transferred to undeformed parts.
For the PS blends with PEP27.6-PBA143, a different behavior was observed. The incorpora-
tion of 1 mol% was not sufficient to avoid macrophase separation as was demonstrated in
Chapter 4 and, consequently, craze formation and propagation result in premature failure.
A small increase in mechanical performance could only be achieved when 2 or 3 mol% of
HFS was introduced. When the HFS content was increased even further to 4 or 5 mol%, the
tensile toughness decreases again due to the dissolution of PBA in the matrix, similar to the
PEB3.8-PBA83 systems.
In the time-resolved X-ray patterns some remarkable phenomena were observed for the
blends showing a more ductile response. The increase in scattered intensity at the meridian
initially indicates the onset of crazing. This is followed by strong scattering at the equator.
This may indicate that crazes are formed with extremely stable craze fibrils, which extend far
beyond normal craze fibrils observed in PS. One explanation for this phenomenon could be lo-
cal plasticizing of the crazes during deformation. In such a way, many crazes are formed with
extremely stable craze fibrils. Craze plasticization was first described by Gebizlioglu et al.
(1990). A small volume fraction of low molecular weight polybutadiene rubber (∼1 wt%),
forming a separate phase, was incorporated in glassy polystyrene and results in potential
lowering of stresses for craze growth. It was postulated that the polybutadiene acts as a local
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plasticizer, whose solubility is enhanced along the craze interfaces and at the craze tip by the
hydrostatic tensions that exist in these regions, Argon et al. (1990). Consequently, it reduces
the local plastic resistance of the glassy phase which results in an increased velocity of craze
growth at relatively low stresses compared to unmodified polystyrene, thereby reducing the
statistically probability of premature craze failure, Sjoerdsma and Boyens (1994). Alterna-
tively, a given craze growth rate can be achieved at significantly reduced stresses. It was
demonstrated that a content of 1 wt% PB was sufficient for a remarkable effect on toughen-
ing. Thus, addition of a liquid-like rubber may not only influence the occurrence of crazing
but also affects the craze morphology. Translation of this hypothesis to the described systems
means that upon deformation the craze tip intersects with the PEB-PBA particles. The liq-
uid PEB in combination with the non-interacting PBA may plasticize the craze borders and
therefore enhance its development and stability. However, some counter-arguments for this
hypothesis can be rationalized. For brittle polymers deforming via crazing, a strong, sharp
craze/bulk scattering should be observed over a broad q-range in the meridional direction.
In Figure 5.13, it can be clearly seen that the craze-bulk scattering is weak and is spread
over only a small q-range. Furthermore, the streaks are less sharp (cover a broad azimuthal
angle) compared to PS craze/bulk streaks. These observations indicate that the developed
crazes in the PS blend do not possess a standard flat structure which propagate perpendicular
to the tensile direction. Additionally, the craze-bulk interface scattered intensity is never as
intense as observed for PS suffering from severe crazing. If materials predominantly suffer
from crazing, the development of scattering at the equator, which should originate from craze
fibrils scattering, may never exceed the intensity in the meridian (scattering from the craze
bulk interphase). The opposite is shown in the scattering patterns of the blend. For higher
deformations of the PS blend, the scattered intensity at the equatorial is more pronounced
than craze/bulk scattering. The equatorial scattering is not only caused by fibril scattering
but also includes considerable scattering as a result of orientation of the (cavitated) rubber
particles.
Moreover, it was shown by several groups that craze formation is limited when the matrix
ligament size is decreased to the nanometer level, van der Sanden et al. (1993), since below a
certain critical interparticle distance shear yielding is enhanced due to a decreased glass tran-
sition temperature or enhanced intrinsic mobility, Forrest and Dalnoki-Veress (2001); van
Melick et al. (2003b).
Taken all these arguments into account, a more realistic explanation for the observed scat-
tering data may be schematically depicted in Figure 5.20. Schwier et al. (1985) proposed
a model for craze growth in cylindrical PB-PS block copolymers based on a mechanism of
cavitation of the cylindrical PB domains, followed by drawing and the formation of thin PS
matrix ligaments. Initially, the material is linearly elastically deformed up to a critical strain,
at which the rubbery domains cavitate under the concentrated negative pressure built up in it
by the surrounding PS matrix. The negative pressure arises from two contributions: the ther-
mal stresses induced by the thermal expansion coefficient mismatch between the PB and PS
phases, and the local stress concentration that exists ahead of the ’craze’ tip due to its crack-
like geometry. Once cavitation has occurred, the previously concentrated negative pressure is
released, resulting in a rise in the effective stress on the surrounding PS matrix. Consequently,
the thin glassy ligaments between the cavitated rubber particles will yield. This may lead to
large plastic flow of the matrix and formation of elongated ligaments under elevated stress,
as demonstrated in Figure 5.20. Owing to the strain hardening of the porous PS matrix, it is
expected that an equilibrium strain will be reached in the fibrils for a given local stress.



98 Chapter 5

Figure 5.20: Schematic representation of the microscopic mode of deformation for PS blends with
1 mol% of HFS and 25 wt% of PEB3.8-PBA83.

Although Weidisch et al. (1999) suggested that this mechanism hardly occurs in diblock
copolymers possessing a spherical morphology, Argon and Cohen (1990) observed cavita-
tion induced plastic deformation of PS ligaments also for diblock copolymers with a spheri-
cal morphology containing more than 15 wt% PB. Diblock copolymers with smaller weight
fractions of PB did not show an enhanced ductility and it was proposed that the microscopic
mode of deformation of these blends was predominantly determined by craze growth via a
Taylor meniscus instability process, Argon and Salama (1976); Kramer and Berger (1990).
A craze grows in two different ways: by craze tip propagation, an expansion of the craze
periphery generating more fibrils, and by craze width growth, a normal separation of the two
craze interfaces behind the craze tip. The general mechanism of craze tip advance in ho-
mopolymers has been known for some time to be the Taylor meniscus instability process.
A narrow wedge-shaped zone of plastically deformed and strain softened material is formed
ahead of the craze tip. This deformed polymer constitutes a fluid-like layer into which the
craze tip meniscus propagates, whereas the undeformed polymer outside this zone acts as the
rigid plates which constrain the fluid. As the finger-like craze tip structure propagates, fibrils
develop by deformation of the polymer between the fingers and convolution of the meniscus
around these fibrils. A continuous void structure develops between the two craze interfaces
right at the craze tip.
The blends described above, which show an increased ductility, possess a total rubber con-
tent of more than 15 wt%. Therefore, it can be suggested that for these systems cavitation
of the PEB-phase in the micellar structures results in large particle orientation and plastic
deformation of the PS ligaments. PS fibrils are formed which possess an high draw ratio
due to the stabilization and plasticization effect of the PBA borders. The observed X-ray
scattering patterns support this hypothesis. The strong scattering at the equator is mainly
caused by orientation of the cavitated particles. The minor scattering at the meridian is the
result of the formation of craze-like structures. The scattering is less pronounced compared
to scattering from crazes in PS since the craze-bulk interface is less defined. The crazes do
not necessarily have to propagate perpendicular to the tensile direction, since crazes grow by
subsequent cavitation of the micellar nanodomains. This results in broad scattering streaks,
covering a broad range of azimuthal angles. Furthermore, the total fibril volume in the craze-
like structures is considerably larger than in conventional crazes observed in bulk PS, causing
the strong equatorial scattering. In conclusion, the most realistic explanation for the micro-
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scopic deformation in relation to the observed scattering patterns may be crazing, nucleated
by cavitation. Initially, a limited amount of small cracks or even some crazes are formed
causing the additional scattering in the tensile direction. The overall increase in intensity is
caused by the formation of numerous voids (cavitation) in the rubbery PEB domains. As the
voids will relieve the triaxial stress state in the blend, shear yielding is enhanced. This results
in strong plastic deformation of the PS domains, located between the deforming particles,
into so-called fibrillar structures. These plastically deformed fibrils consist of three separate
phases (PS, PBA and PEB) and therefore, posses an enhanced load bearing capacity and,
consequently, large stability.
Depending on the mode of microscopic deformation, the investigated blends can be divided
into two categories: crazing as observed in pure PS and cavitation induced crazing. In the
specific case of cavitation induced crazing, it would be of major interest to determine the
craze fibril diameter. For a correct calculation, however, the absolute invariant as a result
of fibril scattering should be determined, Paredes and Fischer (1979); Brown et al. (1985).
Therefore, the X-ray scattering from the underlying structure caused by craze/bulk interface
as well as the diblock copolymer morphology should be subtracted from the total scattering.
This is a rather complex analysis and goes beyond the scope of the thesis.
The core molecular weight and, thus, the particle size has a minor influence on the mode of
deformation. Depending on the degree of demixing, both the PEB and the PEP cores cav-
itate. The ultimate aim of this study was the preparation of a heterogeneous ductile blend
based on PS for which the deformation mode was changed from crazing to shear yielding.
Furthermore, the addition of rubber should be minimized to conserve the original high stiff-
ness of PS. Unfortunately, no improvement in mechanical performance could be observed for
blends containing less than 20 wt% diblock copolymer. As discussed, some blends showed
cavitation induced shear yielding of the PS ligaments, resulting in craze-like fibrillar struc-
tures. This indicates that the craze initiation stress for PS is not reached. Due to the small
PS ligaments the craze initiation stress may be higher and/or cavitation of the PEB domains
leads to a relieve of the high triaxial stress state present in the PS domains. The compression
tests clearly showed limited strain hardening for all compositions, which will result in severe
localization of the strain. Due to this limited strain hardening the deformation is localized in
the PS ligaments and the material is insufficiently capable of transforming the deformation
to undeformed parts, resulting in low draw ratios. To solve this problem, the matrix or the
rubber shell needs to be slightly crosslinked, since crosslinking leads to an increase in the
strain hardening modulus.
Another major objective is the development of a heterogeneous blend based on PS which
shows ductile behavior even under impact conditions. To achieve this, the rubber particles
should be precavitated or possess a minimal resistance against cavitation. Unfortunately, sol-
vent cast films as presented in this study are not suitable to demonstrate the occurrence of
cavitation under impact conditions with SAXS. The exposure time necessary to obtain high
resolution of the scattering patterns is too large to study these relatively brittle materials un-
der high strain rates. Preliminary results on the impact strength of a PS blend with 20 wt% of
PEB3.8-PBA83 showed an increase from 1 to 2.1 kJ/m2.



100 Chapter 5

5.4 Conclusions and Recommendations
The macroscopic toughening and intrinsic deformation behavior is dependent on the rubber
content and microscopic morphology. Cavitation in the rubber phase is essential for plastic
deformation. The cavitation events lead to a redistribution of the stresses in the surrounding
matrix and promote effective plastic deformation by a shear yielding process of the matrix.
Before cavitation, the stresses on the surface of a rubber particle are determined by its bulk
modulus and its volume strain. Once a void is formed, the volume strain within the rubber
phase, and therefore also the normal stresses at the surface of the particles, drop approx-
imately to zero, so that the particle effectively becomes a void. Consequently, the modu-
lus of a rubber determines its ability to cavitation. Rubbers with a decreased modulus and
hence decreasing cavitation resistance are more effective as toughening agents, whereas se-
vere crosslinking of the rubber phase prohibits the cavitation process. The occurrence and
influence of cavitation has been studied for several binary PS/PEB-PBA blends. The mi-
crophase separated, partly miscible blends deform via the subsequent cavitation of the PEB
microdomains, followed by yielding of the interconnected PS matrix. If the PS matrix and
the PBA shell are completely miscible due to the introduction of hydrogen bond interaction,
the total rubber fraction, possessing a glass transition temperature below room temperature, is
drastically reduced to ∼1-5 wt%. Since the liquid-like inclusions (∼10 nm) are embedded in
a glassy matrix, the resistance against cavitation is enhanced. Additionally, the interparticle
distance is larger due to the absence of a rubber shell. Crazing is the predominant mecha-
nism and craze propagation presumably proceeds via a interface convolution mechanism as
described by Argon and Salama (1976) for PS blends with low volume fraction of PB.
A strain hardening contribution from the rubber will be less important when the polymer ma-
trix itself shows effective strain hardening in the form of stable necking in tensile deformation
and can, therefore, extend the plastic zone. For these type of polymers, relief of the plastic
constraint by cavitation may be sufficient to provide toughness and good adhesion between
rubber and matrix may not be necessary. Compared to PMMA and PC, PS has an extreme
limited strain hardening behavior. A crosslinked or high shear modulus rubber shell is re-
quired to transfer the intrinsic ductility to the macroscopic level and support strain hardening.

5.5 Experimental

5.5.1 Materials
The solvent cast blends and the blends prepared via the in-situ polymerization of styrene in the presence
of the diblock copolymer as described in Chapter 4 were studied in this chapter. For the uniaxial tensile
tests, dog bone shape tensile bars were machined from solvent cast films (film thickness ∼ 0.1-0.3 mm,
width 2 mm, gauge length 17 mm). For the preparation of the samples for the uniaxial compression tests,
a bulk styrene/HFS copolymerization was performed in glass reactor tubes(�6.5x60 mm). Cylindrical
samples (�6.0x6.0 mm) were machined from the thicker bars. Prior to processing, all materials were
dried in a vacuum oven at 80◦C for five days to remove residual solvent or monomer.

5.5.2 Characterization
Mechanical characterization
Uniaxial compression tests were performed on a servo hydraulic MTS Elastomer Testing System 810.
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Cylindrical specimens (�6.0x6.0 mm) were compressed at room temperature with a constant logarith-
mic strain rate (10−3·s−1) between two parallel, flat steel plates. The friction between the samples and
the steel plates was reduced using PTFE tape (3M 5480, PTFE skived film tape) on the sample and a
soap-water mixture on the surface between the steel and the tape. No bulging or buckling was observed,
indicating that the friction was sufficiently reduced.
Uniaxial tensile tests were performed on a Zwick Z010 also with a constant linear strain rate of 10−3·s−1.
Small Angle X-ray Scattering (SAXS)
The mode of microscopic deformation was studied by performing time-resolved small angle X-ray
scattering (SAXS) measurements during tensile testing using the synchrotron radiation sources (the
DUBBLE beamline) at the ESRF (Grenoble, France). Scattering data were collected using a gas filled
multiwire two-dimensional (2D) detector positioned at 5.5 m from the sample. For calibration of the
SAXS detector, the scattering pattern from an oriented specimen of wet collagen (rat-tail tendon) was
used. The experimental data were corrected for background scattering, i.e. substraction of the scattering
from air and pure PS. To localize the deformation in the beamspot, the samples were shaped as shown
in Figure 5.21. The test samples were stretched using a home-build tensile device in which both clamps
could move in opposite directions, as shown in Figure 5.22. The tensile speed was 0.05 mm·min−1.
The total beam intensity in front of and behind the sample was recorded by ionization chambers during
the complete drawing process.
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Figure 5.21: Schematic representation of A) test bars used in the simultaneous SAXS-tensile experi-
ments, B) the experimental set-up.

Figure 5.22: Home-build tensile stage device and zoom in of the clamps.
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5.5.3 Analysis of scattering data
All scattering patterns presented in this chapter are measured using the ESRF facilities. From the
scattering patterns three-dimensional azimuthal plots are constructed to visualize the development of
orientation and dilatation during tensile deformation. Therefore, the 2D scattering patterns are divided
in 180 section of 2 degrees. The distribution of the scattered intensity in the different directions can be
visualized by plotting the total intensity over the complete q-range versus the azimuthal angle. A 3D
plot can be constructed by using time (or clamp displacement) as the third axis. The tensile direction
is vertical. Intensities at 90◦and 270◦correspond to the tensile direction (meridian), whereas those at
0◦and 180◦are related to the perpendicular direction (equator).
Considering the adjusted sample geometry to localize the deformation in the beam, care should be taken
in the interpretation of the scattering data in relation to the macroscopic strain or displacement of the
stretching device. The intensities, as measured by the ionization chambers placed in front of and behind
the tensile bar, can be used to determine the local strain at the position in the sample where the X-ray
beam passes through, Jansen et al. (2001b); Bubeck et al. (1991). This will allow for a direct comparison
of the local strain data and the corresponding measured X-ray scattering patterns. The strain, ε, of a
volume element is defined as:

ε =
lt
l0

∗ 100% (5.1)

where l0 and lt are the lengths of the volume element in the tensile direction at time t=0 (before defor-
mation) and at time t (during deformation), respectively. If introduced voids are excluded, the volume
of the deforming material is constant and consequently:

w0 · d0 · l0 = wt · dt · lt (5.2)

where wx and dx are the width and thickness of the volume element. By assuming that the contraction
in both directions perpendicular to the tensile direction are the same, the local strain is determined by:

εlocal =

[

(

d0
dt

)2
− 1

]

∗ 100% (5.3)

From the changes in absorbed radiation, the local strain can be calculated. The absorption of a given
sample generally is equal to:

I = I0 · e−a·dt (5.4)

where a is the absorption coefficient of the sample. When it is estimated that a is constant, it can be
derived that:

d0
dt

=
ln(I0)t=0 − ln(I )t=0

ln(I0) − ln(I )
(5.5)

On substitution of Equation 5.5, in Equation 5.3 the local strain can directly be calculated from the
changes in sample thickness during deformation. The occurrence of dilatation processes, such as craz-
ing and cavitation, is of no relevance since the sample thickness is measured by using the beam inten-
sities. In contrary, the effective local thickness obtained via this method will not necessary be equal to
the macroscopic film thickness. The recorded values from the ionization chambers are normalized and
that the radiation which is absorbed by air in the air gap is subtracted from the total absorbance. The
experimental error on the local strain data is assumed to be in the order of 10%.
To monitor craze formation and cavitation or orientation, the total scattered intensity is determined by
calculating the experimental invariant. The calculation of the experimental invariant is discussed in
detail in Chapter 3.



Chapter 6

Deformation of triblock
copolymers based on PMMA

The fracture properties and micromechanical behavior of polymethylmethacrylate-polybutyl-
acrylate-polyethylene-co-butylene (PMMA-PBA-PEB) was investigated by uniaxial tensile
testing and in-situ small angle X-ray scattering. The triblock copolymer exhibits a spherical
core-shell-like morphology. It was shown that the observed ductility is the result of the sub-
sequent cavitation of the liquid-like PEB phase. Cavitation of the PEB phase is followed by
yielding of the PMMA matrix. Independent of the strain rate, a high local strain of 140% was
obtained.

6.1 Introduction

In the previous chapters chemical blending routes are explored to prepare sub-micron or
nanosized rubber morphologies in a thermoplastic brittle amorphous matrix. In Chapter 3
and 4 it has been demonstrated that for both the PMMA and PS/diblock copolymer systems
an accurate control over the particle size can be obtained by adjusting the polymerization
viscosity and temperature and by introduction of specific favorable interactions, respectively.
However, incomplete demixing between the micellar shell and rubber matrix upon polyme-
rization appears to be a major drawback. In the case of the systems discussed in Chapter 4,
the interphase mixing is caused by the combination of a high compatibility introduced by the
hydrogen bond interaction and the large interfacial area as a result of the limited size of the
morphology. Compatibility is needed to prevent macrophase separation. Consequently, this
blending procedure will automatically not result in completely separated phases, as is aimed
for in order to produce an ideal model system. The competitive effects of micro/macrophase
separation and solubility of matrix and micellar shell on morphology and mechanical perfor-
mance are extensively discussed in Chapter 5. A promising route to the ideal morphology
may be the selective crosslinking of the micellar shell during or after the blending proce-
dure, although intermicellar crosslinking should be prevented. The use of specific monomers
which are able to autocrosslink themselves as shell material may be a promising solution,
Hu et al. (2002). Another route to prepare the model system described in Chapter 1 is the
use of triblock copolymers. Phase separation with sharp phase boundaries can be obtained in
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combination with nanosized structures.
When compared to their AB counterparts, ABC type block copolymers offer an increased po-
tential to create systems with tailored chemical, physical and mechanical properties, Thomas
(1999); Hardy et al. (2002). Their attractiveness lies in the unique and complex morpholo-
gies they express, with multiple levels of domain co-continuity. Many unique morphologies
in several ABC systems have been observed and reported over the past decades, Balsamo and
Stadler (1997); Bailey et al. (2001) however a thorough understanding of the complete phase
behavior in any one ABC system has yet to be realized.
In this chapter, the microscopic mode of deformation of a completely microphase separated
triblock copolymer will be discussed. By adjusting the composition and volume fraction of
the three separate phases core-shell-like structures in an amorphous matrix can be obtained.
A triblock copolymer with a liquid-like core (PEB), a rubbery shell (PBA) and a PMMA ma-
trix is synthesized by ATRP. The overall PMMA content is approximately 80%, whereas the
PEB content is less than 5%. The stress-strain behavior and mode of deformation of PEB-
PBA-PMMA is studied as a function of deformation speed and compared with the blends
described in Chapter 4 and 5.

6.2 Results

6.2.1 Morphology
The result of the thermal mechanical analysis of the triblock copolymer is depicted in Fig-
ure 6.1 and shows the variation in E-modulus and tan δ with temperature for this system. The
tan δ shows a first maximum at -73◦ C, which corresponds to the glass transition temperature
of PBA and PEB. Due to the low volume fraction of PEB, its glass transition temperature can-
not be detected separately. On continued heating a β-relaxation peak can be observed. This
peak is associated with sideband motions of PMMA. In the temperature region of 80-120◦C
a broad maximum in tan δ can be observed, which can be assigned to the glass transition
temperature of the PMMA matrix. For pure PMMA a sharp maximum in tanδ is observed
at ∼ 115◦C. The broad maximum observed in the DMTA plot for the triblock copolymer is
most probably caused by the diffuse phase boundary between the PBA and PMMA phase.
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Figure 6.1: Dynamic modulus Gd and loss angle (tan δ) versus temperature of solvent cast PEB-PBA-
PMMA.
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From the DMTA plot it is obvious that the triblock copolymer possesses a microphase sepa-
rated morphology. An attempt was made to visualize the nanoscopic structure of the triblock
copolymer by transmission electron microscopy. A transmission electron micrograph is given
in Figure 6.2. It is difficult to distinguish a clear structure, since differences in contrast could
hardly be obtained between the acrylate and methacrylate phase. The white dots observed
in the picture represent the PBA phase with a typical domain size of approximately 30nm.
The compatibility increases in the sequence PMMA/PEB � PBA/PEB � PMMA/PBA and
therefore, combined with the volume fraction of the components, a spherical structure is ex-
pected.
Figure 6.3 shows the 2-dimensional SAXS pattern of the triblock copolymer and the SAXS
data plotted on a logarithmic scale as a function of the scattering vector q. Due to the variety
of microstructures which can be formed by triblock copolymers it should be emphasized that
for a correct structure analysis of triblock copolymers from SAXS data, multiple Bragg reflec-
tions in the scattering data are necessary combined with clear TEM micrographs. The SAXS
profile shows a sharp ring corresponding to a domain spacing of 349 Å indicating that the sys-
tem possesses a microphase separated structure. Additional sharp Bragg reflections cannot be
observed. The shoulder at 209 Åis characteristic for a liquid-like order of spherical domains.
It is expected from Chapter 3 and 4 that the PEB core radius is approximately 45 Å. Suppose
a core-shell-like structure, it may be estimated from the volume fraction (φ P B A=3×φP E B)
that the PBA shell is 13 Å. The observed integrated SAXS pattern corresponds to a mor-
phology with a 45 Å core, 30 Å shell and a hard sphere radius of 150 Å using a polydisperse
core-shell model with hard sphere interaction.

Figure 6.2: Transmission electron micrograph of solvent cast PEB-PBA-PMMA.
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Figure 6.3: A) 2D-SAXS pattern of PEB-PBA-PMMA, B) after radial integration.

6.2.2 Macroscopic properties

In Figure 6.4 the macroscopic tensile behavior of the triblock copolymer is presented. A
maximum strain at break of 33% is obtained, considerable higher than the blends presented
in Chapter 4 and 5. The yield stress is 37 MPa, which is drastically reduced compared to pure
PMMA. During tensile deformation, stress whitening is observed, accompanied by strain
localization and neck formation.
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Figure 6.4: Stress-strain behavior of PEB-PBA-PMMA at a strain rate of 1·10−3 s−1.

6.2.3 Intrinsic behavior

The compressive behavior of the PEB-PBA-PMMA triblock copolymer and pure PMMA is
presented in Figure 6.5. Compared to the intrinsic behavior of pure PMMA, the yield stress
and the strain softening are reduced. The presence of a rubber microphase causes a more
delocalized deformation resulting in a higher macroscopic strain at break. The low strain
hardening modulus at higher strain of the triblock copolymer is the result of the relatively
low matrix molecular weight. The difference in sample test geometry for PMMA and the
triblock copolymer may also cause the variation in strain hardening behavior.
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Figure 6.5: Compressive behavior of PEB-PBA-PMMA and pure PMMA. The compressive strain rate
is 1·10−3 s−1.

6.2.4 Microscopic deformation
The microscopic deformation behavior of blends described in Chapter 4 and 5 depends largely
on the morphology and degree of demixing. Although the PS matrix is changed into a PMMA
matrix (for synthetic reasons), it is of major interest to study the deformation behavior of
fully separated three phase structures. The mode of deformation was studied by using in-situ
SAXS during tensile deformation. Figure 6.6 shows the development of the 2D scattering
patterns during tensile deformation of the PEB-PBA-PMMA triblock copolymer.

Figure 6.6: 2D-SAXS patterns of PEB-PBA-PMMA measured at different clamp displacements,
x [mm], indicated in the right bottom corner, the tensile direction is vertical.

The presence of a sharp ring is caused by scattering from the microphase separated struc-
tures. During deformation, intense scattering streaks develop in the tensile direction, see
x = 0.5 mm. Upon further drawing, additional but less intense scattering streaks develop in
the equatorial direction, see x = 1 mm and x = 1.67 mm. As discussed in Chapter 5, this
crosslike pattern can be ascribed to the scattering of crazes. Remarkably, the intensity of the
streak in the meridian direction diminishes at x = 1.67 mm and the streak completely disap-
pears at x = 2.63 mm. At this point, the intensity of the scattering perpendicular to the tensile
direction is clearly stronger than the streak in the tensile direction. These observed phenom-
ena are more obvious in the azimuthal plot, depicted in Figure 6.7. When the deformation
proceeds in the beam, a sudden increase in intensity can be observed at the four principal axes
(t = 6 min). Furthermore, the intensity over the complete azimuthal angle range is enhanced.
At t = 25 min, the scattering parallel to the tensile direction, which can be ascribed to crazing
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Figure 6.7: SAXS data for the in-situ deformation of PEB-PBA-PMMA (azimuthal plot). The tensile
speed = 0.05 mm·min−1.

(90 and 270◦C), completely vanishes. The scattering at the equator decreases slightly, which
can simply be explained by sample thinning.
The experimental invariant shows a sharp increase after a clamp displacement of 0.25 mm,
see Figure 6.8A. This is the onset of deformation of the material positioned in the beam as
can be concluded from the increase in local strain, displayed in Figure 6.8B. The invariant in-
creases rapidly due to the formation of scattering elements in the form of cavities and maybe
some cracks or crazes. At x = 0.7 mm, it reaches a maximum. For higher clamp displace-
ments, sample thinning in the form of a neck causes a decrease in the number of scattering
elements, which is accompanied by diminishing of scattering at the meridian. At x = 1.8 mm,
a macroscopic crack develops resulting in a further decrease of the invariant. Since part of
the crack is positioned in the beam, the number of scattering elements is reduced. The ma-
terial fractures at x = 2 mm. The local strain data clearly show the onset of deformation at
x = 0.3 mm. Between 0.3 and 0.5 mm a high local strain rate can be observed. beyond this
point the local strain rate is slightly reduced. The development of a localized deformation
zone in the form of a neck reduces the local strain rate. The sharp increase in local strain
data at x = 1.8 mm is caused by the formation of a macroscopic crack. The material fractures
before a stable plateau in the local strain data is reached, as can be expected for materials
which deform via necking.
The observed phenomenon of the disappearing craze scattering is even more pronounced
when the tensile speed is increased to 0.2 mm/min, see Figure 6.9. Immediately after the start
of the tensile test, an increase in total intensity can be observed accompanied with strong scat-
tering at the principal axes. The scattering parallel to the tensile direction rapidly decreases.
The decrease in scattering elements can also be clearly observed in the experimental invariant
at x = 0.8 mm, displayed in Figure 6.10. The local strain data show a constant local strain
rate. The development of localized deformation zone in the form of neck cannot be deduced
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Figure 6.8: SAXS data for the in-situ deformation of PEB-PBA-PMMA. The tensile
speed = 0.05 mm·min−1. A) Experimental invariant and B) local strain data.
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Figure 6.9: SAXS data for the in-situ deformation of PEB-PBA-PMMA (azimuthal plot). The tensile
speed = 0.2 mm·min−1.

from these data. At x = 2 mm a crack develops, resulting in a decrease in invariant and con-
stant strain.
To study the microscopic mode of deformation under impact condition, similar experiments
were performed for a notched sample with a tensile speed of 25 mm·min−1. In Figure 6.11
the azimuthal plot is depicted. Due to the high tensile speed and the minimal exposure time
of 1s, it is hard to gain information about intermediate structures. However, it is obvious that
the increase in strain rate to 25 mm·min−1 causes a dramatic change in the scattering patterns.
Only one single strong streak in the tensile direction can be observed, without the occurrence
of any scattering in the perpendicular direction. Remarkably these streaks disappear before
the material is broken. The absence of scattering at the equator suggests the formation of only
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Figure 6.10: SAXS data for the in-situ deformation of PEB-PBA-PMMA. The tensile
speed = 0.2 mm·min−1. A) Experimental invariant and B) local strain data.

a small amount of orientation and craze-like structures with a limited fibril content. Another
plausible explanation for the absence of any scattering at the equator may be the exposure
time, which is too short to gain sufficient contrast. The abrupt decrease in intensity after 2 s
is caused by sample thinning. The sample fractures at a displacement of 3.5 mm (t = 8-9 s) as
illustrated in Figure 6.12 representing the recorded force as a function of displacement during
the X-ray experiment. Figure 6.13 represents the invariant and local strain data. The invariant
clearly shows the onset of dilatation at x = 0.8 mm. The maximum local strain is compara-
ble with the local strain for the experiments described before with lower tensile speed. It is
obvious that the local strain reaches a maximum and remains constant afterwards. Even for
this high strain rate, the material is capable of transferring the load to undeformed parts of
the sample.

0 50 100 150 200 250 300 350

0

0.05

0.1

0

0.01

0.02

0.03

0.04

0.05

0.06

0.07

Azimuth [degrees]

Time [min]

In
te

ns
ity

 [a
.u

.]

Figure 6.11: SAXS data for the in-situ deformation of notched PEB-PBA-PMMA (azimuthal plot).
The tensile speed = 25 mm·min−1.
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Figure 6.12: Tensile force vs displacement as measured for notched PEB-PBA-PMMA recorded during
in-situ SAXS experiment (depicted in Figure 6.11). The tensile speed = 25 mm·min−1.
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Figure 6.13: SAXS data for the in-situ deformation of notched PEB-PBA-PMMA. The tensile speed =
25 mm·min−1. A) Experimental invariant and B) local strain data.

6.3 Discussion

Two explanations in terms of the development of microscopic deformation for the observed
scattering patterns can be found. The first explanation is schematically represented in Fig-
ure 6.14. Upon drawing, small cracks in the PMMA matrix develop accompanied by ca-
vitation and orientation of the PEB domains. Crazes propagate perpendicular to the tensile
direction, until the growth is arrested by oriented PEB-PBA elliptical structures. Yielding
of the small ligaments between the oriented spheres is enhanced by cavitation of the PEB
domains (relieving the high triaxial stress state). The shear yielding may result in orienta-
tion of the cavities and crazes followed by squeezing and collapsing of the craze structure.
It is important to recall that the characteristic length scale of block copolymer morphologies
is approximately 10 nm. This has to be compared with the 0.3 µm thickness of a typical
craze in a non-modified PMMA and a 10 nm diameter for a typical craze fibril, Argon and
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Cohen (1990). Thus, the characteristic length of a block copolymer morphology is substan-
tial smaller than the characteristic size of a craze in a typical homogeneous glassy polymer.
Therefore, the small rubber domains are not capable in either initiating or terminating crazes.
The craze will extend much more than the distance between two or more rubber particles.
Furthermore, it is generally accepted that when the ligament size is reduced to below ∼50
nm, craze formation is avoided.
A more plausible explanation for the observed scattering patterns is therefore presented in
Figure 6.15.

Figure 6.14: A schematic representation of the microscopic mode of deformation in PEB-PBA-
PMMA.

Figure 6.15: A schematic representation of the microscopic mode of deformation in PEB-PBA-
PMMA.

The basic idea is that nucleation of crazing occurs via cavitation. Initially, the material is
elastically deformed up to a critical strain, at which the PEB domains cavitate under the
concentrated stresses. The stress builds up in the surrounding matrix and can lead to a large
plastic flow and formation of strongly elongated ligaments under elevated stresses. The exten-
sion ratios of these ligaments may be considerably higher than the extension ratios of fibrils
observed in pure PMMA, since the fibrils consist of three phases, i.e. PMMA, PBA and PEB,
and therefore display a high plastic deformation. The oriented interparticle PMMA-based
ligaments and oriented cavities give rise to the strong scattering perpendicular to the tensile
direction. Upon deformation, the cavitated domains form dilatation shear bands, resulting in
the elliptical scattering patterns at the equator. This model was first described by Schwier
et al. (1985). The disappearance of the craze bulk interface scattering may have several ori-
gins. First, due to the enormous large fibril extension, the scattering streak from the craze
bulk interface (parallel to the tensile direction) caused by external reflections moves into the
beamstop and is not visible anymore. Secondly, the volume fraction of material in the craze-
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like structure is substantially larger than in crazes observed in unmodified materials (approx.
30 vol%). The cavitated plasticized shear bands propagate along the sample in the form of a
neck. The large volume fraction of fibril-like ligaments reduces the electron density differ-
ence. Another explanation involves the elongation and squeezing of the cavitated particles
parallel to the tensile direction upon necking, such that scattering from bulk/cavity interface
is minimized.
The in-situ SAXS deformation experiments showed that the microscopic mode of deforma-
tion is hardly influenced by the strain rate. Although cavitation was not observed in the X-ray
patterns recorded during impact, the disappearance of the scattering streak at the meridian
clearly indicates that the material does not deform via traditional crazing as observed in bulk
material. Most likely, elongated cavities are formed in the PEB nanodomains, also under
impact conditions, which results in a subsequent yielding of the matrix.

6.4 Conclusions

The objective of the research described in this chapter was to reveal to influence of mor-
phology and degree of demixing on the mechanical performance and mode of microscopic
deformation. Chapters 4 and 5 showed that an enhanced ductility could be obtained for nano-
sized core-shell-like structure in PS when a sufficiently large rubber shell was present. Com-
parable to these blends, the deformation of the triblock copolymer described in this chapter
starts with the development of craze-like structures, initiated by the cavitation and orienta-
tion of the voids. For both systems, strong scattering perpendicular to the tensile direction
can be observed. The most plausible explanation for the origin of crazing-streaks is ’craze’
formation, nucleated by cavitation of the PEB domains. Elongation of the PMMA ligaments,
surrounded by rubber PBA and PEB results in large plastic deformation. Upon drawing, the
local fibrillar structure will reach its maximal extension and fractures.
Due to the lower entanglement density, the maximum draw ratio of PS fibrils is expected to
be higher compared to PMMA ligaments. The strain at break as well as the maximum local
strain is much larger for the PMMA triblock copolymer as for the PS blends with a simi-
lar weight fraction rubber as described in Chapter 5. This can mainly be explained by the
incomplete demixing of the rubber shell and the matrix in the PS blends. Additionally, the
difference in PEB to PBA weight ratio (for the PS blends, a high molecular weight PBA shell
was necessary to avoid macrophase separation) may result in enhanced mechanical proper-
ties. In the PS blends the overall weight percentage of PEB domains is much smaller (approx.
1 wt% compared to 5 wt%). The number of liquid domains is therefore higher in the pure
triblock copolymer and, consequently, the ligament size of the matrix is smaller. It is known
that shear yielding is enhanced when the ligament size is reduced. This may be an expla-
nation for the enhanced local strain and macroscopic response. Another explanation may be
found in the extent of demixing and the covalent bonds between the separate phases. Addi-
tionally, the entanglement density is known to be higher for PMMA than for PS. This results
in a higher strain hardening modulus and, consequently, an enhanced capacity of transferring
the deformation to undeformed parts (an enhanced tendency for delocalized deformation).
It would be interesting for further experiments to reveal the influence of the PBA rubber shell
on the deformation. For a PEB-PMMA diblock copolymer with small liquid-like inclusions,
cavitation may be more restricted due to the rigid shell and, furthermore, the contribution of
the PBA phase to the plastic deforming PMMA fibrils is lacking.
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6.5 Experimental
6.5.1 Materials
The triblock copolymer with PMMA as the third block, as discussed in this chapter, was synthesized
by an additional ATRP step, using a PEB3.8-PBA14.7 diblock copolymer, described in Chapter 2, as
macroinitiator (PDi = 1.23). The CuBr/PMDETA complex was used as catalyst system (equal initia-
tor/catalyst/solvent ratios as for the ATRP reactions as described in Chapter 2). MMA was obtained
from Aldrich and purified prior to use.
Solvent cast samples were prepared by casting a 5 wt% polymer solution in toluene on F2 coated glass
slides. The solvent was evaporated slowly over 5-7 days at room temperature to get (highly ordered)
equilibrium morphologies. Afterwards, the films were dried in a vacuum oven at 6◦ C for three days,
followed by three days at 80◦ C to remove any residual solvent.
The molecular weight (distribution) of the triblock copolymer was determined by Size Exclusion Chro-
matography (SEC) using PS standards. The PEB-PBA-PMMA triblock copolymer has the follow-
ing molecular characteristics: Mn (PEB) = 3.8 kg·mol−1, Mn (PEB-PBA) = 18.4 kg·mol−1 and Mn
(PEB-PBA-PMMA) = 74.2 kg·mol−1, Mw /Mn = 2.45, where Mn and Mw denote the number-average
and weight-average molecular weights, respectively. The total volume fraction PMMA in the triblock
copolymer is (φ PMMA) = 0.74.

6.5.2 Characterization
Mechanical characterization
Dynamic mechanical thermal analysis (DMTA) was performed on a Polymer Laboratories (now: Rheo-
metrics Scientific) Dynamic Mechanical Thermal Analyzer MkII in the bending mode with a frequency
of 1 Hz, a strain of 40 µm and a heating rate of 2◦C.
Uniaxial tensile tests were performed on a Zwick Z010 with a constant linear strain of 10−3 s−1.
Uniaxial compression tests were performed on a servo hydraulic MTS Elastomer Testing System 810.
Cylindrical specimens (�9.0x2.0 mm for the tiblock copolymer and �6.0x6.0 mm for PMMA) were
compressed at room temperature with a constant logarithmic strain rate (1·10−3 s−1) between two par-
allel, flat steel plates. The friction between the samples and the steel plates was reduced using PTFE
tape (3M 5480, PTFE skived film tape) on the sample and a soap-water mixture on the surface between
the steel and the tape. No bulging or buckling was observed, indicating that the friction was sufficiently
reduced.
Small Angle X-ray Scattering (SAXS)
To study the intrinsic mode of deformation time-resolved X-ray experiments were performed on the
DUBBLE beamline (BM 26B) at the European Synchrotron Radiation Facility (ESRF) in Grenoble
(France). The SAXS data were collected on a multiwire two-dimensional (2D) detector positioned at
5.5 m from the sample. For calibration of the SAXS detector, the scattering pattern from an oriented
specimen of wet collagen (rat-tail tendon) was used. The experimental data were divided by the detec-
tor response in order to correct for intrinsic errors in the intensity measurements of the detector used.
The background scattering, which is mainly the result of air, is subtracted. The two-dimensional SAXS
data were transformed into one-dimensional plots by performing integration along the azimuthal angle
using the FIT2D program of Dr. Hammersley of ESRF. In-situ SAXS deformation experiments were
carried out using a home build tensile stage, in which both clamps could move in opposite direction.
The test speed varied from 0.05 mm·min−1 to 25 mm·min−1 for different experiments. The stretching
direction was parallel to the surface of the solvent cast films. The exposure time for each pattern was
10 seconds for the relatively low tensile speeds and 1 second for the high tensile speed. The absorption
data collected by the ionization chambers are used to calculate the local strain in the beam spot. For a
detailed description of the analysis, the reader is referred to Chapter 5.



Chapter 7

Modes of deformation of
superductile PS-PB-PCL with PS
as the matrix

The effect of the long range order and thermal treatment of semi-crystalline poly−ε-capro-
lactone cylindrical domains on the micromechanical deformation and fracture properties of a
polystyrene-b-polybutadiene-b-poly-ε-caprolactone (SBC) triblock copolymer with PS as the
matrix was investigated. Small angle X-ray scattering was used to determine the microscopic
mode of deformation. Fourier transform infrared spectroscopy (FTIR) revealed information
about the molecular orientation upon deformation of the separate components in the triblock
copolymer. Films of SBC possess a higher ductility when the semi-crystalline PCL cylindri-
cal microdomains are quenched. In this case, the deformation proceeds via cavitation within
the PCL domains and subsequent shear yielding. Long range order of the cylinders leads to
embrittlement, since craze formation and crack propagation can proceed along the cylindrical
axis, without the cylinders bridging such cracks.

7.1 Introduction
The major objective of this research is the suppression of the crazing process during de-
formation of brittle polymers like PS and PMMA. This can be achieved by decreasing the
morphology size to such an extent that the interparticle local thickness becomes too small
to allow for craze formation. In order to combine a ductile behavior (i.e. small ligament
thickness) with a minimum loss in modulus and strength the size of the rubber morphology
has to be decreased to nanoscale. Another requirement for improved properties and plastic
deformation is the occurrence of cavitation. As derived by Bucknall et al. (1994), the cavita-
tion capability of rubbery domains is dependent on crosslink density and particle size. Voids
are formed preferentially in the larger particles. However, when a particle is precavitated, no
practical limit for its size exists.
In the previous chapters, materials were developed with a liquid-like core to minimize the
resistance against cavitation. A second route to minimize a material’s resistance against ca-
vitation could be the introduction of internal stresses in the microdomains by crystallization.
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Several studies were performed towards the mechanical properties of amorphous blends con-
taining a semi-crystalline dispersed phase. Ruokolainen et al. (2002) investigated the effects
of polyethylene cylinder domain orientation and thermal history on the micromechanical
deformation and fracture properties of poly(cyclohexylethylene)-poly(ethylene)-poly(cyclo-
hexylethylene) (CEC) triblock copolymers, in which the poly(cyclohexylethylene) blocks are
unentangled. They found that changes in mechanical performance with thermal history were
mainly caused by the degree of physical ageing rather than crystallization kinetics. How-
ever, a semi-crystalline core surrounded by a rubber shell layer in a polystyrene matrix may
facilitate the rubber cavitation process. This approach is applied on an asymmetric ABC tri-
block copolymer, in which A is the polystyrene matrix, B is the rubber component and C the
semicrystalline block. For amorphous triblock copolymers in which one of the end blocks
forms the matrix, the sum of the volume ratios of component B and C will define whether
a cylindrical or spherical morphology is formed. If one or more of the blocks are able to
crystallize, a much more complex phase behavior can be expected because of the interplay
of crystallization and microphase separation, Bailey et al. (2001). The crystallization process
can either disturb an already organized microstructure, inhibit the organization of microstruc-
tures or induce a transition between two different morphologies. The final morphology after
crystallization depends on whether the samples is cooled from a microphase separated melt or
crystallizes from a homogeneous melt or solution, Hamley (1999). Furthermore, the presence
of amorphous blocks affects the crystallization kinetics. Studies on ABC triblock copolymers
with crystallizable blocks were reported by Balsamo et al. (1996b); Schmalz et al. (2001) us-
ing various high molecular weight polystyrene-block-polybutadiene-block-polycaprolactone
(SBC) triblock copolymers, with a crystalline PCL-block. The crystallization of the poly-
caprolactone block is affected by the presence of both amorphous blocks. A general decrease
in crystallinity as well as the occurrence of fractionated crystallization is observed, especially
for those copolymer with low PCL content, Balsamo et al. (1996b). Due to the small volume
fraction of PCL, the number of PCL microdomains is much smaller than the overall number
of active heterogeneities usually present in the homopolymer PCL. Therefore, crystallization
takes place in two steps through a combination of heterogeneous and homogeneous nucle-
ation.
This chapter describes the influence of thermal history on the crystallizable block and, con-
sequently, the influence of the crystallizable block on the stress-strain behavior and the mode
of deformation. The SBC triblock copolymers with PS as the matrix and synthesized by Bal-
samo are used for this purpose. Since the glass transition temperature of the glassy matrix is
higher than the crystallization temperature of the crystalline PCL block, the block copolymer
matrix is already vitrified when the crystallization occurs inside the confined domains. The
overall block copolymer morphology is, therefore, unaffected by this crystallization process.
However, the total degree of crystallinity and crystal lamellar thickness may depend on the
cooling rate, and changes in these quantities may have an affect on the triblock copolymer
deformation. This triblock copolymer is used as a model system to study the influence of a
crystalline core, surrounded by a rubber shell, on the microscopic mode of deformation of a
PS blend. Time-resolved small angle X-ray scattering and FTIR spectroscopy have been used
to resolve the intrinsic deformation behavior and molecular orientation.



Modes of deformation of superductile PS-PB-PCL with PS as the matrix 117

7.2 Results and discussion

7.2.1 Morphology
The structure formula of the triblock copolymer used in this study is given in Figure 7.1, the
composition and molecular weight (distribution) are listed in Table 7.1.
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Figure 7.1: Structure formula of the PS-PB-PCL triblock copolymer, the subindexes a, b and c denote
the weight percentage of each component.

Table 7.1: Triblock copolymer characteristics

Polymer Mn - φPS φPB φPCL PB
[kg ·mol−1] Mw/Mn [-] [-] [-] % 1,4 % 1,2

S57B27C∗
16 137 1.12 0.55 0.30 0.15 91 9

∗ The subindexes represent the weight percentage of each component

Figure 7.2 shows TEM micrographs of the PCL-PB-PS triblock copolymer stained with OsO4
vapor after solvent casting (A), compression molding and annealing (B) and compression
molding and quenching in water and liquid nitrogen (C). Due to staining PS appears gray
as the matrix forming component and PB can be recognized as irregular black shells around
bright cores of PCL. During solvent casting, the cylindrical microdomains formed in a cast
solution preferentially orient with their axes in a plane parallel to the film surface. The do-
main structure may be frozen in when the PS-rich matrix is vitrified. Since the PS matrix still
contains a certain amount of solvent, volume contraction occurs during successive evapora-
tion of the solvent. In this process the thickness of the cast solution decreases while keeping
its area constant, which may lead to cylinders having elliptical cross sections with their long
axes oriented parallel to the film surface as shown in Figure 7.2A. In contrast to the core-shell
cylinders observed for amorphous triblock copolymers of similar composition, the cylinders
in PCL-PB-PS have an unusual polygonal shape. The PCL block possesses a crystallinity
of 38%, Balsamo et al. (1996b). Therefore, the polygonal shape is probably caused by the
deformation of circular shaped cylinders during the crystallization process of the inner PCL
cylinders, below the glass transition temperature of the PS matrix. By compression molding
the long range order, or the preferential ordering, of the cylindrical domains is decreased,
as can be observed in Figure 7.2B and C. Although the micrograph of the annealed samples
is somewhat hazy, it can be seen that the domain size of the quenched material is larger.
In Figure 7.3 the dynamic mechanical behavior of a compression molded PCL-PB-PS film
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Figure 7.2: Transmission electron micrograph of A) solvent cast PCL-PB-PS, B) compression molded
and annealed and C) compression molded and quenched in water and liquid nitrogen.

(annealed) is presented. The PCL-PB-PS is microphase separated into a PS, PB, and an
amorphous PCL and a crystalline PCL phase. For PCL, a glass transition temperature and a
melting temperature can be observed at resp. -60 and 50◦ C. The glass transition temperature
of the polystyrene matrix (102◦ C) is equal to the Tg of bulk PS. The rubber polybutadiene
shell possesses a Tg of -97◦ C. The PB glass transition temperature is lower compared to
bulk PB. This phenomenon is often described to be the result of the confined microdomain
structure.
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Figure 7.3: Dynamic modulus Gd and loss angle (tan δ) versus temperature of solvent cast PCL-PB-PS.

Figure 7.4 displays the DSC cooling curve of the triblock copolymer. A peculiar crystal-
lization behavior is found. A second exotherm, not present in any cooling curve of pure
polycaprolactone, appears at a much lower temperature, i.e. larger undercooling. Due to
the low content of PCL, PCL should form a dispersed phase whose average size must be so
small that fractionated crystallization can take place. The copolymer shows only one melting
endotherm. The results can be understood by considering that the first crystallization process
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at T = 25◦ C, (I), is induced by heterogeneous nucleation and the second exotherm, (II), at
T = -55◦ C by homogeneous nucleation. A similar phenomenon is observed for polysty-
rene/polypropylene blends when the crystallizable component (PP) is finely dispersed in the
amorphous matrix, Santana and Mueller (1994). In polystyrene-poly(ethyleneoxide) copoly-
mers, fractionated crystallization was observed for the PEO block, Mueller et al. (2002).
The first exotherm appeared at a temperature close to the crystallization temperature of ho-
mopolymer PEO whereas the other exotherm was found at -20◦ C. The latter exotherm was
only visible when the crystallizable block was the minor component, i.e. when the PEO
formed a dispersed phase in the amorphous matrix. Guo et al. (2003) reported the occur-
rence of homogeneous nucleation in self-organized block copolymer/thermoset blends for
the crystallisable thermoset-immiscible block component. The semi-crystalline morphology
and crystallization kinetics proved to be greatly affected within the nanoscale confinements.
In all these cases there seems to be a critical size of the dispersed phase such that the number
of dispersed particles is much larger than the number of heterogeneities present in the system,
in such an extent that homogeneous nucleation is promoted. Consequently, the relative size
of both exotherms depends on the proportion of heterogeneities in the system. Extremely
purified polymers may crystallize predominantly by a homogeneous crystallization process.

Figure 7.4: DSC cooling scan of PS-PB-PCL recorded at -20◦ C·min−1, reproduced from Balsamo
et al. (1999).

7.2.2 Deformation behavior of PCL-PB-PS

The influence of the morphology of (tri)block copolymers on both the mechanical perfor-
mance and the intrinsic mode of deformation has been described by numerous groups. The
chemical linkage between the blocks provides the possibility of effective stress transfer be-
tween the microphases, Argon and Cohen (1990); Yamaoka and Kimura (1993). A study
towards the mechanical performance of a triblock copolymer for which all components are
chemically different and one block (the core) is crystallizable is recently reported by Balsamo
et al. The stress-strain properties of PCL-PB-PS as measured by Balsamo et al. (1999) are
listed in Table 7.2 and presented in Figure 7.5.
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Table 7.2: Tensile properties of S57-B27-PCL16 prepared under various conditions; tensile test per-
formed at 40 mm·min−1, as reported by Balsamo

Preparation conditions E σy εy σb εb
[MPa] [MPa] [%] [MPa] [%]

Cast from toluene (S) 715±85 14.6±2.9 3.1±1.8 8.4±1.2 58±11
Quenched in cold water (Q) 246±74 9.4±0.9 5.0±1.4 9.8±2.0 690±104
Quenched annealed(A) 352±164 9.8±1.8 2.8±1.0 8.7±1.8 455±154
Quenched in l. nitrogen (QN2) 317±60 14.4±0.7 5.5±2.1 15.9±2.1 890±98
Measured at 65◦ C 173±24 4.8±0.4 5.1±0.2 2.0±0.1 40±34

E= modulus, σy = stress at the yield point, εy = elongation at the yield point, σb = stress at
break, εb = elongation at break.

Figure 7.5: Stress-strain curves of PS-PB-PCL prepared under different conditions: S = solution cast;
Q = quenched in cold water; QN2 = quenched on cold water and liquid nitrogen; A =
annealed at 140◦ C for 2 hrs; 65◦ C = measured at 65◦ C. The strain rate = 40 mm·min−1.

From Table 7.2 it is obvious that the tensile properties are highly dependent on the thermal
treatment and microdomain structure. The solvent cast material showed stress whitening,
most likely due to crazing in combination with neck formation. The maximum draw ratio
is only 58%. The quenched material exhibits a dramatically improved ductility compared to
the solvent cast sample and hardly shows any stress-whitening. Strain softening is more pro-
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nounced and the elastic modulus is reduced drastically. The less pronounced stress-whitening
in this melt-pressed quenched material, suggests that crazing is suppressed. Although the mi-
crodomains are less organized compared to the solvent cast material, a similar morphology
is formed, i.e. core-shell-like cylinders, see Figure 7.2. Balsamo proposed that microcrazes,
which are the consequence of surface stresses at internal interfaces, can only grow to a limited
extent. Due to the lower degree of order in this core-shell cylinder morphology, the cylinders
are more efficient to stop craze growth. In the solution cast material with long range order
crazes probably grow along the grain boundaries. Further evidence that support this view of
interrelation between the mechanical performance and morphology is the stress-strain curve
obtained for samples that were compression molded and annealed at 140◦ C. A decrease in
strain at break was observed from 690% to 460%, along with an increase in modulus. It was
proposed that in this case a higher order of the microdomains can be reached compared to
samples that were only compression molded and immediately quenched.
Stress-strain experiments were performed with the triblock copolymer, after an additional
quenching step in liquid nitrogen after rapid cooling from the melt to room temperature.
From DSC heating runs, Balsamo et al. (1996b), it was observed that by additional quench-
ing the crystallinity was further enhanced from 10 to 29 % respectively. Since this triblock
copolymer exhibits fractionated crystallization, an increase in crystallinity occurs due to ho-
mogeneous nucleation at -55◦ C. The stress-strain behavior showed an increase in modulus
and a strain at break to approx. 900%. The high ductility of these blends has to be attributed
to the crystallinity of the core in the irregular packed polygonal core-shell cylinders. This
effect becomes even more pronounced when the tensile experiment is performed at 65◦ C,
just above the melting temperature of the PCL microdomains. Although, the complete rubber
content is enhanced to 40%, the total maximum extension is only 40%. It was speculated by
Balsamo that the polygonal form of the core shell cylinders could facilitate the initiation of
crazes from the corners. Upon melting of the cylindrical core a transition from the polygo-
nal shape, which causes a tremendous number of stress concentrations, to a simple circular
cylinder occurs and, consequently, craze formation and propagation is no longer effective.
The decrease in tensile properties at 65◦ C should be caused by melting of the PCL phase
since it is known that the influence of temperature (T<100◦ C) on the deformation of PS is
minimal, van Melick et al. (2002).
Since Heuschen et al. (1998) reported that the diblock copolymer PS-PCL with a 56 wt% PS
matrix behaved brittle, with strains less than 20%, it seems likely that the rubber PB shell in
PCL-PB-PS is a prerequisite to achieve large ductility. To prove whether the semi-crystalline
core facilitates the rubber cavitation and promotes shear yielding, time-resolved SAXS ex-
periments were performed. Special attention is paid in monitoring the development of voids
(cavitation) dependent on the thermal treatment for different strain rates. Moreover, the ef-
fect of long range order of the microdomains on the deformation behavior was studied. The
advantage of using synchrotron radiation is that several modes of deformation can be dis-
tinguished separately and that the deformation can be followed during mechanical testing.
Furthermore, the SAXS data may yield quantitative information about the local strain.
In the subsequent section time-resolved SAXS patterns will be presented as function of ther-
mal treatment. In the final section FTIR experiments are shown to determine the orientation
in the separate phases of the triblock copolymer.

Solvent cast materials
The material was solvent cast from a 5 wt% solution from toluene. Additionally, the film was
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dried at 80◦ C for three days and annealed at 140◦ C for 2 h under vacuum. SAXS data are
recorded during a tensile tests with a strain rate of 0.05 mm/min.
The azimuthal plot for the solvent cast sample recorded during deformation until fracture
occurred is given in Figure 7.6. The mode of microscopic deformation is clearly different
from pure PS, presented in Chapter 5. As observed for the formation of crazes in Chapter 5,
also in this case some enhanced scattering is observed in the tensile direction (90 and 270◦)
after t = 10 min. Upon further drawing, additional and intense scattering develops at the
equator. The intensity covers a narrow azimuthal angle range, and therefore, cannot only
be attributed to orientation of the cylindrical microstructure. This additional scattering at
the equator is accompanied by an overall increase in scattered intensity, even in between the
principal axes, which would suggest the development of voided structures. After 12 min a
neck is formed and the deformation proceeds over the length of the sample. Scattering at the
equator is diminished, most probably caused by sample thinning, which results in a reduction
of scattering elements. Remarkably, the meridian scattered intensity remains approximately
constant. Since the sample thickness in the beamspot decreases, this would indicate that ad-
ditional crazes are formed.
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Figure 7.6: SAXS data for the in-situ deformation of solvent cast PS-PB-PCL (azimuthal plot). The
tensile speed = 0.05 mm·min−1.

The experimental invariant is given in Figure 7.7A. At a clamp displacement of 0.4 mm the
scattered intensity increases rapidly. This can be characterized as the onset of crazes at t = 8
min. At x = 0.6 mm the experimental invariant reaches a maximum. Due to the formation
of a neck, the samples get suddenly thinner and the total number of scattering elements at
the position the beam passing through decreases. The formation of a neck can also be de-
duced from the local strain data, see Figure 7.7B. Initially the strain increases linear with the
clamp displacement up to x = 0.4 mm. No additional scattering is observed in the experimen-
tal invariant or the azimuthal plot. This may indicate that the initial elastically deformation
proceeds homogeneously without any dilatation processes such as cavitation or crazing. At
x = 0.4 mm the local strain rate decreases and reaches an almost constant level. This is caused
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by the localized deformation in the form of a neck. The deformation is transferred in the form
of a neck to undeformed parts. A possible explanation for the scattering data in terms of the
microscopic deformation behavior is craze formation in the PS domains propagating along
the cylindrical axis. During deformation cavitation can be observed from the increase in the
intensity over the complete azimuthal angle range. Orientation of the cavities and the for-
mation of craze fibrils causes the enhanced scattering at the equator. It is unclear whether
the cavitation is initiated in the PCL and/or PB domains or in the PS matrix. However, since
the material is brittle with a low strain at break, it may be suggested that cavities are formed
in the PS domains resulting in subsequent fracturing of the matrix. Crazes are initiated by
cavitation of the PS domains. The cylindrical microdomains possess a long range order and
are, therefore, not effective in terminating craze propagation.
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Figure 7.7: SAXS data for the in-situ deformation of solvent cast PS-PB-PCL. The tensile
speed = 0.05 mm·min−1. A) Experimental invariant and B) local strain data.

Samples quenched to room temperature
A series of samples were compression molded and quenched into cold water. The quenched
PS-PB-PCL triblock copolymers exhibit a dramatically improved stress-strain behavior com-
pared to the solvent cast sample. The crystallinity is decreased from 38% to 19%. Although,
the microdomains are less organized than in the solvent cast samples, the same morphology,
core-shell-like cylinders, is formed from the melt. Similar as for the solvent cast sample,
a neck was formed upon deformation, although stress whitening was less pronounced. The
azimuthal plot for the deformation of PS-PB-PCL quenched only in cold water is depicted in
Figure 7.8. The tensile test was stopped after a stable neck was formed and before the sam-
ples had fractured. The tensile speed used in this experiment is four times higher compared
to the SAXS experiments corresponding to the solvent cast samples. Initially variation in
intensity over the azimuthal angle is observed. This is caused by the alignment of the beam-
stop with respect to the beam position. After t = 10 min the intensity increases around the
meridian (90 and 270◦), which may be caused by the onset of cavitation and the development
of some minor cracks or crazes. At t = 15 min the intensity increases at the equator. The
experimental invariant shows an increase after a clamp displacement of 1.6 mm (t = 8 min)
and reaches a first maximum at x = 2 mm. This is the point from which a stable neck starts
to grow. Since the neck is initiated just outside the beamspot, the material at the position the
beam passing through relaxes slightly which is accompanied by a decrease in exp. invari-
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ant. After some reorganization, the neck propagates in the beam resulting in sample thinning.
The stress increases and causes some additional crack or void formation and orientation. At
x = 3.2 mm the exp. invariant reaches a maximum. This may indicate that dilatation deforma-
tion processes develop outside the beamspot (the neck propagates). Sample thinning causes
a decrease in number of scattering elements and, consequently, a decrease in exp. invariant.
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Figure 7.8: SAXS data for the in-situ deformation of PS-PB-PCL quenched in water (azimuthal plot).
The tensile speed = 0.2 mm·min−1.
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Figure 7.9: Experimental invariant for the in-situ deformation of PS-PB-PCL quenched in water. The
tensile speed = 0.2 mm·min−1.

The initiation of crack-like voids or crazes (at 1.6 mm) is at a much higher draw ratio com-
pared to the solvent cast sample where crazes appear at a clamp displacement of only 0.4 mm.
This supports the hypothesis that the deformation in the solvent cast samples predominantly
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proceeds via crazing in the PS domains. The melt-pressed samples do not possess a long
range order and the propagation of small cracks is terminated effectively before a craze can
develop. Additionally, the presence of internal stresses as a result of quenching may cause
multiple crack formation at the phase boundaries, leading to large energy dissipation.

Annealed materials
The 2D patterns of the annealed material are given in Figure 7.10. By annealing, a better
organization of the microdomains can be reached with respect to the samples that were only
melt pressed and quenched. Also for this sample the drawing process was terminated after
the formation of a stable neck but before fracture had occurred. It can be clearly seen that
a strong elliptical scattering develops at the equator at a clamp displacement of 1 mm. In
contrast to the samples discussed before, the scattering patterns do not show any dramatic
changes as a result of the occurrence of dilatation processes as crazes and cavitation.

Figure 7.10: 2D-SAXS patterns of annealed PS-PB-PCL measured at different clamp displacements,
x [mm], indicated in the right bottom corner; the tensile direction is vertical.

Figure 7.11 represents the azimuthal plot. Compared to the solvent cast samples and the
quenched materials, the absence of scattering at the meridian, characteristic for crack forma-
tion or crazing, is obvious. After 2 min a minor increase in scattering can be observed over
the complete azimuthal angle accompanied by strong scattering at the equator. From the 2-D
plots as given in Figure 7.10 it is evident that the enhanced scattering perpendicular to the
tensile direction is not caused by orientation of the cylindrical microdomains. Furthermore,
deformation proceeding solely by orientation without the occurrence of dilatation processes
would result in a constant level of total scattering, which is obviously not the case as can
be seen from Figure 7.12B. The most probable explanation may be the formation of cavities
or small cracks at t = 2 min, which orient immediately parallel to the applied stress. New
cavities are formed up to 7.5 min, which can be concluded from the continuous increase in
experimental invariant (until x = 1.5 m). While the maximum level of scattered intensity at
the equator increases, the peak width decreases. As a result of strong orientation, the cavi-
ties and cylindrical microdomains align parallel to the tensile direction resulting in a rather
narrow azimuthal angle range for which enhanced scattering is observed. Orientation of the
cylindrical microdomains and local yielding of the PS ligaments results in the formation of a
neck.
In Figure 7.12A the local strain data are depicted. The local strain increases immediately
after the start of the tensile test and reaches a small plateau at 0.5 mm, which is the result
of neck formation somewhere in the test sample outside the beamspot. A sharp increase in
local strain rate at a clamp displacement of 1.5 mm suggests the formation of a localized de-
formation zone in the form of a neck at the position in the sample the beam passing through.
During deformation the neck will propagate along the length of the sample and at a clamp
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displacement of 2 mm, the actual deformation is positioned outside the beamspot, which is
obvious from the plateau in the local strain data. Figure 7.12B shows the experimental in-
variant during deformation. At a clamp displacement of 0.4 mm the invariant increases. This
is most probably caused by the introduction of voids and small cracks. Due to the anneal-
ing step, the level of internal stresses in the PCL domains and close to phase boundaries is
reduced. Therefore, energy dissipation in the form of multiple cavities, small cracks or even
crazes is reduced resulting in a lower strain at break.
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Figure 7.11: SAXS data for the in-situ deformation of annealed PS-PB-PCL (azimuthal plot). The
tensile speed = 0.2 mm·min−1.
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Figure 7.12: SAXS data for the in-situ deformation of annealed PS-PB-PCL. The tensile
speed = 0.2 mm·min−1. A) Experimental invariant and B) local strain data.
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Samples quenched in water and liquid nitrogen
A maximum strain at break was obtained when the triblock copolymer which was compres-
sion molded and subsequently quenched in cold water, underwent additional quenching in
liquid nitrogen. As for the samples with different thermal treatments, this sample deformed
via necking. The development of the 2D scattering patterns during tensile deformation of
PS-PB-PCL after quenching in water and liquid nitrogen is given in Figure 7.13. The strain
rate is 0.2 mm·min−1. Immediately after the start of the tensile test a strong scattering can
be observed over the complete azimuthal angle, which is the result of a sudden enhance-
ment in the electron density difference. Since the intensity is instantaneously enhanced over
the complete azimuthal range, the scattering should be caused by the onset of void formation.
This is accompanied by a narrow scattering streak in the direction perpendicular to the tensile
direction.

Figure 7.13: 2D-SAXS patterns for the in-situ deformation of PS-PB-PCL quenched in water and liq-
uid nitrogen. The tensile speed = 0.2 mm·min−1.

The changes in the scattering patterns upon deformation can clearly be observed in the az-
imuthal plot displayed in Figure 7.14. After 5 min the intensity increases strongly over the
complete azimuthal angle range and additionally at the four principal axes. The enhanced
scattering diminishes at 10 min and after 15 min only scattering can be observed at the equa-
tor. The onset of cavitation is obvious from the sudden increase in the experimental invariant
after a clamp displacement of 0.4 mm as can be seen in Figure 7.15A. The initiation of a neck
is started after a clamp displacement of 1.1 mm and the neck propagates at the position the
beam passing the sample at x = 1.8 mm. This is accompanied with a very high local strain
rate as can be seen in Figure 7.15B at x = 1.8 mm. The local strain reaches a constant level
as the neck propagates outside the beamspot. The invariant shows a maximum which is the
result of the decreasing amount of scattering units in the beam as the sample thickness de-
creases upon necking. With increasing strain rate, the occurrence of cavitation is even more
pronounced, as can be seen in the azimuthal plot in Figure 7.16 recorded with a strain rate of
0.5 mm ·min−1. For clarity, Figure 7.16B represents only the SAXS patterns recorded during
the initial stage of the deformation. Immediately after the start of the tensile tests, the total
scattered intensity given by the experimental invariant in Figure 7.17A increases drastically.
This increase is instantaneously followed by a decrease. These invariant data should be dedi-
cated to the onset of necking and the subsequent sample thinning. As the invariant increases,
the local strain data, given in Figure 7.17B, show a very high local strain rate. A maximum is
reached at x = 1 min after which the local strain remains constant. Remarkably, the absolute
value of the local strain is independent of strain rate.
Compared to the samples which underwent a complete different thermal treatment, the onset
of necking is accompanied with a considerable amount of cavitation and/or small crack for-
mation resulting in a large local strain.
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Figure 7.14: SAXS data for the in-situ deformation of PS-PB-PCL quenched in water and liquid nitro-
gen (azimuthal plot). The tensile speed = 0.2 mm·min−1.
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Figure 7.15: SAXS data for the in-situ deformation of PS-PB-PCL quenched in water and liquid nitro-
gen. The tensile speed = 0.2 mm·min−1. A) Experimental invariant and B) local strain
data.

An attempt is made to study the intrinsic mode of deformation of the PS-PB-PCL triblock
copolymer at elevated temperatures. The macroscopic tensile test showed a maximum elon-
gation of only 40% at T = 65◦ C, just above the melting temperature of PCL. Although the
total amount of rubber phase is enhanced to 43%, the strain at break is drastically reduced.
The in-situ SAXS experiments did not show any changes upon deformation, which indicates
that dilatation processes as crazing and cavitation did not occur or could not be detected be-
fore fracture. Most probably, the development of a small number of cracks wil immediately
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Figure 7.16: SAXS data for the in-situ deformation of PS-PB-PCL quenched in water and liquid nitro-
gen (azimuthal plot). The tensile speed = 0.5 mm·min−1. A) Complete plot and B) detail
of first recorded frames.
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Figure 7.17: SAXS data for the in-situ deformation of PS-PB-PCL quenched in water and liquid nitro-
gen. The tensile speed = 0.5 mm·min−1. A) Experimental invariant and B) local strain
data.

lead to brittle failure. Due to the large low-modulus rubber content, the triblock copolymer is
not capable of terminating the propagating craze.

7.2.3 In-situ Fourier transform infrared (FTIR)
IR dichroism
The characterization of the orientation behavior of specific chromophoric groups of a poly-
mer molecule can be achieved by means of linear polarized light Fourier transform infrared
(FTIR) spectroscopy, Huy et al. (2001). If the molecules in a sample are distributed at ran-
dom, polarized radiation passing through the sample will give a normal FTIR absorption
spectrum. If the molecules in the sample are oriented, i.e. when the polymer sample is
stretched, and polarized light passes the sample with the transverse electric (TE) wave paral-
lel to the draw direction, the molecular vibrations rotated into the draw direction absorb more
energy, whereas those rotated perpendicular to the stretch direction will absorb less energy
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compared with the non-stretched sample. If the polarizer is rotated 90◦the opposite result is
obtained. As a measure for the level of orientation, the dichroic ratio R of an absorption band
can be calculated. R is defined as the ratio of the absorption’s measured parallel to the stretch
direction (A‖) and that measured perpendicular to the stretch direction (A⊥),

R = A ‖ /A ⊥ (7.1)

For perfectly oriented material the dichroic ratio (R0) has been obtained as

R0 = 2cot2α (7.2)

In this equation α is the angle between the transition moment vector M of the measured
absorption and the chain axis of the polymer. For perfectly oriented materials, α may be
calculated directly from the dichroic ratio. When only a certain fraction F of the molecules
is perfectly oriented and the remaining molecules are randomly oriented in the three dimen-
sional space, the relationship between F and the dichroic ratio is then expressed as

F =
(R0 + 2)(R − 1)

(R0 − 1)(R + 2)
(7.3)

The incomplete orientation can also be treated by assuming that all the molecules have an
average angle, θ , with the deformation direction. The relationship with the average angle θ

and the fraction F of the perfectly oriented molecule have been obtained as

F =
3〈cos2θ〉 − 1

2
(7.4)

These concepts were introduced by Herman and F is often called Herman’s dichroic func-
tion. A perfect orientation along the draw direction corresponds to F = 1, whereas a perfect
perpendicular orientation results in F = -0.5. For random orientation or completely isotropic
material, one gets F = 0.
A difficulty of FTIR spectroscopy is to find suitable bands for quantitative orientation mea-
surements. These bands have to meet the following requirements:

• strong dependence on polarization direction

• well known transition moment angle α

• clear assignment to a separate phase

• separate band position

• sufficient band intensity

Generally, it is not easy to evaluate α accurately and hence to evaluate F. Instead, the quan-
tity (R-1)/(R+2) which is proportional to F is satisfactory for the description of qualitative
changes in the molecular orientation. The quantity is referred to as the dichroic orientation
function FD; i.e.

FD =
R − 1
R + 2

(7.5)
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Combination of ATR-FTIR and linear IR-dichroism.
In this study ATR-FTIR spectrometry is used to gain additional information about the spe-
cific orientation upon deformation of every component in the PS-PB-PCL triblock copolymer
which is successively quenched in water and liquid nitrogen. Since the quenched samples
were not sufficient thin to measure in transmission mode, ATR-FTIR is used. If light passes
through a medium in contact with a sample possessing a smaller refractive index (n1 < n2)
the light is totally reflected at the surface, see Figure 7.18. Theoretically, a standing wave
is formed perpendicular to the totally reflecting surface with a intensity which decreases ex-
ponentially inside the sample. If the sample absorbs some radiation the reflected beam is
attenuated at the wave number of absorption. This is the base principle of ATR-FTIR spec-
troscopy, Mirabella (1988). The penetration depth of the beam into the sample varies from
0.5 to 3.5 µm depending on the refraction index of the crystal, the angle of incidence θ and
the wavelength of the light. The technique is popular because almost no sample preparation is
necessary. Furthermore, this reflection technique produces infrared spectra comparable with
transmission FTIR spectra.
The theoretical description of the determination of the molecular orientation using polarized
light ATR-FTIR spectroscopy was given by Flournoy (1966). By means of this method it is
possible to study the orientation at the surface of a polymer film. There are four configura-
tions possible, between the polarization directions of the radiation and the sample, which can
be used to measure the optical constants κ x , κ y and κ z for the three dimensions. The x-axis is
the axis of orientation, the y-axis is perpendicular to the x-axis, and the z-axis is orthogonal
to x and y, see Figure 7.18. The following equations for the reflectivity (R) can be derived for
the four configurations:
Transverse Electric (TE) wave:
x ⊥ plane of incidence

lnRT E
x = ακx (7.6)

x ‖ plane of incidence

lnRT E
y = ακy (7.7)

Transverse Magnetic (TM) wave:
x ⊥ plane of incidence

lnRT M
x = βκy − γ κz (7.8)

x ‖ plane of incidence

lnRT M
y = βκx − γ κz (7.9)

The parameters α, β and γ are constants representing the refractive indices of crystal and
sample. The dichroic ratio in the x-y plane, κ x / κ y , can be calculated from the reflectivity (Rx
and Ry). These values can be obtained by recording spectra using the TE wave while rotating
the sample 0 and 90 degrees. One of the main problems encountered in studies with polarized
light with the ATR accessory is the reproduction of the experimental conditions when the
sample is rotated 90◦. The removal and remounting of the sample with the ATR crystal may
give a difference in contact area, which leads to different attenuation factors in the spectra.
This makes the comparison of the spectra, necessary to determine the dichroic ratio, difficult.
Solutions to circumvent these problems are (i) the identification of an absorption band which
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does not have dichroism, and (ii) the use of a clamp which holds both the sample and the ATR
crystal and which can be rotated 90◦. The latter solution is not possible when using the ATR
objective of our FTIR microscope, as the crystal is in a fixed position. Also the selection of
absorption band which is not sensitive for orientation was not possible. However, by carefully
making contact between crystal and polymer, avoiding high pressure and applying the same
contact area, spectra could be recorded which were comparable in intensity.
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Figure 7.18: A schematic representation of the principal directions in an ATR-FTIR experiment.

Orientation function
Despite of the difficulties in accurately evaluating the angle α, an attempt is made to in-
vestigate the orientation of the PS-PB-PCL triblock copolymers and the orientation function
quantitatively. The absorption bands at 966 cm−1 (C-H wagging out-of plane) was used to
determine the molecular orientation of the polybutadiene, whereas for PS the in-plane phenyl
stretching ring vibration at 1493 cm−1 was taken. It was estimated from X-ray data that the
plane of the phenyl ring to the PS polymer chain has an angle of 70◦, Tadokoro et al. (1961).
Since the 1493 cm−1 vibration is an in-plane ring vibration, the angle α of the transition
moment of this vibration is also assumed to be 70◦. The angle of the transition moment
of the C-H out-of-plane vibration at 966 cm−1 in polybutadiene is not exactly known, but
it is found to be perpendicular to the main axis of the polymer chain. In Table 7.3 the ef-
fect of variation of α from 90◦to 55◦on the orientation function, Equation7.3, is given for an
arbitrary SBS stretching experiment. The effect of the angle on the orientation function is
negligible between 90◦and 80◦. With a smaller angle, the orientation function increases and
becomes larger than 1 for an angle of 55◦, which is physically impossible. To compare the
orientation functions of the PCL, PB and the PS fraction the orientation function of the 966
cm−1 vibration of PB was calculated with an angle of 85◦. To determine the orientation of
the polycaprolactone phase, a distinction is made between the crystalline phase and the amor-
phous phase. For the amorphous carbonyl (C=O) the vibration band at 1733 cm−1 is used,
while for the crystalline carbonyl stretching the band at 1725 cm−1 is used. Additionally,
the orientation function is determined for the ester group (C-O) in polycaprolactone with a
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Table 7.3: Effect of the angle α on the orientation function for the 966 cm−1 vibration in PB (Draw
ratio = 2, Dichroic ratio = 0.72)

α F
[-] [-]
90◦ 0.205
85◦ 0.210
80◦ 0.225
70◦ 0.315
60◦ 0.819
55◦ 15.714
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Figure 7.19: ATR-IR spectra of PS-PB-PCL triblock copolymer quenched in water and liquid nitrogen,
recorded with A) radiation polarized parallel, B) radiation polarized perpendicular and C)
dichroic difference spectrum. Elongation is 0 %.

vibration at 1177 cm−1 and 1158 cm−1 for the amorphous and crystalline phase, respectively.
Deconvolution of both band into the amorphous and semi-crystalline band is done by means
of a curve fitting programme. The angle α of the transition moment used in this study is
89◦for the carbonyl vibrations and 10◦for the ester vibrations.
The IR absorption spectrum with radiation polarized parallel and perpendicular to the tensile
direction together with the dichroic difference spectrum of an undrawn sample are depicted
in Figure 7.19 for the spectral range from 1850 to 800 cm−1. As expected for undrawn ma-
terial, the dichroic difference spectrum does not show any clear peaks. Upon deformation a
strong difference in absorption with the polarization direction can be observed. An example
is given in Figure 7.20 for an elongation of 25%. The orientation function, F, is calculated
from the dichroic ratio R and displayed in Figure 7.21. First it has to be remarked that the
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maximum draw ratio is much smaller compared to the maximum draw ratio obtained during
uniform tensile testing. This is caused by the static non-uniform way of stretching in the
hand driven stretcher. It can be clearly seen that after a macroscopic strain of 10% the crys-
talline PCL phase shows a strong orientation. This sudden increase is most probably caused
by surpassing the yield stress and the onset of necking. Subsequently, the PS phase starts
to orient and at a draw ratio of 1.6 the total fraction of oriented PS is almost as large as the
oriented fraction of crystalline PCL. It is remarkable that the PB phase does not show any
orientation during the total tensile tests. This is also partly observed in the amorphous rub-
bery PCL phase for which the fraction oriented materials remains considerably low during
the complete stretching experiment. The only explanation for this phenomenon is stress re-
laxation, caused by cavitation. The crystalline PCL chains are the first to orient strongly after
a draw ratio of 1.1 (or after the build up of a certain amount of stress). Therefore, it may be
concluded that upon deformation initially the cavitation initiation stress in PCL is reached,
and, consequently, cavities are formed within the PCL cylinders. This results in a relieve of
the high internal stresses which were created during the quenching process. Cavitation of
the PCL cylindrical domains causes a strong orientation of the crystalline PCL domains in
the stretching direction, accompanied with stress relaxation of the rubber PCL and the rubber
PB cylindrical shell. The glassy PS matrix subsequently deforms and orients in the tensile
direction. The sharp decrease in the total fraction PS which is maximal oriented decreases
rapidly after a draw ratio of 1.6. Somewhere between a draw ratio of 1.6 to 1.8 cracks develop
in the samples, which gives rise to stress relaxation. The angle of the trans microstructure
of the polybutadiene chain to the deformation direction is arbitrary chosen to be 85◦. When
this angle is decreased to 70◦ the effective orientation function will be larger, although in this
specific sample, the influence will be minor since the PB phase hardly shows any orientation.
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Figure 7.20: ATR-IR spectra of PS-PB-PCL triblock copolymer quenched in water and liquid nitrogen,
recorded with A) radiation polarized parallel, B) radiation polarized perpendicular and C)
dichroic difference spectrum. Elongation is 25 %.
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Figure 7.21: Orientation function of 966 cm−1 (PB) ( � ), 1493 cm−1 (PS) ( � ), 1158 cm−1 (amorphous
PCL, C-O) ( � ), 1177 cm−1 (crystalline PCL, C-O) ( � ), 1733 cm−1 (amorphous PCL,
C=O) (◦) and 1725 cm−1 (crystalline PCL, C=O) (•).

7.3 Discussion

As has been shown in the previous section, the mechanical performance can be varied with
different thermal treatments. The development of the X-ray patterns during deformation can
be used to understand the microscopic modes of deformation for these different materials.
The most realistic explanation for the high strain at break for the samples which were sub-
sequently quenched in water and liquid nitrogen may be found in the initial formation of
crack like voids in the polycaprolactone microdomains. As the voids will relieve the triax-
ial stress state in the material, shear yielding of the matrix is enhanced which allows further
deformation and, consequently, orientation of the voids in the tensile direction. The energy
dissipation is tremendously enhanced by introduction of the cavities. An explanation in terms
of the development of the microscopic deformation phenomena for the observed scattering
patterns is cavitation of the PCL cylindrical domains. Depending on the alignment of the
cylinders, small cracks may be formed within these domains, which result in scattering at the
meridian. Cavitation of the PCL domains is probably accompanied by some crack formation
in the PS phase. Due to the random alignement of the cylinders the propagation of small
cracks to craze-like structures is limited. The changes in the scattering at the equator may
originate from shear yielding of the orienting voids resulting in the development of an ellip-
soidal scattering pattern and thus in a redistribution of the intensity over the azimuthal angle
range.
The FTIR spectroscopic investigations showed significant differences in the orientation be-
havior of the individual components. The crystalline PCL showed a strong and sudden in-
crease in the orientation. This may be explained by cavitation and the consequent orientation
of the PCL cylindrical domains in the tensile direction under a strong relieve of the initially
present high triaxial stress state.
The strong tendency for cavitation of this sample may originate from the additional homoge-
neous crystallization which takes place at -55◦ C upon quenching in liquid nitrogen. Since
the matrix (PS) is glassy, internal stresses are created, which can be relieved by cavitation
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induced by application of an external load. It may, therefore, be concluded that the resistance
against cavitation is drastically reduced upon quenching due to this additional crystallization.
The major difference in the azimuthal plot for the sample quenched in water compared to the
sample additionally quenched in liquid nitrogen is the absence of strong scattering during the
initial stage of the deformation over the complete azimuthal angle range. This indicates that
cavitation is strongly reduced or that the stress required to induce cavitation is much larger.
The solvent cast and compression molded sample, which both were annealed, showed a dif-
ferent mechanical behavior which can be explained by the differences in the recorded X-ray
patterns. The compression molded sample hardly showed any crazing or cavitation, whereas
for the solvent cast sample the typical crazing streaks could be observed. It is known that upon
solvent casting the long range order is improved compared to compression molding. Since
both materials have equal thermal treatment and, consequently, a similar resistance against
cavitation, it can be suggested that for the solvent cast samples crazes propagate in the PS do-
mains along the cylindrical axis, resulting in a more brittle behavior. The absence of a random
distribution of oriented cylinders prohibits effective craze termination. The X-ray observa-
tions for the ductile quenched samples suggest a mechanism of ’craze’ growth consisting of
cavitation of rubber domains under the peak tractions at the craze tip, with subsequent neck-
ing and drawing in the topologically continuous PS matrix. A random distribution of locally
aligned, but spatially undulating cylinders permits thickening of the craze by drawing out of
PS from the craze flanks. Since the cylinders are not interconnected, the local deformation
zone is not predominantly oriented perpendicular to the applied stress as the crazes follow the
local orientation of the ordered microdomains. The microdomain orientation is influenced by
the local stress field. Suppose the PCL cylindrical domains in the solvent cast material are
able to cavitate, due to the alignment of the cylinders predominantly in one direction, the ca-
vitation induced ’crazes’ will grow only in this direction. For compression molded materials
with a random distribution of cylinders, the deformation zones do not necessary propagate in
one direction resulting in a better delocalization of the strain. Weidisch et al. (1999) studied
the deformation behavior of poly(styrene-b-butyl methacrylate) diblock copolymers by high-
voltage electron microscopy with an in-situ deformation device. It was observed that for
samples with hexagonally packed cylinders crazes propagate preferentially through regions
where the cylinder axes are transversely oriented to the external applied stress direction. The
influence of orientation of microdomains on the initiation and propagation of cavitation and
crazing will be discussed in more detail in Chapter 8.
An increase in tensile test temperature to 65◦ C results in a more brittle behavior. The SAXS
deformation patterns do not show any scattering characteristic for crazing or cavitation. The
PCL domains are molten and, consequently, the polygonal shape of the cylinders is turned
into a spherical one. This results in a reduction of stresses located on the borders of the
cylinders. Initiation of crack formation in the PS domains is, therefore, diminished and a
toughening mechanism caused by subsequent multiple craze formation in the PS domains
is not likely. The cavitation tendency of the PCL domains (rubbery) is drastically reduced.
Most probably, the deformation proceeds homogeneously up to a stress at which a once-
formed crack propagates causes brittle failure.
It is shown in the previous alinea that introduction of internal stresses by homogeneous nu-
cleation of crystallization results in an decreased resistance towards cavitation. However, it
is also known that differences in thermal contraction and expansion coefficients in tough-
ened plastics may also cause cavitation, Paul and Bucknall (2000). When cooled from room
temperature to -6◦ C, ABS shows voids formation in the rubber phase as a result of thermal
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contraction stresses, Bucknall et al. (2000). In addition to the occurrence of homogeneous
nucleation, differences in thermal contraction coefficients for the three phases may have in-
troduced some additional internal stress in the PCL cylinders and at the phase boundaries.
Although the SAXS patterns clearly demonstrate the occurrence of cavitation for the quenched
materials, the difference in ductility may not only be caused by the ease of cavitation. An-
nealed and slowly cooled samples have a considerable amount of physical ageing. Physical
ageing is a structural relaxation process that occurs in the glassy state. If the polymer is aged
below its glass transition temperature, the polymer chains relax toward the equilibrium liq-
uid structure. In this process, the polymer specific volume decreases, the shear and Young’s
moduli increase, and the shear yield stress increases. An effective way to physically age the
polymer is to cool it slowly through its glass transition temperature. The slowly cooled sam-
ples have an additional relaxation peak at the glass transition of PS, whereas the quenched
sample only shows the normal change in heat capacity. For physically aged amorphous poly-
mers, the enthalpy overshoot around the glass transition temperature is observed to develop
simultaneously with the yield stress, van Melick (2002). Although physical ageing is known
to increase the shear yield stress, it has little effect on the craze initiation stress. If the poly-
mer shear yield stress is higher than the crazing stress, deformation by crazing is expected to
dominate, Ruokolainen et al. (2002). Although the SAXS patterns do not give any indication
for the occurrence of crazing during deformation of the melt-pressed annealed samples, lo-
calization of the stress may be more pronounced. Combination of a higher yield stress and
more severe strain softening should give rise to localized deformation.
Finally, it has to be noted that increasing the strain rate to 25 mm/min does not result in exper-
imental data with a sufficiently high signal-to-noise ratio. Immediately after the start of the
high speed tensile test, the material forms a neck and the deformation zone moves out of the
beam. A minimal exposure time of 1 second is required to obtain a 2D scattering pattern with
sufficient time resolution. During this time, however, the deformation proceeds beyond the
beamsize. An indication for the onset of cavitation at higher strain rate may be the observed
ductility for quenched materials during tensile tests at 40 mm·min−1, as reported by Balsamo
et al. (1999).

7.4 Conclusions
The deformation behavior of a PS-PB-PCL triblock copolymer was explored to study the
influence of thermal history and long range order on the occurrence of cavitation and crazing.
Confined crystalline domains possess a strong tendency for cavitation upon deformation due
to the internal stresses that develop during crystallization and contraction. Consequently,
the triaxial stress state is relieved and shear yielding is promoted resulting in a drastically
improved tensile toughness. It has been shown that the high ductility can be attributed to the
crystallinity of the core in the irregularly packed polygonal cylinders. The rubber shell is a
prerequisite to induce ductility, since PS-PCL diblock copolymers with 56 wt% PS show a
brittle behavior with a maximum strain at break of only 20 %. An additional advantage of
the use of a crystalline core to induce cavitation is the lower decrease in E-modulus and yield
strength instead of a liquid core.
It would be of major interest to transfer this concept of using a semi-crystalline core as an
easily cavitating modifier to a spherical morphology with a considerably higher amount of
glassy matrix material.



138 Chapter 7

7.5 Experimental
7.5.1 Materials
The PS-PB-PCL triblock copolymer used in this study was obtained from Prof. Balsamo (University
of Caracas, Venezuela). The details of the synthesis are described elsewhere, Balsamo et al. (1996a).
The molecular weight (distribution), as given in Table 7.1, was determined by size exclusion chro-
matography in THF, using PS standards. The composition and molecular weight of the copolymer was
determined by 1H NMR spectra. Films of 0.2 mm thickness were obtained by a slow casting process
at room temperature from 5 wt% toluene solutions. The samples were dried for 5 days under vacuum
at 80◦ C. For further equilibration, the dry films were annealed at 140◦ C for 2 h under a nitrogen at-
mosphere. The samples were subsequently slowly cooled to room temperature. Another set of samples
was compression molded at 160◦ C and immediately quenched in cold water. Some of the samples
underwent an additional quenching step in liquid nitrogen.

7.5.2 Characterization
Transmission Electron Microscopy (TEM)
To study the morphology ultrathin sections of the triblock copolymer were obtained using a Reichert-
Jung Ultracut E microtome equipped with a diamond knife. To obtain an enhanced contrast, the ultrathin
sections were stained using an osmium tetraoxide vapor. The morphology was studied by transmission
electron microscopy (Jeol 2000 FX) operating at 80 kV.
Mechanical characterization
Uniaxial tensile tests were performed on a Zwick Z010 with a constant linear strain rate of 10−3s−1.
To determine the mechanical thermal response of the triblock copolymer Dynamic Mechanical Thermal
Analysis (DMTA) experiments were performed on a TA Instruments DMA 2980 using the film geome-
try clamp with a frequency of 1 Hz, a strain of 40 µm and a heating rate of 2◦ C·min−1.
Small Angle X-ray Scattering (SAXS)
To study the intrinsic mode of deformation time-resolved X-ray experiments were performed on the
DUBBLE beamline (BM 26B) at the European Synchrotron Radiation Facility (ESRF) in Grenoble
(France). The SAXS data were collected on a multiwire two-dimensional (2D) detector positioned at
5.5 m from the sample. The experimental data were corrected for background scattering, i.e. substrac-
tion of the scattering from air and pure PS. The two-dimensional SAXS data were transformed into one-
dimensional plots by integration over the azimuthal angle using the FIT2D program of Dr. Hammersley
of ESRF. In-situ SAXS deformation experiments were carried out using a home build tensile stage, in
which both clamps could move in opposite direction. The test speed varied from 0.05 mm·min−1 to
5 mm·min−1 for different experiments. The exposure time for each pattern was 10 s. To perform in-situ
deformation experiments at elevated temperatures a heat-gun was used. The temperature was registered
by a thermocouple placed close to the tensile sample. For a detailed description of the SAXS analyses,
the reader is referred to Section 5.5.
Fourier Transform Infrared Spectroscopy
To investigate the molecular orientation of the individual components polymer films were elongated
using a simple, hand driven stretcher. Infrared (IR) spectra were recorded from the stretched sample
using a Biorad UMA 500 microscope that is coupled to a Biorad FTS 6000 spectrometer. A wire grid
polarizer was placed in the infrared beam in front of and behind the sample but in front of the MCT
detector to record spectra with the radiation polarized parallel and perpendicular to the stretching di-
rection. Attenuated Total Reflection (ATR) spectra were recorded using the slide-on ATR accessory of
the UMA 500 IR microscope which has a Si crystal. In this case the rectangular aperture was used to
adjust the illuminated sample area of 100x100 m. IR spectra were recorded with a resolution of 2 cm−1

co-adding 100 scans.



Chapter 8

Deformation behavior of a SBS
triblock copolymer: influence of
morphology

The influence of the morphology and orientation of SBS triblock copolymers with 75 wt%
of styrene on the micromechanical deformation mechanisms and mechanical properties was
studied by transmission electron microscopy, tensile testing, small angle X-ray scattering and
fourier transform infrared spectroscopy. A morphological transition from lamellar to short
rod cylindrical microdomains was obtained by changing the casting solvent from toluene to
methyl ethyl keton (MEK). Orientation of the lamellae could be achieved by compression
molding in a channel die. Both the morphology and orientation have a major influence on the
stress/strain behavior and the microscopic mode of deformation. The toluene cast films were
ductile and deformed in a homogeneous way by the continuous fracture of the PS domains,
which were subsequently dispersed in the PB ligaments. The MEK cast films behaved brittle
as a result of crazing. Applying a load parallel to the lamellae results in yielding by propaga-
tion of a stable macroscopic neck. The glassy PS layers break up at the neck front, releasing
the rubbery layers to achieve high strains. Upon deformation parallel to the lamellar nor-
mal, the lamellar spacing gradually increases, indicating that the deformation predominantly
proceeds in the PB domains. At small strains however, the PB and PS layers rupture. The
deformation of blends of homo-polystyrene (hPS) and SBS triblock copolymer depends to
a large extent on the volume fraction of hPS. Crazing is found to be the major deformation
mechanism for blends in which hPS forms the matrix. The large draw ratios observed are
mainly caused by an effective craze termination capability of lamellae stacked parallel to the
tensile direction.

8.1 Introduction
It is well known that the impact properties of homopolymers can be improved by the incor-
poration of a dispersed elastomeric phase. In most cases, the increase in mechanical per-
formance is caused by multiple crazing or multiple cavitation in combination with shear
yielding. To obtain particular mechanical properties, the use of block copolymers opens a
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wide field of possibilities due to the various microphase separated morphologies obtainable.
Additionally, block copolymers can be used as model systems to study the influence of the
nanoscopic morphology on the mechanical performance.
Thermoplastic elastomers (TPEs) represent an important class of materials based on block
copolymers. Styrenic TPEs, typically based on linear styrene-diene-styrene triblock copoly-
mers with styrene concentrations varying from 10-60 %, comprise approximately 50% of
the TPE industry. This market is expected to grow rapidly as TPEs combine the mechanical
performance of vulcanized rubbers; the dispersed rigid PS domains act as physical crosslinks
for the PB, with the conventional processing of thermoplastics including extrusion, injection-
molding and blow-molding. The strong flow-fields in these techniques often introduce ori-
entation in these TPEs and this may result in strong variations of the properties of the final
product. Recent studies have begun to identify the deformation mechanisms of isotropic di-
block copolymers and the influence of morphological anisotropy in macroscopically oriented
specimens, Cohen et al. (2000); Sakurai et al. (2003). The most commonly used and studied
styrenic TPEs possess a styrene content of less than 30 wt%. Investigations on the influence
of orientation of PS cylinders in a PB matrix on the mechanical properties were initially per-
formed by Keller and coworkers. They found that highly oriented block copolymer TPEs,
post drawn above Tg, can be treated as nearly perfect composite materials. The sample stiff-
ness as a function of angle between the stretching direction and the cylindrical axis was fit
using several fiber reinforcement models. The structural response to the applied deformation
was examined using a variety of techniques mainly for deformation parallel to the cylindrical
axis. Later studies used 2D-SAXS experiments with the incident beam normal and along the
cylindrical axis and additional information was obtained about the 3D nature of the deforma-
tion, Odell and Keller (1977); Honeker et al. (2000). Sakamoto et al. (1993) emphasized the
molecular orientation of a SBS triblock copolymer with cylindrical PB microdomains by IR
spectroscopy and discussed the mechanical performance in relation to the structural changes
of the microdomains caused by the uniaxial strain. For deformations larger than 130 %, a
zigzag arrangement of bent cylinders was observed, the so-called chevron or herringbone
structures.
A reciprocating shear apparatus, which consists of two parallel plates moving slowly with
respect to one another, was used to prepare highly oriented SBS triblock copolymers for de-
formation investigations, Hadziioannou et al. (1979). The samples had a near-single-crystal
texture as determined by 2-D SAXS. Perpendicular deformation measurements were per-
formed using 2-D SAXS with the incident beam along the cylindrical axis. An affine defor-
mation was observed up to the highest strain investigated (50%). Upon unloading, the sample
completely recovered to its initial state.
Recent studies show more interest in SBS triblock copolymers for which PS is the major
component, Yamaoka and Kimura (1993); Sakurai et al. (2001). Although, the principal
microdeformation process in styrene-based copolymers is crazing, it was suggested that the
microphase separated morphologies in the nanometer scale are too small to initiate crazes,
Argon and Cohen (1990). The crazes and fibrils observed during deformation of these types
of block copolymers are thicker than observed in PS, which was attributed to the microphase
separated structures in block copolymers. Schwier et al. (1985) proposed a model for craze
growth in cylindrical PB-PS block copolymers based on a mechanism of cavitation of the
cylindrical PB domains, followed by drawing and fibril formation in the PS matrix. The
material is initially linearly elastically deformed up to a critical strain, at which the rubbery
domains cavitate under the concentrated stresses. The stress builds up in the surrounding
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matrix and can lead to large plastic flow of the PS matrix and the formation of fibrils under
elevated stress. The mode of deformation of styrene based triblock copolymers strongly de-
pends on the morphology and orientation.
In the present study the microscopic deformation mechanisms will be discussed as a func-
tion of morphology by in-situ SAXS and FTIR for SBS triblock copolymers consisting of
75 wt% PS. These materials are perfect model systems to study the influence of long range
order and orientation on craze initiation, stability and growth and the occurrence of cavita-
tion and shear yielding. Moreover, the 3D-morphology is simply controllable by varying the
solvent in the casting process. For a SBS triblock copolymer with 56 wt% PS, a variation in
solvent from toluene to methyl ethyl keton (MEK) causes a change in microdomain structure
from alternating lamellae to PB cylinders. It was found that the PB cylinders, metastable in
the MEK solution-cast films, transform back into a thermodynamically stable lamellar mor-
phology when annealed at 150◦ C, Sakurai et al. (1993a). The transition turns out to occur
via coalescence of cylinders without translational movements of their center-of mass.
The microdomain morphology, lamellar or cylindrical, has important implications for the de-
formation behavior and is discussed first. Representative deformation experiments for both
morphologies are described in the subsequent section. For the oriented samples the incident
beam direction (SAXS and FTIR) was varied in order to probe the morphology and intrinsic
mode of deformation in two principal directions: parallel and perpendicular to the flow di-
rection. In the final section the deformation behavior of blends consisting of the SBS triblock
copolymer and homopolymer PS is studied. The occurrence of crazing and/or cavitation
is investigated for blends with different rubber content. Additional attention is paid to the
morphology of the blends in relation to macro-/microphase separation.

8.2 Results

8.2.1 Morphology of SBS triblock copolymers

Transmission electron microscopy (TEM) was conducted in order to visualize the morpholo-
gies in solvent cast specimens. The TEM micrographs are presented in Figure 8.1. The dark
regions correspond to the PB microdomains stained with osmium tetroxide (OsO4) and the
bright regions correspond to the PS microdomains. Randomly oriented grains of parallel
lamellae are formed in the toluene cast films, which is the thermodynamically equilibrium
morphology for this composition. It is composed of layers of lamellae of large aspect ratios
of PB of 20 nm thickness surrounded by a majority phase of PS. The MEK-cast film shows
a non-equilibrium morphology which can best described as an interconnected space network
of randomly wavy rods of PB of 20 nm diameter surrounded by a matrix of PS. The dry-
ing procedure may have caused a change in morphology from cylinders to the equilibrium
lamellar morphology in some small domains as can be observed in Figure 8.1A, since this
is a transition from a thermodynamically meta-stable to a stable morphology, Sakurai et al.
(1993b). The values of the solubility parameters for PS, PB and toluene and MEK are listed
in Table 8.1. When the solubility parameter of the solvent is close to that of the polymer,
the solvent properties towards that polymer will be good. Therefore, toluene is said to be a
neutral solvent for SBS, whereas MEK is a selective solvent for PS. The d-spacing of the cast
films from toluene and MEK respectively as measured by SAXS are given in the same table.
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Figure 8.1: Transmission electron micrographs of SBS triblock copolymers solvent cast from A) MEK
and B) toluene.

Table 8.1: Hildebrand solubility parameter values for toluene and MEK and PS and PB, solvent selec-
tivity and morphology

casting solvent solubility parameter solvent morphology d-spacing
[(cal/cm3)1/2] selectivity [Å]

toluene 8.9 neutral lamellae 357
MEK 9.3 selective to PS PB cylinders 382
PS 8.6-9.7
PB 8.1-8.6

The long range order of the SBS triblock copolymer film is drastically reduced when it is
compression molded instead of solvent cast, see Figure 8.2. Whereas the triblock copolymer
cast from toluene exhibit a multigrain lamellar morphology, the grain sizes in the compression
molded samples are extremely small and possess only a maximum of 4 to 5 stacked lamellae.
A complete random orientation of the lamellae is observed.

8.2.2 Deformation of SBS: influence of microstructure
It is well known that the impact properties of homopolymers can be improved by the incor-
poration of a dispersed elastomeric phase. In most cases, the increase in mechanical per-
formance is caused by multiple crazing or multiple cavitation followed by shear yielding.
Block copolymers generally show different deformation mechanisms compared to those of
homopolymers.
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Figure 8.2: Transmission electron micrograph of a compression molded SBS triblock copolymer.

Tensile testing
The effect of the nanosized morphology and the degree of orientation on the macroscopic
and microscopic mode of deformation is now discussed using tensile testing combined with
SAXS and FTIR spectroscopy. The stress-strain behavior of the solvent cast specimens is pre-
sented in Figure 8.3. The tensile direction is parallel to the surface of the solvent cast blends.
The film cast from toluene shows a typical elastomeric behavior (constant strain hardening
modulus without strain softening) with a high strain at break. The deformation proceeds ho-
mogeneous over the complete sample length and some stress whitening is observed, most
probably due to the formation of cavities or small cracks (crazes). The material cast from
MEK has a more brittle behavior and shows neck formation with a maximum strain at break
of 50%. The elastic modulus and yield stress are much higher, which can be related to the
morphology of the undrawn specimen in which the continuous matrix phase is composed of
the glassy PS phase. A considerable amount of strain softening can be observed accompa-
nied with localized deformation in the form of a neck. During deformation, the formation of
crazes can be observed.
The long range order of a compression molded sample and a solvent cast sample differ consid-
erably. The tensile test results show a clear difference in modulus and yield stress. The strain
at break is independent of the processing conditions. Remarkably, the compression molded
sample clearly shows multiple necking upon deformation, whereas this was not noticeable
for the cast films, although this may be influenced by the sample geometry (thickness). Ap-
parently, the influence of the long range order on the elongation for lamellar systems is less
pronounced compared to cylindrical particles such as described in Chapter 7, for which large
differences could be observed in strain at break for samples possessing a different long range
order. To obtain information about the microscopic mode of deformation of these materials
showing different nanoscopic morphologies, in-situ FTIR spectroscopy and SAXS experi-
ments were performed.



144 Chapter 8

1.0 1.5 2.0 2.5 3.0 3.5 4.0 4.5
0

10

20

30

40

50

60

1.0 1.1 1.2 1.3 1.4 1.5
0

5

10

15

20

25

30

Toluene

MEK

Compression molded

E
ng

. s
tre

ss
 [M

P
a]



Draw ratio [-]

Compression molded

MEK

Toluene

E
ng

. s
tre

ss
 [M

P
a]



Draw ratio [-]

Figure 8.3: Stress-strain behavior of SBS, compression molded and cast from toluene and MEK, re-
spectively, at a strain rate of 3·10−3 s−1.

In-situ Fourier transform infrared experiments
The characterization of the orientation behavior of specific chromophoric groups of a poly-
mer molecule can be achieved by means of linear polarized light Fourier transform infrared
(FTIR) spectroscopy. The theoretical background of the FTIR analysis is given in detail in
Chapter 7, Section 7.2.3. In Figure 8.4A the infrared spectra recorded with radiation parallel
and perpendicular to the tensile direction and the dichroic difference spectrum of the stretched
SBS polymer film, cast from toluene, are shown at an elongation of 96 %. Figure 8.4B rep-
resents the dichroic difference curve for SBS cast from MEK at a macroscopic strain of 8 %,
prior to failure.
For the unstretched samples, the dichroic difference spectrum does not show any peaks, indi-
cating that these samples possess almost no orientation. When the polymer cast from toluene
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Figure 8.4: Infrared spectra of A) toluene cast SBS, elongation 96% and B) MEK cast film, elongation
8% recorded from local neck. Spectra recorded with A) radiation polarized parallel, B)
radiation polarized perpendicular and C) dichroic difference spectrum.
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is elongated to a draw ratio of approx. 2, the dichroic difference spectrum clearly shows ori-
entation in especially the PB bands at 966 cm−1 (trans C-H wag out-of plane) and 909 cm−1

(1,2 vinyl C-H wag out-of plane). The dichroic difference band at 966 cm−1 is negative,
whereas the difference band at 909 cm−1 is positive. The PB chain is oriented parallel to
the stretching direction, since the transition moment of the vibration at 966 cm−1 is perpen-
dicular to the polymer chain and that at 909 cm−1 parallel. Even the PS absorption bands
at 1493 cm−1 (in plane phenyl stretching) and 1028 cm−1 (in plane phenyl stretching) show
some dichroism, although far less than the PB bands. The dichroism observed for the PS
absorption bands is much stronger in the sample cast from MEK than cast from toluene, as
can be seen in Figure 8.4A and B.
The calculated orientation functions of SBS triblock copolymer cast from, respectively, tolu-
ene and MEK are given in Figure 8.5 as a function of draw ratio. First, it has to be remarked
that the maximum draw ratios of both samples are much smaller compared to the maximum
draw ratios obtained during uniform tensile testing. This is caused by the extreme thin sample
dimensions (50 µm) and the static non-uniform way of stretching in the hand driven stretcher.
However, clear differences in the orientation behavior of both samples can be observed. In
the MEK cast films, a neck is formed at small macroscopic strains. Within this neck (high lo-
cal strain), the fraction of orientation of the PS and PB phase is almost equal and both phases
orient almost directly after load. The sample fractures after a macroscopic strain of only 8%.
The orientation of the PS phase may be ascribed to the formation of fibrillar structures in
between the oriented PB domains. The orientation of the PB phase in the toluene cast films
monotonically increases with the strain and starts at a lower draw ratio compared to the PS
fraction. Initially, the deformation predominantly proceeds in the PB phases, which explains
the elastomeric character during tensile testing. With increasing strain, also the PS vibration
bands gradually show some dichroism, although the fraction oriented PB-phase remains three
times larger compared to the PS phase.
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Figure 8.5: Orientation function of 966 cm−1 (PB) cast from toluene (open circles), 1493 cm−1 (PS)
cast from toluene (filled circles), 966 cm−1 (PB) cast from MEK (open squares) and 1493
cm−1 (PS) cast from MEK (filled squares).
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In-situ small angle X-ray experiments
As discussed in the previous sections, the triblock copolymer cast from toluene demonstrates
a remarkably synergistic toughness under tensile conditions. The triblock copolymer de-
forms via homogeneous contraction over the whole sample accompanied with some stress
whitening. Figure 8.6 shows the development of the 2D-scattering patterns during tensile
deformation. The initial lamellar morphology can be revealed from the sharp first and sec-
ond order ring. Upon deformation, some additional scattering is observed in the tensile di-
rection, accompanied by some orientation as can be concluded from the slightly elliptical
scattering pattern. The deformation of the rings can be seen clearly after a displacement of
0.67 mm. The ring transforms gradually in four smaller arcs followed by the formation of
four weak streaks almost parallel to the equator. This kind of scattering pattern is typical
for the transformation from a lamellar to a chevron structure. Cohen et al. (2000); Sakurai
et al. (2003) described this type of behavior, which is characteristic for the deformation of
glassy lamellae by folding of the layered structures. The ensemble of new boundaries orient
along the deformation axis. Within these lamellar stacks the lamellar normals are tilted away
from the deformation axis, and they continu to rotate with increasing strain. For clarity, the
schematic SAXS patterns and the resulting transition structure towards the chevron structure
corresponding to the deformation of solvent cast-SBS are given in Figure 8.7. Additionally,
the four-point patterns may be caused by the intragrain shearing of the lamellae in which the
stacking axis orients into the stretching direction.

Figure 8.6: 2D-SAXS data for the in-situ deformation of SBS cast from toluene measured at different
clamp displacements, x [mm], indicated in the right bottom corner; the tensile direction is
vertical.
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Figure 8.7: ’chevron’ morphology: A) schematic 2D-SAXS patterns corresponding to the development
of a ’chevron’ morphology upon tensile testing, B) a schematic representation of a few
adjacent layers in a ’chevron’ morphology at a relatively high tilt angle of the lamellar
normal n relative to the deformation axis.
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The azimuthal plot is given in Figure 8.8. The drawing process was terminated before frac-
ture had occurred. In contrast to the blends discussed in Chapter 5, the scattering patterns do
not show any dramatic, sudden changes as a result of the occurrence of dilatation processes.
As observed for the formation of crazes in brittle materials also in this material some en-
hanced scattering in the tensile direction is observed. Hardly any additional scattering can be
observed perpendicular to the tensile direction. This indicates that scattering from craze fi-
brils or orientation of cavities is less pronounced. The most plausible explanation in terms of
development of microscopic deformation phenomena is schematically depicted in Figure 8.9,
where the glassy PS domains and the rubbery PB domains are shown in white and black,
respectively. It is suggested that the initial deformation proceeds through local extension and
contraction of the rubber phase, Huy et al. (2003). Upon deformation, the craze initiation
stress of PS is surpassed and some crazes or crack like voids develop in the PS lamellae
causing the scattering in the meridian direction. Next, the PB lamellae stacked parallel to the
tensile direction act as craze terminators by effective termination of crazes before they grow
to form fatal cracks. Consequently, the PS is eventually fractured into smaller microdomains
and redispersed into the PB phase. These PS domains act as physical crosslinks for the rub-
bery domains. As the voids and cracks will relieve the triaxial stress state in the copolymer,
shear yielding is enhanced. The stacked lamellae and fragmented PS microdomains will ori-
ent and a transient structure is obtained in the course of transformation from lamellae to a
chevron structure. The strain hardening at high deformation is related to continued fragmen-
tation of the glassy PS reinforcements. Since a strong increase in scattering in between the
principal axes cannot be observed in the azimuthal plot, the deformation presumably pro-
ceeds without strong cavitation in both the PS and PB domains.
As confirmed in the azimuthal plot, Figure 8.8, and the experimental invariant, Figure 8.10A,
the overall intensity decreases towards the end of the drawing process. This can be explained
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Figure 8.8: SAXS data for the in-situ deformation of SBS cast from toluene (azimuthal plot). The
tensile speed = 0.2 mm·min−1.
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by sample thinning which results in a decreased amount of scattering units in the beam.
Nevertheless, initially at 0.5 mm displacement a slight maximum is observed in the experi-
mental invariant, which is indicative for the development of crack-like voids during deforma-
tion. However, the amount of additional scattering, besides the scattering from the underlying
lamellar morphology, is very limited. The local strain is plotted in Figure 8.10B. The local
strain rate beyond 0.5 mm is relatively constant and only slowly decreases towards the end of
the experiment. This indicates the homogeneous mode of deformation and the elastic char-
acter.

T D

B

A

Figure 8.9: A schematic representation of the microscopic mode of deformation in A) SBS cast from
toluene and B) SBS cast from MEK. PB and PS are represented as black and white phases,
respectively. The tensile direction (TD) is vertical.

The 2D-scattering patterns recorded during the deformation of MEK-cast SBS are displayed
in Figure 8.11. From the scattering pattern no clear distinction can be made between a lamel-
lar or cylindrical morphology. The intensity in the meridional direction increases upon de-
formation. The regularity of the structure becomes less after x = 1 mm, as can be concluded
from the disappearance of the second ring. The change in shape of the principal reflection
into an ellips with a characteristic four arc pattern is indicative for the orientation of the PB
microdomains, comparable to a chevron structure.
The azimuthal plot for the MEK-cast film is rather different from the azimuthal plot for the
toluene-cast film, see Figure 8.12. A sudden increase in intensity can be observed in the prin-
cipal directions after 3 min. The increase in scattering parallel to the tensile direction suggests
that crack-like voids or even crazes are formed in the PS phase. The enhanced intensity at
the equator and in between the principal axes is the result of cavitation and orientation of
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Figure 8.10: SAXS data for the in-situ deformation of SBS cast from toluene. The tensile
speed = 0.2 mm·min−1. A) Experimental invariant and B) local strain data.

Figure 8.11: 2D-SAXS patterns of SBS cast from MEK measured at different clamp displacements,
x [mm], indicated in the right bottom corner; the tensile direction is vertical.

the voids. This is followed by an abrupt decrease in intensity after t = 10 min. A possible
explanation for the abrupt decrease is the formation of a localized deformation zone in the
form of a neck. As the neck proceeds, the overall intensity decreases due to sample thinning.
This localized deformation can be observed more clearly in the local strain as shown in Fig-
ure 8.13A. After a clamp displacement of 1 mm (t = 5 min), the local strain increases rapidly
with a strain rate larger than the local strain rate as observed for the toluene-cast film, pre-
sented in Figure 8.10. Next, the local strain starts to level off, (clamp displacement = 2 mm)
and remains approximately constant as the neck propagates over the length of the sample out
of the beam. The occurrence of dilatation processes during the initial stage of the tensile test
cannot be observed clearly in the experimental invariant. From the azimuthal plot and the
local strain data, it may be revealed that cavitation and crazing start just before the forma-
tion of a neck at a clamp displacement of 1 mm. The latter is accompanied by a decrease
in the experimental invariant. The expected increase in the experimental invariant, which is
normally observed for dilatation processes such as cavitation and crazing is compensated by
severe sample thinning, which leads to a decrease in experimental invariant.
The reduced tensile properties for the MEK-cast blends compared to the toluene-cast blends
may find its origin in the development of localized deformation in the form of crazes com-
bined with cavitation and cavitation induced crazing. Since the PB phase forms the contin-
uous matrix in the toluene-cast blends, the deformation proceeds homogeneously and crazes
are terminated by the randomly distributed stacked PB lamellae. In the MEK-cast blend, PS
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forms the continuous phase. Dispersion of fragmented PS domains in the PB phase is, there-
fore, impossible. Furthermore, termination of crazes-like structures is more difficult and a
craze will eventually lead to a fatale crack and macroscopically more brittle failure. Apart
from craze growth in the PS matrix, the deformation in the MEK-cast film may partly be
attributed to the cavitation mechanism as proposed by Schwier et al. (1985): nucleation of
crazes occurs via cavitation. It is unclear whether cavitation predominantly occurs in the PB
domains, since the high concentration of chain ends in the PS phase decreases the critical
cavitational stress, Huy et al. (2003). Cavitation is followed by some plastic deformation of
the PS matrix. The internal structure of the craze consists of highly deformed craze fibrils of
PS and PB. Due to the absence of large PB lamellae stacked parallel to the tensile direction,
the craze propagation cannot be terminated, see Figure 8.9B.
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Figure 8.12: SAXS data for the in-situ deformation of SBS cast from MEK (azimuthal plot). The
tensile speed = 0.2 mm·min−1.

As shown by TEM, the long range order is drastically reduced when the triblock copolymer
is compression molded instead of solvent casting from toluene. The time-resolved X-ray
scattering patterns recorded during tensile testing of compression molded SBS are depicted
in Figure 8.14. Although the azimuthal plot resembles the azimuthal plot of the toluene cast
SBS some important differences can be observed. The scattered intensity at the meridian
covers a much broader azimuthal range for the compression molded sample. This can be
attributed to the random orientation of the PS and PB lamellae. Upon deformation, crack-like
structures will develop in the PS domains. The cracks may propagate within the PS domains
and since the lamellae do not have a long range order, crack growth wil not necessary occur
perpendicular to the tensile direction. This results in broad azimuthal scattering. Termina-
tion of propagating cracks by stacked parallel oriented lamellae is still successful. Although
the grain boundaries are much smaller and, consequently, possess a lower craze termination
capacity, the crazes cannot propagate over a long range along the grain boundaries due to
the large misalignment of the individual lamellae. The local strain data and experimental in-
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Figure 8.13: SAXS data for the in-situ deformation of SBS cast from MEK. The tensile
speed = 0.2 mm·min−1. A) Experimental invariant and B) local strain data.

variant are depicted in Figure 8.15. The local strain proceeds comparable to the toluene cast
sample. In addition, the invariant gives a similar behavior as the toluene cast film showing a
strong reduction caused by sample thinning.
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Figure 8.14: SAXS data for the in-situ deformation of compression molded SBS (azimuthal plot). The
tensile speed = 0.2 mm·min−1.

8.2.3 Deformation of SBS: influence of lamellar orientation
SAXS patterns of the oriented pure triblock copolymer in the unstretched state clearly show
a high degree of morphological orientation. Figure 8.16A shows a 2-D SAXS pattern of an
oriented SBS sample in the perpendicular viewing geometry (x,y-direction, viewed with the
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Figure 8.15: SAXS data for the in-situ deformation of compression molded SBS. The tensile
speed = 0.2 mm·min−1. A) Experimental invariant and B) local strain data. The ten-
sile speed = 0.2 mm·min−1.

incident beam along the z (film thickness) direction). The two peak maxima indicate that the
lamellae are highly aligned in the flow, x, direction. The degree of orientation can be quanti-
fied by the azimuthal width of the peak intensity. Perfect orientation along x results in single
dots (no azimuthal width), while no orientation results in an azimuthal width of 360◦(rings).
The azimuthal width of the reflection, as judged from the full width at half-maximum of the
principal reflection is about 20◦. Unfortunately, X-ray data could not be recorded for the
y,z plane and, therefore, data are missing for the azimuthal broadening of the lamellar nor-
mals in the y-z plane. Strong orientation of the lamellar morphology in shear flow can also
be obtained by injection molding, as can be seen in the 2D-SAXS pattern in Figure 8.16B.
Whereas the arcing of the intensity along the azimuthal angle is much smaller compared to
the sample oriented in elongational flow (Figure 8.16A) indicating a better orientation (az-
imuthal width is about 8◦), the variation in lamellar d-spacing is larger. The latter is the result
of the complex flow and temperature field during the injection molding process. Furthermore,
it can be expected that the distribution of orientation of lamellar normals in the y-z plane is
larger. In the subsequent sections, the microscopic mode of deformation will be discussed
for SBS films possessing a lamellar morphology oriented parallel and perpendicular to the
tensile direction.

Tensile testing
The engineering stress-strain curves of the oriented SBS triblock copolymers (in the channel
die and slowly cooled) tested parallel and perpendicular to the flow direction are given in
Figure 8.17. Some remarkable differences can be observed in elastic modulus, yield stress
and strain softening. In the previous section it was shown that SBS cast from toluene shows
homogeneous deformation up to an elongation of 350%. Strain softening could not be ob-
served in the stress-strain curve. Beyond the elastic region at low strains both pre-oriented
samples exhibit a yielding behavior. For the parallel lamellar orientation this is accompa-
nied by distinct necking of the sample, which is consistent with the drop in load observed
in the stress-strain curve. Sample deformation in the direction perpendicular to the lamellar
orientation did not result in any noticeable necking. As a consequence, the tensile curves
show more severe strain softening for the sample oriented parallel compared to the sample
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Figure 8.16: SAXS pattern of the initially unstretched SBS A) after preorientation in a channel die and
B) after injection molding. Intensity represented on a logarithmic scale.

oriented perpendicular. Both oriented specimens showed stress whitening upon deformation
due to the formation of (crack-like) voids or crazes. The maximum strain at break is dras-
tically reduced compared to isotropic material. Furthermore, the parallel oriented sample
shows a much higher yield stress and elastic modulus. This is caused by the stiffness of the
PS lamellar domains oriented in the tensile direction. For the sample oriented perpendicular
to the tensile direction, it may be concluded that during the initial stage of tensile test, the
deformation predominantly proceeds in the PB domains which are oriented perpendicular to
the tensile direction. This results in an overall decrease in elastic modulus and yield stress.
The strain at break is lower compared to the parallel samples. This is probably caused by
craze formation in the PS lamellae, oriented perpendicular to the tensile direction.
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Figure 8.17: Stress-strain behavior of pre-oriented lamellar SBS with the lamellar normal oriented at
two directions relative to the deformation axis: parallel and perpendicular at a strain rate
of 3·10−3 s−1.

Table 8.2 shows the impact toughness of injection molded SBS as a function of flow direc-
tion, compression molded SBS and pure PS. The impact toughness is defined as the absorbed
energy until fracture, represented by the area of the stress-strain curve divided by the sur-
face fracture area. Maximum impact toughness is obtained for the isotropic compression
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molded material which possesses no macroscopic orientation of the lamellar microdomains.
The impact toughness decreases enormously when the lamellar microdomains are oriented.
The trends in impact toughness are comparable with the tensile test data. Parallel orientation
results in poor mechanical performance. For the samples oriented perpendicular the tough-
ness is even lower, although a significant improvement in toughness is obtained compared
to the extremely brittle pure PS. A possible explanation for the large differences in tensile
and impact behavior of SBS triblock copolymers may be found in the influence of long range
order on the occurrence and termination of crazing. In-situ SAXS and FTIR experiments are
performed to prove this hypothesis.

Table 8.2: Impact testing results of compression and injection molded SBS and PS

Impact toughness
[kJ/m2]

PS compression molded 1.1
SBS compression molded 57.1
SBS injection molded, parallel 10.3
SBS injection molded, perpendicular 3.1

In-situ Fourier transform infrared experiments
The molecular orientation for both samples oriented parallel and perpendicular to the ten-
sile direction was examined by FTIR spectroscopy experiments during deformation. The
unstretched samples do not show any molecular orientation as can be concluded from the
absence of peaks in the dichroic difference spectra. This means that the initial applied orien-
tation only involves the lamellae and not the polymer chains. The dichroic difference spectra
for both samples at an elongation of approx. 40% are given in Figure 8.18A and B. Whereas
the sample with the lamellar orientation perpendicular to the tensile direction hardly shows
any dichroism, the sample with lamellae oriented parallel to the deformation clearly shows
some dichroism in both the PS and PB vibration bands.
The orientation functions F for both the PS and PB domains in the samples oriented parallel
and perpendicular are given in Figure 8.19 as a function of draw ratio. The values of F were
evaluated for PB using the absorption band at 966 cm−1 which is ascribed to an out-of-plane
C-H bending mode. For PS, the absorption band at 1493 cm−1 is used (in plane phenyl
stretching). It is obvious that both components of the polymer oriented parallel to the tensile
direction show a large degree of plastic deformation at an elongation of 37%. Furthermore,
no dichroism is observed before yielding, neither for the PS and the PB phase. The strong
sudden orientation is caused by the localized mode of deformation in the form of a neck; the
deformation predominantly proceeds in the neck. The orientation function decreases after
70 % elongation. Due to the development of small cracks, the polymer film relaxes. The
total fraction oriented PB is somewhat smaller compared to the fraction of oriented PB in
the isotropic polymer film cast from toluene, whereas the oriented fraction of the PS phase is
larger. This can be explained by the more homogeneous deformation behavior of the toluene
cast film, predominantly proceeding in the PB phase.
For the polymer pre-oriented perpendicular to the stretching direction the maximum elonga-
tion was limited. Hardly any orientation of the PB and the PS chains could be observed from
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Figure 8.18: Infrared spectra of pre-oriented SBS polymer elongated A) parallel to the orientation,
elongation 37% B) perpendicular to the orientation direction, elongation 40%. Spectra
recorded with A) radiation polarized parallel, B) radiation polarized perpendicular and C)
dichroic difference spectrum.
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Figure 8.19: Orientation functions of 966 cm−1 (PB) oriented parallel (open circles), 1493 cm−1 (PS)
oriented parallel (filled circles), 966 cm−1 (PB) oriented perpendicular (open squares)
and 1493 cm−1 (PS) oriented perpendicular (filled squares).

the dichroic difference spectra. This can be explained by the formation of cracks and holes
in the stretched polymer film at low strains, resulting in stress relaxation. Furthermore, the
dichroic difference spectra of the perpendicular oriented polymer show some spectral features
at 1262 cm−1, 1018 cm−1 and 798 cm−1 (Figure 8.18). In the original infrared spectra of the
unstretched polymer only small peaks are visible at those frequencies. Since these vibrations
are close to vibrations of the aromatic carbons, the peaks may have been shifted or broadened
due to the applied stress on the PS chains/lamellae.
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In-situ small angle X-ray experiments
Figure 8.20 represents the typical 2D-SAXS patterns recorded during the in-situ tensile test of
the SBS sample oriented parallel to the stretching direction. The arcing is due to some degree
of misalignment in the oriented lamellar structure. The azimuthal width of the reflection is
35◦(full width at half-maximum). With increasing strain the reflection arcs remain centered
perpendicular to the deformation axis. The lamellar repeat period, d, is found to remain
approximately constant upon uniaxial stretching until x = 0.4 mm. The diffraction maxima
disappear after a clamp displacement of 0.4 mm indicating that the periodicity of the repeating
lamellae is destroyed upon deformation. After a displacement of 0.23 mm a sudden increase
in scattered intensity close to the beamstop can be observed, indicating the development of
electron density fluctuations. This is, finally, followed by azimuthal broadening as can be
seen in the asymmetric elliptical scattering in the tensile direction as found for x = 1.33 mm.

Figure 8.20: 2D-SAXS patterns of SBS pre-oriented parallel to the tensile direction measured at dif-
ferent clamp displacements, x [mm], indicated in the right bottom corner; the tensile
direction is vertical.

The azimuthal plot for this system is given in Figure 8.21. The first patterns (t = 0 min)
clearly demonstrate the orientation of the lamellae in the direction parallel to the tensile di-
rections, giving rise to scattering perpendicular to the tensile direction (0 and 180◦). After
t = 2 min a localized deformation zone develops. This is accompanied by the formation of
some crack like voids and small crazes as can be concluded from the overall increased scat-
tering and maxima at 90 and 270◦. With ongoing deformation, the total intensity drops as
a result of neck formation and, consequently, sample thinning. The next slow increase in
intensity is the result of the subsequent cavitation and crack formation. An explanation for
the observed scattering patterns may that upon deformation, the critical triaxial stress state in
the PS load bearing lamellae to induce cavitation and consequently crazing is reached. Mi-
crocracks and crazes develop perpendicular to the tensile direction. The craze propagation is
terminated by the parallel oriented PB lamellae and the high triaxial stress state is relieved.
The fragmented PS lamellae get dispersed into a PB ’matrix’. The deformation proceeds via
subsequent breaking of the PS lamellae and dispersion into PB. In such a way a neck may
propagate until the load bearing capacity of the PB is surpassed. This mechanism is illus-
trated in Figure 8.23A.
The hypothesis is in accordance with the experimental invariant data and the local strain
measurements, as shown in Figure 8.22A and B. The sudden increase in scattering parallel to
the tensile direction, due to the onset of crazing in the PS lamellar domains, is immediately
followed by a strong decrease in overall scattering as a result of necking. The experimental
invariant shows a strong decrease, which can be explained by extreme local sample thinning
in the form of a neck and the concomitant drastically reduction in the number of scattering
particles. The increase in invariant is caused by cavitation of the PB phase and the sub-
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sequent orientation of the PS fragments and PB domains. The local strain data present a
homogeneous strain rate up to a clamp displacement of x = 1 mm. Upon further deformation
a neck is formed and, consequently, the local strain remains approximately constant. The
tensile test is stopped before fracture had occurred. Finally, the assumption used in the local
strain calculation that the contraction in both directions perpendicular to the tensile direction
is equal may not be justified for highly oriented samples. Although the exact values of the
local strain may not be correct, the curvature of the local strain still gains information about
the mode of deformation.
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Figure 8.21: SAXS data for the in-situ deformation of SBS pre-oriented parallel to the tensile direction
(azimuthal plot). The tensile speed = 0.2 mm·min−1.
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Figure 8.22: SAXS data for the in-situ deformation of SBS pre-oriented parallel to the tensile direction.
The tensile speed = 0.2 mm·min−1. A) Experimental invariant and B) local strain data.
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Figure 8.23: A schematic representation of the microscopic mode of deformation in A) SBS pre-
oriented parallel and B) SBS pre-oriented perpendicular to the tensile direction. PB and
PS are represented as black and white lamellae, respectively. The tensile direction (TD)
is vertical.

In Figure 8.24, the 2D-scattering patterns are given for the deformation of SBS oriented per-
pendicular to the tensile direction. The lamellar reflections appear as small dots, with the
maximum intensity on the meridian (tensile direction). With increasing strain the reflections
remain centered on the meridian. The initial main effect of deformation is a continuous shift-
ing of the meridional peak position towards smaller angles, up to a point where additional
scattering is overlapping. This implies that the lamellar repeat distance is simply increased
by the applied stress. The orientation of the lamellae is maintained perpendicular to the ten-
sile direction. A secondary effect of deformation is the development of crazing streaks in
the tensile direction at x = 0.33 mm. This is followed by strong asymmetric scattering in
the tensile direction at x = 0.66 mm. The azimuthal plot is given in Figure 8.25. The initial
scattering at 90 and 270◦is the result of preorientation of the lamellae. The development of
crazes at t = 2 min is evident and even weak scattering can be observed at 0 and 180◦caused
by fibril scattering. The small increase in intensity over the complete azimuthal angle is the
result of cavitation of both the PS and the PB domains. Crazes predominantly grow in the
PS lamellae perpendicular to the tensile direction. Due to some misalignment of the PS-PB
lamellae, not all crazes will propagate with their normal exactly aligned to the tensile di-
rection. This causes the broadness of the scattering at 90 and 270◦C. A schematic drawing
of the microscopic deformation mode is displayed in Figure 8.23B. The deformation pre-
dominantly proceeds via crazing of the PS lamellae accompanied with yielding of the PB
domains. These observations are confirmed by the local strain data as given in Figure 8.26B.
The locals strain increases homogeneously with constant strain rate and is mainly the result
of stretching of the PB lamellae. The experimental invariant is depicted in Figure 8.26A. A
sharp increase demonstrates the occurrence of dilatation processes in the form of crazes. The
observed maximum is the result of the decreasing amount of scattering units in the beam as
the sample thickness decreases.
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Figure 8.24: 2D-SAXS patterns of SBS pre-oriented perpendicular to the tensile direction measured at
different clamp displacements, x [mm], indicated in the right bottom corner; the tensile
direction is vertical.
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Figure 8.25: SAXS data for the in-situ deformation of SBS pre-oriented perpendicular to the tensile
direction (azimuthal plot). The tensile speed = 0.2 mm·min−1.

8.2.4 Discussion

It is obvious that craze initiation and craze propagation is strongly influenced by the mi-
crostructure and the direction of the lamellar regions. If the lamellae are ordered perpen-
dicular to the craze direction, i.e. parallel to the tensile direction, crazes are stopped at the
borderline of stacked lamellae. Weidisch et al. (1999, 2000) emphasized on the need for grain
boundaries with uniform orientation in craze termination for macroscopically isotropic mi-
crophase separated structures. In the microscopic regions, the so-called grains, the lamellar
microdomains are preferentially oriented but the orientation direction differs from that in the
neighboring grains. The overall structure can be taken as an assembly of grains, as observed
in Figure 8.1B. Stacked lamellae oriented parallel to the applied stress field are more effec-
tive in craze stopping than a single lamella. Furthermore, it was shown by Weidisch that local
orientation of the morphology in grains leads to craze diversion: crazes propagation does not
occur perpendicular to the external stress field in all cases. In the toluene cast film, the grains
with stacks of lamellae oriented to the direction of the stress are effective craze stoppers. The
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Figure 8.26: SAXS data for the in-situ deformation of SBS pre-oriented perpendicular to the tensile
direction. The tensile speed = 0.2 mm·min−1. A) Experimental invariant and B) local
strain data.

azimuthal plots did not give any indication for the occurrence of cavitation in the toluene cast
films. Since the PB lamellae form a continuous phase, cavitation is suppressed.
The tensile properties of the MEK cast films show a large spread. This is caused by the
non-equilibrium morphology which is frozen in at room temperature by casting from MEK.
To remove the residual solvent, the samples were heated to 60◦ C and annealed for sev-
eral days, which may partly result in a morphological transition from cylindrical to lamellar
microdomains. The more brittle behavior of the MEK cast films is mainly caused by the mi-
crodomain morphology in which PB domains are dispersed in the PS matrix. FTIR showed
a strong equal orientation at low nominal strain for both the PS matrix and the PB dispersed
phase. The deformation starts with the formation of cavities, microcracks or even crazes in
the PS matrix. This is probably accompanied with cavitation and strong orientation of the PB
domains progressing through the formation of dilatation bands, which are cavitated planar
yield zones combining shear yielding with extension normal to the shear band, as described
in detail in Chapter 5. The influence of the long range order is evident. Pre-oriented triblock
copolymers show a strongly reduced mechanical performance and are less capable in termi-
nating propagating crazes. For the sample with the lamellar orientation perpendicular to the
tensile direction, the deformation predominantly occurs within the PS domains. Due to the
absence of effective craze stoppers in the form of stacked lamellae oriented parallel to the
deformation direction, the crazes may propagate to such an extent that a fatal crack develops.
The sample with the lamellar direction parallel to the load deforms via subsequent dissolution
of fragmented (crazed) PS domains in the PB phase. Additionally, it was found by Creton
et al. (1992) that the extension ratio of the fibrils in PS-b-PVP block copolymers was always
larger for lamellae oriented parallel to the craze fibril direction than for lamellae oriented
perpendicular to this direction. This was attributed to the stretched chain conformation in
block copolymers normal to the interfaces of the lamellae. The difference in extension for
fibrils with the orientation direction of the lamellae may be an additional explanation for the
observed differences in tensile behavior.
As has been reported by Cohen et al. (2001), PS/PB lamellae in an SBS triblock copolymer
(46 wt% PS) oriented perpendicular to the tensile direction may deform via bending of the
lamellar normal out of the deformation axis. This nucleates a kink band from which the kink
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boundaries can propagate parallel to the deformation direction. This may cause undulation of
adjacent regions until the entire structure is turned into a chevron structure. They suggested
that the linear elastic stress/strain behavior is associated to tilting of the layers. The plateau
level of the stress was related to the microstructural transition to the chevron morphology.
This phenomenon is not observed for the perpendicular oriented samples described in this
chapter. The amount of glassy PS is larger and before undulation of the lamellae may be ob-
served, catastrophic crazing will occur. However, in the 2D-SAXS data for the toluene-cast
SBS, a minor indication exists for the presence of undulation and kink formation.
The effect of compression molding and solvent casting is less pronounced for the SBS tri-
block copolymer compared to the PS-PB-PCL triblock copolymers described in Chapter 7.
This is most probably due to the difference in microscopic morphology (lamellae compared
to cylinders).

8.3 Morphology and deformation of SBS/hPS blends

This section describes the deformation behavior of SBS/hPS blends. Since the total rub-
ber fraction is decreased by addition of the homopolymer, it would be of interest to reveal
information on the tensile properties and the occurrence of crazing or cavitation versus mor-
phology and rubber content. The morphology behavior of homopolymer/diblock copolymer
(A-B/B) blends was extensively discussed in Chapter 3. Generally, it can be said that macro-
phase separation occurs when the homopolymer molecular weight exceeds the molecular
weight of the soluble part of the block copolymer.
Blends of commercial polystyrene (hPS) and SBS were prepared by solvent casting from to-
luene. The concentration hPS was varied from 0-95 wt%. Except for the blend with 90 wt%
of the SBS copolymer, transmission electron micrographs reveal the presence of macrophase
separation for all compositions, as can be seen in Figure 8.27. Within the large domains
of the triblock copolymer rich phases a dispersion of pure PS droplets is observed. During
the solvent casting process the PS is encapsulated and upon additional drying, it is com-
pletely separated from the triblock copolymer. For the blend with 90 wt% SBS, it is evident
that the PS homopolymer is dissolved in the PS lamellar domains of the triblock copolymer.
The lamellar thickness fluctuates over the sample, as can be seen in Figure 8.27A (zoom).
Macrophase separation is caused by the difference in molecular weight and molecular weight
distribution between homopolymer PS and the polystyrene block in the triblock copolymer,
Thomas and Winey (1990). The homopolymer PS has a broad molecular weight distribution
(PDI=3.51). The fraction with a relatively low molecular weight (below the Mn of the poly-
styrene block) will dissolve in the PS triblock copolymer lamellae, which will, consequently,
result in an increase in lamellar thickness.
The d-spacings of the blends as determined by SAXS are listed in Figure 8.28. It is obvious
that the domain spacing increases with increasing hPS content up to 70 wt% hPS. However,
the increase in domain size is relatively small and confirms the presence of macrophase sepa-
ration. If the systems would have possessed a microphase separated morphology, the domain
spacing should have increased much more. The observed expansion is only caused by dis-
solution of low molecular weight hPS in the PS microdomains. For blends with more than
70 wt% hPS, the domain spacing decreases with increasing PS content, as a result of complete
macrophase separation.
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Figure 8.27: Transmission electron micrographs of PS/SBS blends with A) 10 wt% PS, B) 50 wt% PS
and C) 90 wt% PS
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Figure 8.28: Domain spacings for blends of SBS and homopolymer PS vs weight fraction hPS.

The stress-strain behavior of these blends is depicted in Figure 8.29. The maximum draw
ratios of the individual blends are given in Table 8.3. Upon deformation, stress whitening
was observed for the blends consisting of a major fraction of triblock copolymer. Blends
mainly consisting of hPS showed craze formation. Remarkably high strains were obtained
for blends with an overall PS composition of more than 87 wt% PS (50/50 blend).
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Figure 8.29: A) Stress-strain behavior PS/SBS triblock copolymer blends at a strain rate of 3·10−3s−1.
Ratios of the dispersed phase are given as hPS/SBS, B) x-axis stretch.

Table 8.3: Maximum draw ratio and E-modulus of SBS/hPS blends

hPS SBS draw ratio E
[wt% ] [wt%] [-] [MPa]
100 0 1.01 2507.3
95 5 1.07 1998.3
90 10 1.11 1922.8
80 20 1.22 1671.5
70 30 1.28 1372.2
60 40 1.32 1254.3
50 50 1.60 1127.5
40 60 1.67 1099.5
30 70 1.72 679.8
20 80 2.97 554.1
10 90 3.52 490.7
0 100 4.22 472.2

The microscopic mode of deformation of the hPS/SBS blends was studied by time-resolved
SAXS. For the blends with more than 50 wt% hPS, the deformation proceeds predominantly
via crazing in the hPS domains. The azimuthal plot given in Figure 8.30 demonstrates the
development of the X-ray patterns upon deformation for the 50/50 blend. Besides the oc-
currence of cavitation, strong scattering is observed at the meridian. This originates from
craze formation in the PS matrix, although scattering from craze fibrils is hardly observed.
An increase in intensity can be found at the shoulders of the crazing streaks, i.e. at 45, 135,
225, and 315◦. These are caused by intragrain yielding of stacked lamellae and/or buckling
of the lamellae into the so-called chevron or herringbone structure. A schematic representa-
tion of the development of the X-ray scattering patterns for the change from random oriented
lamellae to a chevron structure is given in Figure 8.7. The improved toughness is the result
of effective termination of the crazes by stacked lamellae oriented parallel to the tensile di-
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Figure 8.30: SAXS data for the in-situ deformation of a hPS/SBS blend with 50 wt% SBS (azimuthal
plot). The tensile speed = 0.2 mm·min−1.

rection in the SBS rich domains. When the amount of triblock copolymer is enhanced to
90 wt%, the azimuthal plot looks rather different, see Figure 8.31. The amount of cavitation,
derived from the increase in scattering over the complete azimuthal range, is much more in-
tense compared to the solvent cast pure SBS as given in Figure 8.14. The intensity strongly
increases at the meridian and upon deformation a strong scattering develops at the shoulders
of the meridian scattering. The deformation mechanism may be similar as described for the
pure triblock copolymer. However, since the lamellar thickness is enhanced, crack formation
may be more effective in the PS lamellae, whereas the dispersion of PS microdomains in PB
is more difficult. The crack growth in the PS phases is terminated by the PB lamellae. Due to
shear yielding, the lamellae will orient upon deformation into a chevron structure resulting in
the increase in intensity at the shoulders of the meridian scattering.
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Figure 8.31: SAXS data for the in-situ deformation of a hPS/SBS blend with 90 wt% SBS (azimuthal
plot). The tensile speed = 0.2 mm·min−1.
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8.4 Conclusions

In block copolymer (blends) there are basically three levels of structure: the local chemical
microstructure of the blocks, the size and shape of the microdomains and the superstructure
of the grains. All these structures have their apparent influence on the mechanical behavior
of the material. The larger scale structural aspects, and in turn the macroscopic properties,
are significantly influenced by the processing history.
The molecular orientation upon deformation as revealed by FTIR spectroscopy turned out
to depend on the morphology of the undrawn film and to have a strong correlation with the
stress-strain behavior. For the toluene as-cast films, a rubber-like behavior was observed.
Stretching of PB chains parallel to the stretching direction was accompanied by orientation,
cavitation and fracture of the PS lamellae. Fragmented PS lamellae get dispersed in the PB
phase and propagating crazes in the PS domains are stopped by the surrounding PB phases.
Consequently, the material deforms homogeneously. For the MEK as-cast film, a strong con-
tinuous orientation of both PS and PB chains with strain was detected. Since the matrix is
mainly composed of the glassy PS phase, plastic deformation was observed without rubber-
like characteristics. Before fragmentation of the glassy PS matrix and dispersion of resultant
fragmentary PS microdomains in the PB phase, cavitation induced crazing occurs and the
specimen breaks.
The achievement of highly oriented lamellar structures by using an elongational flow process
allowed for an evaluation of the influence of the long range orde on the molecular orien-
tation behavior with uniaxial strain for PB and PS chains in the SBS triblock copolymers.
The deformation mechanism depends on the initial orientation of the lamellae relative to the
deformation axis. Stretching parallel to the lamellae results in yielding by propagation of a
stable macroscopic neck. The glassy PS layers break up at the neck front, while the rubber
layers achieve high strains. Deformation perpendicular to the lamellae leads predominantly
to crazing and consequently a more brittle behavior. Crazes propagate easily perpendicular
to the applied load within the PS lamellar domains.
For an isotropic sample, most of the grains are initially oriented with their lamellar normal at
an angle to the deformation axis with a minority of grains having the lamellae either parallel
or perpendicular to it. The prevalent mechanism is expected to be formation of new internal
boundaries, parallel to the deformation axis. Cavitation, yielding and eventually fracture of
the layers at the interface is followed by rotation of the tilted lamellae stacks towards the
deformation axis. When high deformation is achieved, the lamellae that have tilted to nearly
parallel orientation can undergo further fragmentation as in the case of parallel deformation.
The difference in microscopic mechanical behavior of samples which are cast from toluene
or compression molded are minor. The major difference exist in the orientation of the craze
propagation, which is dependent on the alignment of the lamellae to the tensile direction.
Apparently, the long range order of a lamellar structure on the mechanical behavior is of less
importance compared to a cylindrical microdomain morphology.

8.5 Experimental

8.5.1 Materials
The poly(styrene-b-butadiene-b-styrene) was obtained from Kraton Polymers (KratonT M D-1401P).
The triblock copolymer has a composition of 75 wt% styrene and 25 wt% polybutadiene and a total
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molecular weight of 91 kg·mol−1 (Mw/Mn =1.72) as determined by SEC, using polystyrene standards.

8.5.2 Sample preparation
The triblock copolymer samples were prepared by compression molding (2 mm thickness) at 160◦ C
and by solvent casting from toluene and MEK, respectively. The solutions (5 wt %) were dried in F2
coated glass dishes, such that the dried films had a final thickness of 0.4 mm. The solvent was slowly
evaporated in air at room temperature for 6 days. The samples were then dried under vacuum for 48 hrs
at 60◦ C, followed by 24 hrs at 110◦ C.
For the blends the same solvent casting procedure was used. The pure polystyrene (N5000 Shell,
Mn=79.3 kg ·mol−1, Mw/Mn =3.51) content varied from 0 to 100 %. The solvent was slowly evapo-
rated in air at room temperature for 6 days. The samples were then dried under vacuum for 48 hrs at
60◦ C, followed by 24 hrs at 110◦ C. The Tg of this material, evaluated by modulated DSC at a scan rate
of 1◦ C·min−1, is 104◦ C for PS and -65◦ C for PB. The frequency applied in the TMDSC experiments
was 12.5 mHz and the amplitude was set at 500 mK.
Orientation of the triblock copolymer films was achieved by elongational flow in a channel die which
has been shown to be equivalent to planar extension, Daniel et al. (2000); Lee and Register (1996). The
mold was first covered with silicon oil to promote elongational flow and prevent shear flow. The mold
was heated up to 140◦ C and solvent cast films were compression molded to 100 bar, for 5 min. After
compression molding, the mold was kept in the machine which was allowed to slowly cool to room
temperature.

8.5.3 Characterization
To prepare the samples for TEM, a smooth surface was trimmed using a diamond tool, before staining
the samples in a 2 wt% OsO4 solution. Subsequently, thin sections (50-80 nm) were microtomed at
room temperature using a diamond knife. A Jeol 2000 FX transmission electron microscope operating
at 80 kV was used to visualize the morphology.
To study the tensile behavior and the microscopic mode of deformation by SAXS and FTIR, dog-bone
shaped samples with film thicknesses varying from 0.2-0.3 mm (z-axis) were machined from the ori-
ented films, perpendicular and parallel to the orientation direction, see Figure 8.32.
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Figure 8.32: Illustration of the elongation direction of the polymer specimens.

Mechanical characterization
Uniaxial tensile tests were performed on a Zwick Z010 with a constant linear strain of 10−3s−1. Tensile
test samples with a gauche length of 20 mm and a width of 2 mm were machined form the compression
molded plates (thickness: 2 mm) and the solvent cast films (thickness: 0.4 mm). In uniaxial tensile
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testing, deformation phenomena such as shear banding, neck drawing and failure cannot be circum-
vented and, therefore, an engineering stress, defined as the force divided by the initial cross-section
(F/A0) is the measured quantity. To evaluate the impact properties, rectangular plates with dimensions
70x70x1 mm3, were injection molded on an Arburg 320S/ Allrounder 500-150 injection molding ma-
chine. The mold was manufactured by Axxicon Moulds B.V. (Helmond, the Netherlands) and had a
V-shaped runner of 5 mm thickness and an entrance slit of 70x1 mm3, which is similar to the cross-
section of the plate cavity. The presence of flow induced orientation was investigated by SAXS. For
impact testing, rectangular bars (70x12x1 mm3) were cut parallel and perpendicular to the flow direc-
tion and subsequently notched with a notching device. The machined notches were sharpened prior to
testing using a fresh razor blade. The impact tests were performed using a Zwick Rel SB 3122 tensile
machine operating at 1 m·s−1. To assure the desired initial speed, a pick-up unit was used to allow the
piston to accelerate before deformation of the specimen. Piston displacement and force were measured
at a sample rate of 2.5 MHz, using a piezo-electric force transducer. The impact energy was calculated
by integration of the measured force-displacement curve divided by the fracture surface area. All tests
were performed at room temperature and in five-fold.
Small Angle X-ray Scattering (SAXS)
SAXS experiments were performed on the DUBBLE beamline (BM 26B) at the European Synchrotron
Radiation Facilities (ESRF) in Grenoble (France). The SAXS data were collected on a multiwire two-
dimensional (2D) detector positioned at 8 m from the sample. For calibration of the SAXS detector, the
scattering pattern from an oriented specimen of wet collagen (rat-tail tendon) was used. A parallel plate
ionization detector was placed in front and behind the sample, to record the incident and transmitted
intensity. The experimental data were divided by the detector response in order to correct for intrinsic
errors in the intensity measurements of the detector used. Finally the background scattering, which is
mainly the result of air, is subtracted. To gain information about the morphology of the triblock copoly-
mer and the blends, the two-dimensional SAXS data were transformed into one-dimensional plots by
performing integration along the azimuthal angle using the FIT2D program of Dr. Hammersley of
ESRF. In-situ SAXS deformation experiments were carried out using a home build tensile stage, in
which both clamps could move in opposite direction. The test speed varied from 0.05 mm·min−1 to
5 mm·min−1 for different experiments. The stretching direction was parallel to the surface of the sol-
vent cast films. The exposure time for each pattern was 10 seconds. The experiments were performed
at a wavelength of λ = 1.317 Åand a sample-to-detector distance of 8500 mm. The way of analyzing
the scattering and local strain data has been discussed in more detail in Chapter 5.
Fourier Transform Infrared Spectroscopy
Polymer films were elongated using a simple, hand driven stretcher. Transmission infrared (IR) spectra
were recorded in the transmission mode from the stretched sample using a Biorad FTS 6000 spectrom-
eter that is coupled to a Biorad UMA 500 microscope. A polarizer was placed in the infrared beam in
front of and behind the sample in front of the MCT detector to record spectra with the radiation polar-
ized parallel and perpendicular to the stretching direction. A rectangular aperture was used to adjust the
illuminated sample to approximately 30×30 µm. IR spectra were recorded with a resolution of 2 cm−1

co-adding 100 scans.
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Chapter 9

Research perspectives

9.1 Morphology development

The major objective of this research was suppression of crazing during deformation of brittle
polymers like PS and PMMA and to transfer the high intrinsic ductility to the macroscopic
level. This can be achieved by decreasing the local ligament thicknesses between the dis-
persed rubber phase particles to such an extent that they become too small to allow for craze
formation. In order to combine a ductile behavior (i.e. small ligament thickness) with a mini-
mum loss in modulus and strength the size of the rubber morphology has to be decreased
to nanoscale. Another requirement for improved properties and plastic deformation is the
occurrence of cavitation. Cavitation of the rubber phase relieves the high hydrostatic stresses
in the matrix and promotes shear yielding. Several routes to prepare sub-micron morpholo-
gies with minimal resistance against cavitation to induce ductility in thermoplastic polymers
were explored. The self-assembly process of diblock copolymers into microphase separated
regimes was used to create nanosized core-shell-like structures. A liquid core was recom-
mended to minimize the resistance against cavitation, whereas a rubber shell should result
in better strain hardening behavior. In Chapter 2 the synthesis of diblock copolymers based
on liquid-like PEB and PEP and an acrylate rubber was described. The combination of liv-
ing anionic polymerization and ATRP has been used successfully for the synthesis of narrow
dispersed block copolymers with varying molecular weight. These diblock copolymers were
used as toughening agent in PMMA and PS.
The morphology of diblock copolymer/homopolymer blends depends on the interaction pa-
rameter χ of the constituents and the molecular weight (distribution) of the homopolymer
compared to the molecular weight of the compatible block (NAh /NAc). For incompatible
polymer pairs as well as for NAh > NAc macrophase separation is observed. To avoid macro-
phase separation, the interaction between homopolymer and block copolymer shell should
be increased. It was demonstrated in Chapter 4 that the use of hydrogen bond interactions is
suitable to enhance compatibility and to create nanosized structures. A clear disadvantage of
this procedure is the limited degree of demixing between the rubber shell and the PS matrix
caused by the combination of favorable hydrogen bond interactions and the large interfacial
area as result of the limited size of the morphology. This limited degree of demixing hence
prevents the formation of a model core-shell-like morphology and results in large amounts of
a dispersed phase necessary to induce enhanced ductility. Furthermore, it was demonstrated
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that the rubber shell did not result in better strain hardening behavior. Better results may be
expected for a high modulus or even selectively crosslinked rubber shell. A diblock copoly-
mer in which the shell consists of a copolymer of a rubber acrylate and a crosslinkable agent,
e.g. glycidyl methacrylate, may be useful in future experiments,Wooley (2000); sanji et al.
(2000).
To prepare the desired nanosized structures with sharp phase boundaries, triblock copolymers
should be used. The third block which should be miscible with the matrix can provide the
necessary compatibility to prevent the occurrence of macrophase separation, whereas the mid
block will form the rubber shell, completely separated from the matrix. To induce complete
miscibility, the overall molecular weight of the third compatible block should be as large as
the matrix molecular weight combined with a low polydispersity index of both matrix and
compatible block. Decreasing the molecular weight of the matrix is undesirable. However,
the use of a triblock copolymer with a high molecular weight compatible block automatically
results in a considerable large fraction of triblock copolymer needed to obtain at least 5 vol%
of core-shell particles. To overcome the molecular weight dependency of the morphology
(NAh > NAc), the nanosized morphologies should be prepared via in-situ polymerization
of MMA at low temperatures. In such a way, the micellar dimensions are stabilized upon
polymerization, since the reaction occurs below the order/disorder temperature and prema-
ture coalescence of the diblock copolymer is prevented by the high viscosity. This procedure
results in the preparation of non-equilibrium nanosized morphologies. Even though micellar
nanostructures are promising toughening agents for brittle thermoplastics or thermosets, it is
shown that the two-step strategy based on the polymerization of the matrix after the nano-
sized morphology is established is not sufficiently straightforward to be viable on a large
scale. Additionally, the development of non-equilibrium morphologies prevents further pro-
cessing, since the mismatch in the molecular weight between the matrix and the compatible
block will cause macrophase separation. To further fix the ordered morphologies obtained af-
ter polymerization or to create equilibrium morphologies, the incorporation of reactive sites
into the matrix-miscible block should be explored. Covalent linkage of block copolymer
micelles may not only gain additional thermal stability but may also provide opportunities
for greater improvement in fracture toughness at low copolymer concentration, Grubbs et al.
(2000a,b).
A suitable step towards thermal stable nanosized morphologies can be found in the one-step
reactive melt blending of a rubber with the matrix to be toughened, Koulic et al. (2002). It was
demonstrated that reactive blending of polyamide (PA12) with a symmetric diblock copoly-
mer, which was end capped by an anhydride, results in a drastic reduction in particle size com-
pared to the unreactive blending. Dependent on the composition of the diblock copolymer
various dispersed nanophase structures are formed: core-shell structures with three-layered
substructures or cucumber structures. For a low volume fraction of diblock copolymer a con-
siderable increase in impact strength of PA12 was observed.

9.2 Triblock copolymers

In order to distinguish between the influence of the rubber morphology and the limited de-
gree of demixing between the matrix and the rubber phase, the properties of pure triblock
copolymers based on the same constituents were studied. For polyethylene-co-butylene-



Research perspectives 171

polybutylacrylate-polymethyl methacrylate (PEB-PBA-PMMA) triblock copolymers with
78 wt% of PMMA, a strong increase in strain at break was observed. The small angle X-ray
study showed that the microscopic mode of deformation proceeds via the subsequent cavita-
tion of the PEB domains and the consequent yielding of the PMMA ligaments. A transition is
obtained from crazing to cavitation induced shear yielding. To obtain a higher degree of strain
delocalization and, consequently, by a higher strain at break, the strain hardening should be
supported. This can be achieved by crosslinking of the matrix which is undesirable. A better
option is the use of a high modulus or even crosslinked rubber shell.
Secondly, a polystyrene-polybutadiene-polycaprolactone(SBC) triblock copolymer was stud-
ied with a semicrystalline PCL core. Compared to the samples described in Chapter 4 and
5, the PS-PB-PCL triblock morphology possesses a cylindrical morphology with sharp phase
boundaries. The overall PS matrix weight fraction is considerably lower (56 to 80 wt%). The
ductile mechanical response of the triblock copolymer is a result of instantaneous cavitation
of a large amount of PCL cylinders upon deformation. The tendency for cavitation of the
PCL domains is largely influenced by the thermal treatment. Additional quenching in liquid
nitrogen results in homogeneous crystallization and causes, together with the difference in ex-
pansion coefficient between the constituent phases, internal stress in the PCL domains, which
facilitates the occurrence of cavitation upon deformation. The degree of long range order of
the cylindrical microstructure plays an important role on both the mechanical performance as
well as the microscopic mode of deformation. For highly ordered materials, crazes propagate
in the PS matrix along the cylindrical axes perpendicular to the loading direction resulting in
fatal crack and brittle failure. For materials possessing a low degree of ordering that show
crazing upon deformation, craze termination is more effective and crazes do not necessary
propagate perpendicular to the load. The influence of the cylindrical morphology instead of a
spherical morphology on the deformation behavior is not yet completely understood. Due to
the high aspect ratio of cylinders, the influence of long range order on the mechanical behav-
ior will be more pronounced. Furthermore, it may be suggested that a cylindrical structure
is more effective in cavitation and releasing the high hydrostatic stresses over a large matrix
area.
Blending PS with the SBC triblock copolymer, as described in Chapter 7, to prepare spheri-
cal nanosized heterogeneous structures to toughen PS with an increased total PS fraction and
maintenance of its original stiffness, is impossible. The occurrence of macrophase separation
hinders the formation of nanostructures, as demonstrated in Figure 9.1. To overcome this
problem, the overall molecular weight of the compatible block should be as large as the PS
matrix combined with a low polydispersity index of the PS matrix. To overcome the molec-
ular weight dependency, it is worthwhile to try to polymerize styrene in the presence of this
triblock copolymer. The overall particle size will be influenced by the polymerization kinet-
ics. Decreasing the reaction domain size, by e.g. emulsion polymerization, may prevent the
formation of equilibrium morphologies and create smaller domain sizes. The final triblock
copolymer studied was a commercially available poly(styrene-butadiene-styrene) (PS-PB-
PS) triblock copolymer. The triblock copolymer contains 75 wt% PS and exhibits a lamellar
morphology. The high ductility of this triblock copolymer is caused by the subsequent failure
of the PS domains and the effective rearrangement of the fragmented PS in the PB matrix.
The long range order of this material is largely influenced by the processing method. Injec-
tion molding causes a strong alignment of the lamellae in the flow direction, resulting in a
strong reduction in mechanical performance. To use this triblock copolymer for commercial
applications, understanding of the influence of the long range order on the mechanical behav-
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Figure 9.1: Transmission electron micrograph of A) solvent cast blend of 50 wt% PCL-PB-PS and 50
wt% PS, B) zoom in.

ior is of major importance. It was shown that, dependent on the orientation direction of the
lamellae, crazes are capable of propagating to larger cracks resulting in brittle failure. In fur-
ther research additional attention should be paid to the influence of the processing conditions
on the long range order and the consequent mechanical behavior.
Although all blends showed macrophase separation resulting in triblock copolymer rich re-
gimes and pure PS regimes, it was shown that the mechanical performance of PS is consider-
able improved by introduction of PS-PB-PS. This improvement in strain at break was mainly
caused by an effective craze termination mechanism by stacked lamellae oriented parallel to
the applied load.

9.3 Cavitation
It was illustrated in Chapter 7 that a semi-crystalline core is powerful to induce cavitation.
The use of a glassy PS core may be an alternative option to induce cavitation and to maintain
a considerably high stiffness. The effect of composition and concentration of polystyrene-b-
polybutadiene-polymethylmethacrylate (SBM) triblock copolymer on the final morphology
and properties of modified epoxy networks was investigated by Ritzenthaler et al. (2003).
A nanosized structure formed by both PS and PB is generated as a consequence of the im-
miscibility of those blocks with the epoxy precursors, whereas the favorable interactions of
PMMA with epoxy ensures the microphase separation of the blend on the nanometer scale.
Depending on the copolymer concentration, various morphologies are formed of PB nodules
localized around PS spheres or a core-shell structure composed of PS spheres surrounded
by PB shells. The addition of this SBM modifier was found to be a powerful tool to solve
the problem of poor toughness of epoxy networks with large maintenance of the intrinsic
stiffness. The preparation of nanosized structures is facilitated in step growth reaction as
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for curing of epoxy resins, since these polymerizations often involve a slow built up of the
molecular weight and/or crosslinking, which may, already before the gelation point, prohibit
further coarsening of the structure.

9.4 Intrinsic mode of deformation
The main results of this thesis are based on different attempts to the development of new nano-
sized structures to induce ductility in brittle amorphous polymers such as PS and PMMA.
Special attention is paid to a fundamental understanding of the toughening mechanisms in
rubber modified nanosized blends. The most striking conclusion is that, although high ductil-
ities cannot be obtained, crazing is not the main source of energy dissipation in these type of
materials. Cavitation of the rubber particles, followed by microscopic shearing of the poly-
mer matrix is the dominant mechanism. The release of the hydrostatic tension by rubber
cavitation leads to the redistribution of the stress in the matrix and promotes shear yielding.
In more ductile polymeric matrices (with sufficient strain hardening or a considerable rubber
shell modulus) cavitation of the rubber particles allows the polymer to spread the cavitation
by shear bands (dilatation bands). The use of the term crazing used in Chapters 5-8, is most
of the times physically incorrect. Although craze-like structures are obtained with fibril-like
ligaments and comparable scattering patterns, this type of crazing is not induced by void
formation in the brittle matrix but by the subsequent cavitation of the heterogeneous phase,
followed by yielding of the interconnected ligaments up to high strains. Secondly, the vol-
ume fraction of material in the craze is substantially higher than in conventional crazes as
observed in bulk PS or PMMA.

9.5 Recommendations
An optimal morphology may be found in core-shell particles, with a semi-crystalline core
and a slightly crosslinked shell. The use of specific polymers as shell material which are able
to autocrosslink after the morphology is fixed by increasing the temperature or by application
of UV-light, may be a suitable tool to prevent intermicellar crosslinking and to enhance the
rubber modulus and, consequently, promote the strain hardening.

The requirement of good interfacial adhesion between rubber phase and matrix phase remains
a point of discussion. A distinction can be made between matrices deforming by multiple
shear yielding or matrices deforming by multiple crazing. In the latter case, good adhesion
between rubber particle and matrix is required, because the particles must be effective as craze
stoppers. In the first case, based on the concept that the function of the rubber particle is to
create voids, a good interfacial strength is less important. As shown before, the problem of
adhesion and interfacial strength is rather a problem of blend dispersion. In a triblock copoly-
mer all three phases are covalently bonded to each other. The influence of a dispersed phase
which is chemically connected to the matrix is not clear, but it may be suggested that stress
transfer from matrix to the cavitated core is enhanced. In recent modelling, bulk properties
are used as the physical properties of the constituent phases in the heterogeneous polymer
blends. The influence of confined geometries on e.g. the glass transition temperature, density
and chain conformation is not taken into account and may have an influence. However, a
correct characterization of physical properties in confined geometries is difficult.
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In future, special attention should be paid to the influence of the 3D morphology on the me-
chanical performance. It may be suggested that a cylindrical structure is more effective in
cavitation and releasing the high hydrostatic stresses over a large matrix area. Furthermore,
the preparation method (solvent casting or injection molding) of nanosized morphologies
greatly affects the long range order of the nanosized domains. For particles with a high as-
pect ratio, this may have a major influence on the microscopic mode of deformation, as was
demonstrated in Chapter 7 and 8. Since crazing, cavitation and shear yielding propagates in
a 3D manner, it is recommended to expand the finite element modelling to 3D.
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Samenvatting

Polystyreen (PS) en polymethylmethacrylaat (PMMA) zijn typische voorbeelden van brosse
amorfe polymeren. Op grond van de lage netwerkdichtheid kan echter worden verwacht dat
beide materialen ductieler zijn dan polycarbonaat (PC) dat taai is. De maximale verstrek-
graad van PS en PMMA blijkt op microscopische schaal inderdaad hoger te zijn dan die van
PC terwijl er op macroscopisch niveau reeds breuk optreedt bij een zeer geringe deformatie.
Dit is een direct gevolg van een extreme rek-localisatie tijdens deformatie, geı̈nduceerd door
de enorme strain softening en het gebrek aan strain hardening resulterend in crazes: span-
ningsdragende microscheurtjes die vroegtijdig uitgroeien tot een brosse breuk.
De doelstelling van het onderzoek beschreven in dit proefschrift is het verkrijgen van een
taai heterogeen polymeersysteem uitgaande van brosse amorfe polymeren zodanig dat het
intrinsieke taaie gedrag vertaald kan worden naar macroscopische eigenschappen. Een ver-
minderde strain softening en versterkte strain hardening zijn echter geen garantie voor taai
gedrag. Door een beperkte weerstand tegen cavitatie en de opbouw van hoge hydrostatische
spanningen onder bepaalde belastingssituaties bezwijkt zelfs PC aan crazing en heeft het een
lage slagvastheid in aanwezigheid van kerven in het oppervlak. Om een materiaal echt slag-
vast te maken moet de opbouw van deze hydrostatische spanningen voorkomen worden. Dit
kan naar verwachting verkregen worden door het toevoegen van sub-micron rubber deeltjes
met een aparte kern die een minimale weerstand tegen cavitatie bezit. Cavitatie van een rub-
ber deeltje zorgt voor een verlaging van de triaxiale spanningstoestand in de matrix, terwijl
rek-delocalisatie wordt bevorderd door de hogere rekversteving.
De controle over de morfologie is van cruciaal belang om deeltjes te verkrijgen met nanome-
ter dimensies. Het zelf-organisatieproces van blokcopolymeren is gebruikt om dit doel te ver-
wezenlijken. Macrofasescheiding door de incompatibiliteit van beide blokken is onmogelijk
omdat beide blokken aan elkaar vastzitten. Hierdoor treedt alleen microfasescheiding op over
een afstand die bepaald wordt door de karakteristieke lengteschaal van de blokken. Afhanke-
lijk van de initiële samenstelling vormen deze blokcopolymeren micellen in oplossing. Om
de gewenste twee-fase morfologie te realiseren is gebruik gemaakt van chemisch blenden.
Hierbij wordt uitgegaan van micellaire structuren door het oplossen van verscheidene blok-
copolymeren bestaande uit een vloeibaar polyethyleenbutyleen en een rubber-acrylaatblok
(bijvoorbeeld PEB-PMA) in MMA. Vervolgens wordt de MMA in-situ gepolymeriseerd.
Voor een groot aantal systemen treedt er echter macrofasescheiding op gedurende de poly-
merisatie, resulterend in een PMMA rijke fase en een blokcopolymeer rijke fase.
Twee mogelijke procedures zijn onderzocht om macrofase scheiding te voorkomen en de
gewenste submicron-structuren te kunnen realiseren. Door de polymerisatietemperatuur danig
te verlagen, kan de viscositeit van het reactiemengsel worden gecontroleerd en wordt coales-
centie van het blokcopolymeer verhinderd. Verlaging van de reactietemperatuur resulteert
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ook in een stabilisatie van de micellaire structuren tijdens polymerisatie. Het intrinsieke
deformatiegedrag van de resulterende blends met nanostructuren liet een sterke reductie in
strain softening zien met hoeveelheid toegevoegd blokcopolymeer.
Macrofasescheiding kan ook worden onderdrukt door het introduceren van intermoleculaire
waterstofbruggen tussen de PS matrix en de acrylaat-rubber schil. Afhankelijk van de hoe-
veelheid geintroduceerde interacties kan de mate van fasescheiding worden gecontroleerd en
wordt een overgang in morfologie verkregen van macrofasegescheiden structuren tot submi-
cron micellaire twee-fase deeltjes.
Trekproeven lieten geen sterke verbetering zien in mechanisch gedrag. Het intrinsieke defor-
matiegedrag vertoonde daarentegen wel duidelijke veranderingen. De strain hardening mo-
dulus bleef onveranderd, terwijl daarentegen de strain softening drastisch verminderd was.
De systemen met volledig mengbaarheid tussen PS matrix en acrylaat schil vertoonde een
sterke strain softening, resulterend in bros gedrag. In-situ small angle X-ray (SAXS) ex-
perimenten tijdens deformatie zijn uitgevoerd om de deformatie op microscopisch niveau
zichtbaar te maken. Het brosse karakter van de PS blends met lage concentraties blokcopoly-
meer en grote mate van waterstofbrug-interacties blijkt het gevolg van crazing, terwijl het
taaier materiaalgedrag voor hogere rubberfracties het gevolg is van cavitatie-geı̈nduceerde
shear yiel-ding. De macroscopische eigenschappen worden bepaald door het microscopische
deformatie mechanisme dat kan worden beı̈nvloed door de specifieke rubbermorfologie.
Door gebruik te maken van waterstofbruginteractie om macrofasescheiding te voorkomen,
wordt slechts een beperkte ontmenging verkregen tussen de PS matrix en de acrylaat schil.
Daarom is onderzoek gedaan naar het deformatiegedrag van verschillende triblok copoly-
meren met PS of PMMA als matrix en scherpe fasovergangen die gebruikt kunnen worden
als modelsystemen.
Het eerste triblokcopolymeer dat onderzocht is bestond uit polymethylmethacrylaat-poly-
butylacrylaat-polyethyleenbutyleen. Het is aangetoond dat de hogere rek bij breuk wordt
veroorzaakt door cavitatie van de PEB kern, resulterend in een verlaging van de hydrosta-
tische spanning en yielding van de PMMA matrix. Crazing in de PMMA matrix wordt niet
waargenomen. Daarnaast is onderzoek gedaan naar de deformatie van het triblok polystyreen-
b-polybutadieen-b-polycaprolacton(SBC) met een cylindrische structuur. Afhankelijk van de
thermische behandeling kan de semi-kristallijne polycaprolacton cylindrische kern caviteren,
resulterend in yielding van de PS matrix en een enorme rek bij breuk (900%).
Tot slot is ook het deformatiegedrag van polystyreen-b-polybutadieen-b-polystyreen (SBS)
met een PS fractie van 75% onderzocht. De deformatie op microscopisch niveau is sterk
afhankelijk van de lamellaire morfologie. Orientatie van de lamellen parallel of loodrecht
op de spanningsrichting resulteert in een sterke afname in mechanisch gedrag. Materiaal
met de lamel-orientatie parallel aan de trekrichting deformeert door middel van het opbreken
van de PS ligamenten en het dispergeren van deze fragmenten in PB. De materialen met de
lamellen georienteerd loodrecht op de spanning deformeren door middel van craze initiatie
en propagatie in de PS lamellen. Door gebruik te maken van een ander oplosmiddel in het
preparatieproces wordt een volledig andere morfologie verkregen: kleine ronde staafjes in
plaats van lamellen. Dit resulteert in een verandering in mechanische eigenschappen en in
deformatiegedrag. In tegenstelling tot het taaie gedrag en een homogene deformatie voor de
lamellaire morfologie door middel van yielding en effectieve craze terminatie, werd een meer
bros gedrag waargenomen. Dit werd veroorzaakt door cavitatie van de PB domeinen en de
afwezigheid van de juiste morfologie om craze propagatie te stoppen.
Tot slot resulteert de introductie van blokcopolymeren in een taaier heterogeen polymeersys-
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teem op basis van brosse amorfe polymeren welke inderdaad het gevolg is van een de beoogde
transitie in het microscopische deformatiegedrag van crazing naar shear yielding. Het gebruik
van triblokcopolymeren als modelsystemen blijkt van essentieel belang ten einde inzicht te
krijgen en conclusies te kunnen verbinden aan de invloed van rubbermorfologie, cavitatie en
de mate van ontmenging op het intrinsieke deformatiegedrag en de macroscopische mecha-
nische eigenschappen van rubbergemodificeerde brosse amorfe polymeren.
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enthousiast (en met succes) proberen structuren te visualiseren. Pieter Magusin en Eugène
van Oers wil ik bedanken voor hun hulp bij de vaste stof NMR experimenten. Sjef Garenfeld,
Rob van de Berg, Toon van Gils en Ab Kneppers dank jullie wel voor alle hulp die ik telkens
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die we hebben gehad.
Dit onderzoek was niet mogelijk geweest zonder de steun en gezelligheid van (ex-)collega’s
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wat hulp hebben geboden bij vele nachtelijke experimenten in Grenoble. Daarvoor allemaal
dank je wel.
Tot slot wil ik mijn familie en vrienden bedanken voor hun steun, afleiding en vertrouwen in
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jullie nu alvast bedanken voor het feit dat jullie, mijn twee kleine (grote) broertjes, mijn
paranimfen willen zijn. Op de vraag wat ik nu eigenlijk aan het doen was op de TU/e, heb
ik jullie altijd geantwoord dat ik een taai en sterk plastic bekertje aan het maken was. Omdat
jullie daar voorlopig nog niet uit kunnen drinken, zullen jullie genoegen moeten nemen met
die bekertjes op de kaft. In dat verband wil ik ook Monique en Jacco bedanken voor de leuke
foto’s voor de kaft.
Als allerlaatste wil ik Jacco bedanken. Vaak heb je je onbegrepen gevoeld als ik geen zin had
om thuis uit te leggen welke experimenten ik gedaan had en welke er (weer) op de TU/e mis
waren gegaan. Toch is jouw steun ontzettend belangrijk geweest. Dank je wel voor al je hulp,
geduld en belangstelling.
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