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a b s t r a c t 

Martensite/ferrite (M/F) interface damage plays a critical role in controlling failure of dual-phase (DP) 

steels and is commonly understood to originate from the large phase contrast between martensite and 

ferrite. This however conflicts with a few, recent observations, showing that considerable M/F interface 

damage initiation is often accompanied by apparent martensite island plasticity and weak M/F strain 

partitioning. In fact, martensite has a complex hierarchical structure which induces a strongly heteroge- 

neous and orientation-dependent plastic response. Depending on the local stress state, (lath) martensite 

is presumed to be hard to deform based on common understanding. However, when favourably oriented, 

substructure boundary sliding can be triggered at a resolved shear stress which is comparable to that of 

ferrite. Moreover, careful measurements of the M/F interface structure indicate the occurrence of sharp 

martensite wedges protruding into the ferrite and clear steps in correspondence with lath boundaries, 

constituting a jagged M/F interfacial morphology that may have a large effect on the M/F interface be- 

haviour. By taking into account the substructure and morphology features, which are usually overlooked 

in the literature, this contribution re-examines the M/F interface damage initiation mechanism. A sys- 

tematic study is performed, which accounts for different loading conditions, phase contrasts, residual 

stresses/strains resulting from the preceding martensitic phase transformation, as well as the possible 

M/F interfacial morphologies. Crystal plasticity simulations are conducted to include inter-lath retained 

austenite (RA) films enabling the substructure boundary sliding. The results show that the substructure 

boundary sliding, which is the most favourable plastic deformation mode of lath martensite, can trig- 

ger M/F interface damage and hence control the failure behaviour of DP steels. The present finding may 

change the way in which M/F interface damage initiation is understood as a critical failure mechanism in 

DP steels. 

© 2020 Acta Materialia Inc. Published by Elsevier Ltd. 

This is an open access article under the CC BY license ( http://creativecommons.org/licenses/by/4.0/ ) 
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. Introduction 

Facilitated by the economically viable thermo-mechanical pro- 

essing procedures, low alloying requirements and excellent me- 

hanical properties, dual-phase (DP) steels consisting of a ferrite 

F)/(lath) martensite (M) microstructure are nowadays among the 

ost attractive advanced high strength steels (AHSS) for automo- 

ive applications [1] . The exploitation of DP steels has triggered in- 

ense effort s to further increase their strength and ductility. How- 

ver, a strength/ductility trade-off exists, as shown by several at- 

empts to optimize the strength of DP steels by e.g. increasing the 

artensite volume fraction [2] , the carbon content [3] , the marten- 
∗ Corresponding author. 
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ite island connectivity [4] and by grain refinement [5] , which of- 

en result in a ductility decrease. Hence, this trade-off acts as a 

ritical constraint for further improvements of DP steels towards 

anufacturing of light-weight complex structural components. 

In order to overcome this challenge, considerable effort s have 

een devoted to understand DP steel failure. Based on a broad re- 

iew of experimental data, Tasan et al. [6] concluded that M/F in- 

erface damage (which, as discussed by Hoefnagels et al. [7] , is of- 

en referred to as “decohesion”) is the dominant origin of DP steel 

ailure in the case of low (10%) to moderate (50%) martensite vol- 

me fractions, which holds true for most widely used DP grades. 

oreover, it has been found that the voids nucleated at the M/F 

nterface can grow easily, due to the relatively limited mechanical 

onstraints induced by the martensite islands [8,9] . These facts in- 
rticle under the CC BY license ( http://creativecommons.org/licenses/by/4.0/ ) 
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eed show the importance of counteracting the M/F interface dam- 

ge, in order to improve the overall ductility of DP steels. 

Commonly, martensite is regarded as a hard constituent that 

hows negligible plasticity when embedded in the much softer fer- 

ite. As a result, M/F interface damage is usually considered to 

riginate from the large phase contrast between the ferrite matrix 

nd martensite islands, which act as hard barriers for the dislo- 

ation glide in the ferrite [10] . Upon mechanical loading, disloca- 

ions gradually accumulate along the M/F interface, leading to a 

ocally high stored energy. After reaching a certain threshold, the 

tored energy is released [11,12] , eventually inducing void nucle- 

tion along the M/F interface [13] . 

This understanding of the M/F interface damage initiation 

echanism is in qualitative agreement with many observations 

nd thus is broadly accepted. For example, Das et al. [14] and 

adkhodapour et al. [15] reported that M/F interface damage was 

riggered preferentially around fine martensite islands (especially 

t their sharp ends) compared with the coarse martensite islands. 

his observation was correlated with the large curvature of the fine 

artensite islands, which, assuming a large M/F phase contrast, 

ould induce large plastic strain localization and stress concentra- 

ions in the surrounding ferrite matrix. Additionally, Avramovic- 

ingara et al. [16] , Saeidi et al. [13] and Archie et al. [17] pointed

ut that M/F interface damage was mostly triggered at M/F/F triple 

unctions or where the martensite islands were closely spaced. The 

nderlying mechanism causing damage could be plastic strain lo- 

alization in the ferrite matrix in these regions, again relying on 

 large M/F phase contrast. Numerical simulations have also been 

erformed testing the high M/F phase contrast hypothesis, showing 

hat the predictions of the M/F interface damage initiation spots 

gree qualitatively with the corresponding experimental observa- 

ions [18–20] . 

More recent detailed measurements, however, show data that 

s not consistent with the above understanding based on the high 

/F phase contrast assumption. For instance, microscopic digital 

mage correlation (micro-DIC) results have revealed that in DP 

teels, the martensite islands can deform up to large plastic strains 

 > 50 %) with weak M/F strain partitioning, even during the early 

eformation stages [21–26] , which contradict the large M/F phase 

ontrast assumption. Additionally, Samei et al. [27] demonstrated 

hat, upon mechanical loading, the dislocations around the fine 

artensite islands would pile up inside the ferrite matrix, rather 

han accumulating along the M/F interface. This new set of evi- 

ences asks for a deeper understanding of the M/F interface damage 

nitiation mechanism . 

It is well known that lath martensite has a complex hierar- 

hical structure characterized by a large amount of internal sub- 

rain/substructure boundaries [28–30] . Recent experiments have 

emonstrated that these boundaries not only strengthen lath 

artensite, but also enable plastic deformation via substructure 

oundary sliding, when locally subjected to simple shear [31,32] . 

xtensive TEM evidence of the presence of continuous nanoscale 

nter-lath retained austenite (RA) films at all lath boundaries (also 

t those belonging to the same variant) in low carbon and low 

lloy steels [33–35] , including DP steels [36,37] , has inspired the 

odelling work by Maresca et al. [38,39] . In this work, it was 

hown that the existence of inter-lath RA films on which the 

arder laths can easily slide, may explain the substructure bound- 

ry sliding. This mechanism hinges on the specific M/A crystallo- 

raphic orientation relationship (OR) and the low slip resistance 

ssociated with slip in the face-centered-cubic (FCC) austenite, 

ompared to the body-centered-cubic (BCC) laths, resulting in easy 

ctivation of plastic deformation carried by dislocation glide paral- 

el to the M/A interface. This substructure boundary sliding mecha- 

ism, based on the presence of the RA films, can also be accommo- 

ated by the martensitic phase transformation of the RA films [40] , 
2 
hich can occur upon mechanical loading. Despite the fact that di- 

ect in-situ observations of thin film austenite plastic deformation 

r austenite-to-martensite transformation accompanying the sub- 

tructure boundary sliding have not yet been performed (due to 

he small scales and the complexity), the assumption that the sub- 

tructure boundary sliding is governed by the RA films [38–40] is 

onsistent with multiple observations, and therefore will be also 

xplored in this contribution. 

Since martensite islands in DP steels have relatively few vari- 

nts such that the internal boundaries cross almost the whole 

slands [41] , the mentioned substructure boundary sliding could 

e correlated with the large heterogeneous plastic deformation of 

artensite in DP steels, as shown with numerical simulations by 

aresca et al. [42] and experimentally by Du et al. [43] . Conse- 

uently, the sliding mechanism of the martensite islands may well 

esult in significant deformation of the near-interface ferrite matrix 

hus triggering M/F interface damage. In addition, although most 

odelling work considers a smooth M/F interfacial morphology, re- 

ent detailed observations have identified the formation of sharp 

artensite wedges [44,45] , that may also affect the M/F interface 

amage behaviour. These substructural morphological features are 

ommonly disregarded when attempting to rationalize the M/F in- 

erface damage initiation mechanism. Therefore, this work aims at 

ddressing the following two questions: 

• Can the substructure boundary sliding trigger M/F interface 

damage? 

• How does the M/F interfacial morphology affect damage initia- 

tion? 

In order to address these questions, numerical modelling of the 

/F interface mechanical behaviour is carried out, which incorpo- 

ates the main features of the martensite island substructure and 

he M/F interfacial morphology. To the best of the authors’ knowl- 

dge, a detailed experimental study of the M/F interfacial mor- 

hology has not been carried out yet, hence, first, an experimen- 

al study of the M/F interface structure is carried out to verify the 

resence of a jagged M/F interfacial morphology. This experimental 

tudy also provides further confirmation of substructure boundary 

liding in lath martensite. Next, M/F interfaces with different mor- 

hologies are considered and modelled, for compactness, as one 

artensite island embedded in a ferrite matrix. The martensite is- 

and is composed of a set of BCC laths belonging to a single variant, 

tacked along the thickness direction and separated by inter-lath 

CC RA films that enable substructure boundary sliding. The crys- 

alline nature and the mutual OR of the BCC laths and FCC RA films 

re properly accounted for in the model. The mechanical behaviour 

f the M/F interface is investigated under different loading condi- 

ions, phase contrasts and residual stresses/strains due to the prior 

hase transformation. This modelling aims at a systematic study of 

he potential effects from different important M/F interface struc- 

ural features, rather than providing a direct comparison to a spe- 

ific experimentally measured M/F interface structure, or a specific 

hase behaviour. 

The paper is organized as follows. First, experimental evidence 

f the jagged M/F interfacial morphology is reported and discussed 

n Section 2 . Next, in Section 3 the modelling methods for the M/F 

nterface are presented, and the boundary conditions considered 

or the loading are detailed. The crystal plasticity simulation results 

f the M/F interface behaviour under different loading, phase con- 

rast and residual stress/strain conditions, together with the corre- 

ponding damage initiation analyses and discussions, are then pre- 

ented in Section 4 . The paper ends with Section 5 which summa- 

izes the main conclusions of this work. 
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. Experimental evidence of the M/F interfacial morphology 

nd indication of the transformation-induced substructure 

oundary sliding 

To the best of the authors’ knowledge, no systematic analysis 

f the M/F interfacial morphology has so far been presented in the 

iterature, and hence the commonly adopted assumption is that the 

/F interface has a smooth morphology. This assumption might 

owever be an oversimplification of the actual small-scale M/F in- 

erfacial morphology, as argued in the following. 

It is known that, as the martensitic phase transformation occurs 

n a constrained environment, the martensite will tend to form in 

he shape of thin plates/laths with sharp edges, in order to mini- 

ize the elastic strain energy. Such sharp martensite wedges have 

een observed in a few austenitic steels [44,45] . In this light, the 

ssumption of a smooth M/F interface may be an oversimplifica- 

ion. It seems more likely that laths in martensite islands form 

harp edges at the M/F interface, which entails a jagged interfacial 

orphology in DP steels. 

Furthermore, as discussed before, the martensite islands may 

ave the capability to deform by substructure boundary sliding. 

f sliding occurs, then it would be logical that this mechanism is 

lready activated during quenching, when the martensitic phase 

ransformation occurs, in order to relieve the large stresses accom- 

odating the phase transformation shape change. This mechanism 

tself might also induce a jagged M/F interfacial morphology, as 

ketched in Fig. 1 (a). 

In order to test this hypothesis, M/F interfaces in a heat- 

reated DP600 steel grade (Fe-0.092C-1.68Mn-0.57Cr-0.24Si wt.%) 

ave been characterized in detail by using Electron Channeling 

ontrast Imaging (ECCI). The specimen was first annealed for 10 
ig. 1. (a) Schematic illustration of substructure boundary sliding that can poten- 

ially relieve the stresses in martensite, introduced by the overall shape change from 

he parent austenite grain to the product martensite island during the phase trans- 

ormation; (b–c) ECCI micrographs of the jagged M/F interfaces in a DP steel spec- 

men. Some lath boundaries are identified by black lines. White arrows highlight 

everal clear steps, that occur in correspondence with the subgrain lath martensite 

oundaries and hence might be induced or enhanced by their sliding. Red arrows 

oint to “plumes” within the near-interface ferrite matrix, which are indications of 

islocation pile-ups due to the transformation-induced plasticity and the concurrent 

ubstructure boundary sliding in the martensite islands. (For interpretation of the 

eferences to colour in this figure legend, the reader is referred to the web version 

f this article.) 

p

o
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o

F
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s

t

3 
inutes at 10 0 0 ◦C, then water quenched, and subsequently inter- 

ritically annealed for 30 min at 770 ◦C, followed by a final wa- 

er quenching. After the heat treatment, careful mechanical pol- 

shing with colloidal silica was performed on the specimen, in or- 

er to obtain a high-quality surface. ECCI micrographs of two par- 

icular interfaces are shown in Fig. 1 (b–c), which indeed reveal a 

agged morphology. At the M/F interfaces, a series of laths (with 

oundaries highlighted by black lines), and clear steps (white ar- 

ows) at the lath boundaries can be observed, along with dislo- 

ation accumulation at/between the lath tips (red arrows). These 

bservations are consistent with the above stated hypotheses, that 

 jagged M/F interface can be induced either directly, by the for- 

ation of sharp martensite wedges, or indirectly, by the substruc- 

ure boundary sliding mechanism, that can already occur during 

he phase transformation. 

To the best of the authors’ knowledge, this is the first time that 

 jagged M/F interfacial morphology has been clearly identified. 

here may be several possible reasons why this type of M/F in- 

erface formation has not been previously reported in the litera- 

ure. First, a high-quality sample preparation, suited for ECCI, is re- 

uired. Chemical and electro-chemical etching or polishing meth- 

ds, regularly employed for the characterization of microstructures, 

hile sufficient for distinguishing between the martensite and fer- 

ite phases, easily affect the original M/F interface structure. Sec- 

nd, the high-resolution ECCI technique has not yet been employed 

ith the specific aim of investigating the M/F interfacial morphol- 

gy in DP steels. Moreover, attaining proper ECCI conditions is not 

 trivial task [46] . In general, the M/F interfacial morphology has 

ot been identified before as a possibly important microstructural 

eature, which may explain why it has not received much attention 

n the literature. Finally, not all the M/F interfaces observed in this 

articular heat-treated DP grade exhibit a jagged morphology. One 

f the possible reasons is that the substructure boundary sliding, 

lso in combination with the shape deformation, does not always 

ccur in the imaging plane. Nevertheless, the result presented in 

ig. 1 suggests that the mechanism of substructure boundary slid- 

ng can indeed be active in DP steels. 

The main insights that emerge from this ECCI analysis, and that 

ill guide the subsequent modelling approach, are: 

• All steps occur at lath boundaries, suggesting that the substruc- 

ture boundary sliding can indeed be active in the martensite is- 

lands during the martensitic phase transformation. The plastic 

deformation concentrates at the steps, which is a further mark 

of concurrent sliding induced by the phase transformation. 

• This mark of sliding in combination with the martensitic phase 

transformation confirms indirect evidence in DP steels [43] and 

adds to the more extensive evidence in martensitic steels 

[31,32] of the substructure boundary sliding of lath martensite. 

• Since the sliding seems to be activated already during the 

martensitic phase transformation, it is reasonable to presume 

that it will also be active upon subsequent mechanical load- 

ing, driven by the local shear stress state at the subgrain lath 

martensite boundaries. This hypothesis will be investigated sys- 

tematically in the subsequent computational analyses. 

. Modelling methods 

Based on the experimental evidence of substructure boundary 

liding and the M/F interfacial morphology reported in Section 2 , 

wo main modelling hypotheses are made: 

• RA films exist between the laths, governing the substructure 

boundary sliding. 

• The M/F interfacial morphology can be either smooth or jagged 
after the phase transformation. 
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These two hypotheses, supported by experimental observations 

f the martensite island microstructure in the considered type of 

P steel, will guide the choice of the modelling configurations and 

he material models. 

.1. Geometric model configurations 

A commercial DP steel microstructure (Fe-0.092C-1.68Mn- 

.57Cr-0.24Si wt.%) [47] , highlighting a single martensite island 

mbedded in the ferrite matrix is provided in Fig. 2 (a). Due to the

hared crystallographic orientation of the laths belonging to the 

ame variant, the lath boundaries (red lines) in each sub-block are 

ot visible in the Electron Backscatter Diffraction (EBSD) orienta- 

ion map. Nevertheless, it is well-known that the sub-block in the 

P steel martensite island consists of a set of laths. Lath bound- 

ries share the same habit-plane as the (sub-)block boundaries 

cyan lines) and are thus approximately parallel. Due to the rela- 

ively few variants in the DP steel martensite island, the substruc- 

ure boundaries cross almost the whole island. As already widely 

videnced in Section 1 , laths can easily slide on these substruc- 

ure boundaries and one experimental example from [31] is shown 

n Fig. 2 (b), where the substructure boundary sliding is clearly 

isible in a full martensitic steel specimen (same alloying as in 

ig. 2 (a)) through a micro-tensile test. Note that the lath marten- 

ite in Fig. 2 (b) originates from a larger prior austenite grain, com- 

ared to the martensite island in Fig. 2 (a) and thus has a larger

ath thickness, which also make the lath boundaries more visible. 

For convenience of computational modelling, let us consider 

 DP steel microstructure simplified from Fig. 2 (a), as sketched 

n Fig. 2 (c). At this scale, the martensite island substructure and 

he M/F interfacial morphology are not resolved. By zooming on 

he martensite island, its detailed substructure is revealed: the 

artensite island consists of a set of BCC laths, stacked along the 

hickness direction, with FCC RA films in between. In order to 

odel this substructure, a unit cell representing the M/F inter- 

ace is constructed as indicated in Fig. 2 (d). Each lath is approx- 

mately flat and elongated along the habit plane, as sketched in 

ig. 2 (e). Corresponding martensite island substructure and several 

ossible M/F interfacial morphologies are shown in Fig. 2 (f). In the 

odel, a Kurdjumov-Sachs (K-S) OR is selected between the BCC 

aths and the FCC RA films, since all plausible OR models (such 

s Nishiyama-Wassermann and Greninger-Troiano) are approxima- 

ions of the actual material and have limited differences (within 

ew degrees) from each other. All laths are taken to belong to 

he same variant (111) γ ‖ (011) α’ , [10 1 ] γ ‖ [11 1 ] α’ , since it is known 

rom the literature, e.g. [41] , that for the considered type of DP 

teel, usually only a few (also see Fig. 2 (a)) or just a single vari-

nt is present within one martensite island. Notice that the con- 

lusions of this analysis will also hold true for all other symmetry- 

elated K-S variants. 

By assuming periodicity, the unit cell represents a locally infi- 

ite interface structure, which is a fair representation of the inter- 

ace when the thickness of the laths is much smaller than the over- 

ll size of the martensite island (and corresponding (sub-)block), 

hich is generally the case in DP steels (also see Fig. 2 (a)). Note

hat the M/F interface of interest is far from the lateral bound- 

ries of the computational unit cell, therefore, the numerical in- 

estigations are not restricted by the periodicity assumption along 

he horizontal direction. The global coordinate system is defined 

ith respect to the habit plane (111) γ , where X-axis, Y -axis and 

-axis denote, respectively, the length, thickness and width direc- 

ions of the BCC lath, as shown in Fig. 2 . The lath boundary planes

re parallel to the habit plane and thus depicted to be parallel to 

he out-of-plane direction. Based on the fact that the lath width 

in the out-of-plane direction, see Fig. 2 (e)) is almost one order 

f magnitude larger than its thickness [29,30,48] , a constant (ex- 
4 
ruded) out-of-plane microstructure is assumed. The simulations 

re therefore three-dimensional (3D) to properly account for the 

rystallography and slip systems. Without loss of generality for the 

onsidered type of DP steel, the martensite volume fraction in the 

nit cell is taken as 20%. The unit cell length is L = 10 μm and

hickness is T = 100 nm, while the RA film thickness is t 2 = 10 nm,

ielding a lath thickness t 1 = 90 nm and a lath length l = 2 μm -

ith small deviations from this value depending on the specific 

/F interfacial morphology. 

Aiming for a wide range, four possible M/F interfacial mor- 

hologies are considered, as shown in Fig. 2 (f): 

• “IM-1”: sharp laths that partially penetrate through the prior 

austenite boundaries. 

• “IM-2”: sharp laths that fully penetrate through prior austenite 

boundaries. 

• “IM-3”: sharp laths that stop at prior austenite boundaries. 

• “IM-4”: blunted laths that stop at prior austenite boundaries. 

For the configurations “IM-1”, “IM-2” and “IM-3”, a sharp lath 

ip angle 60 ◦ is adopted in order to magnify the potential influ- 

nces of the M/F morphology, which can be jagged due to a trans- 

ormation strain magnitude as high as 90% [49] . Notice that al- 

hough RA volume fractions vary slightly among the different con- 

gurations, they are globally small, being all ∼ 2 . 5 % (“IM-1” 2.22%, 

IM-2” 2.15%, “IM-3” 2.84% and “IM-4” 2.22%) and therefore the 

nfluence of such minute changes is preassumed to be negligible 

38] . 

Simulations are performed using the finite element method 

FEM). The geometry of each unit cell is discretized using 3D 

uadratic elements with one element in the out-of-plane direction. 

n order to balance the computational accuracy and cost, the finite 

lement discretization is tailored, leading to a fine mesh near the 

/F interface and coarse mesh far from the M/F interface, with av- 

raged in-plane element sizes ∼ 5 nm and ∼ 25 nm, respectively 

see Fig. 2 (g)). A mesh sensitivity check has been carried out for 

ll considered unit cell configurations, which has confirmed that 

oth local and global responses are converged for the propsed dis- 

retizations. Periodic boundary conditions [50] are enforced along 

ll directions in order to model the in-plane periodicity and con- 

tant microstructure in the out-of-plane direction. 

.2. Material models 

.2.1. Lath and retained austenite film 

Since BCC and FCC crystals have a cubic symmetry, and the OR 

etween austenite and martensite plays a key role, crystal plastic- 

ty modelling with cubic elasticity is employed for the constitutive 

escription of the material behaviour of both BCC laths and FCC 

A films. In addition to the crystal plasticity framework [51] , the 

odel is extended in order to take into account the effects of the 

receding phase transformation, as briefly summarized below (see 

lso Appendix A for more details). 

In finite strains, the total deformation gradient tensor F is mul- 

iplicatively decomposed into the elastic ( F e ), phase transformation 

 F tr ) and plastic ( F p ) parts as follows: F = F e · F tr · F p . In this work,

lasticity is described using a linear relation between S̄ which is 

he push forward of the second Piola-Kirchhoff stress tensor S to- 

ards the second intermediate configuration, i.e., after applying 

 p and F tr , and the elastic Green-Lagrangian strain tensor Ē e , as 
¯
 = C : Ē e . The cubic elasticity tensor C is fully determined by 

pecifying the three elasticity constants C 11 , C 12 and C 44 . The de- 

ormation associated with the phase transformation is described 

y an invariant-plane strain, which depends on the transformation 

train magnitude ε tr , the habit plane normal � n hp and the transfor- 

ation direction 

�
 s tr [49] . The plastic velocity gradient L p = 

˙ F p · F -1 
p 
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Fig. 2. (a) EBSD orientation map of a DP steel microstructure, focusing on a single martensite island, which contains only a few variants, thereby the substructure boundaries 

span the whole island. The lath boundaries are not visible, yet known to be parallel to the (sub-)block boundaries as they share the same habit-plane. The minor variants 

not belonging to the main packet are marked by black dotted lines. Reproduced from [47] with permission from Elsevier; (b) experimentally observed sliding activity on the 

lath boundaries in a full martensitic steel specimen (same alloying as in (a), but with coarser lath martensite) during the micro-tensile test, which is hypothesized to be 

governed by the inter-lath RA films. The tensile direction is denoted by red arrows. Reproduced from [31] with permission from Elsevier; (c) schematic illustration of one 

martensite island in which only one variant is assumed to exist, surrounded by the ferrite matrix; (d) magnification revealing the martensite island substructure, which is 

modelled within the computational unit cell, indicated by a yellow box; (e) sketch of a single lath, which is approximately flat and elongated along the habit plane. The lath 

cross-section along the length direction is highlighted in blue; (f) magnification of the M/F interfaces, showing four different possible M/F interfacial morphologies (IM); (g) 

in-plane finite element meshes around the M/F interfaces of two unit cell configurations. (For interpretation of the references to colour in this figure legend, the reader is 

referred to the web version of this article.) 

5 
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Table 1 

The material parameters of the BCC laths and the FCC RA films. 

Parameter Symbol Lath RA film 

Elasticity component 11 C 11 349 [GPa] 268 [GPa] 

Elasticity component 12 C 12 202 [GPa] 156 [GPa] 

Elasticity component 44 C 44 176 [GPa] 136 [GPa] 

Reference slip rate ˙ γ0 0.01 [ s −1 ] 0.01 [ s −1 ] 

Initial slip resistance s 0 0.765 [GPa] 0.265 [GPa] 

Saturation slip resistance s ∞ 3 [GPa] 0.34 [GPa] 

Reference hardening modulus h 0 2.25 [GPa] 0.25 [GPa] 

Strain rate sensitivity m 0.05 [ −] 0.05 [ −] 

Hardening exponent n 1.5 [-] 1.5 [-] 

Latent/self hardening ratio q 1.4 [-] 1.4 [-] 

Slip family { � n }〈 � s 〉 { 110 } α′ 〈 111 〉 α′ { 111 } γ 〈 110 〉 γ
{ 112 } α′ 〈 111 〉 α′ 
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Table 2 

The material parameters of the ferrite matrix. 

Parameter Symbol F matrix 

Young’s modulus E 200 [GPa] 

Poisson’s ratio ν 0.3 [ −] 

Initial yield stress S 0 0.45 (0.25–0.55) [GPa] 

Saturation yield stress S ∞ 0.678 (0.27–1) [GPa] 

Characteristic strain E c 0.0351 [ −] 
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s  
s computed as a function of the slip rate ˙ γ α and the Schmid ten- 

or P 

α
0 

of each of the N s slip systems as L p = 

∑ N s 
α=1 

˙ γ αP 

α
0 

. The crys-

allographic slip of the αth slip system is driven by the resolved 

hear stress τα and computed by means of a power law [52] 

˙ α = ˙ γ α
0 

( | τα| 
s α

) 1 
m 

sign (τ α) , (1) 

here ˙ γ α
0 

denotes the initial slip rate, s α the slip resistance and 

 the strain rate sensitivity. Notice that a sufficiently small value 

or m should be used to ensure a low rate dependence. In order 

o take hardening contributions [53] into account, s α is evaluated 

sing 

˙ 
 

α = 

N s ∑ 

β=1 

h 

αβ | ̇ γ β | , (2) 

ith the hardening modulus matrix element h αβ given by 

 

αβ = h 0 

(
1 − s α

s ∞ 

)n 

[ q + (1 − q ) δαβ ] , (3) 

here h 0 denotes the initial hardening modulus, s ∞ 

the saturation 

lip resistance, n the hardening exponent, q the latent/self harden- 

ng modulus ratio; δ is the Kronecker delta. 

The crystal plasticity model described above is implemented for 

umerical simulations using a user-defined subroutine hypela2.f , 

upported in the commercial FEM package MSC.Marc . 

The material parameters for the BCC laths and the FCC RA films 

re listed in Table 1 . These parameters are based on [39] , where

hey were identified from micro-tensile experimental data reported 

n Mine et al. [54] , for two fully martensitic micron-size speci- 

ens (gauge section: 20 μm × 20 μm × 50 μm), containing several 

artensitic variants with fully indexed crystallography. However, 

he martensite in Mine et al. [54] had a carbon content 0.13 wt.% C,

hile commercial DP steels, e.g. DP600 steel, typically has an over- 

ll carbon content 0.1 wt.% C; for the considered martensite vol- 

me fraction (20%), the average carbon content in the martensite 

sland is then expected to be ∼ 0 . 4 wt.% C (due to the low carbon

olubility of the ferrite). This implies a substantial increase in the 

artensite hardness [55] , whereas the austenite hardness is known 

o be much less sensitive to the carbon content [56] . A few impor-

ant material parameters of the BCC laths, namely the initial slip 

esistance, the saturation slip resistance and the reference harden- 

ng modulus, are scaled such that when the substructure bound- 

ry sliding is inactive, the computed overall mechanical response 

f the martensite island is comparable to the micropillar compres- 

ion experimental data in Ghassemi-Armaki et al. [57] , Tian et al. 

58] , where a yield stress ∼ 2 –3 GPa, has been reported for DP 

teel martensite island with a carbon content ∼ 0 . 3 –0.4 wt.% C and

ultiple variants. Indeed, multiplying the BCC lath initial slip resis- 

ance used here (0.765 GPa) by a Taylor factor of 2.73 [59] corre- 
6 
ponds to the expected yield stress of a martensitic polycrystal in 

he order of ∼ 2 GPa. 

.2.2. Ferrite matrix 

Like the BCC laths, the ferrite matrix consists of BCC crystals. 

evertheless, there is no clear evidence of a preferential crystal 

rientation of the ferrite with respect to the martensite islands in 

P steels. To limit the model parameter variation space, isotropic 

lasto-plasticity is used to describe the behaviour of the ferrite, 

hus neglecting the ferrite grain orientation effects. This assump- 

ion is motivated by recent detailed experimental investigations 

58] , showing that ferrite in DP steels may activate any of the 

8 active slip systems of the {110}, {112} and {123} families, each 

ctivating at comparable stresses and following the Schmid’s law. 

urthermore, isotropic elasto-plasticity is an accurate approxima- 

ion for a M/F phase contrast > 4 [60] , which is the case in the

resent study. Moreover, compared to the hardening induced by 

he mechancial loading, the local preliminary hardening on the 

ear-interface ferrite due to the interfacial misfit between marten- 

ite and ferrite constitutes a secondary effect [61] , and is therefore 

ot considered in the ferrite matrix modelling. 

The constitutive law in the elastic regime follows the linear re- 

ation S̄ = C : Ē e , where the isotropic elasticity tensor C is deter- 

ined by Young’s modulus E and Poisson’s ratio ν . In the plastic 

egime, the von Mises yield condition is employed, in terms of the 

quivalent von Mises stress S eq and the equivalent plastic strain 

ate ˙ E 
eq 
p = 

√ 

2 
3 

˙ E p : ˙ E p . An exponentially saturating hardening law is 

elected to account for the evolution of yield stress S y up to a sat-

ration yield stress S ∞ 

[62] , reading 

 y = S ∞ 

− (S ∞ 

− S 0 ) exp 

(
−E eq 

p 

E c 

)
, (4) 

here S 0 denotes the initial yield stress, E c the characteristic strain 

nd E 
eq 
p = 

∫ 
˙ E 
eq 
p d t the (accumulated) equivalent plastic strain. 

The material parameters for the ferrite matrix model listed in 

able 2 were identified by fitting the experimental stress-strain 

ata for the ferrite matrix from the uniaxial tensile tests, for a 

ransformation-induced plasticity (TRIP) steel specimen with an 

verall carbon content ∼ 0 . 3 wt.% C, reported by Lani et al. [63] ,

here the phase specific stress-strain responses were obtained 

rom neutron diffraction measurements. Based on a broad range of 

ensile test data for different ferritic steel grades, realistic ranges 

f the yield stress and the ratio of the yield stress to the ultimate 

ensile strength for ferrite have been summarized by Tao and Ras- 

ussen [64] . Since the ultimate tensile strength is often compa- 

able to the saturation yield stress, realistic ranges of S 0 and S ∞ 

an be estimated; they are provided in Table 2 in parentheses, in 

rder to support the subsequent phase contrast studies and sen- 

itivity check of the numerical investigations with respect to the 

errite matrix parameters. 

.3. Loading conditions 

Two mechanical loading conditions are considered, simple 

hear and biaxial loading, as sketched in Fig. 3 . This choice is based
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Fig. 3. Two mechanical loading conditions: (a) simple shear and (b) biaxial loading, 

together with the sketches of associated deformation states of a material element. 

The deformed configuration is denoted by a red box. 
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n previous work [38] , where it was shown that the first load- 

ng condition can easily activate the substructure boundary sliding 

hile the other cannot. 

The simple shear is parameterized using the shear magnitude γ
nd the shear direction aligned with the habit plane, while the bi- 

xial loading is parameterized using the stretch ratio λ and hence 

epresents a case where the shear direction is tilted by 45 ◦ with 

espect to the habit plane. In order to minimize the external con- 

traints and avoid an overestimation of damage initiation, overall 

lane stress boundary conditions are adopted. Consequently, the 

verall prescribed deformation gradients ˆ F for the two loading con- 

itions, simple shear and biaxial loading (marked by the super- 

cripts “SS” and “BL”, respectively) are given by 

ˆ 
 

SS = 

[ 

1 γ ×
0 1 ×
0 0 ×

] 

, ˆ F BL = 

[ 

λ 0 ×
0 1 /λ ×
0 0 ×

] 

, (5) 

here “×” denotes the unprescribed (unknown) component. 

To simulate the preceding phase transformation and the in- 

uced residual stress/strain fields, it is assumed that the lath is 

enerated instantly such that F tr can be directly prescribed on 

he whole lath. Consistent with the simplified model geometry, 

he habit plane is approximated by � n hp = (1 , 1 , 1) γ , which is 10 ◦

rom the actual habit plane, and the transformation direction 

�
 s tr = 

0 . 8075 , −0 . 1614 , −0 . 5673] γ is taken from [40] , while the transfor-

ation strain magnitude ε tr is varied in order to study the effect of 

ifferent shape deformation magnitudes on the M/F interface dam- 

ge initiation. For the transformation simulation, the overall stress 

ree boundary conditions are adopted to minimize external con- 

traints. Note, however, that as a result of the shape and volume 

hange inside the martensite island, the stresses inside all phases 

re non-zero but are self-equilibrating in accordance with the zero 

xternal force. 

. Results and discussion 

.1. Influence of the loading conditions 

In this part, the residual stress/strain effects are not yet consid- 

red, and hence F tr = I . Under different mechanical loading con- 

itions, the overall response of each unit cell configuration and 

he overall sliding magnitude || � γhp || of the martensite island are 

hown in Fig. 4 . To understand the individual phase behaviour, 

he overall responses of the martensite island (M/A laminate) and 

he ferrite matrix are also provided in Fig. 4 (a) and (c). Here σ
enotes the Cauchy stress, ε the logarithmic strain, ( ̂ •) the vol- 

me average of a quantity over the whole unit cell domain, the 

artensite island domain or the ferrite matrix domain, as spec- 

fied on the graphs. The overall sliding of the martensite island 

�
 hp is defined by the effective shear deformation component of 

he M/A laminate along the habit plane (see Appendix B for more 

etails), used to quantify the substructure boundary sliding activ- 

ty. For all M/F interfacial morphologies, apparent martensite island 

lasticity is observed under both loading conditions, as seen in 
7 
ig. 4 (a) and (c). As expected, a much lower stress level is needed 

o deform the martensite island for the simple shear case, namely 

1 / 3 of the stress for the biaxial loading case, leading to much 

asier sliding activation of the martensite island, as reported in 

ig. 4 (b). Instead, as shown in Fig. 4 (d), the sliding of the marten-

ite island in the biaxial loading case is negligible. Note that the 

tress levels in the ferrite matrix are comparable for the two dif- 

erent loading cases. As a result, the overall stress level of the 

nit cell in the simple shear case is relatively low compared to 

he biaxial loading case. Moreover, the M/F interfacial morphol- 

gy only slightly influences the martensite island’s overall response 

nd sliding, and therefore has a negligible impact on the unit cell 

verall response. The variations are mainly due to the small differ- 

nces in RA volume fractions among the four unit cell configura- 

ions, of which “IM-3” has the highest value, yielding the lowest 

verall response and highest sliding magnitude of the martensite 

sland. 

In order to rationalize the above observations, the equivalent 

lastic strain maps of the four unit cells are shown in Fig. 5 . For

ach M/F interfacial morphology, substructure boundary sliding is 

ighly active in the simple shear case, while the lath itself remains 

early rigid. This is reflected in the overall response and sliding 

agnitude of the martensite island in Fig. 4 (a–b), where the low 

ffective flow stress is due to the martensite island sliding, which 

n turn, is accommodated by large plastic slip activity ( > 60 %) in 

A films, as observed in Fig. 5 (a). The substructure boundary slid- 

ng forces the near-interface ferrite matrix to deform significantly, 

eading to high plastic deformation localization ( > 30 %) around the 

A film tips (see insets in Fig. 5 (a)) and towards the ferrite matrix. 

or the ferrite matrix surrounding the lath tips, no pronounced 

lasticity can be identified. On the other hand, at the RA film 

ips, large plastic strain gradients can be found towards the near- 

nterface ferrite matrix. This can physically be correlated with dis- 

ocation accumulation around the martensite islands, which is in 

dequate agreement with the experimental observations by Samei 

t al. [27] . In addition, RA blocks between the lath tips can re- 

ieve the plastic deformation localization in the near-interface fer- 

ite matrix (see the plastic strain maps of the unit cell configu- 

ations “IM-1” and “IM-3” in Fig. 5 (a)). Clearly, the whole plastic 

eformation pattern is governed by the interaction between the 

A films and the ferrite matrix, while the M/F interfacial mor- 

hology only has a secondary effect. The jagged M/F interfacial 

orphology induces a plastic strain intensity in the near-interface 

errite matrix comparable to that with the smooth morphology 

see the plastic strain maps of the unit cell configurations “IM-2”

nd “IM-4” in Fig. 5 (a)), i.e. the morphology effects are relatively 

eak. 

In the biaxial loading case, the substructure boundary sliding 

s almost inactive and the deformation of the martensite island 

s mostly carried by the laths, which can deform plastically at 

igh stress levels. This behaviour is reflected by the overall re- 

ponse and negligible sliding magnitude of the martensite island 

n Fig. 4 (c–d), showing that the martensite island deforms plasti- 

ally with very little sliding, at high stress levels. Not surprisingly, 

igh plastic deformation localization occurs in the ferrite matrix 

round the lath tips (see insets in Fig. 5 (b)) as well as around the

hole martensite island, while negligible plastic deformation oc- 

urs around the RA film tips. Accordingly, the plastic deformation 

attern is governed by the interaction between the laths and the 

errite matrix, and correlates with the M/F interfacial morphology. 

omparing the results for the unit cells with different interracial 

orphologies under the same mechanical loading conditions, sim- 

lar plastic deformation patterns can be found. It can therefore be 

oncluded that the impact of the M/F interfacial morphology is, al- 

hough present, quite localized and negligible far from the M/F in- 

erface. 
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Next, the M/F interface damage initiation, i.e. potential void nu- 

leation in the near-interface ferrite matrix, is analysed. 1 Since pre- 

ipitates and ferrite grain boundaries are rarely involved at this 

cale, only the intra-grain void nucleation mechanism is exam- 

ned in the following analysis, which physically originates from the 

islocation interactions, e.g. relaxation of pile-up of dislocations 

nd annihilation of dislocations gliding along intersecting paths on 

ifferent planes [65] . Based on this mechanism, the accumulated 

rystallographic slip has been confirmed [66–68] to be an appro- 

riate damage initiation indicator. Since an isotropic elasto-plastic 

odel is used for the ferrite matrix in this study, the accumulated 

rystallographic slip is not available. Nevertheless, as stated by Li 

t al. [69] , the equivalent plastic strain is also a suitable measure 

or the averaged crystallographic micro-slip over all slip systems, 

omparable to the accumulated crystallographic slip. Hence, the 

quivalent plastic strain map of the ferrite matrix shown in Fig. 5 is 

xploited as an indicator for the M/F interface damage initiation. 

onsidering the fact that, as dislocations move, the plastic strain 

n the near-interface ferrite is largely induced by the martensite 

sland substructure boundary sliding, it can be concluded that the 

/F interface damage is initiated by substructure boundary sliding, 

hich is the favourable plastic deformation mode of the martensite 

slands in DP steels (see also Section 2 and [42,43] ). Interestingly, 

uch damage initiation mode is independent of the M/F interfacial 

orphology(see Fig. 5 (a)): all four considered different morpholo- 

ies induce similar damage initiation patterns. When the substruc- 

ure boundary sliding is inactive, the interfacial morphology can 

lay an important role and damage initiation can be promoted by 

he jagged morphology, as shown in Fig. 5 (b). The competition be- 

ween interfacial morphology and substructure boundary sliding is 

urther investigated in Section 4.4 . 

To check the sensitivity of the damage initiation analysis with 

espect to the specific choice of the damage initiation indicator, 

ther widely used ductile damage initiation criteria, e.g. those ac- 

ounting for both plastic deformation and stress triaxiality effects 

70,71] or based on the stored energy [72] , have also been exam- 

ned. All considered damage indicators lead to qualitatively similar 

amage initiation patterns (see Appendix C ). 

.2. Influence of the phase contrast 

As shown in Table 2 , the ferrite matrix properties can vary 

ver a broad range, even for the same carbon content. In order 

o investigate the influence of the ferrite properties on the M/F 

nterface damage initiation, ferrite matrices softer ( S 0 = 350 MPa, 

 ∞ 

= 525 MPa and E c = 0 . 0351 ) and harder ( S 0 = 550 MPa, S ∞ 

=
25 MPa and E c = 0 . 0351 ) than the reference value have been con-

idered. 

Under simple shear loading, the overall responses of the four 

nit cell configurations and sliding magnitudes of the martensite 

slands are reported in Fig. 6 , together with the equivalent plastic 

train maps in Fig. 7 . Note that, irrespective of the change in the

/A phase contrast, the substructure boundary sliding, which is ac- 

ommodated by the large plastic deformation ( > 40 %) of RA films, 

emains strongly active, inducing apparent martensite island plas- 

icity and large plastic deformations in the near-interface ferrite 

atrix around the RA films. However, comparing with Fig. 4 (a–b), 

he martensite island plasticity and overall sliding are postponed 

nd require a higher stress level to be activated as the F/A phase 

ontrast decreases. By considering Fig. 5 (a), this trend can be ratio- 

alized as follows. In the case of a softer ferrite matrix, plasticity in 

he ferrite activates earlier and the substructure boundary sliding 
1 Note that the martensite island usually preserves its integrity when the M/F 

nterface damage initiates. 

s

d

r

s

8 
ctivation is thereby delayed. Thus, for the same overall strain, the 

nteraction between the substructure boundary sliding and the fer- 

ite matrix is weaker when the F/A contrast is reduced, resulting 

n a lower plastic strain magnitude and damage indicator in the 

ear-interface ferrite matrix, which delays the damage initiation, 

s observed in Fig. 7 (a). If instead the F/A contrast is increased, at 

he same overall strain, the substructure boundary sliding is acti- 

ated earlier, inducing earlier plastic strain localization, and thus 

he damage initiation is promoted, as observed in Fig. 7 (b). 

These numerical investigations agree qualitatively with the ex- 

erimental observations by Hoefnagels et al. [7] , Calcagnotto et al. 

73] and Lai et al. [74] . This literature has shown that the M/F in-

erface damage is enhanced by refining the ferrite grains and thus 

y increasing the hardness of the ferrite matrix. While being in 

ine with our study, these experimental observations presented by 

oefnagels et al. [7] , Calcagnotto et al. [73] and Lai et al. [74] con-

rast with the common understanding predicting less M/F interface 

amage for an increased ferrite hardness (i.e. lower M/F phase con- 

rast). 

Additionally, it can be noticed that the influence of the M/F in- 

erfacial morphology is similar to what was observed in Figs. 4 (a–

) and 5 (a), i.e. it does not change qualitatively with the change in 

errite properties. 

To summarize, the simulations reveal that, irrespective of the 

pecific F/A phase contrast, when the load is favourably oriented, 

ubstructure boundary sliding occurs and triggers M/F interface 

amage. The F/A phase contrast determines when this onset of fail- 

re will occur: lowering the F/A phase contrast can postpone the 

ctivation of the substructure boundary sliding and hence the M/F 

nterface damage initiation as well. This finding is in line with de- 

ailed experiments, and contrasts with the common understanding 

hat decreasing the M/F phase contrast helps to avoid M/F interface 

amage initiation. 

.3. Influence of residual stresses/strains due to the preceding phase 

ransformation 

Due to the martensitic phase transformation occurring when 

P steels are quenched during processing, considerable residual 

tress/strain fields may be retained in the as-quenched material. 

hese residual stresses and strains are expected to also affect the 

/F interface damage initiation mechanism. It has been shown by 

aresca and Curtin [49] that the shape deformation due to the 

ustenite to martensite transformation in low-carbon lath marten- 

ite may reach up to ∼ 90 % strain, depending on the specific alloy 

omposition. This large shape deformation can induce considerable 

esidual stresses and plastic strains, as shown experimentally in 

.g. [75] . In this work, in order to avoid computational issues due 

o large mesh distortions in the ferrite matrix, relatively smaller 

 tr (equal to 20%, ∼ 1 % volume expansion) is adopted for the laths. 

t has been verified that applying higher ε tr (up to 30%) leads to 

imilar qualitative results. 

In order to understand the interaction between the substruc- 

ure boundary sliding mechanism and the different phases during 

he phase transformation, the residual strain and stress maps in- 

uced by the phase transformation are shown in Fig. 8 . These val- 

es have been used as the initial state preceding all further me- 

hanical loading simulations. The results of the unit cell configu- 

ations “IM-2” and “IM-3” are similar to “IM-1” and therefore not 

hown. Note that the lath stress level is > 2 GPa, namely above 

ts initial yield stress, implying that lath plastic deformation can 

lready take place during the phase transformation, which is con- 

istent with the fact that lath martensite is known to be highly 

islocated. This emerges from the constraining effect of the sur- 

ounding ferrite matrix on the lath growth. Hydrostatic compres- 

ive stress fields are observed in both the laths and the RA films, 
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Fig. 4. (a, c) Overall equivalent stress versus strain responses and (b, d) sliding magnitudes (as a function of the equivalent strain) of the corresponding martensite islands 

for the four unit cell configurations, computed without residual stress/strain effects, under different mechanical loading conditions: (a, b) simple shear and (c, d) biaxial 

loading. In (a) and (c), the overall responses of the whole unit cell, martensite island inside the unit cell and ferrite matrix inside the unit cell are represented by a solid 

line, dashed line and dotted line, respectively. (For interpretation of the references to colour in this figure legend, the reader is referred to the web version of this article.) 

Fig. 5. Equivalent plastic strain maps of the four unit cell configurations, computed without residual stress/strain effects, under different mechanical loading conditions, at a 

prescribed overall equivalent strain ˆ ε eq = 5 . 7% : (a) simple shear and (b) biaxial loading. Green windows highlight the local magnifications around the RA film tips in (a) and 

around the lath tips in (b), respectively. Four unit cells are stacked together for better visualization, and only the right near-interface zone is shown. (For interpretation of 

the references to colour in this figure legend, the reader is referred to the web version of this article.) 
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hich are caused by the volume expansion that occurs during the 

hase transformation. More interestingly, Fig. 8 (c) shows that the 

ubstructure boundary sliding already takes place during the phase 

ransformation, opposite to the transformation direction, consis- 

ent with the ECCI observations in Fig. 1 , which showed sliding 

aths in the as-quenched DP steel microstructure. Such substruc- 

ure boundary sliding also induces a residual plastic strain > 20 % 

nd potential damage initiation in the near-interface ferrite matrix. 

he residual plastic strain maps in the near-interface ferrite matrix 
9 
n Fig. 8 (c) align with the dislocation activity observed in Fig. 1 ,

.e. plastic deformation is discontinuously along the martensite is- 

and boundaries, with a higher intensity at the steps between the 

aths. However, for the purpose of a direct comparison with ex- 

erimental measurements, consistent interface structure, material 

roperties and phase transformation strain data is needed, which 

s not available and therefore beyond the scope of this work. 

Next, the results obtained by applying an external mechani- 

al load after the phase transformation ( ε tr = 20% ), i.e. accounting 
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Fig. 6. (a, c) Overall equivalent stress versus strain responses and (b, d) sliding magnitudes (as a function of the equivalent strain) of the corresponding martensite islands 

for the four unit cell configurations, computed without residual stress/strain effects, under simple shear, for different F/A phase contrasts: (a–b) decreased by ∼ 25 %; (c–d) 

increased by ∼ 25 % with respect to the reference value. In (a) and (c), the overall responses of the whole unit cell, martensite island inside the unit cell and ferrite matrix 

inside the unit cell are represented by a solid line, dashed line and dotted line, respectively. The reference results are shown in Fig. 4 (a–b). 

Fig. 7. Equivalent plastic strain maps of the four unit cell configurations, computed without residual stress/strain effects, under simple shear, at a prescribed overall equivalent 

strain ˆ ε eq = 5 . 7% , for different F/A phase contrasts: (a) decreased by ∼25%; (b) increased by ∼ 25 % with respect to the reference value. The reference results are shown in 

Fig. 5 (a). 

10 
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Fig. 8. The response maps of the two unit cell configurations after the phase transformation ( ε tr = 20% ), before mechanical loading:(a) equivalent von Mises stress; (b) 

hydrostatic stress; (c) equivalent plastic strain. 

Fig. 9. (a) Overall equivalent stress versus strain responses and (b) sliding magnitudes (as a function of the equivalent strain) of the corresponding martensite islands for 

the two unit cell configurations, computed without ( ε tr = 0% , in solid line) and with ( ε tr = 20% ) the transformation-induced residual stress/strain fields, after subsequent 

simple shear in two opposite directions: ( + γ , in dashed line) in the direction of the transformation shear (i.e. along the positive X-axis, indicated by the grey arrow) 

and ( −γ , in dotted line) opposite to the direction of the transformation shear (i.e. along the negative X-axis, indicated by the grey arrow). The sliding contributed by the 

apparent plasticity of the martensite island during the preceding phase transformation is included in (b), but not the transformation shape change itself. Note that the 

transformation-induced substructure boundary sliding direction is opposite to the transformation direction (see Fig. 8 ). 
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or the transformation-induced stresses/strains, will be compared 

o the prior results without residual stress/strain effects ( ε tr = 0% ). 

wo simple shear loadings have been considered: the one approxi- 

ately in the direction as the direction of the transformation shear 

i.e. along the positive X-axis), and the other approximately in the 

irection opposite to the direction of the transformation shear (i.e. 

long the negative X-axis). Fig. 9 reports, respectively, the overall 

esponses of the two considered unit cell configurations together 

ith the martensite island overall sliding magnitudes. Note, that in 

ig. 9 (b), the sliding due to the apparent plasticity of the marten- 

ite island during the preceding phase transformation is included, 

hile the shearing due to the phase transformation deformation 
11 
 tr itself is, instead, subtracted. In Fig. 10 , the accumulated (i.e. 

oth during the transformation and the subsequent loading) equiv- 

lent plastic strain maps are shown. As can be seen in Fig. 9 (a),

n absence of residual stresses/strains, the unit cell overall re- 

ponses under simple shear loading in the two opposite directions 

re the same due to the symmetry. However, when the residual 

tresses/strains are induced, the overall responses under mechani- 

al loading differ. When the simple shear direction coincides with 

he transformation direction, the overall yield stress of the unit cell 

ncreases, as a result of the residual stresses and plastic deforma- 

ion during the phase transformation, leading to the hardening of 

oth the martensite island and the ferrite matrix. Moreover, when 
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Fig. 10. Equivalent plastic strain maps of the two unit cell configurations, computed without ( ε tr = 0% ) and with ( ε tr = 20% ) the transformation-induced residual stress/strain 

fields, after subsequent simple shear in opposite directions: (a) in the direction of the transformation shear (i.e. along the positive X-axis); (b) opposite to the direction of 

the transformation shear (i.e. along the negative X-axis), at a prescribed overall equivalent strain ˆ ε eq = 5 . 7% . The equivalent plastic strain accumulated during the preceding 

phase transformation is included. 
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imple shear loading is applied in the direction of the phase trans- 

ormation, the sliding magnitude is first decreased and upon fur- 

her loading it starts to increase again, as shown in Fig. 9 (b), be-

ause the sliding activated during the phase transformation occurs 

n the direction opposite to transformation direction. The overall 

liding, however, remains pronounced at any applied strain, result- 

ng in an apparent increase of the plastic deformation in both the 

artensite island and the near-interface ferrite matrix around the 

A films, as reported in Fig. 10 (a). For simple shear loading in the

irection opposite to the phase transformation, further substruc- 

ure boundary sliding takes place because this occurs in the same 

irection as the sliding activated during the phase transformation. 

his larger sliding activity of the martensite island leads to an even 

arger increase of the plastic deformation in both the martensite 

sland and the near-interface ferrite matrix, as shown in Figs. 9 (b) 

nd 10 (b). Based on this analysis, it is concluded that the residual 

tress field can either postpone or promote the M/F interface dam- 

ge initiation, strongly depending on the subsequent mechanical 

oading direction relative to the transformation direction, thereby 

he substructure boundary sliding plays a major role. Although the 

ormer conclusion is well established in the literature, the latter, 

.e. the role of the substructure boundary sliding, to the best of 

he authors’ knowledge, has not been considered as relevant be- 

ore. Again, the precise M/F interfacial morphology has a very lim- 

ted impact even when the residual stresses/strains are accounted 

or, whereas RA blocks between the lath tips relieve the plastic de- 

ormation localization in the near-interface ferrite matrix (see the 

lastic strain maps of the unit cell configuration “IM-1” in Fig. 10 ). 

These observations show that residual stresses/strains do not 

mpact the M/F interface damage initiation qualitatively, as it re- 

ains related to the substructure boundary sliding. However, from 

 quantitative point of view, the residual stress/strain effects have a 

ignificant influence on the M/F interface damage initiation. On the 

ne hand, residual stresses may induce the substructure boundary 

liding already before any mechanical load is applied, thus promot- 

ng M/F interface damage initiation. On the other hand, depending 

n the mechanical loading conditions, the accompanying residual 

tresses can either counteract or increase the substructure bound- 

ry sliding activity, thereby postponing or promoting the M/F in- 

erface damage initiation. To summarize, the net impact on M/F 

nterface damage initiation can be positive or negative, depending 

n the competition between the two mentioned effects. 
12 
.4. Competition between substructure boundary sliding and 

nterfacial morphology effects on the M/F interface damage initiation 

The results shown so far demonstrate that, when shear is 

pplied parallel to the subgrain lath martensite boundaries, the 

/F interface damage initiation is controlled by the substructure 

oundary sliding of the martensite island. Under different loading 

onditions, when sliding is not activated, the interfacial morphol- 

gy may largely affect the damage initiation. The above simulation 

esults presented in Fig. 5 compared different loading cases for the 

ame overall strain magnitude of the M/F interface unit cell. As 

an be seen from Fig. 4 (a) and (c), the martensite island overall 

trains were also approximately the same for the different loading 

ases. Therefore, these results do not indicate which mechanism 

ill be prevalent in a DP steel, i.e. whether M/F interface damage 

nitiation will be controlled by the substructure boundary sliding, 

r by the interfacial morphology effects, or by both mechanisms. 

s numerically shown by Maresca et al. [42] , the deformation be- 

aviour of the martensite islands in the DP steel mesostructure is 

xtremely heterogeneous. At a given global stress/strain state, de- 

ending on the local stress/strain state with respect to the marten- 

ite substructure and crystallography, martensite can deform plas- 

ically if the substructure boundary sliding is activated, or it under- 

oes almost purely elastic deformation otherwise. This result qual- 

tatively corresponds to the experimental observations by Ghad- 

eigi et al. [22,23] , who measured very heterogeneous strain dis- 

ribution of the martensite islands within DP steel microstructures, 

anging from 0% up to 110% for an applied tensile strain 42%. Thus, 

 DP steel can be envisioned as a multi-phase material, in which 

artensite can behave either as a “hard” phase or as a “soft” phase 

epending on its orientation and the local stress state. Therefore, 

sing the same value of the martensite island overall strain for 

omparing different loading cases does not provide a complete pic- 

ure on the competition between the substructure boundary slid- 

ng and interfacial morphology effects with respect to the M/F in- 

erface damage initiation. An alternative, possibly more realistic, 

pproach can be to compare different loading cases for the same 

mount of the overall mechanical work in the martensite island. 

his approach is similar to the “iso-work” rule of mixtures pro- 

osed by Bouaziz and Buessler [76] , that has been shown to pro- 

ide a realistic connection between local and global stress/strain 

tates in multi-phase steels. The two loading cases considered in 
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Fig. 11. (a) The simple shear (in solid line) and biaxial loading (in dashed line) cases are compared at the same amount of martensite island overall mechanical work, which 

is indicated by the area under the overall response curve of the martensite island inside the unit cell; (b) equivalent plastic strain maps of the two unit cell configurations, 

at the corresponding martensite island stress/strain states indicated by “×” in (a). 
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his paper are compared at the same amount of martensite island 

verall mechanical work in Fig. 11 . The results of the unit cell con-

gurations “IM-2” and “IM-3” are similar to “IM-1” and are there- 

ore not shown in this comparison. 

Fig. 11 reveals that for stress/strain states of the martensite is- 

and with the same amount of mechanical work, the damage initi- 

tion at the M/F interface will occur much more favourably next to 

hose martensite islands which slide, since they show a significant 

mount of plastic strain localization. On the other hand, relatively 

ittle plastic deformation and hence limited damage will be trig- 

ered next to those martensite islands in which the sliding is in- 

ctive, even in presence of a jagged M/F interfacial morphology. It 

an therefore be concluded that in a DP steel, M/F interface dam- 

ge initiation is dominated by the substructure boundary sliding 

echanism. 

. Conclusions 

A comprehensive crystal plasticity study has been carried out 

n order to investigate damage initiation mechanism at M/F inter- 

aces with different morphologies. The main findings are summa- 

ized below: 

• The M/F interface damage initiation generally originates from 

the substructure boundary sliding, which is the favourable plas- 

tic deformation mode of lath martensite and which can induce 

high plastic deformation localization in near-interface ferrite 

matrix in DP steels. Compared with this predominant mecha- 

nism, the influences of the M/F interfacial morphology, phase 

contrast and residual stress/strain effects are small. 

• Although the specific interfacial morphology plays a much less 

important role in the M/F interface damage initiation mecha- 

nism, the presence of RA blocks between the lath tips can re- 

lieve the plastic deformation localization in the near-interface 

ferrite matrix. 

• Softer ferrite can reduce the activity of substructure boundary 

sliding, thus postponing the M/F interface damage initiation: 

this finding contrasts with the common understanding that a 

harder ferrite (i.e. reduced M/F phase contrast) is beneficial 

with respect to M/F interface damage initiation, but it is consis- 

tent with detailed experimental investigations in the literature 

[7,73,74] . 

• The prior phase transformation can already trigger substructure 

boundary sliding, accompanied by some residual M/F interface 

damage initiation, even before applying any external mechan- 

ical load. The induced residual stress/strain fields may coun- 
13 
teract or promote the substructure boundary sliding when me- 

chanical loading is applied, resulting in postponed or promoted 

M/F interface damage initiation. Due to the competition be- 

tween these two effects, the phase transformation has a com- 

plex net impact on the M/F interface damage initiation. 

• Detailed ECCI measurements show the existence of sharp 

martensite wedges protruding into ferrite, constituting a jagged 

M/F interface morphology, thereby guiding the modelling 

choices. As all steps occur at lath boundaries, these observa- 

tions strengthen the hypothesis of the substructure boundary 

sliding of martensite islands in DP steels. 

This contribution demonstrates the key role of the substructure 

oundary sliding in triggering M/F interface damage, which paves 

he way to a novel mechanistic understanding of the origin of M/F 

nterface damage. This finding may offer new guidelines for further 

roduct improvements in the steel industry, e.g. by fine tuning and 

ontrol of the martensite substructure. 

The ferrite grain orientation effects and the carbon concentra- 

ion gradient effects, may become important in particular near the 

/F interface. Besides, in a practical DP steel mesostructure, mul- 

iple martensite islands exist and thus interactions between differ- 

nt M/F interfaces may occur. Moreover, the fine martensite island 

an still contain more than one variant and thereby strong inter- 

ctions among laths belonging to different variants, together with 

he 3D morphology effects, may also occur, both during the phase 

ransformation and the mechanical loading. These aspects have not 

een considered here and will be investigated in future work. 

eclaration of Competing Interest 

The authors declare that they have no known competing finan- 

ial interests or personal relationships that could have appeared to 

nfluence the work reported in this paper. 

cknowledgements 

This research was carried out under project number T17019d in 

he framework of the research program of the Materials Innovation 

nstitute (M2i) ( www.m2i.nl ) supported by the Dutch government. 

ppendix A. Crystal plasticity accounting for phase 

ransformation 

The crystal plasticity framework adopted in this work, which 

ncorporates phase transformation, is detailed below. In a finite 
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Fig. A.12. Multiplicative decomposition of the total deformation gradient, associ- 

ated with the reference, first intermediate, second intermediate and current config- 

urations. The phase transformation contributes to the shape change and does not 

modify the crystal orientation, which is set to be consistent with the OR. 
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train setting, the total deformation gradient tensor F is multi- 

licatively split into the elastic ( F e ), phase transformation ( F tr ) and

lastic ( F p ) parts, reading 

 = F e · F tr · F p , (A.1) 

here F e includes both rotations and elastic strains, F tr includes the 

hase transformation shape change and the crystallographic OR 

etween the parent and product phases, while F p does not change 

he crystal orientation. Accordingly, two (fictitious) intermediate 

tress-free configurations are introduced, as shown in Fig. A.12 , 

here � e c 
0 i 

and 

�
 e c 
i 

denote the initial and current crystallographic 

ases of the product phase, and ( � n α
0 
)[ � s α

0 
] and ( � n α)[ � s α] the initial

nd current slip systems of the product phase, respectively. Note 

hat, for convenience of the implementation, it has been assumed 

hat each product phase variant forms instantaneously. Hence, F tr 
an be directly imposed on the whole BCC lath, with its crystal ori- 

ntation predefined according to the adopted OR model. By using 

his approach, there is no need to model the parent austenite gain 

xplicitly. Due to the small thickness of the FCC RA film, the whole 

CC RA film follows the crystal orientation change of the BCC lath, 

pproximately preserving the predefined OR. In the phase trans- 

ormation simulation, the induced deviation from the OR has been 

onfirmed to be ∼ 0 . 5 ◦, which is indeed negligible. 

Elasticity is defined between the second intermediate and the 

urrent configurations. It is assumed that the elastic strains of the 

rystal are small, such that a linear constitutive law is appropriate, 

eading 

¯
 = C : Ē e , (A.2) 

here S̄ = F tr · F p · S · F T p · F T tr denotes the push forward of the sec-

nd Piola-Kirchhoff stress tensor S from the reference configura- 

ion towards the second intermediate configuration; Ē e = 

1 
2 ( ̄C e − I ) 
Fig. B.13. Schematic illustration of the overall sliding meas

14 
s the elastic Green-Lagrangian strain with C̄ e = F T e · F e and I the 

dentity tensor. C is the elasticity tensor that in case of cubic sym- 

etry is identified uniquely by the three elasticity constants C 11 , 

 12 and C 44 . 

For each martensite variant, F tr can be generalized as an 

nvariant-plane strain [49] 

 tr = I + ε tr � s tr � n hp , (A.3) 

here ε tr denotes the transformation strain magnitude, � s tr the 

ransformation direction and 

�
 n hp the habit plane normal, both de- 

ned in the parent FCC crystal coordinate system. Note that � s tr is 

enerally not perpendicular to � n hp due to the contribution associ- 

ted with the volume change. ε tr is determined by the lattice pa- 

ameter ratio a fcc /a bcc between the parent austenite and product 

artensite, and thereby the shape change is largely controlled by 

he carbon content and the other alloying elements. 

Plasticity carried by crystallographic slip is defined between the 

eference and first intermediate configurations. The plastic velocity 

radient L p = 

˙ F p · F -1 
p is computed based on the single slip contri- 

utions as 

 p = 

N s ∑ 

α=1 

˙ γ αP 

α
0 , (A.4) 

here P 

α
0 

= 

�
 s α
0 
�
 n α
0 

is the Schmid tensor of the αth slip system in 

he initial crystal configuration, with 

�
 s α
0 

and 

�
 n α
0 

are the associated 

lip direction and slip plane normal, respectively, ˙ γ α is the plastic 

lip rate and N s is the total number of slip systems. 

The plastic deformation is governed by the resolved shear stress 

n each slip system, computed as 

α = S̄ · C̄ e : P 

α
0 . (A.5) 

he model is completed with the expressions for the crystallo- 

raphic slip γ α and slip resistance s α, given in Eqs. (1) –(3) . Note

hat the non-Schmid effects are often added in many BCC crystal 

tudies, to account for the contribution of screw dislocation move- 

ent. However, it has been recently shown that the non-Schmid 

ffects are strongly metal-dependent and become negligible for 

ron-based BCC crystals [77] including ferrite [78] , and thus they 

re not included in the present modelling. 

ppendix B. Definition of the overall sliding of the martensite 

sland 

In order to conveniently quantify the substructure boundary 

liding activity, the overall sliding of the martensite island (assum- 

ng a single habit plane) is defined as follows. 

Let us denote a fibre through the thickness of the M/A lami- 

ate by � B in the reference configuration, which becomes � b after 

eformation, see Fig. B.13 for a 2D simplified illustration, where 
�
 

 hp denotes the habit plane normal in the reference configuration, 

hich becomes � n hp in the deformed configuration. In case of in- 

ctive sliding, this fibre simply follows the rotation of the habit 
ure � γhp of the martensite island during deformation. 
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Fig. C.14. Damage initiation maps in the ferrite matrix of the unit cell configuration “IM-4” without residual stress/strain effects, under simple shear, at a prescribed overall 

equivalent strain ˆ ε eq = 5 . 7% , using different indicators defined in Eq. (C.1) . Colorbar ranges are from 0 to 40% for the equivalent plastic strain-based model, 0 to 16 MJ/m 

3 

for the stored energy-based model, 0 to 0.2 for the Rice-Tracey model and 0 to 1.6 for the Johnson-Cook model. (For interpretation of the references to colour in this figure 

legend, the reader is referred to the web version of this article.) 
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lane, while in case of active sliding (and neglecting the plastic 

eformation of the laths), additional shear deformation along the 

abit plane will appear, see Fig. B.13 . Therefore, the overall sliding 

f the martensite island can be defined by tracking the deforma- 

ion of this fibre and the rotation of the habit plane, as follows 

�
 hp = 

�
 b 

|| � B || − �
 n hp 

(
�
 n hp ·

�
 b 

|| � B || 
)

, (B.1) 

here || � B || denotes the fibre length in the reference configuration, 

nd the second term represents the component of 
�
 b 

|| � B || perpendic- 

lar to the habit plane. The 2D interpretation of � γhp is provided in 

ig. B.13 , showing that � γhp is nothing else than the effective shear 

eformation component of the M/A laminate along the habit plane. 

oreover, since active sliding renders the plastic deformation of 

he laths to be negligible, the defined overall sliding of the marten- 

ite island can be used as a measure of the plastic slip activity of 

he RA films. 

Within the FEM framework, � b and 

�
 n hp can be approximately de- 

ermined using the nodal positions, after which 

�
 γhp can be com- 

uted from Eq. (B.1) . 

ppendix C. Influence of the damage initiation indicator choice 

The particular choice of the damage initiation indicator may 

ffect the damage initiation pattern in the ferrite matrix and is 

herefore examined below. Four different models widely used in 

he literature are considered, namely 

 1 = 

∫ 
˙ ε eq 
p d t, (C.1a) 

 2 = 

∫ 
ξσ eq ˙ ε eq 

p d t, (C.1b) 

 3 = 

∫ 
0 . 283 exp 

(
3 η

2 

)
˙ ε eq 
p d t, (C.1c) 

 4 = 

∫ 
1 

ε c (η) 
˙ ε eq 
p d t with ε c = ε amp exp 

(
− η

ηe 

)
+ ε 0 , (C.1d) 

hich refer to the equivalent plastic strain-based model [66–

8] (adopted in the main text), stored energy-based model [72] , 

ice-Tracey model [70] and Johnson-Cook model [71] , respectively. 

ere ˙ ε eq 
p = 

√ 

2 
3 

˙ ε p : ˙ ε p denotes the equivalent plastic strain rate, 

eq the equivalent von Mises stress, η the stress triaxiality, ξ the 

tored energy fraction with respect to plastic work, and ε amp , ηe 

nd ε 0 the Johnson-Cook model parameters. In this work, ξ = 5% 

s adopted for the stored energy-based model [72] and ε amp = 0 . 2 ,

e = 0 . 6 and ε 0 = 0 . 1 for the Johnson-Cook model [79] , without

oss of generality. 
15 
In Fig. C.14 , the damage initiation maps in the ferrite matrix 

nder simple shear, calculated using different indicators, are com- 

ared. As an example, the results for the unit cell configuration 

IM-4” without residual stress/strain effects are shown. Clearly, the 

our indicators lead to remarkably similar damage initiation pat- 

erns in the ferrite matrix. It has been verified that this observation 

lso holds for different indicator model parameters, F/A phase con- 

rasts and residual stress/strain due to the preceding phase trans- 

ormations. 
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