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1.1. The two worlds scenario 

Our society nowadays is relying on extraordinary achievements in 
electronics and photonics. Starting from the very first metal–oxide–
semiconductor field-effect (MOSFET) transistor, electronic devices have 
been primarily based on group IV semiconductors such as Si and Ge. 
Meanwhile, many photonic devices have been developed using III-V 
semiconductors such as GaAs and InP. This is because group III-V 
semiconductors are naturally efficient light emitters whereas group IV 
semiconductors are very inefficient in emitting light due to their indirect 
bandgap. Therefore the current photonic integrated circuits on group IV 
semiconductors are used only for passive functionalities, which do not 
require light emission. From this perspective, the information age has 
been divided, until recently, into two worlds, the electronics world and 
the photonics world for light emission (Figure 1.1). 

In the photonics world, photons are used instead of electrons for signal 
processing. Compared to the conventional electronic integrated circuits, 
photonic integrated circuits are faster, more power efficient and have 
higher band width which allows parallelism. Therefore, in a 
microprocessor, it is advantageous to replace some of the functionalities 
of the electrical components by photonic integrated circuits. Great effort 
has been made to integrate electronic and photonic functionalities on a 

 

Figure 1.1. The two worlds senario: the electronics world based on group IV 
semiconductors and the photonics world for light emission based on III-V 
semiconductors. Image courtesy of Luca Gagliano. 
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silicon substrate which is supported by a mature and low-cost 
complementary metal-oxide-semiconductor (CMOS) technology. The 
common photonic integration methods include monolithic integration 
(direct growth on silicon) of the photonic layer or heterogeneous 
integration (bonding) of photonic dies or full wafers onto the silicon chip 
[1]. In both cases, regardless of the integration scheme, the photonic layer 
is separated from the electronic layer. Although photonic integrated 
circuits offers numerous advantages, their process incompatibility, limited 
availability and larger size has prevented them from being used on a large 
scale [2,3].  

It would be great to realize both electronic and full photonic 
functionality with the same material. Could we realized both 
functionalities with III-V semiconductors? Yes, III-V electronics can also be 
used for very high speed electronic devices with high reliability [4].  Yet, 
they are scarce and expensive. On the contrary, silicon is abundant in the 
earth’s crust (about 28% by mass), and not to mention its low price and 
the mature technology platforms associated with it. In this PhD research, 
our ambition is to fabricate optically active group IV semiconductors, Si, 
Ge and their alloys, by modifying the atomic arrangement of the crystals, 
i.e. the crystal phase. Theoretical calculations show that by changing the 
crystal phase of Si1-xGex (hex-SiGe) from cubic diamond to diamond 
hexagonal (also known as lonsdaleite, 2H phase), efficient light emission 
can be obtained [5,6]. According to calculations, hexagonal Si1-xGex 
(x>0.65) alloys have a direct bandgap and would be able to emit light in 
the range of 0.3-0.7 eV (4.1-1.7 μm) [7,8]. It is also predicted by theoretical 
calculations that with the right amount of strain, we can reach a 
wavelength of 1.55 µm [9], which is the third low-loss window for optical 
fiber communication. 

The very first step in uniting the electronic and photonic functionality is 
to synthesize the hex-SiGe material and explore the properties. This is 
challenging because the hexagonal phase of neither Si nor Ge occurs 
naturally. To unambiguously demonstrate the optical and electronic 
properties of hex-SiGe, one would wish to obtain hex-SiGe in a high 
crystalline quality and relative large volume. Since its discovery in the 
1960s [10], hexagonal Si(Ge) has been fabricated by various methods.  In 
the following section, we discuss the major methods for synthesizing 
hexagonal Si, Ge and SiGe.  
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1.2. State-of-the-art 

1.2.1 Stress induced phase transition 

In 1972, Eremenko and Nikitenko reported TEM evidence about stress 
induced hexagonal Si, which was formed by the Vickers indentation 
method in single crystalline Si at 400-700 °C [11]. In 1992, Xiao and Pirouz 
produced nano-ribbons of hexagonal Ge from single crystalline Ge with 
the similar Vickers micro-indentation method at 330-360 °C [12]. Most 
recently in 2019, Dushaq et.al realized hexagonal Ge using controlled 
Vickers indentation in strained Ge-on-Si films [13]. However, only small 
local crystallites (<100 nm) with crystalline defects, which are essential for 
the formation of the hexagonal phase under indentation, are formed. 

A more scalable stress induced phase transition from diamond cubic to 
hexagonal diamond was realized by densification of a filling material in 
between nanowires or nano-fins [14–16]. Two representative studies are 
presented in Figure 1.2.a-c and 1.2.d-f. As shown in Figure 1.2.a, due to 
the densification and shrinkage of the resist (hardening hydrogen 
silsesquioxane) embedding the nanowire, the semiconductor material is 
strained. As a consequence, a strain-induced phase transition occurs, 
resulting in Ge nanowires (diameter below 60 nm) with a saw-tooth 
structure [14]. The high resolution bright-field transmission electron 
microscopy (TEM) image along a [110] zone axis, i.e. the hexagonal          
[11-20] zone axis, proved that there are quasiperiodic nano-domains in 
the Ge nanowires (Figure 1.2.b). Zoomed in on one of the nano-domains 
mentioned above, the authors obtained the HAADF-STEM image as shown 
in Figure 1.2.c, where the hexagonal phase with an ABABA stacking 
sequence is evident. The same method is applied to Au catalyzed Si 
nanowires which consist of even larger hexagonal domains (up to 70 nm) 
[15]. For both Si and Ge, a small shear stress and a thermal budget,           
350 °C for Ge and 500 °C for Si, are mandatory for this specific phase 
transformation.  

Stress induced phase transformation also be realized in nano fins. 
During the processing of the sub-14 nanometer technology node, oxide is 
deposited between the nano fins and densified at above 700 °C [16], and 
surprisingly, the outer fins of an array of fins are shifted outwards (Figure 
1.2.d). The high resolution high-angle annular dark-field (HAADF) STEM 
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image shows that this shift is related to the transformation to a different 
phase at the base of the fins (Figure 1.2.e). A zoomed-in image in the 
bottom of the fins confirmed the occurrence of a hexagonal Si nano-
ribbon, which is up to 8 nm wide and can extend over the full width and 
length of the fins (Figure 1.2.f). The authors show that tens of GPa stress 
is required to trigger the phase transformation. Nevertheless, once 
formed with this approach, hexagonal Si is stable during subsequent high 
temperature treatments up to 1050 °C. 

Although a stress induced phase transition enables the formation of 
hexagonal Si or Ge segments from single crystalline cubic Si or Ge, the size 
of the hexagonal segments is very small, and the position of the hexagonal 
domain and the crystalline quality are not well controlled. In addition, the 
thermal stability of the phase is also doubtful in some cases [14]. This 
together limits the usefulness of this approach to fabricate hexagonal SiGe 
structures.  

1.2.2 Vapor-liquid-solid grown 

In 2016 and 2017, small segments of hexagonal Si were observed in 
kinked Sn-catalyzed Si nanowires grown with a plasma-assisted VLS 
method [17,18]. Following it, in 2019, segments of hexagonal Si were also 
observed in In-catalyzed Si nanowires grown with the same method 

 

Figure 1.2. The stress induced phase transition method. (a) to (c) Hexagonal 
Ge segments fabricated from cubic Ge nanowires. The yellow region in (a) 
represents the HSQ resist. (d) to (f) Hexagonal Si nano-ribbons formed in Si 
fins. Images adapted from reference [14] and [16]. 
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[19,20]. As shown in Figure 1.3.a, kinked Indium catalyzed Si nanowires 
are grown on an oxidized Si substrate, i.e. there is no epitaxial relationship 
between the substrate and the nanowires. Further investigation with 
HAADF-STEM along the [110] zone axis shows that domains of hexagonal 
Si are present in between cubic domains as shown in Figure 1.3.b. In these 
domains, the characteristic ABABA stacking sequence of hexagonal Si 
(purple) is unambiguous.  

There were also claims about VLS grown hexagonal Si nanowires by 
other researchers [21–25], however as Cayron and den Hertog et al. 
carefully pointed out, i) that defective cubic Si can produce the same 
diffraction pattern as hexagonal Si, particularly when imaging along the 
[111] zone axis [26], and ii) that the Raman shift caused by defective cubic 
Si is similar to that of hexagonal Si. Hence, extra caution is required to 
confirm the formation of hexagonal Si or Ge with HR-TEM. One can only 
unambiguously characterize a stacking sequence as hexagonal or cubic by 
imaging in the [110] cubic zone axis. 

The hexagonal Si segments observed in the VLS grown nanowires 
discussed above are primarily related to twinning and thus far the 
crystalline phase purity cannot be controlled. Therefore, these growth 
methods cannot yet address future applications in optoelectronics. Up to 
now, no hexagonal Ge or SiGe has been synthesized using this method. 

 

Figure 1.3. The VLS method. (a) SEM image of kinked In-catalyzed Si 
nanowires. The purple arrows indicates the kink. (b) HAADF-STEM image of 
a mixed phase region where the hexagonal Si segments are colored in purple. 
Images adapted from literature [29].Images adapted from literature [19] and 
[20]. 
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1.2.3 Epitaxially grown 

In 2015, Hauge et al. reported pure and stable hexagonal Si (hex-Si) 
shells which were epitaxially grown on wurtzite (WZ) GaP nanowires [27]. 
In this research, hexagonal Si shells were grown using the crystal structure 
transfer method [28] on lattice matched WZ GaP nanowires and 
characterized with aberration-corrected HAADF STEM, X-ray diffraction 
and Raman scattering. In 2016, single-crystalline defect-free hexagonal 
Si1-xGex alloys were fabricated with the same method and the temperature 
related growth mechanisms were discussed in detail [29]. As shown in 
Figure 1.4.a, hexagonal GaP/Si/SiGe core/multi-shell nanowires were 
grown in an ordered array and with good homogeneity. A low 
magnification bright-field TEM image shows the atomically sharp 
interfaces between WZ GaP, hex-Si and hex-SiGe (Figure 1.4.b). It is 
evident from the corresponding fast Fourier transform (FFT) that the 
core/multi-shell structure is purely hexagonal (inset). 

These achievements enabled further optical characterization in the 
context of optoelectronic applications. Yet, several challenges are 
remaining. Firstly, the hex-SiGe alloy material volume is still rather small 
(less than 50 nm in shell thickness). This will limit the emission intensity 
and hinder optical characterization. Secondly, with increasing Ge content, 
the lattice mismatch between the WZ GaP core and the hex-SiGe shell 

 

Figure 1.4. The epitaxial growth method. (a) SEM image of a hexagonal 
GaP/Si/SiGe core/multi-shell nanowires array. (b) Bright-field TEM image 
showing the epitaxial interfaces and the undisputable hexagonal FFT pattern. 
Images adapted from literature [29]. 
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increases, which will lead to defect formation due to strain relaxation. 
Thirdly, it is reported that only at low temperatures such as 500 °C, the 
SiGe shell would grow in a layer-by-layer mode, which is essential for a 
homogeneous epitaxial shell. However, a related study about defects in 
hexagonal Si showed that a higher growth temperature (655 °C) yields a 
lower defect density [30], which could be the case for hex-SiGe as well. 
Lastly, Ga and P impurity incorporation from the GaP core, the GaP 
substrate, and from remaining Au catalyst are to be investigated and 
eliminated. These are the outstanding challenges, which will be addressed 
in this thesis. 

1.3. Scope of this thesis 

In this thesis, we follow the epitaxial growth method of Hauge et al. and 
tackle the remaining challenges mentioned above. This thesis consists of 
7 other chapters as detailed below: 

Chapter 2 introduces the theoretical background regarding the novel 
hexagonal SiGe material, such as the band structure of hexagonal SiGe 
alloys.  

Chapter 3 describes the methods which are specific to this research 
regarding nanowire growth, wet chemical etching, impurity detection, 
material quality evaluation with XRD and elastic strain simulation. 

As the foundation of this project, we wish to obtain defect-free WZ GaP 
cores. In chapter 4, we show precise control of defect density ranging 
from 0.2 to 40 per μm nanowire length in the WZ GaP nanowires. We also 
show that the carrier lifetime in wurtzite GaP can be reduced by 50% when 
the stacking fault density is increased from 0.2 μm-1 to 3.5 μm-1. 

In chapter 5, we present our study about hex-Si shell growth from two 
precursors, Si2H6 and Si4H10. We show that hex-Si shell growth from Si4H10 
has a much lower activation energy than that of Si2H6 in the hydrogen 
desorption limited temperature regime (415 °C to 600 °C). And due to the 
specific diffusion length of surface adsorbates on the nanowire side walls 
and parasitic film growth on the substrate, hex-Si shell grown in the 
chemisorption limited regime ((600 °C to 735 °C) is inversely tapered. 

In chapter 6, we report a triangular planar defect which is specific to 
the hex-SiGe material system. With TEM studies and atomistic modelling, 
we reconstruct the atomic arrangement of the defect. We show that the 
defect density decreases from 18 μm-1 to 0 μm-1 with increasing 
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temperature in a temperature range of 575 °C to 735 °C, and the defect 
density increases linearly with shell volume at investigated temperature. 

The origin of impurities in hex-SiGe shells is investigated in chapter 7. 
With APT, we can monitor impurity concentrations down to 1 ppm. We 
put forward three impurity sources, the GaP substrate, the gas phase and 
the reactor contamination, and analyzed their contributions. At last we 
propose an in-situ cleaning method which can reduce the P impurity by 5 
times. 

Last but not least, in chapter 8, we discuss the issues regarding light 
emitting SiGe shells. We show that the hex-SiGe shells grown on GaP are 
possessing a high defect density and composition inhomogeneity. And 
due to high lattice mismatch between GaP and Ge (therefore high strain 
level near the hex-GaP/ SiGe interface), the Ge-rich hex-SiGe alloys cannot 
be grown in a layer-by-layer mode. In order to solve this problem, we need 
to develop a lattice matched template, such as wurtzite GaAs, for growing 
Ge-rich hex-SiGe with large volume. 
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Abstract 

In the first part of this chapter (section 2.1 to 2.3), we start with the atomic 
arrangement of the two crystalline structures, cubic and hexagonal, which 
are most relevant to this thesis. Then the concept of the first Brillion zone 
is introduced and the band structure of typical direct and indirect bandgap 
semiconductors such as zinc blende GaAs, cubic Si and Ge, are discussed. 
Following this, the calculated band structures of the hexagonal polytypes 
of Si and Ge are presented. Hexagonal Ge has a direct band gap at the Γ 
point while hexagonal Si has an indirect band gap with a local minimum at 
the Γ point. By alloying hexagonal Si and Ge, it was shown that for x>0.65, 
the hex-Si1-xGex alloy has a direct band gap, with a tunable band gap of 0.3 
to 0.7 eV. 

The second part of this chapter (section 2.4 and 2.5) deals with epitaxial 
growth of nanowires and thin films. The selective-area vapor-liquid-solid 
(SA-VLS) method for nanowire growth with an Au catalyst is elaborated in 
detail, followed by a discussion on the proposed formation mechanisms 
of the wurtzite phase in VLS grown nanowires for semiconductors, which 
in bulk only crystallize in the zinc blende phase. Finally, thin film growth, 
which is of the same nature as nanowire shell growth, is discussed from a 
chemical reaction perspective including relevant gas phase and surface 
reactions. 

 

Keywords: cubic crystal structure, hexagonal crystal structure, band 
structure, hexagonal SiGe, SA-VLS growth, epitaxial thin film growth 
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2.1. Cubic and hexagonal crystal structures 

The crystalline structure of a semiconductor determines its electrical, 
optical, thermal and mechanical properties. Crystal phase engineering is 
thus a very powerful tool to manipulate material properties. A crystal in 
general consists of a 3-D periodic ordering of atoms, which can be 
classified by the 14 types of Bravais lattices [1]. To visualize it, one can 
assume that the atoms/ions are solid spheres, so that these spheres can 
be packed in 3-D as shown in Figure 2.1.1 [2]. As a first step, we can 
arrange atoms in such a way that each atom in a layer has six nearest 
neighbor atoms (layer A). For ideal packing, we add another equivalent 
layer B to fit into the gaps of layer A. A third equivalent layer can be added 
into two positions: 1) exactly above layer A, again forming an A layer or, 
2) shifted with respect to both layer A and layer B, forming layer C. In the 
first case, the atomic stacking of the spheres can be noted as ABABAB, 
which is known as the hexagonal close packing (HCP) crystal structure; in 
the second case, the atomic arrangement can be noted as ABCABC, which 
is the face centered cubic (FCC) crystal structure. 

 

 
Figure 2.1.1  Close-packed structures of spheres. The first layer (green) is 
arranged in a hexagonal pattern. The second layer (red) is shifted slightly to fill 
the gaps of the first layer. The third layer (green) can take either the same 
positions as the first layer, forming a ABAB stacking, which corresponds to a 
hexagonal lattice, or a position different from both A and B, forming a ABCABC 
stacking, which corresponds to a cubic lattice. Adapted from reference [2]. 
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On a fundamental level, the structure of a crystal is determined by the 
crystal basis, defining an atom or a set of atoms per lattice point and its 
translational symmetry. Thanks to the periodicity of crystals, one can build 
a specific crystal simply by repeating the smallest unit in all 3 directions. 
These small building blocks are called unit cells and contain already the 
symmetry and geometry of the entire crystal. The unit cell is defined by a 
set of lattice points at which an atom or ion or a set of atoms (basis) can 
be found in the crystal.  

Figure 2.1.2.a-b shows the ball-and-stick representation of the unit cell 
of the zinc blende (a) and wurtzite (b) crystal structures [3], which are 
essential to this thesis. A zinc blende (wurtzite) crystal structure can be 
seen as two intersecting sub-FCC (HCP)-lattices, where each sub-lattice is 
occupied by same kind of atoms. As shown in Figure 2.1.2.a and b, one 
sub-lattice is Ga (red) and the other one is P (blue).  From the cubic [110]  

 

Figure 2.1.2. Cubic zinc blende and hexagonal wurtzite crystal structures. (a) 
and (b) Unit cells for ZB and WZ crystal structures. (c) and (d) Atomic stacking 
of ZB and WZ crystal structure viewed from the cubic [110] and hexagonal 
[11-20] zone axis. Adapted from reference [3]. 
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zone axis, one can identify the ABCABC stacking of the zinc blende (ZB) 
crystal structure (Figure 2.1.2.c); from the hexagonal [11-20] zone axis, 
which is equivalent to the cubic [110] zone axis, the ABAB stacking of the 
wurtzite (WZ) crystal structure is evident. For both, the ZB and the WZ 
crystal structure, one bilayer (i.e. A, B or C) consists of one monolayer of a 
group III element (Ga) and one monolayer of a group V (P) element. If all 
the atoms were identical at each lattice point, e.g. pure Si, the crystal 
structures are then called diamond and lonsdaleite, respectively. Group IV 
(Si and Ge) and most group III-V semiconductors naturally crystallize in the 
cubic (zinc blende) crystal structure, except for GaN and InN, which tend 
to crystallize in the hexagonal (wurtzite) crystal structure. 

2.2. Band structure of semiconductors 

The band structure (i.e. electronic band structure), one of the most 
important concepts in solid state physics, describes the electrical and 
optical properties of a crystalline material. Using a simple approach this 
can be realized by describing the behavior/movement of free and bound 
charge carriers in presence of a periodic potential given by the crystal 
symmetry. Considering a single electron in a finite periodic crystal lattice, 
the Schrödinger equation can be written as: 

𝐻𝐻� Ψ𝑛𝑛(𝒓𝒓) = E𝑛𝑛Ψ𝑛𝑛(𝒓𝒓),       

With Hamilton operator 𝐻𝐻� = 𝑝𝑝
2

2𝑚𝑚
+ 𝑉𝑉(𝒓𝒓), 

where r is the position in space, Ψn(r) the wavefunction of an electron in 
an eigenstate n, En the energy of an electron in an eigenstate n, p the 
electron momentum, m the effective electron mass, and V(r) the periodic 
crystal-potential based on the mean-field approximation. The above 
equation is then solved to find the energy of the free electron in different 
eigenstates. Due to the symmetry of the periodic crystal-potential one can 
make use of Bloch’s theorem and re-write the ansatz for the electron 
wave function to:  

Ψ𝑛𝑛𝑛𝑛(𝒓𝒓) = 𝑒𝑒𝑖𝑖𝒌𝒌·𝒓𝒓𝑢𝑢𝑛𝑛𝑛𝑛(𝒓𝒓), 

where k is the wave vector and u(r) a function having the same periodicity 
as the crystal lattice. Hence, the wave function contains two parts: a 
plane-wave 𝑒𝑒𝑖𝑖𝒌𝒌·𝒓𝒓  ansatz determined by the k, and a lattice periodic 
part  𝑢𝑢𝑛𝑛𝑛𝑛(𝒓𝒓) . The corresponding energies En(k) are quasi-continuous 
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functions of the Bloch wave-vector k for each band index n. For the sake 
of crystal periodicity, full information about the band structure can be 
obtained from the first Brillouin zone in reciprocal space, which is the 
counterpart of the Wigner-Seitz primitive cell of real space. 

By definition, the center of the first Brillouin zone is the Γ point where 
the wave vector k=0. The first Brillouin zone for cubic and hexagonal 
crystal structure are shown in Figure 2.2.1 [4]. For the cubic reciprocal 
lattice (Figure 2.2.1.a), the three most important high-symmetry points 
are the X, K and L points, which lie on the {100}, {110} and {111} surfaces 
of the first Brillouin zone. For the hexagonal reciprocal lattice                
(Figure 2.2.1.b), the three most important high-symmetry points are A, K 
and M, which lie on the {0001}, {11-20} and {1-100} surfaces of the first 
Brillouin zone, respectively.  

For visualization of the band energies En(k), one typically considers 
lines, such as ∆,Λ  and Σ  (Figure 2.2.1), connecting the high symmetry 
points in the first Brillouin zone. Taking cubic GaAs as an example (Figure 
2.2.2.a) [5], one can plot the band energies for a given number of bands 
as a function of wave vector k in different directions. This representation 
is called the band structure and it describes the energies and momentum 
combinations that an electron may have in crystalline solids. The energy 

 

Figure 2.2.1 First Brillouin zones for (a) Zinc blende (truncated octahedron) 
and (b) Wurtzite (hexagonal prism) crystals.  Adapted from reference [4]. 
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range which is not accessible for electrons is called the band gaps. The 
closest band above (below) the band gap is called the conduction 
(valence) band which is populated by electrons (holes). A semiconductor 
has a direct band gap when the conduction band minimum is just above 
the valence band maximum; for instance at the Γ point as in the case of 
cubic GaAs (Figure 2.2.2.a). Otherwise, the semiconductor is called to be 
indirect, meaning having an indirect bandgap, as show for cubic Si and Ge 
(Figure 2.2.2.b-c). It is evident that the conduction band edge at the Γ 
point is higher than at the X (L) point for cubic Si (Ge). Since the k vector 
(crystal momentum) of the conduction band minimum and the valence 

 

Figure 2.2.2 Direct and indirect semiconductors. (a) Band structure of a direct 
band gap semiconductor, cubic GaAs. (b) and (c) Band structure of indirect 
semiconductors cubic Si and Ge.  Adapted from reference [5]. 

https://en.wikipedia.org/wiki/Electron
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band maximum is different, a charge carrier transition from the top of the 
valence band to the X (L) point of the conduction band requires the 
assistance of a phonon in order to conserve momentum. The requirement 
for an additional phonon absorption or emission makes this transition 
much less likely to happen than in direct semiconductors where 
momentum conservation is ensured. Therefore, indirect semiconductors 
have low photon absorption or emission efficiencies. This prevents cubic 
Si and Ge from being suitable for optoelectronic applications where 
efficient light emission and absorption by these materials are required. 

2.3. Band structure of hexagonal SiGe 

In the first Brillouin zone of the hexagonal reciprocal lattice, the two L 
points which lie on the cubic <111> axis are folded onto the Γ point. Due 
to this band folding,  hexagonal  Ge is  expected  to  have a direct bandgap  

 

Figure 2.3.1 Band structure of hexagonal Si (a) and Ge (b). (c) Energy of 
conduction band minima fitted with parabolas as a function of Ge content in 
Hex-Si1-xGex. Adapted from reference [8]. 
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while Si is still indirect [6,7]. Most recent Ab initio density functional theory 
(DFT) calculations show that the conduction band minimum of hexagonal 
Si is at the M point (Figure 2.3.1.a), so that it remains an indirect 
semiconductor. There also exists a local minimum at the Γ point due to 
the back folding of the L points [8]. Excitingly, for hexagonal Ge, the band 
folding effect results in a direct bandgap at the Γ point at 0.3 eV            
(Figure 2.3.1.b). By alloying hexagonal Ge with Si, one obtains bandgap as 
a function of composition for random Hex-Si1-xGex alloys at high symmetry 
points in the first Brillouin zone (Figure 2.3.1.c) [8]. It is evident that for 
x>0.65, Hex-Si1-xGex alloys have direct band gaps at the Γ point with a 
tunable energy in the range of 0.3 to 0.7 eV. 

2.4. SA-VLS growth of nanowires 

Selective-area vapor-liquid-solid (SA-VLS) growth is a combination of 
two bottom-up crystal growth approaches: selective area epitaxy and 
vapor-liquid-solid. The former permits fabrication of nanostructures with 
lithographically defined patterns in amorphous dielectric film such as SiNx 
and SiOx. Due to its selectivity and directionality of the mask (growth 
happens only in the unmasked region), selective area epitaxy (SAE) is 
widely used for growing III-V nanowires [9,10]. In contrast with SAE, the 
vapor-liquid-solid (VLS) growth requires a catalyst particle, such as Au [11]. 
Its growth mechanism uses the following two facts: 1) eutectic alloys have 
a lower melting point than any of the individual simple substances; 2) 
supersaturated liquid alloys tend to precipitate a solid at the liquid-solid 
interface. The crystal growth rate under the liquid catalyst particle is much 
faster than the parasitic growth on the other part of the substrate due to 
the catalytic effect, so that a nanowire can form. The SA-VLS growth is in 
principle a VLS growth mechanism with a dielectric mask which further 
hinders parasitic growth on the masked regions of the substrate. The 
diameter of the nanowires is defined by the size of the catalyst particle 
instead of the size of the opening in the dielectric mask. 

The basic principle of the SA-VLS growth is shown in Figure 2.4.1. Taken 
the growth of GaP nanowires in a metal-organic-vapor-phase-epitaxy 
(MOVPE) reactor for example, first a regular array of Au disks is deposited 
in the openings of the SiNx mask on a GaP (111)B substrate                      
(Figure 2.4.1.a). Then  the  substrate  is put into  the  MOVPE  reactor and  
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heated up to an  elevated temperature where the Au alloys with the GaP 
substrate and forms liquid Au-Ga eutectic alloy droplets (Figure 2.4.1.b). 
To initiate growth, gaseous trimethylgallium (TMGa) and phosphine (PH3) 
precursors are introduced into the reactor chamber and thermally 
decomposed, filling the droplet and leading to the desired contact angle 
and supersaturation of the Au-Ga droplet (Figure 2.4.1.c). The crystal 
growth occurs with a layer-by-layer growth mode at the solid-liquid 
interface and the alloy droplet is pushed up during growth (Figure 2.4.1.d). 
Due to the low sticking coefficient of TMGa to the SiNx mask, the growth 
rate of the nanowire with the SA-VLS method is higher than that of the 
un-masked substrate [12]. Throughout the growth process, the system 
maintains a dynamic equilibrium between the precursors supplied from 
the gas phase, atom transport through the droplet, and crystal growth at 
the gold-nanowire interface. 

 

Figure 2.4.1. The selective-area vapor-liquid-solid (SA-VLS) method. Growth of 
GaP nanowires from TMGa and PH3 precursors is given as an example. 
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The VLS growth offers accessibility to more crystal polytypes than 
conventional bulk crystal growth. Bulk III-V crystal growth often yields the 
zinc blende (ZB) crystal structure instead of wurtzite (WZ). This is due to 
the fact that the cohesive energy in WZ is higher than that of in ZB, i.e. WZ 
is a high energy phase as compared to ZB. For example, the cohesive 
energy difference ∆EWZ-ZB for GaAs and GaP is 24 and 18 meV per III-V pair 
[13]. Interestingly, the VLS grown III-V nanowires have a strong tendency 
to form WZ [14]. At a certain range in growth temperatures, V/III 
precursor flux ratio, catalyst droplet supersaturation and contact angle, 
the WZ crystal phase is favored [14–16]. The first understanding of WZ 
formation by Glas et.al. is based on post growth observations in                  
Au-catalyzed WZ GaAs nanowires grown on a (111)B ZB GaAs substrate 
[14].  As shown in Figure 2.4.2.a, the change of free enthalpy of a solid 2D 
nucleus (blue) between the top surface of the nanowire and the catalyst 
at a central position of the interface can be written as: 

∆ = −Ah∆µ+ PhγlL + A(γNL − γSL + γSN), 

where ∆µ > 0 is the difference of the chemical potential for III-V pairs 
between droplet and solid phases per unit volume of nucleus, P the 
perimeter length of the 2-D nucleus along the droplet lateral side, 𝛾𝛾𝑙𝑙𝑙𝑙 the 
energy of the lateral interface between nucleus and liquid droplet per unit 
area,  γNL ,  γSL , 𝛾𝛾𝑆𝑆𝑆𝑆  the energies of the upper-nucleus-liquid,        
substrate-liquid, and substrate-nucleus interfaces per unit area 
respectively. Note that all interface energies may depend on contact 
angle, temperature and composition of the catalyst droplet. 

For a solid 2D nucleus at the vapor-liquid-solid triple phase line (TPL) 
(Figure 2.4.2.b), the change of free enthalpy can be written as: 

∆ (α) = −Ah∆µ+ Ph[(1 − α)γlL + α(γlV − τγLV)] + AγSN, 

where α is the fraction of nucleus perimeter in contact with the vapor, 𝛾𝛾𝑙𝑙𝑙𝑙 
the energy of the nucleus-vapor interface per unit area, 𝛾𝛾𝑙𝑙𝑙𝑙  the liquid 
droplet-vapor interface energy per unit area, τ an estimated factor τ =
𝑠𝑠𝑠𝑠𝑠𝑠β where β is the contact angle between droplet and the nanowire. 
Comparing the nucleus formation energy at the center and the TPL, we 
obtain the enthalpy difference: 

∆ (α) − ∆ = αPh(γlV − γlL−γLVsinβ), 
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Experimental observation from TEM shows that the contact angle β of 
WZ nanowires is between 90˚ and 125˚ [14], leading to  𝑠𝑠𝑠𝑠𝑠𝑠β =
  0.82~1 > 0, and Young’s equation for the interface energies at 90˚-125˚ 
contact angle yields γlV < γlL [17], thus the equation is reduced to: 

∆𝐺𝐺(α) − ∆𝐺𝐺 = −𝐶𝐶1 − 𝐶𝐶2𝛾𝛾𝑙𝑙𝑙𝑙, 

where C1 = α𝑃𝑃ℎ(𝛾𝛾𝑙𝑙𝑙𝑙 − 𝛾𝛾𝑙𝑙𝑙𝑙) > 0, C2 = αPhsinβ > 0. Since 𝛾𝛾𝑙𝑙𝑙𝑙 is positive 
for Au-Ga alloy droplet [18,19], ∆𝐺𝐺(α) − ∆𝐺𝐺 < 0 always holds, meaning 
nucleation at the TPL is favored. This nucleation-based model suggests 
that it is energetically favorable to from a 2-D WZ nuclei at the TPL when 
the contact angle is between 90˚ and 125˚ [14]. Further research by Assali 
et.al. based on a kinetic nucleation model confirms that Au catalyzed WZ 

 

 

 

Figure 2.4.2. Proposed mechanisms of vapor-liquid-solid nanowire growth. (a) 
Nucleation at the solid-liquid interface and (b) at the vapor-liquid-solid triple 
phase line (TPL). (c)- (e) Schematics of the nanowire and droplet for contact 
angle β < 90° (c), β = 90° (d) and β > 90° (e). Adapted from reference [14] and 
[16]. 
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GaP nanowire nucleation takes place at the TPL [20]. According to a quasi-
two-dimensional model based on in-situ transmission electron 
microscopy (TEM) studies in 2016, Jacobsson et.al. proposed that the size 
of the droplet determines both its contact angle and the morphology of 
the liquid–solid interface [16]. In their research, the nucleation of WZ 
GaAs crystal phase is expected to occur at the tri-junction (i.e. TPL) when 
there is no edge facet and β is slightly larger than 90˚ (Figure 2.4.2.d). On 
the contrary, when the droplet size, therefore the contact angle, is much 
smaller or much larger (Figure 2.4.2.c and e), an edge facet can appear, 
due to a capillary force, which facilitates nucleation at the N point, where 
ZB nucleation is favorable. Although with differences in the model, this 
research is consistent with that from Assali et.al. who believed that ZB 
nucleation occurs at the center of the droplet−wire interface. 

2.5. Epitaxial growth of thin films 

For fabricating radial heterostructures in nanowires (i.e. core/shell 
nanowires), epitaxial thin film growth takes place on the side walls of the 
core nanowires. For example, in this thesis, hexagonal Si1-xGex shells are 
grown around wurtzite GaP cores. During epitaxial crystal growth in a 
MOVPE reactor, the chemical reactions can be categorized into gas phase 
reactions (i.e. homogeneous reactions) and surface reactions (i.e. 
heterogeneous reactions). The gas phase reactions involve the thermal 
decomposition (pyrolysis) of the precursor molecules and determine the 
fluxes of activated growth species to the growth surface. The surface 
reactions include adsorption, surface decomposition of radicals, lattice 
incorporation and desorption of byproducts [21]. Note that such division 
is for the convenience of discussion; in a CVD system, which is used in this 
thesis for material deposition, the gas phase reactions and the surface 
reactions are interactive. 

Taking a simple Si precursor, SiH4, as an example (Figure 2.5.1), the 
main products of pyrolysis are hydrogen gas (H2), radicals (such as SiH, 
SiH2 and SiH3), gaseous higher order silanes (Si2H6, Si3H8) and solid silicon 
hydrides (SinHm) [21–23]. From a pyrolysis experiment of SiH4 at 430 ˚C in 
a static reactor, we learn the following [22]: 1) there exists an initial 
reaction stage where the amount of decomposed SiH4 as well as the 
concentration of reaction products gradually increase; recent research in 
2017 about SiH4 pyrolysis in a flow reactor showed that to obtain a specific 
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outlet  concentration  of  silicon  hydrides  the  residence  time (in the 
reaction zone)  needs to be  increased when going  to  lower  temperatures 
[24]; 2) the formation rate of the gaseous products increases with 
increasing reactant pressures; 3) the production rates of gaseous products 
increases with increasing temperature. Since the gas phase reactions 
determine the fluxes of radicals, one can control the radical supply to the 
film growth surface by changing the precursor type, temperature, partial 
pressure and gas flow in a MOVPE reactor. 

The surface reactions lead to the epitaxial growth of thin films which is 
often explained by radical/precursor decomposition on the growth 
surface and desorption of surface hydrogen. Consider SiH4 as precursor 
and a clean Si surface which is fully populated by surface hydrogen, which 
can be present as SiH3, SiH2 or SiH [25]. Surface decomposition of hydrides 
occurs when surface dangling bonds (i.e. unoccupied surface positions) 
are present on the substrate surface. The surface decomposition of SiH3 
yields SiH2 and SiH; SiH2 (dihydride) can further decompose and form SiH. 
Therefore, when the density of dangling bonds is high, decomposition of 
higher hydrides is favorable so that the surface hydrogen is present only 

 

 

Figure 2.5.1. Schematic of Si film growth from the SiH4 precursor by a 
generalized CVD process. Elementary mechanistic steps in both the gas phase 
reactions and the surface reactions are shown. Adapted from reference [21]. 
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in the form of SiH (monohydrides). On the contrary, when the surface 
hydrogen coverage is high (low amount of dangling bonds), the surface 
hydrogen is primarily present as a mixture of SiH and SiH2 [25–27]. Surface 
hydrogen desorption can happen from decomposition of SiH2 or SiH. Note 
that different hydrides differ in their bond energies, and as a result 
hydrogen desorption takes place at different temperatures for different 
hydrides [25]. On a Si (100) surface, hydrogen (H2) desorption from SiH2 
and SiH takes place at around 400˚C and 500˚C respectively [25,28]. 

Quite often, the epitaxial Si film growth can be divided into two growth 
regimes because the surface hydrogen coverage is highly temperature 
dependent [29–32]. In the low temperature regime, high surface 
hydrogen coverage prevents surface decomposition of the larger radicals 
as well as the monohydrides and dihydrides, resulting in a hydrogen 
desorption limited growth and a high activation energy for film growth; in 
the high temperature regime, the adsorption of adsorbates requires very 
low energy due to a high density of dangling bonds, and the 
decomposition of SiH is so fast that the surface has very low hydrogen 
coverage [25,28]. In this regime, film growth is characterized by a low 
activation energy and the growth rate is limited by precursor adsorption 
[29,31]. The transition temperature of these two regimes ranges from  
500 ̊ C to 700 ̊ C and it highly depends on the precursor type and precursor 
partial pressure. For a certain precursor, a higher precursor pressure leads 
to a higher transition temperature [33,34]. 
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Abstract 

In this chapter, we present the instruments and techniques utilized to 
synthesize and characterize the wurtzite GaP and hexagonal SiGe crystals. 
Firstly, we describe and discuss the metal organic vapor phase epitaxy 
(MOVPE) reactor which was used for the nanowire and shell growth. The 
design of the reactor used is described in detail to facilitate the discussion 
on possible contamination and memory effects in chapter 7. Then we 
illustrate the wet chemical etching of the Au catalyst which is essential for 
growth of the hex-Si(Ge) shells. Atom probe tomography (APT), a 
dedicated method for measuring impurity concentrations in the hex-SiGe 
shells, is discussed together with sample preparation prior to the 
measurements. We discuss X-ray diffraction (XRD) techniques, which are 
used for wurtzite GaP nanowire characterization.  The last method 
described is the finite element method (FEM) for obtaining the elastic 
strain distribution in the core-shell nanowire structure.  

 

Keywords: MOVPE, wet chemical etching of Au, APT, XRD, FEM 
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3.1 MOVPE reactor  

Metalorganic vapor-phase epitaxy (MOVPE), also known as metal-
organic chemical vapor deposition (MOCVD), is commonly used as a 
method for single crystalline or polycrystalline thin film growth, and it has 
become a popular method for nanowire growth in the past decades. As 
indicated by its name, it realizes crystal growth through chemical 
reactions instead of physical deposition. Metalorganic precursors and 
hydride precursors are used in the MOVPE reactors. For the work 
presented in this thesis, we used trimethylgallium (TMGa) and phosphine 
(PH3) for the GaP nanowire growth, and disilane (Si2H6), tetrasilane (Si4H10) 
and germane (GeH4) for Si and SiGe shell growth. Additionally, HCl gas was 
used to prevent the GaP nanowires from tapering during growth and to 
clean the reactor chamber. TMGa and Si4H10 precursors are stored in 
bubbler cylinders which are kept at -10 °C in a thermal bath to ensure 
constant vapor pressure; the precursors are introduced to the MOVPE 
reactor chamber by bubbling hydrogen (H2) gas through the cylinders with 
a dip tube. The other precursors mentioned above are stored in gas 
bottles and kept secure in cabinets. 

 

Figure 3.1.1. The MOVPE reactor. (a) Photography of the close coupled 
shower head reactor used for this PhD project. (b)  Schematic of the reactor 
chamber including the mobile parts #5-10. Schematic curtersy of Bram 
Lamers. 
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We present a photograph of the cold wall Aixtron Close Coupled 
Showerhead (CCS) reactor utilized in this thesis in Figure 3.1.1.a. In this 
photograph, the reactor is open. The upper half of the photograph shows 
the shower head (lid) of the reactor, and the lower half shows the 
susceptor inside of the reactor chamber. In the middle of the susceptor, a 
2-inch wafer can be placed. In order to explain the reactor configuration 
in more detail, we made a schematic of the reactor as shown in Figure 
3.1.b. The precursor gases are injected into the reactor from the shower 
head as indicated by the thin yellow arrow, and the reaction products in 
the gas phase are pumped away via the exhaust on the left side of the 
reactor. The mobile parts of the reactor chamber are numbered from #5 
to #10 and the immobile parts are #1, #2, and #11. When switching from 
a GaP growth session to a Si(Ge) growth session, we change the mobile 
parts to the ones which are only used for Si(Ge) to avoid cross-
contamination. To avoid deposition on the inner surface of the reactor 
chamber and the shower head, the mobile quartz parts #5 to #7 are put 
closely next to the reactor side wall and the showerhead.  The mobile 
susceptor (#9) and susceptor skirt (#10) encapsulate the tungsten heater 
(#11) which is the only energy source for decomposing the precursors. 
Note that only the showerhead (#1) and the reactor chamber (#2) 
connection is sealed with double O-rings (#3), and none of the gaps / slits 
between the neighboring mobile parts or between the mobile and 
immobile parts are sealed. The temperature range of the heater is from 
room temperature to 975 °C and the growth temperature in this thesis is 
from 300 °C to 815 °C. The shower head and reactor chamber are cooled 
to 50 °C at all times, and the parts supporting the heater are cooled by 
running water.  

During growth, the H2 carrier gas flow is 8.2 L/min, the pressure is          
50 mbar, the distance between the shower head and the susceptor is        
16 mm, and the rotation speed of the susceptor (together with the heater) 
is 60 rpm. Inside of the reactor, the gas stream comes from the outlets of 
the shower head, flows onto the susceptor (therefore the wafer) and 
leaves the substrate towards the radial direction. It is believed that the gas 
flow is homogenous above the susceptor when the distance between the 
shower head and the susceptor is sufficiently small [1], and this enables 
us to grow nanowires homogeneously on a 2-inch wafer. 

 Since the same reactor is used for growing both III-V materials and 
group IV material, cross contamination is a realistic threat. Besides 
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deposition of precursor molecules and reaction products onto the reactor 
inner surface and the shower head configuration, the gas streamline can 
also contribute to the contamination. As shown in Figure 3.1.2, the shower 
head consists of the upper plenum, the lower plenum and the water 
cooling channels. The upper plenum is dedicated for group metalorganics 
(in this case only TMGa), and the lower plenum is for hydrides, group IV 
precursors and HCl. More specifically, GeH4 and HCl are injected from the 
same gas line and the rest are injected from another gas line. In standby 
mode, all the gas lines are flushed with N2 gas at all times. Despite of the 
shielding from the top quartz plate, there exists visible deposition on the 
showerhead. Therefore, when the deposit diffuses to the outlets of the 
plenums, it may desorb and join the gas flow. 

3.2 Au catalyst removal 

The defect-free wurtzite (WZ) GaP nanowires are grown with the vapor-
liquid-solid (VLS) method using Au catalysts (see chapter 4 for details). As 
shown in 3.2.1.a, the as grown WZ GaP nanowires have a Au catalyst 
particle (yellow) on top. It has been a challenge to grow Si or SiGe shells 
thicker than 50 nm due to the remaining Au catalyst. At high growth 
temperatures such as 735 °C, the Au droplet induces degradation of the 

 

 

Figure 3.1.2. Schematic of the shower head of the MOVPE reactor. The upper 
plenum is assigned to group III precursors and the lower plenum is used for 
both group V precursors and hydrides. 
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nanowires, possibly by facilitating the evaporation of the phosphorous 
from the core through the catalyst particle during the Si shell growth. As 
shown in Figure 3.2.1.b, After 20 mins of Si shell growth at 735 °C, which 
results in 20 nm of Si shell, some of the nanowires are shorter than the 
original GaP stem and some are broken off half way their original length, 
presumably due to the presence of small Au droplets. When the growth 
time is increased to 37 mins, all nanowires perished, leaving arrays of 
irregular particles (Figure 3.2.1.c). Contrarily, at low growth temperatures 
such as 500 °C the wires remain intact but, due to the low growth rate, 
only 40 nm of Si shell is grown after 2 hours (Figure 3.2.1.d). When we 
increase the growth time to 4 hours, a prominent vapor-liquid-solid (VLS) 

 

 
Figure 3.2.1. Si shell grown with and without Au catalyst removal. (a) As grown 
WZ GaP nanowire stems with Au catalyst on top (yellow).  (b) and (c) 20 mins 
and 37 mins of hex-Si shell growth at 735 °C. (d) and (e)  2 hours and 4 hours 
of hex-Si shell growth at 500 °C. (f) Au catalyst removal with wet chemical 
etching. (g) and (h) 13 mins and 60 mins of growth at 735 °C. All the SEM 
images are taken from 30-degree-tilted view and all scale bars are 1 µm. 
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segment appears from the top of the nanowires as shown in                    
Figure 3.2.1.e. The VLS top segment is defective cubic Si material, which is 
not desired for growth mechanism studies nor for photoluminescence 
measurements. 

In order to avoid both nanowire degradation as well as cubic top 
segment growth by the gold catalyst particles, we developed a wet 
chemical method for the Au catalyst removal (Figure 3.2.1.f). Firstly, we 
take the as grown WZ GaP nanowire sample out of the nitrogen glove box. 
Then the Au catalyst is removed with wet chemical etching (a detailed 
description of this step is presented below). After that, we put the WZ GaP 
nanowires back to the reactor for hex-Si and hex-SiGe shell growth. As 
shown in Figure 3.2.1.g, following Au catalyst removal, a uniform Si shell 
is grown after 13 mins at 735 °C. After 60 mins of growth, around 260 nm 
of Si shell is grown epitaxially (Figure 3.2.1.h). The rough top part of the 
nanowire is not the Au catalyst but a defective cubic Si segment according 
to transmission electron microscopy (TEM) analysis (not shown). At lower 
growth temperatures, we obtain homogeneous shells with lower growth 
rate. 

Since the etching process is developed according to our specific use, a 
detailed procedure is described below in Figure 3.2.2. First, we cleave the 
GaP wafer, which has grown WZ GaP nanowires on it, into pieces not 
larger than 5 mm by 10 mm. Then the sample pieces are put on the sample 
holder and merged into 85% H3PO4:H2O (1:10) for 30 seconds to remove 
the local gallium oxides on the Au-Ga droplet, followed by a rinsing step 
(around 10 seconds) in 1000 mL of deionized (DI) water to remove the 
acid residue. After that, the samples are transferred to a 36% HCl : 65% 
HNO3 : H2O (3:2:6) solution for the etching of the Ga crust on the Au-Ga  
droplet  and  followed  by rinsing in 1000 mL of  DI water. Now the Au-Ga 
particle is accessible for the etching of the Au-Ga droplet. The samples are 
kept still in a diluted KI/I2 solution for 12 mins; this solution has been 
prepared as follows: 3 grams of KI and 1 gram of I2 are added to 120 mL 
of DI water. Then the samples are rinsed subsequently in 3 different DI 
water beakers. The sample holder should be moved up and down gently 
for rinsing the KI/I2 solution residue, and one could see reduced KI/I2 
residue concentration by eye after two times rinsing. Finally, the samples 
are transferred to a water cascade which has running DI water supply. At 
the same time, a magnetic stirrer is used at a speed of 500 rpm to improve 
the water circulation in the sample’s vicinity. All the etching and rinsing 
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steps are performed at room temperature, and the beaker size indicated 
in the schematic is recommended based on experience. 

 

 

Figure 3.2.2. Au catalyst removal with wet chemical etching.  
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3.3 Atom probe tomography 

Atom probe tomography (APT) is a destructive method which allows for 
a 3D atomic analysis based on field evaporation and mass spectroscopy. It 
enables to map impurity atoms with sub-nanometer spatial resolution and 
ppm level sensitivity. The working principle of APT is shown in Figure 3.3.1 
[2]. The NW sample/tip is biased by a high voltage (HV) and illuminated by 
laser pulses. The HV induces a very high electrostatic field at the tip 
surface, just below the point of atom evaporation. A laser or HV pulsing 
triggers one or more ions to depart from the sample surface due to the 
field effect. During the measurement, the sample tip should remain a 

 

Figure 3.3.1. Principle of atom probe tomography (APT). The atoms on the 
nanowire tip are evaporated utilizing the field effect and land on a position 
sensitive detector after a flight time. According to the time of flight, mass to 
charge ratio is calculated and each ion count is identified. Adapted from 
reference [2]. 
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hemispherical shape so that the position of the ions can be reconstructed 
correctly [3]. The majority of the ions will be accelerated through the 
counter-electrode and finally arrive at the position-sensitive detector. The 
time of flight is calculated between the evaporation pulse time and the 
ion impact moment so that the mass-to-charge ratio is identified for each 
ion count. The impact position of each ion is recorded during the 
measurement and used for a 3D reconstruction of the collected data.  

For the impurity concentration study with APT, we fabricate nanowires 
which are below 130 nm in diameter and around 4 µm in length. Individual 
nanowires are isolated from the substrate in a FEI Nova Nanolab 600i Dual 

 

Figure 3.3.2. APT sample preparation in a focused ion beam (FIB) set up. (a) A 
dummy nanowire (blue) is picked up with a nano-manipulator tip (green). (b) 
The dummy nanowire is used to pick up the target nanowire (red). (c) The 
target nanowire is brought to an etched Si pillar. (d) The target nanowire is 
welded to the Si pillar with Pt (purple). Adapted from reference [4]. 
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beam with the following procedure as shown in Figure 3.3.2 [4]: firstly, a 
dummy nanowire (blue) is picked up with a Kleindiek nanomanipulator tip 
(green) (Figure 3.3.2.a); secondly, we use the dummy nanowire to pick up 
the target nanowire (red) (Figure 3.3.2.b); thirdly, the target nanowire is 
welded onto the etching Si nanopillar (yellow) (Figure 3.3.2.c); at last, the 
dummy nanowire is broken off and the target nanowire is fixed on the Si 
post with electron induced Pt deposition (purple) (Figure 3.3.2.d).  

After sample preparation, the APT measurements of the hexagonal 
GaP/Si core/shell nanowires are performed in a LEAP 4000X-HR from 
Cameca. This system is equipped with a laser generating picosecond 
pulses at a wavelength of 355 nm. The experimental data is collected at 
voltage pulse rates between 65-125 kHz with pulse fractions between      
25 and 27.5%. During the measurements, the samples are kept at a base 
temperature of 20 K in a vacuum of 2x10-11 mbar. 

3.4 X-ray diffraction 

X-ray diffraction (XRD) is commonly used to study the crystalline phases 
and lattice parameters of crystalline materials. When X-rays illuminate the 
target material, one part of the radiation will be absorbed by the target 
material, or will undergo other in-elastic processes, and some part of the 
radiation will experience elastic scattering with the electron clouds of the 
atoms. The condition for constructive interference of the elastically 
scattered X-rays from a crystalline material is described by Bragg’s law:  

𝝀𝝀=2d sin(λ), 

where 𝜆𝜆 is the wavelength of the incident x-ray photons, d the distance 
between a set of equivalent parallel crystalline planes, 𝜃𝜃 the angle 
between the incoming (or scattered) beam and the scattering planes. 

There are two geometries where the XRD measurements can be 
performed, namely probing Bragg reflections in a symmetric geometry 
and in an asymmetric geometry. The symmetric Bragg geometry is only 
sensitive to the out-of-plane lattice spacing (corresponding to the c-lattice 
parameter in the hexagonal crystal structure) as shown in Figure 3.4.1.a. 
The asymmetric geometries are sensitive to both the in-plane (a) and out-
of-plane (c) lattice parameters, since the scattering vector has an in- and 
an out-of-plane component. As shown in Figure 3.4.1.b, in the asymmetric 
geometry, we can measure the distance between equivalent crystalline 
planes which have an angle of α with respect to the lattice planes aligned 
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parallel to the samples surface. For X-ray diffraction experiments, it is 
common to describe the measurements in momentum space (Q-space) 
instead of the angular space. The advantage of using the momentum 
space is that measurements from different setups and materials can be 
compared easily. For transforming measurements done in angular-space 
to Q-space one can use the equations: 

Qx = 4π
λ

sin(θ) sin (ω− θ), 

Qz = 4π
λ

sin(θ) cos (ω− θ), 

where ω is the angle between incident X-rays and the lattice planes 
parallel to the sample surface, θ the angle between scattered X-rays and 
the parallel lattice planes.  

The stacking fault study in this dissertation is carried out at the 
Deutsches Elektronen Synchrotron (DESY) in Hamburg, at the high-
resolution-diffraction beamline P08 at PETRA III. The photon energy is set 
to 18 keV with a corresponding wavelength of 0.6888 Å. The x-ray beam 
spot-size on the sample was a few hundred µm, a size sufficient to 
illuminate a few thousands of WZ GaP wires at once. We use a Dectris – 
“Mythen” 1D X-ray detector and perform post-processing with a free 
software library “Xrayutilities” in combination with Python 3.6. For 
symmetric scans, we study the hexagonal (0005) reflection as indicated by 
the red box in Figure 3.4.2, showing the reciprocal space for WZ and cubic 
GaP. For the asymmetric scan, we study the asymmetric crystal truncation 

 

Figure 3.4.1. Principle of X-ray diffraction (XRD). (a) Symmetric Bragg 
geometry. (b) Asymmetric Bragg geometry. 
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rod (2 0 -2 L) to where L ranges from 9-12, as indicated in the black box in 
Figure 3.4.2. These reflection spots are selected, within the experimental 
limitations, based on their intensity (the brighter the better) and their 
distance from the cubic reflections (the further the better). 

 3.5 Finite element method 

Finite element method (FEM) is a numerical method for solving partial 
differential equations in 2-D or 3-D. It is commonly used for solving 
problems in structural analysis, heat transfer and electromagnetic 
potentials. At first, a mathematical model of a system is built based on the 
geometry and properties of the target system. Then the system is 
subdivided into small geometrically simple shapes which are called finite 
elements, generating a mesh. Each finite element is described by a set of 
simple algebraic equations which are later assembled into a larger system 
of equations that models the entire system. FEM calculations are then 
carried out until convergence is reached and the residual error is lower 
than a pre-defined value. 

 

Figure 3.4.2. Schematic of the reciprocal space. The cubic GaP reflections are 
in blue, and the wurtzite (WZ) GaP reflections are in orange. Size of the dots is 
proportional to the calculated reflection intensity. Image courtesy of Dorian 
Ziss. 
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In this project, we use the software COMSOL-Multiphysics to analyze 
the elastic strain in perfectly epitaxial, hexagonal, GaP/Si0.86Ge0.14/Si0.5Ge0.5 
core/multi-shell structures. To begin with, we build a nanowire geometry 
according to the real nanowire dimensions. The WZ GaP core diameter is 
set to 190 nm and the Si0.86Ge0.14 shell thickness is set to 12 nm according 
to the dimensions measured from transmission electron microcopy (SEM) 
images. We vary the hex-Si0.5Ge0.5 shell thickness from 10 nm to 800 nm 
to imitate the shell growth process and study the evolution of elastic 
strain. The nanowire length in reality is around 10 µm, however, to keep 
the simulations converging and still obtaining sufficient resolution (small 
element size), we use nanowire models up to 2 µm long. More specifically, 
we use 2 µm nanowire length for hex-Si0.5Ge0.5 shell thicknesses ranging 
from 175 nm to 800 nm, 1.5 µm length for shell thicknesses from 60 nm 
to 150 nm, and 1.2 µm for shell thicknesses from 10 nm to 50 nm.  

 

Figure 3.5.1. Finite element method (FEM) for strain analysis. (a) A 
mathmatical model for the hexagonal GaP/Si0.86Ge0.14/Si0.5Ge0.5 core/multi-
shell nanowire. (b) Mesh of the nanowire. (c) Top view of the mesh indicating 
crystalline directions. Image courtesy of Dorian Ziss. 
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Then, we define subdomains representing the core, the first shell and 
the second shell. Following it, we define the material properties by putting 
lattice parameters and epitaxial mismatches as well as the elastic 
coefficients of WZ GaP, hexagonal SiGe in the subdomains (Figure 3.5.1.a). 
The lattice parameters of WZ GaP are taken from literature [4], the lattice 
parameter of Si0.86Ge0.14 and Si0.5Ge0.5 are calculated based on a linear 
interpolation from the hex-Si and hex-Ge lattice parameters [5,6]. The 
material elastic coefficients are taken from literature [7–9] and depends 
on the Si-Ge ratio, also linearly interpolated. Fourth, we gridded the whole 
geometry with a reasonably fine mesh. A representative discretization 
scheme is shown in Figure 3.5.1.b. Additionally, the bottom of the 
nanowire model is restricted for z-direction movement, meanwhile it can 
move in the x-y plane. At last, assuming only elastic deformation, the 
deformation and strain of each finite element of the wire is calculated and 
then interpolated to get a smooth strain distribution. By using the 
definition of the strain energy density function in COMSOL, we obtain an 
approximation of the total elastic strain energy density for each point in 
the nanowire shells in 3-D. Since growth of hex-SiGe could be affected by 
all strain components in tangential, radial and c-directions, strain energy 
density, represents the possible influence of the total strain better than 
showing individual strain values. The strain energy density is proportional 
to the tensor product of the elastic strain-tensor and the total stress-
tensor (including initial stresses, if given). 

To see how strain affects the hex-SiGe shells growth, the average strain 
energy density in the hex-SiGe shell at 900 nm nanowire height is 
extracted and discussed in chapter 8. The average strain energy plotted is 
obtained from the line cuts in the hex-Si0.5Ge0.5 shell in along the [10-10] 
facet (Figure 3.5.1.c).  

3.6 Other techniques used 

For this PhD project, scanning electron microscopy (SEM) is the most 
intensively used method. All the SEM images are acquired from a Zeiss 
Sigma SEM with an in lens detector.  A JEM ARM200F probe-corrected 
Transmission electron microscope (TEM) is used for the crystalline phase 
and defect studies. For the chemical composition analysis, electron 
dispersive X-ray (EDX) spectroscopy measurements are carried out using 
the same microscope equipped with a 100 mm2 EDX silicon drift detector. 
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The optical properties are measured with a step-scan Photoluminescence 
(PL) setup and the signal is collected with a Thermo Scientic Nicolet IS50r 
FTIR spectrometer [5]. Carrier lifetime measurements of wurtzite GaP 
nanowires are performed with an optical-pump THz-probe (OPTP) 
spectroscopy set up [6]. 
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Abstract 

Nanowires of hexagonal GaP, i.e. wurtzite GaP, are one of the potential 
templates for fabricating direct band gap hexagonal Si1-xGex. When the 
crystal transfer method is utilized, the crystalline structure of the GaP core 
template along with the crystalline defects in it will be transferred to the 
shell. Therefore, it is important to understand the formation of crystalline 
defects during GaP core growth, such as stacking faults of the basal {0002} 
planes, hereafter referred to as basal stacking faults (BSFs), and their 
impact on the electronic properties. In this chapter, we show precise 
control of the density of BSF, which is the only type of stacking fault 
present in our wurtzite (WZ) GaP nanowires, with a defect density range 
of 0.3 to 40 per μm nanowire length. The characterization of the BSFs is 
performed with both transmission electron microscopy (TEM) on a 
microscopic level on single nanowires, and with X-ray Diffraction (XRD) on 
a macroscopic level on ensembles of nanowires. The two methods agree 
with each other rather well. Furthermore, we measure the 
photoconductive lifetimes on the same samples with non-contact THz 
spectroscopy at room temperature, and show that the WZ GaP carrier 
lifetime can be reduced by 50% when the density of BSFs is increased from 
0.3 μm-1 to 3.5 μm-1.  

 

Keywords: hexagonal wurtzite gallium phosphide, selective-area vapor-
liquid-solid method, basal stacking fault, defect density, high-resolution 
XRD, time-resolved THz spectroscopy 
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4.1. Introduction 

Group IV materials such as Si, Ge and their alloys are widely used in 
current electronic devices, at the same time, their application in photonics 
is prohibited by their indirect band gap nature which makes light emission 
inefficient. Conventionally,  band gap engineering is realized primarily by 
controlling the alloy composition, doping and strain level in group IV 
materials [1–3]. Only in recent years, crystal phase engineering is 
demonstrated in hexagonal Si1-xGex (hex-SiGe) utilizing the crystal 
structure transfer method [4–6]. In this method, hexagonal III-V nanowire 
cores, such as hexagonal GaP, act as templates for the growth of hex-SiGe, 
which is predicted to have a direct band gap by theoretical calculations 
[7–9]. The crystal phase as well as the crystalline defects, such as basal 
stacking faults, in the core template will be transferred to the shell 
material.  

A basal stacking fault (BSF) is a stacking fault which locates in the basal 
plane (also known as the {0002} plane or a-plane) of the hexagonal 
materials. BSFs can be divided into four subtypes, intrinsic type I (I1), I2 I3 
and extrinsic (E). I1 contains one violation of the stacking rule in wurtzite 
crystal structure (ABACACA), I2 contains two violations of the stacking rule 
(ABCACA), E contains three violations of the stacking rule (ABCAB) and I3 
contains a violation of the stacking rule, a twin layer and another violation 
of the stacking rule (ABACAB) [10]. It was shown in WZ GaN that BSFs lead 
to conductivity anisotropy and exciton localization [11–13]. Also in InAsSb 
nanowires, it was found that increasing the defect density (from 1 µm-1 to 
300 µm-1) causes a decrease in electron mobility and carrier lifetime [14]. 
Meanwhile, the impact of BSFs on the electronic properties of WZ GaP or 
hex-SiGe has not been reported. The most investigated stacking fault type 
regarding electronic properties is the I1 BSF which has the lowest energy 
of formation in wurtzite III-nitrides [15]. In the current manuscript, we will 
not differentiate between the different BSF subtypes and refer to BSF 
including all subtypes. The focus of this chapter is to demonstrate a 
quantitative method for BSF density characterization and demonstrate 
how (few) BSFs can affect nanowire properties, such as charge carrier 
lifetime in WZ GaP. This approach is expected to be viable for hex-SiGe as 
well.  

It is generally recognized that BSFs can be treated as planar defects 
forming locally the lower energy ABC cubic structure within the wurtzite 
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…ABABAB… stacking sequence [10]. Therefore, the occurrence of BSFs can 
be understood by investigating zinc blende layer formation in vapor-
liquid-solid (VLS) grown wurtzite GaP nanowires. Depending on growth 
conditions, VLS grown GaP can adopt either the wurtzite or the zinc 
blende phase. Assali et al. showed that there is a lower and a upper limit 
for the P supersaturation required for WZ GaP formation [16]. One can 
imagine that, starting from an ideal supersaturation which yields zero BSF, 
the probability of BSF formation increases towards both the lower and the 
upper limit. If we keep a Ga supply which is optimized for BSF-free WZ GaP 
nanowire growth (having the ideal droplet supersaturation), one can vary 
the supersaturation very subtly by changing the P supply. Consequently, 
WZ GaP nanowires with tunable BSF densities can be fabricated. 

In this chapter, we demonstrate wafer-scale WZ GaP nanowire growth 
in a metal organic vapor phase epitaxy (MOVPE) reactor using the 
selective-area vapor-liquid-solid (SA-VLS) approach [17,18]. Based on TEM 
characterization of 10 nanowires from each sample, we show precise 
control of the defect density between 0.3 μm-1 and 40 μm-1. In addition to 
TEM, with XRD and elaborate simulation routines, we demonstrate a 
viable method to evaluate the defect density in the nanowire ensembles 
which consist of tens of thousands of NWs. Last but not least, to 
demonstrate how the BSFs influence the electronic properties, we 
perform non-contact photoconductivity carrier lifetime measurements 
which are highly sensitive to electrically active defects. 

4.2. Experimental methods 

We fabricate WZ GaP in the form of nanowires with the selective-area 
vapor-liquid-solid (SA-VLS) method. First, we use nanoimprint lithography 
for making a regular pattern of nano-holes in a 50 nm thick SiNx coated    
2-inch GaP (111)B wafer. The hole size is 250 nm and the center-to-center 
distance between the holes (pitch size) is 2.5 µm. Then 16 nm of gold (Au) 
is deposited with electron-beam evaporation which is followed by a 
standard lift-off technique, leaving an ordered array of Au disks. Second, 
we grow uniform wurtzite GaP nanowires with a diameter of 130 to 150 
nm and a length of 5 to 13 μm at 600 ⁰C. Phosphine (PH3) and Tri-methyl 
gallium (TMGa) are used as precursors with a V/III flux ratio ranging from 
10.7 to 60.1. HCl is used to as an etching agent to prevent nanowire 
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tapering. The GaP nanowire array covers the entire 2-inch wafer 
uniformly.  

The crystal phase is confirmed with high-resolution (HR) TEM and 
stacking faults are characterized with bright-field transmission electron 
microscopy (BF TEM), using a probe corrected JEOL ARM TEM, operated 
at 200 kV. The number of defects is counted one-by-one and the defect 
density is averaged between 10 different nanowires for each sample. 

X-ray diffraction (XRD) characterization is carried out at the Deutsches 
Elektronen Synchrotron (DESY) in Hamburg, at the high-resolution-
diffraction beamline P08 at PETRA III. The photon energy is set to 18 keV 
with a corresponding wavelength of 0.6888 Å. The x-ray beam spot-size 
on the sample is a few hundred µm, which is sufficient to illuminate a few 
thousands of wurtzite GaP wires at once.  

We use time-resolved THz spectroscopy, commonly known as      
optical-pump THz-probe (OPTP) spectroscopy for extracting the radiative 
and non-radiative lifetimes in the WZ GaP nanowires. For the 
measurements, the nanowires are transferred onto parylene polymer 
coated quartz, which is transparent to THz radiation [19]. The excitation 
laser has a central wavelength of 400 nm (1.55 eV) and generates a 35 fs 
optical pulses with a repetition rate of 5 KHz. To excite the samples, the 
fluence of the excitation laser pulses is varied between 8 and 63 μJ cm-2. 
The change of THz transmission at different times after the excitation 
pulse is measured under vacuum at room temperature. More information 
can be found in literature [20].  

4.3. Results and discussion 

4.3.1 Wafer scale wurtzite GaP 

WZ GaP nanowires have been grown on small wafer pieces (about 5×5 
mm2) with high quality. However, due to irregularities in the processing 
steps, such as particle incorporation, organic residues and poor execution 
of the nanoimprint lithography, crystalline quality control over a full wafer 
remains a challenge. The largest commercially available GaP wafers come 
in 2-inch size, which requires stable lithography techniques, processing 
techniques and good control of reaction homogeneity in a MOVPE 
reactor. In Figure 4.1, we present SA-VLS grown WZ GaP on a full 2-inch 
wafer. By visual observation, we are able to confirm the great 
homogeneity of the nanowire array utilizing the iridescent effect       
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(Figure 4.1.a). The edge of the wafers where the ring-shaped wafer holder 
is positioned   stays   empty   after   WZ   GaP growth because no Au was 
there. After growth, the GaP wafers with WZ GaP nanowires are cleaved 
into smaller pieces for subsequent experiments such as characterization 
or epitaxial shell growth.  
 

 

Figure 4.1. VLS grown wurtzite GaP nanowires. (a) A 2-inch GaP (111)B wafer 
fully covered with VLS grown WZ GaP nanowires. The iridescent wafer surface 
is due to interference between the nanowire array and visible light. (b) 
Representative SEM image (with 30° tilt) of an abitrary position on the GaP 
wafer in (a). The inset is a top view SEM image of a WZ GaP nanowire with 
the gold catalyst on top (yellow). (c) A BF-TEM image of a WZ GaP nanowire 
assemble. The green arrow indicates a single basal stacking fault (BSF). (d) 
HR-TEM image of a WZ GaP nanowire segment showing the atomic flat side 
facet and the characteristic ABAB stacking of the wurzite material from the 
[11-20] zone axis.  
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The initial characterization of the WZ GaP nanowires includes scanning 
electron microscope (SEM) and transmission electron microscope (TEM) 
imaging. Figure 4.1.b shows a representative 30˚ tilted SEM image of a 
nanowire array grown with a V/III ratio of 21.5 at 600 °C. This image taken 
from an arbitrary central position of the wafer shows good homogeneity 
in length and diameter of the nanowire array. The inset in 4.1.b shows a 
representative top view SEM image of a single WZ GaP nanowire which 
has a hexagonal cross-section and a Au catalyst on top (false colored in 
yellow).  

For this study, we fabricate 6 samples which have V/III ratios of 10.7, 
21.5, 30.0, 40.8, 49.3 and 60.1 at 600 ⁰ C. To quantify the defect density, 
we transfer the nanowires grown with different V/III ratios onto different 
holey carbon TEM grids and performed TEM imaging. When imaging a 
nanowire along the hexagonal <11-20> zone axis in BFTEM mode, BSFs 
show up as lines with deviating contrast. Figure 4.1.c shows a BF TEM 
image of a group of nanowires, among which one of them is aligned to the 
<11-20> zone axis and displays one dark line, i.e. one basal stacking fault, 
as indicated by the green arrow. The dark semicircles on top of the 
nanowires are the Au catalysts. From extensive studies using BF TEM, we 
confirm that individual BSFs are the only category of stacking fault in our 
WZ GaP nanowires. From the HR TEM image (Figure 4.1.d), we confirm 
the atomically flat side facets of the nanowires and the characteristic 
ABAB stacking of the wurtzite material. Despite the wide range of 
investigated V/III ratio, the crystal phase remains wurtzite for all samples. 

In Figure 4.2.a-c, we show representative BF TEM images from 3 
samples of the V/III ratio series. The sample with a V/III ratio of 10.7 is the 
most defective one indicated by many dark lines (Figure 4.2.a), and the 
sample with a V/III ratio of 30.0 is almost defect-free (Figure 4.2.b). The 
sample with a V/III ratio of 60.1 and other samples have intermediate BSFs 
densities (Figure 4.2.c). To quantify the defectivity, we count the number 
of BSFs in 10 nanowires per sample and calculate the defect density in 
numbers of BSFs per μm nanowire length. The result is shown in           
Figure 4.2.b where the BSF density is plotted as a function of the V/III ratio. 
The minimum defect density of 0.3 μm-1 is obtained for a V/III ratio of 30. 
Below a V/III ratio of 30, the defect density decreases rapidly with 
increasing V/III ratio; above a V/III ratio of 30, the defect density increases 
slightly with increasing V/III ratio. Meanwhile, all the GaP nanowire 
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samples maintain a wurtzite crystal structure and the droplet contact 
angle and nanowire growth rate remain similar (Figure 4.3). 

 

Figure 4.2. Precise control of the BSF density. (a), (b) and (c) Representative 
bright-field TEM images from WZ GaP nanowires grown with a V/III flux ratio 
of 10.7, 30.0 and 60.1. The dark lines orthogonal to the nanowire length 
direction are BSFs. (d) Density of BSF per μm verses different V/III ratio. The 
lowest defect density obtain is 0.3 μm-1 at a V/III ratio of 30.0. All the samples 
were grown at 600 °C (substrate temperature). The solid lines is only guide of 
the eyes. The inset shows the same graph in logarithmic scale. 

 



Chapter 4 Carrier lifetime as a function of BSF density in hexagonal GaP 

65 
 

The drastic increase in defect density for V/III ratio below 30.0 indicates 
that we are approaching the low V/III ratio limit of the WZ range. It was 
shown by Husanu et al. that with exceptionally low V/III ratio (between 
1.4 and 4.3) during WZ GaP nanowire growth,  the density of stacking 
faults increases with decreasing PH3 partial pressure in the temperature 
range of 600-640 °C [21]. They believe that the decrease of V/III ratio 
moves the balance towards the formation of cubic zinc blende phase, 
resulting in an increase in BSF density. We believe that a similar scenario 
is occurring in our experiments at low V/III ratios (<30). 

 

Figure 4.3. (a) Post-growth TEM images of droplet contact angle at different 
V/III ratios. (b) WZ GaP nanowire growth rate as a function of V/III ratio. 
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In our research, due to the presence of the SiNx mask which has a much 
lower affinity to the group-III precursor than a bare GaP substrate [22,23], 
the amount of TMGa precursor available is abundant at all investigated 
V/III ratios. Given the fact that the Ga supply is constant and P has a very 
low solubility in the Au-Ga droplet, the contact angle of the Au-Ga droplet 
only decreases slightly with increasing P supply. Thus, above a V/III ratio 
of 30, increasing the amount of PH3 only slightly increases the defect 
density (Figure 4.2.d). It seems that, in our experiments, the low V/III ratio 
samples are very close to the upper limit of supersaturation for WZ GaP 
growth while the high V/III ratio samples are far away from the lower limit 
of supersaturation for WZ GaP growth.  

4.3.2 X-ray diffraction peak broadening 

In addition to TEM measurements on individual nanowires, XRD 
measurements and corresponding simulations can be used to obtain the 
BSF types and BSF density from nanowire ensembles on a macroscopic 
level. This approach allows us to quantify the BSF density down to a 
density of a few BSF per 10 µm, and it is able to characterize nanowires 
with large diameters directly without preparation. The XRD results reflect 
the crystalline quality of thousands of nanowires and they can be related 
directly to the spectroscopy measurements.  

XRD is commonly used for determining the lattice parameters, layer 
thicknesses, compositions, long and short-range orderings and strain in 
various materials. For a crystalline material the exact position of the 
diffraction peaks are determined by the lattice parameter and the crystal 
structure of the material. The XRD peak broadening, i.e. reciprocal lattice 
point broadening, is mainly a result of the instrumental resolution and/or 
the crystalline imperfections of the investigated sample. The resolution of 
the instrument is defined by the pixel size of the detector, the angular 
resolution of the diffractometer axes, the wavelength spread and 
divergence of the primary beam. Whereas the crystal imperfections are 
attributed to unwanted compositional gradients, differently tilted 
domains, dislocations, stacking faults, crystal-size effects, epitaxial strain 
or micro-strain caused by dislocations. Given the fact that the BSF density 
(and type) is the only variable in our WZ GaP samples, reciprocal lattice 
point broadening can be used to extract information regarding stacking 
faults.  



Chapter 4 Carrier lifetime as a function of BSF density in hexagonal GaP 

67 
 

Previously, defect characterization by coherent diffraction imaging on 
Bragg reflections was only performed on single nanowires or microcrystals 
[24–27], which have a few or many stacking faults. In single nanowires, 
when the stacking fault density is low, the exact location of single stacking 
faults can be extracted [27]; when the stacking fault density is high, the 
mean defect density can be determined [26].  Yet macroscopic 
characterization of crystalline defects in nanowire ensembles has never 
been reported. With highly defective nanowires in an ensemble, peak 
broadening and peak shifts due to stacking faults are easily detectable. On 
the contrary, there is very subtle change in the peak width, height and 
position from nanowire ensembles with a few stacking faults, and this 
makes the characterization of our current series of samples rather 
challenging. Furthermore, to obtain the exact stacking fault densities, 
simulations of the expected diffraction patterns are required. 

By using synchrotron radiation, a highly brilliant (and hence coherent) 
source of x-rays, the instrumental resolution is sufficient to resolve the 
peak broadening in the WZ GaP nanowire assembles which has low BSF 
density. The peak broadening along Qz (Q[0001]) of the reciprocal lattice 
points, located on certain asymmetric crystal truncation rods, is mainly 
caused by the amount and type of BSFs that are present in the nanowire 
ensemble. The crystalline directions, sensitive to peak broadening caused 
by BSFs, are for instance [2 0 -2 L]  and [1 0 -1 L] whereas the peaks laying 
along the [ 3 0 -3 L] direction are insensitive to the SF densities [28]. In this 
chapter, we perform high resolution (HR) XRD experiments on WZ GaP 
nanowire samples which have a V/III ratio of 21.5, 30.0, 40.8, 49.3 and 
60.1. In detail, we investigate the asymmetric crystal truncation rods          
[2 0 -2 L], where L ranges from 9-12. The line cuts along the crystal 
truncation rods have been considered, and one of the obtained line cuts 
is explicitly shown in Figure 4.4.a. The two broad diffraction peaks are 
from the single crystalline ZB GaP substrate and the four narrow peaks are 
from the WZ GaP nanowires. For comparing the peak broadening, we 
choose the hexagonal [2 0 -2 10] diffraction peak (red dashed box), which 
has comparatively high intensity and is far from any of the cubic diffraction 
peaks. Figure 4.4.b shows the [2 0 -2 10] diffraction peaks for the five 
samples which have different V/III ratios. The indicated BSF densities are 
taken from the TEM studies shown in previous section. We see that the 
sample with a defect density of 0.3 µm-1 has the narrowest peak and the  
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Figure 4.4. XRD peak broadening. (a) A representative line cut through the 
crystal truncation rod [2 0 -2 L], where L ranges from 9-12. This measurement 
is from the sample with a V/III ratio of 30 and a BSF density of 0.3 µm-1. (b) 
The [2 0 -2 10] diffractions from the five samples which have different BSF 
density. The peak width increases with increasing BSF density. (c) FWHM of 
the diffractions peaks in (b), as a function of BSF density obtained from TEM. 
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sample with highest defect density of 3.5 µm-1 has the broadest peak. As 
expected from a theoretical point of view, the peak width is increasing 
with increasing defect density. This indicates that the macroscopic XRD 
characterization and the microscopic TEM characterization are consistent 
with each other in terms of crystalline quality. To quantify the peak 
broadening, we extracted the full width half maximum (FWHM) of the 
peaks in Figure 4.4.b and present it as a function of SF density. As shown 
in Figure 4.4.c, the FWHM increases with density of SFs in general. The 
plot may not be perfectly linear, and this is due to the fact that both the 
SF type and density are contributing to the broadening, and that the entire 
peak shape (including the broad bottom part) is important, yet not 
reflected by the FWHM. 

The BSFs contributing to the peak broadening are mainly intrinsic 
stacking faults which could reduce the vertical coherence length of the 
scattered beam locally [29]. In the Q[0001] direction, the coherence length 
of the scattered x-rays are mainly limited by the average distance between 
the individual BSFs. The significant reduction in the size of the coherently 
diffracting domains, by the BSFs, leads to the crystal size effect [30]. The 
higher the SF density, the smaller the defect-free domains are. Translating 
this to the reciprocal space, more BSFs in the nanowires leads to more 
pronounced peak broadening.  

By simulating the expected diffraction pattern along the measured 
crystal truncation rod [27], we would like to extract the exact density and 
type of the BSFs present in the nanowire ensemble. This would allow us 
to do a quantitative comparison with TEM characterization but with much 
better statistics since thousands of nanowires contribute simultaneously 
to the measured diffraction pattern. This part of research is still ongoing. 

4.3.3 Photoconductivity lifetime  

It is well known that planar crystal defects, such as BSFs, can affect 
electron transport by acting as traps, as scattering sources of charge 
carriers or as recombination centers [31]. It is reported that BSF in 
wurtzite GaN can reduce carrier mobility and material conductivity 
[11,14], or even introduce luminescence [12,13]. To investigate how the 
BSF affects the electronic properties of the WZ GaP nanowires, we 
perform photoconductivity lifetime measurements with THz spectroscopy  
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Figure 4.5. Photoconductivity THz spectroscopy performed on GaP nanowires 
flat-lying on a z-cut quartz disc coated with parylene at room temperature. 
(a)  Photoconductivity lifetime as a function of BSF density. A few BSF can 
reduce the carrier lifetime by 50% from around 0.4 ns to 0.2 ns.  (b) 
Photoconductivity lifetime as a function of pump fluence of the excitation 
laser. The carrier lifetime increases with increasing fluence for all samples 
investigated. Unfortunately, due to sample degradation, the exact value of 
carrier lifetime is not comparable to which in (a).   
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at room temperature. The radiative and non-radiative lifetimes are 
extracted from photoconductive decay spectra by fitting them with a 
mono-exponential decay equation as demonstrated in literature [32,33]. 

As shown in Figure 4.5.a, the photoconductivity lifetimes are plotted as 
a function of BSF density extracted from the TEM characterization. It is 
evident that the sample with lowest defect density (0.3 µm-1) has the 
highest carrier life (0.4 ns). In a stacking fault density range of 0.3-3.5     
µm-1, the lifetime decreases drastically to 0.2 ns with increasing defect 
density. Namely, the carrier lifetime is decreased by 50% when the 
stacking fault density is increased from 0.3 µm-1 to 3.5 µm-1. Increasing the 
defect density from 3.5 µm-1 to 42.4 µm-1, the change in lifetime seems to 
saturate and reach a lower limit. In this regime, we see that increasing the 
defect density by an order of magnitude only decrease the lifetime by a 
factor of 0.1. To further investigate the mechanism of the charge carrier 
lifetime, we measured photoconductivity lifetimes as a function of the 
excitation laser fluence as shown in Figure 4.5.b. For all investigated 
samples, the photoconductivity lifetimes increase with increasing fluence. 
Unfortunately, the lifetimes obtained through the fluence-dependent 
measurements are not comparable to the ones in Figure 4.5.a due to 
sample degradation. Yet, the increasing tendency is unambiguous.  

Since the diameter of the WZ GaP nanowires is kept constant for all the 
samples measured, we can exclude a contribution from surface states to 
the general trend in lifetimes. It should also be highlighted that there is no 
intentional doping introduced, and the unintentional doping 
concentration is unchanged by using the same preconditioning routine 
before each growth run. Therefore, the change in lifetime is solely related 
to the change of stacking fault density. When we excite the WZ GaP 
nanowires, with different defect densities, with the same fluence (35         
μJ cm-2), generating the same amount of charge carriers, the sample with 
the lowest defect density shows the longest lifetime (Figure 4.5.a). We 
believe that the charge recombination is trap-assisted (i.e. BSF assisted), 
resulting in a mono-exponential decay and a short lifetime [33]. Likewise, 
with increasing fluence, larger numbers of photoconductivity carriers are 
generated while the number of traps (i.e. BSFs) remains constant. Due to 
the increasing number of saturated traps, the carrier lifetimes increase. 
However, when the BSF density is very high ( > 3.5 µm-1), the 
photoconductivity lifetime at low excitation density may be limited by the 
recombination velocity between the charge carriers and the traps rather 
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than the BSF density. This indicates that beyond a critical BSF density, 
carrier lifetime will appear to be BSF density independent. 

Although due to the high noise level in the photoconductivity 
measurements, we could not extract the carrier mobility in the WZ GaP 
nanowires, we do expect that it is lower than the carrier mobility of bulk 
GaP due to surface scattering [34]. Furthermore, as a result of trap-
assisted recombination and carrier trapping at the BSFs, carrier mobility 
will be further reduced by increasing BSF density [14]. 

4.4. Conclusions 

In conclusion, we have demonstrated SA-VLS growth of pure WZ GaP 
nanowires with a tunable BSFs density of 0.3-3.5 μm-1. The density of BSFs 
is obtained from TEM images on a microscopic level and can be 
characterized with high-resolution XRD qualitatively on a macroscopic 
level. The TEM and XRD results give consistent results. Most importantly, 
we show that even a few BSFs in WZ GaP already reduce the carrier 
lifetime drastically, more specifically, the carrier lifetime is decreased by 
50% when the stacking fault density is increased from 0.3 µm-1 to 3.5      
µm-1. Our research gives insight about the fact that even a few basal 
stacking faults can largely modify the electronic property and it provides 
a viable routine for characterizing the stacking fault formation in 
hexagonal materials such as hexagonal SiGe. 

4.5. Outlook 

Instead of looking at the broadening of individual reciprocal lattice 
points, one could also use more elaborate simulation routines [24] to 
simulate the expected diffraction pattern of a whole crystal truncation rod 
(several asymmetric reflections along Q[0001]). For these simulations, we 
assume a perfect crystal at first and then add individual stacking faults 
statistically with well specified type(s) and an average BSF density. 

 The advantage of using more than one reflection is that, besides peak 
width, other parameters such as the relative peak intensities and the 
individual peak position, can also be used to obtain information about the 
stacking fault type and density. The simulation routine allows us to 
determine the contribution of each individual BSF (type I1, I2, I3 or E) to the 
average BSF density. However, to get accurate and reliable results from 
the simulations, one must precisely quantify the crucial experimental 
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parameters. This set of parameters include, the coherence length of the 
beam, the Debye-Waller factor for the material at a certain temperature, 
the complex refractive indices, the atomic scattering factors, the bulk 
wurtzite lattice parameters, the relative volume of the X-rays illuminated 
wires (volume to air ratio), the effect of micro-strain in the presence of 
individual stacking fault and the internal parameter u of the WZ GaP lattice 
[35].  

We have performed preliminary simulations in comparison with the 
measurements for the sample with a BSF density of 0.3 µm-1. The results 
give evidence that the BSF types present in the WZ GaP nanowires are 
mainly I1 and I3, which also have the lowest and second lowest formation 
energies [15]. Further simulations on this sample series are in progress, 
and it will allow us to compare the microscopic BSF density (measured 
from TEM) with the macroscopic BSF density (extracted from XRD and 
corresponding simulations). More excitingly, in combination with further 
high resolution TEM characterization, we will be able to correlate the 
growth parameters (V/III ratio) to the preferred BSF types. This approach 
offers a general method for characterizing BSF quantitatively on a 
macroscopic scale. 
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Abstract 

We demonstrate the merits of an unexplored precursor, tetrasilane 
(Si4H10), as compared to disilane (Si2H6) for the growth of defect-free, 
epitaxial hexagonal silicon (Si). We investigate the growth kinetics of 
hexagonal Si shells epitaxially around defect-free wurtzite gallium 
phosphide (GaP) nanowires. Two temperature regimes are identified, 
representing two different surface reaction mechanisms for both types of 
precursors. Growth in the low temperature regime (415 ⁰C - 600 ⁰C) is rate 
limited by interaction between the Si surface and the adsorbates, and in 
the high temperature regime (600 ⁰C - 735 ⁰C) by chemisorption. The 
activation energy of the Si shell growth is 2.4 ± 0.2 eV for Si2H6 and              
1.5 ± 0.1 eV for Si4H10 in the low temperature regime. We observe inverse 
tapering of the Si shells and explain this phenomenon by a basic diffusion 
model where the substrate acts as a particle sink. Most importantly, we 
show that, by using Si4H10 as a precursor instead of Si2H6, non-tapered Si 
shells can be grown with at least 50 times higher growth rate below 460 
⁰C. The lower growth temperature may help to reduce the incorporation 
of impurities resulting from the growth of GaP. 

 

Keywords: hexagonal silicon, silicon epitaxy, higher order silanes, 
activation energy, core/shell nanowires 
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5.1. Introduction 

While electronic devices are mainly based on group IV semiconductors, 
optical devices are mostly based on group III-V semiconductors. 
Integrating both electronic and optical functionality into a Si-compatible 
platform would enable cost- and power-efficient communication [1]. 
However, due to the indirect band gap nature of cubic Si and Ge, efficient 
light emission from group IV semiconductors is rather chanllenging and 
has not been demonstrated [2,3]. Excitingly, theoretical calculations 
present the possibility of a tunable direct band gap for the  Silicon 
Germanium (Si1-xGex) alloys in the hexagonal crystal phase [2–6]. First 
attempts to fabricate hexagonal silicon (Si) and Germanium Ge have been 
reported by different research groups in the past decades [7,8,17,9–16]. 
We recently developed an approach to fabricate hexagonal Si and Si1-xGex 
by utilizing a crystal transfer method [18]. This method allows the 
synthesis of single crystalline hexagonal Si and Si1-xGex on a wurtzite 
gallium phosphide (GaP) nanowire core with a GaP/Si/ Si1-xGex core multi-
shell structure [19,20]. However, the optimum growth temperatures for 
Si and Ge are very different for given precursors (disilane and germane), 
complicating the growth of Si1-xGex compounds. In addition, at high 
growth temperatures phosphorous (P) and gallium (Ga) atoms may 
evaporate from the reactor walls or the epitaxial GaP substrate, and may 
be incorporated in the Si and Si1-xGex shells as impurities [21]. Therefore, 
it is beneficial to grow hexagonal Si at lower temperatures.  

In order to lower the growth temperature of the hexagonal Si shell, we 
examine tetrasilane (Si4H10) instead of disilane (Si2H6) as the Si precursor. 
Si4H10  has been used for the growth of cubic and amorphous Si (α-Si) 
before [22–24], facilitating growth at lower temperatures. And yet, it has 
never been used for hexagonal Si growth. Here, we study the epitaxial 
growth of hexagonal Si from both Si4H10 and Si2H6 in a wide temperature 
range of 415 ⁰C - 735 ⁰C. We distinguish two growth regimes, interpret 
the underlying growth mechanisms and extract relevant energy scales and 
diffusion lengths. 

5.2. Experimental methods 

To fabricate hexagonal Si shells, the crystal transfer method[18] is 
employed using wurtzite GaP nanowires with a defect density below            
1 μm-1. First, we use nanoimprint to make a regular pattern of nano-holes 
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in a SiNx coated 2-inch GaP  (111) B wafer. The pitch size is 2.5 µm and the 
hole size is 250 nm. Then 16 nm of Au is deposited with electron-beam 
evaporation which is followed by a standard lift-off technique. Second, we 
grow uniform wurtzite GaP nanowires with a diameter of 150 nm and a 
length of 11 μm at 600 ⁰C by the vapor-liquid-solid (VLS) mechanism [25]. 
Phosphine (PH3) and Tri-methyl gallium (TMGa) are used as precursors 
with a V/III ratio of 21.5. The GaP nanowire array covers the entire wafer. 
Third, we etch away the Au catalyst used for GaP nanowire growth using 
a diluted KI/I2 solution to avoid incorporation of Au into the Si shell. 
Fourth, we remove the surface oxide layer on the GaP core formed due to 
exposure to ambient conditions during the wet-chemical-etching with 
diluted phosphoric acid. Fifth, we grow an epitaxial GaP shell at 570 ⁰C 
with a V/III ratio of 163. Subsequently, the Si shell is grown with the two 
precursors, Si4H10 and Si2H6, separately in the temperature range of         
415 ⁰C - 735 ⁰C.  

The wurtzite GaP nanowire cores and the hexagonal Si shells  are grown 
in a Aixtron close coupled showerhead MOVPE reactor at 50 mbar. H2 gas 
is used as a carrier gas for the precursors and the total flow into the 
reactor was 8.2 L/min. Both Si precursors have the same partial pressures 
of 5.2 × 10-3 mbar in all experiments. Substrate temperatures, i.e., growth 
temperatures are measured with an ARGUS pyrometer. 

The morphology of the samples is characterized with scanning electron 
microscopy (SEM) using a Zeiss Sigma SEM. The crystal quality and Si shell 
thickness are characterized with high resolution scanning transmission 
electron microscopy (HR-STEM), using a probe corrected JEOL ARM TEM, 
operated at 200 kV. For most Si shells, the thickness is measured from 
high-angle annular dark-field scanning transmission electron microscopy 
(HAADF STEM) images, and for some thick shells, the thicknesses are 
measured from SEM images. 

5.3. Results and discussion 

5.3.1 Morphology 

A representative scanning electron microscopy SEM image of a GaP/Si 
core/shell nanowire ensemble grown at 735 ⁰C is shown in Figure 5.1 (a). 
The nanowires have smooth side walls and a rough top segment. Some 
nanowires are lying flat on the substrate due to capillary forces during the 
wet etching process. A high-resolution transmission electron microscopy 



Chapter 5 Hexagonal silicon grown from higher order silanes 

81 
 

 

 

Figure 5.1. Morphology of GaP/Si core/shell nanowires. (a) 30-degree-tilted 
SEM image of a representative nanowire ensemble. (b)  Bright field TEM image 
of the epitaxial interface between the GaP nanowire core and the Si shell. (c) 
Aberration-corrected HAADF STEM image of the atomic sharp GaP/Si interface. 
Images in (b) and (c) are taken along the [11-20] zone axis. All Si shells are 
grown at 735 ⁰C from Si4H10 in this figure. 

 

Figure 5.2. Aberration-corrected HAADF STEM images of hexagonal Si shells 
grown from Si4H10 and Si2H6 at different temperatures. (a) At 415 ⁰C with 
Si4H10 (b). At 495 ⁰C with Si2H6. (c) At 655 ⁰C with Si2H6. All the images are 
taken along the [11-20] zone axis. 
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(HR-TEM) image (Figure 5.1  (b)) shows a 23 nm thick Si shell, which is 
grown epitaxially on the wurtzite GaP template. The interface between 
GaP and Si is epitaxial and atomically sharp as evident from the abrupt 
contrast. From the ABAB stacking sequence in the <0001> direction 
(Figure 5.1 (c) and Figure 5.2), we can conclude that the shell has the 
hexagonal crystal structure at all investigated growth temperatures.  

5.3.2 Growth mechanism 

In order to study the growth kinetics, a series of samples are grown for 
different growth times at three different temperatures (Figure 5.3.a). In 
general, it is observed that the growth rate increases with temperature, 
and that the Si shell thickness increases linearly with time at all 
nvestigated temperatures. This means that the growth rate is determined 
by incoming flux per unit nanowire surface area. In addition, although the 
effective epitaxial substrate surface area increases with time due to radial 
growth, the consumption due to the growth process does not lower the 
effective partial pressure of precursors in the vicinity of the wires 
considerably. Furthermore we can rule out significant material supply 
from the precursor and the gas phase reaction products that arrive and 
diffuse on the substrate, since this would result in a linear volume increase 
due to mass transport limited growth. This is a first indication that the 
substrate acts as a particle sink, which is also manifested by parasitic 
growth on the substrate (Figure 5.4).  

To investigate the rate-limiting mechanism in more detail, we study the 
growth rate using Si4H10 and Si2H6 in a temperature range between 415 ⁰C 
and 735 ⁰C. An Arrhenius plot of the growth rate is shown in Figure 5.3.b. 
Whereas the growth rate is comparable for Si2H6 and Si4H10 at the highest 
temperature, the Si4H10-driven growth rate falls off slower with decreasing 
temperature than the Si2H6-driven one, and it is a factor 50 higher at       
460 ⁰C. This trend enables for silicon shell growth at much lower 
temperatures than before [19]. For both precursors, two growth regimes 
are present with a steep slope at low temperatures and a small slope at 
high temperatures. An activation energy of 1.5 ± 0.1 eV (0.09 ± 0.08 eV) 
in the low (high) temperature regime is found for Si4H10, and 2.4 ± 0.2 eV 
(0.49 ± 0.04 eV) in the low (high) temperature regime is found for Si2H6 
(Table 5.1). Such a  change  of  slope is  also seen for amorphous  Si (α-Si) 
grown with Si4H10  [24],  for cubic Si grown with SiH4 [26–28]  and cubic Si 
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Figure 5.3. Growth mechanism of the hexagonal Si shell. (a) Si shell thickness 
as a function of growth time at different growth temperatures (grown from 
Si4H10). For the three temperatures investigated, the Si shell thickness 
increases linearly with increasing growth time. The solid lines are linear fit of 
the data points. (b) Arrhenius plots of epitaxial Si shell growth rate using Si4H10 
and Si2H6. For both precursors, the growth rate increases exponentially with 
growth temperature. The activation energy is higher in the low temperature 
regime than in the high temperature regime. Solid straight lines are linear fits 
to the data sets. 
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grown with Si2H6 [29]. The abrupt decrease in activation energy from low 
to high temperature regime, in particular the drop to almost zero in the 
case of Si4H10,  indicates a change of the growth mechanism.  

It is generally accepted that the growth rate of homoepitaxial crystalline 
Si from SiH4 in the low temperature regime is limited by molecular 
hydrogen desorption from the Si(100) surface (Table 5.1) [26–31]. 
However, the activation energy reported for hydrogen desorption is 
around 2 eV [27,30,31]. This value is different from our observed 
activation energy for silicon growth or the activation energy reported in 
literature for silicon growth when higher order silanes are used. 
Therefore, for higher order silanes, hydrogen desorption is not the only 
rate limiting factor in the low temperature regime. We notice also that the 
activation energy of α-Si growth is comparable to that of crystalline Si for 
a given temperature range (Table 5.1, reference [22]). These results imply 
that the growth mechanism in the low temperature regime is 
independent of the exact atomic arrangement at the growing surface for 
higher order silanes. It seems plausible that the growth of Si films from 
higher order silanes in the low temperature regime, regardless of crystal 
phase, is rate limited by interaction between the surface and adsorbates 
[30,32–34]. 

 

 Figure 5.4. Parasitic growth on the substrate. (a) 30-degree-tilted SEM image 
of the substrate after Si shell growth at 735 ⁰C. Note the surface roughness 
resulting from parasitic film growth on the SiNx mask. (b) 30-degree-tilted 
SEM image of a cleave-edge after Si shell growth at 695 ⁰C. The false colored 
(in yellow) layer is the parasitic Si film. 
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Table 5.1. Activation energy of silicon film growth 

Precursor 
 

Eact (eV) 
 

Temperature 
(⁰C) 

 
References 

 

Crystal 
phase 
 

SiH4 1.29-
1.99 

460 - 600 
Various references 
[26–31] 

Cubic 

 

 

 

 

Si2H6 

 

 

 

 

 

2.4 415 - 600 This study, 2019 Hexagonal 

0.49 600 - 735 This study, 2019 Hexagonal 

2.25 520 - 590 
Eres and Sharp, 
1993 [32] 

Cubic 

2.12 427 - 567 
Greenlief and 
Armstrong, 1995 
[27] 

Cubic 

1.12 440 - 570 
Suemitsu et al, 
1997 [29] 

Cubic 

1.8 400 -700 
Price et al, 1999 
[33] 

Cubic 

2.38 425 - 500 
Kanoh et al, 1993 
[22] 

α-Si 

 

 

Si4H10 

 

 

1.5 415 - 600 This study, 2019 Hexagonal 

0.09 600 - 735 This study, 2019 Hexagonal 

1.4/1.34 400 - 500 
Hart et al, 2016 
[23]/ Hazbun et al, 
2016 [24] 

Cubic 

1.38 350 - 500 
Kanoh et al, 1993 
[22] 

α-Si 
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The activation energy for Si2H6, in this study is among the highest values 
reported in literature (Table 5.1). A possible explanation for this difference 
might be found in the temperature window used in the other studies for 
determining the activation energy.  If the upper limit of the temperature 
window of study is positioned close to the transition towards the high 
temperature growth regime (as evident from Table 5.1), data points 
corresponding to the high temperature process might be included in the 
fit of the low temperature trend. This results in a lower activation energy 
for the low temperature regime. A direct comparison of the data is 
complicated by the fact that the transition temperature between the two 
growth regimes is dependent on the precursor partial pressure [29,32,33]. 
There is little literature on crystalline Si growth from Si4H10. The sole 
reported value of 1.4/1.34 eV for cubic Si film growth on a Si(100) surface 
using  Si4H10 [23,24] is close to the activation energy obtained in the 
present study in the low temperature regime. We believe that the 
difference in Si shell growth activation energy between Si4H10 and Si2H6 
can be explained by higher reactivity of Si4H10 and/or or by more efficient 
promotion of hydrogen desorption when Si4H10 is used as a precursor [34]. 

In the high temperature regime, hydrogen desorption is not rate 
limiting since the surface is almost free of hydrogen [28]. In this regime, 
adsorption of adsorbates requires very low energy due to the abundance 
of dangling bonds [30,35,36]. Thus, chemisorption is rate limiting in the 
high temperature regime [32].Similar to the low temperature regime, the 
difference in activation energy for Si4H10 and Si2H6 (0.09 eV and 0.49 eV) 
can be a result of different sticking probabilities.  

5.3.3 Inverse tapering 

So far, we have demonstrated control over the growth rate of defect-
free hexagonal silicon. A well-defined Si shell thickness is essential for 
future design of SiGe alloys with constant composition (i.e. a well-defined 
band gap) or advanced devices with radial doping profiles. To assess this 
criterion, we study the shell growth rate with Si4H10 at different positions 
along the nanowire length for different growth temperatures. As evident 
from the two HAADF STEM images in Figure 5.5.a, for Si shell growth of 30 
min at 735 ⁰C, the Si shell is 130 nm at the top and only 84 nm at the 
bottom. This inversed tapering is most pronounced for the high growth 
temperatures.  Figure 5.5.b  shows the Si shell  thickness along the length  
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Figure 5.5. Tapering of the Si shell grown from Si4H10. (a) HAADF STEM images 
of the top and bottom part of a core/shell nanowire in which the shell is grown 
at 735 ⁰C. The Si shell thickness is not the same along the nanowire. (b) Si shell 
thickness along the nanowire length. Tapering reduces with decreasing growth 
temperature. Continuous lines depict thickness profiles from Monte Carlo 
simulation where the diffusion length was used as free fitting parameter. (c) 
Arrhenius plot of fitted diffusion lengths. Activation energy is extracted for the 
low temperature regime. 
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of a series of nanowires (square dots) for different temperatures. For 
Si2H6, the same tapering phenomenon is observed (see supplymentary 
information of reference [37]).  

We explain the inverse tapering by a finite diffusion length of 
adsorbates and the fact that the substrate acts as a sink for these 
adsorbates (involving parasitic growth on the substrate). We find that 
inverse tapering is a temperature effect. At high temperatures, the 
adsorbates easily decompose since the surface has a high density of 
dangling bonds. These factors result in a rapid incorporation of Si atoms 
and thus a short diffusion length [38]. Since parasitic growth on the 
substrate getters a fraction of adsorbates near the nanowire bottom, the 
effective precursor flux is higher on the top part of the nanowires. At low 
temperatures, the dangling bonds on the surface are passivated with 
surface hydrogen, and therefore the diffusion length becomes much 
longer than the nanowire length. Consequently, the adsorbates loss due 
to diffusion onto the substrate becomes uniform along the entire 
nanowire.  

We have carried out a simple Monte Carlo simulation to model the 
observed growth rates and tapering slopes. A uniform incoming flux is 
assumed along the nanowire length. The adsorbates diffuse with a 
Poisson-distributed mean diffusion length before they are either 
incorporated into the wire or absorbed by the substrate. With the same 
flux, we fit the set of thickness profiles (Figure 5.5.b) to the temperature-
dependent diffusion lengths (continuous lines in Figure 5.5.b). From an 
Arrhenius plot of the fitted diffusion length, we extract the activation 
energy in the low temperature regime as shown in Figure 5.5.c. The value 
(1.2 ± 0.1 eV) is in good agreement with the activation energy of Si4H10-
driven growth in the low-temperature regime (1.5 eV). It should be 
mentioned that, due to lack of data in the low temperature regime, a 
similar fit is not possible for the thickness profiles of the Si2H6-driven 
growth process (Figure 5.2). 

5.4. Conclusions 

In conclusion, we have performed epitaxial growth of hexagonal silicon 
shells in a wide temperature range (415 – 735 ⁰C) using Si4H10 and Si2H6 as 
precursors. Whereas high tempereatures are necessary to grow Silicon 
from Si2H6, we were able to achieve practical growth rates at 
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temperatures down to 415 ⁰C with Si4H10. At low temperatures (below  
600 ⁰C), the surface hydrogen coverage is high and the growth is rate 
limited by the interaction between the surface and adsorbates. At high 
temperatures, the surface is populated with dangling bonds and the 
growth is rated limited by chemisorption. Although grown in a core/shell 
nanowire geometry, the growth mechanism of the vapor-solid Si shell is 
comparable to planar Si. The results give new insights to the surface 
reactions and surface diffusion during Si epitaxy using Si4H10 at low 
temperatures. The understanding of low-temperature Si shell growth is a 
crucial step towards the growth of hexagonal silicon-germanium, which 
has great potential for photonic and electrical applications.   
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Abstract 

In this chapter, we report a stable planar defect in hexagonal Si and 
hexagonal Ge. We use transmission electron microscopy (TEM) and 
atomistic modelling to reconstruct and visualize this double bilayer planar 
defect spatially. The atomistic model accurately describes the TEM images 
and also supplies an alternative explanation for the previously reported 
‘cracks’ in the hexagonal Si shells. We believe that this planar defect is a 
partial I3 basal stacking fault (BSF) terminated by two partial dislocation 
dipoles. Theoretical calculations show that this planar defect does not 
introduce mid-gap states in the band gap of hexagonal Ge. As part of the 
preliminary study on the formation mechanism(s) of this planar defect, we 
investigated the temperature dependence and shell volume dependence 
of this defect and discuss the possible formation mechanisms.  

 

Keywords: hexagonal Si, hexagonal Ge, I3 basal stacking fault, partial 
dislocation dipole, zero Burgers vector. 
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6.1. Introduction 

Over the past decades, silicon (Si) and germanium (Ge) have been the 
workhorses of the electronics based semiconductor industry and the most 
ubiquitous materials due to their unique properties. The continuous 
technological advancements in this field have enabled the miniaturization 
of electronic devices, and enhanced their complexity, speed and 
efficiency. However, this ongoing downsizing trend and the high-powered 
computing demand caused a bottleneck in the communication speed 
between the various parts of a single chip via the conventional electrical 
interconnects [1,2]. This led researchers to consider light, i.e. optical 
interconnects as a potential low loss, and ultrafast connector unlike their 
electrical counterparts [3]. Extensive research has been performed to 
investigate the various possibilities of getting light out of Si and Ge for the 
end goal of fabricating an integrated optoelectronic microchip [4–10]. Yet, 
the fundamental bottleneck is that cubic-Si and Ge are incapable of 
emitting light efficiently, due to their indirect bandgap nature, where 
radiative transitions are unlikely [11].  

Surprisingly, electronic structure calculations of group IV-
Semiconducting materials, especially Ge-rich (Si1-xGex) alloys, of the 
hexagonal crystal structure, have been theoretically predicted to exhibit a 
direct bandgap nature [11–15]. Hexagonal Ge (hex-Ge) and its alloys are a 
totally new class of materials with unexplored electrical and optical 
properties. These properties can open new frontiers towards uniting the 
electronic and optoelectronic functionalities on a single chip. However, 
the hexagonal crystal phase in group IV materials is a metastable phase 
that is not readily achieved via the conventional thin film growth 
techniques and can only be achieved under extreme conditions as 
demonstrated in the literature [16–19]. Here, a unique feature of bottom-
up grown nanowires can be utilized to realize new crystal phases 
inaccessible by conventional material synthesis techniques. Accordingly, 
the hexagonal phase of Si and Ge has been achieved via the “crystal 
structure transfer” technique reported by our group in references [20–22] 
where the hexagonal crystal structure in the Si and Ge shell is adopted 
from a hexagonal NW core material template. Indeed, we have 
demonstrated direct band gap emission for the first time from high quality 
single crystalline hexagonal Ge and its SiGe alloys [23].  
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To understand the nature of the optical and electronic properties of 
this material system, a high crystal structure quality is required, since 
defects may affect the electronic properties. Here, we report on a new 
type of planar defect and its termination in group IV semiconductors. This 
type of defect is intriguing for two following reasons. Firstly, there is no 
significant lattice strain present between the cores and shells of the 
nanowires to be released in the form of a defect. Secondly, the defects 
nucleate in the group IV shell only. We have observed this unconventional 
type of defect in three single crystalline hexagonal group IV material 
systems: Si, Ge and their alloys. We first address the atomic configuration 
of this defect in two material systems (hex-GaP/Si and hex-GaAs/Ge) with 
transmission electron microscopy (TEM) studies. We show that these 
partial, planar defects form in the group IV shell only (instead of in the III-
V core or at the core-shell interface) and have the same atomic stacking 
as the basal stacking fault (BSF) type I3. Then this planar defect is 
reconstructed in 3-D through TEM analysis and atomistic modelling, and 
we show that the edges of these so-called partial I3 stacking faults have 
zero net Burgers vector and are terminated by a dislocation dipole in the 
basal plane. After that, we describe how the occurrence of these partial 
type I3 BSFs is related to the substrate temperature and shell volume and 
we briefly discuss the possible formation mechanisms of the defect. Last 
but not least, we present Ab initio density function theory (DFT) 
calculations to illustrate the influence of this planar defect on the band 
structure of the direct band-gap hex-Ge.  

6.2. Experimental methods 

Experimental results in this chapter are based on two material systems. 
Hexagonal Si (hex-Si) is grown on WZ GaP nanowires (by Yizhen Ren) and 
hex-Ge is grown on WZ GaAs nanowires (by Elham Fadaly). We fabricate 
the materials in a low pressure metal organic vapor phase epitaxy 
(MOVPE) reactor. We use trimethyl gallium (TMGa) and phosphine (PH3) 
precursors for WZ GaP growth, tetrasilane (Si4H10) precursor for hex-Si 
shell growth, TMGa and Arsine (AsH3) for WZ GaAs growth, and germane 
(GeH4) for hex-Ge shell growth. Hydrogen (H2) was used as carrier gas for 
TMGa and Si4H10.  

The core/shell nanowires are grown in four main steps. First, the gold 
(Au) catalysts are patterned utilizing nanoimprint lithography or electron 
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beam lithography. Then un-tapered WZ NW core arrays are grown with 
the vapor-liquid-solid (VLS) method. After that, Au catalysts are chemically 
removed with diluted potassium iodine solution (KI/I2) (see chapter 3.2 for 
details) or diluted potassium cyanide (10% KCN) [23] from the NW cores. 
Eventually hex-Si (hex-Ge) shells are epitaxially grown around the Au-free 
WZ GaP (GaAs) NW cores [23,24]. The core/shell nanowires are then 
characterized with transmission electron microscopy (TEM). Details about 
the theoretical  calculations are reported in literature [25]. 

6.3. Results and discussion 

6.3.1 Description of the stacking sequence of the partial I3 BSF 

In this study, hexagonal Si and Ge crystals have been epitaxially grown 
around almost lattice matching Gallium Phosphide (GaP) and wurtzite 
(WZ) Gallium Arsenide (GaAs) nanowires (NWs). Detailed analysis of the 
crystal structure of the hex-Si and hex-Ge reveals the presence of radially 
extending defects that are present across the whole length of the NW. 
This type of defect appears in bright field (BF) TEM images as a dark line 
starting from a random spot in the hexagonal shell continuing towards the 
edge of the shell as depicted from Figure 6.1.a and b. In the High-angle 
annular dark-field (HAADF) STEM images, dark or bright lines are visible, 
indicating the contribution of diffraction contrast to the atomic number 
contrast, see Figure 6.1.c and d. The atomic arrangement of the hex-Si and 
hex-Ge shell and the defect in particular are studied in the high resolution 
STEM image in Figure 6.1.e and f. In the defect-free part of the crystal, the 
atomic layers are found to perfectly follow the -ABABAB- stacking, 
verifying the hexagonal phase of the material. The ‘flower-like’ edge of the 
stacking fault is highlighted in yellow and the affected part of the crystal 
with an altered stacking sequence as a result of this defect is highlighted 
in green. It is worth pointing out that there are exactly the same amount 
of atomic planes on either side of the edge dislocation, and the change of 
the dumbbell orientation occurs at the dislocation edge.  

This stacking fault extends till the edge of the structure as clarified in 
detail in Supporting Figure S 6.1 and it is a planar defect consisting of two 
bi-layers. The altered stacking sequence is -ABABCBA- which is identical to 
the intrinsic BSF type III (I3). The I3 BSF was theoretically predicted in 1998 
in wurtzite III-V semiconductors such as AlN, GaN and InN [26]. And only 
in 2005, it was first observed experimentally in wurtzite GaN showing the 
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faulty stacked planes viewed from the wurtzite [11-20] zone axis [27]. 
Neither of these two studies considered the possibility to have one or 
more of the edges (end) of this defect in bulk material instead of at the 
surface. 

Very recently, in 2018, the same I3 BSF has been observed in the 
defective top part of zinc blend GaAsP/ GaAsP core/shell nanowires, 
together with 21 kinds of other defects in the same region of the crystal, 
formed in the final, non-equilibrium stage of growth [28]. The authors 
described the zero Burgers vector nature of this defect and hypothesized 
it could be formed by the loss of monolayer-by-monolayer growth in the 
vertical direction. The formation of the above defect is associated with 

 

 
Figure 6.1. A new defect in hexagonal Si and Ge. (a) and (b) BF-TEM images of 
GaP/Si and GaAs/Ge core/shell nanowires, with white dashed lines indicating 
the interfaces between the wurtzite core and the hexagonal shell. Incomplete 
dark lines are the defects. (c) and (d) Aberration-corrected HAADF-STEM 
images obtained along the [11-20] zone axis showing the defects. The starting 
points of the defects seem to be arbitrary positioned (colored in yellow). (e) 
and (f) higher magnification images displaying the …ABAB… stacking of the 
normal hexagonal crystal structure. The atomic layers colored in yellow are 
the ‘flower-like’ terminations of the defects, the atomic layers colored in 
green consists of two faulty stacked bilayers. 
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other defects such as double twining of the zinc blende material, different 
from our hex-Si and hex-Ge in which the partial I3 BSF is the only defect 
type present and the growth direction is different (i.e. orthogonal to 
<0001> instead of parallel to it). This is also the first time that the partial 
I3 BSF is observed in group IV material. 

6.3.2 Reconstruction of the planar defect 

To fully characterize the in-plane boundaries of the defect and its 
termination, an extensive BF-TEM study has been performed on GaP/Si 
and GaAs/Ge core/shell nanowires. The same section of the core/shell 
structure has been imaged along two different <11-20> zone axes 
orthogonal to the <0001> long axis of the nanowire, having a mutual 
difference in viewing angle of 60°. The <11-20> zone axis is equivalent to 
the cubic <110> axis, which both allow for discriminating between the 
cubic and hexagonal stacking sequence, and for identifying stacking faults 
in either of the lattices. In a thin (9/45 nm) GaAs/Ge core/shell nanowire 
an ensemble of I3 BSFs is visible in the BF-TEM images as shown in Figure 
6.2.a and b appearing as incomplete dark lines extending radially. The 
colored arrows overlaid on the TEM images in the top panels of Figure 
6.2.a, b indicate seven defects of different lengths that can be clearly 
distinguished along the two zone axes. Schematic illustrations are 
displayed in the bottom panels of Figure 6.2.a and b to sketch the position 
of these seven BSFs in the shell with respect to the core position. Looking 
at the BSFs from two different angles 0°, and 60° corresponding to the two 
zone axis allowed us to reconstruct an in-plane shape of the seven I3 BSF 
when projecting them on the hexagonal core-shell shape, see Figure 6.2.c. 
From this analysis, we can conclude that this planar defect is terminated 
by partial dislocations with a mutual angle of 60°, and that the two faulty 
stacked bi-layers, i.e. the I3 BSF, is surrounded by the partial dislocations 
in a triangular region. 

In previous work, a ‘crack’ defect was reported in Hex-GaP/Si core/shell 
nanowires and it was interpreted to be a local, small gap between 
individual atomic planes [29]. To investigate whether the defect in our 
material systems is of a similar nature as the crack defect, complementary 
high-resolution (HR) TEM and HAADF-STEM imaging of the same defect in 
addition to spatial and intensity analysis of the atomic stacking were 
conducted,  as  discussed in  Supporting  Figure  S 6.2 and S 6.3. From this 
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study we conclude that the partial I3 BSF results in the same contrast as 
the previously reported crack [29]. We conclude that HAADF-STEM 
imaging is required to uniquely identify the nature of partial defects in 
hexagonal group IV materials.  

 

Figure 6.2. Reconstruction of the planar defects. (a) Bright-field TEM image of 
a 9 nm GaAs core and  45 nm Ge shell nanowire imaged along one of the     
<11-20> zone axes which is notated as <11-20> 0˚. The colored arrows 
indicate the planar defects investigated in this specific nanowire. Lower panal: 
the corresponding schematic of the defects in (a). (b) Bright-field TEM image 
of the same region after 60˚ rotation about the c-axis  of the nanowire. This 
viewing direction is notated as <11-20> 60˚. Lower panal: The corresponding 
schematic of defects in (b). (c) Reconstruction of the in-plane shapes of the 
seven defects indicated above. All defects have symmetrically equivalent in-
plane shapes. All defects are originated in the shell, i.e. remote from the 
core/shell interface. 
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6.3.3 Atomistic modeling and band structure 

Atomistic modelling and ab-initio DFT calculations corroborate the 
structural characterization inferred by TEM analysis, which clearly 
identifies triangular defected regions confined in between partial 
dislocations in the basal plane (Figure 6.2). The corresponding atomistic 
model is illustrated in Figure 6.3: a hexagonally shaped nanowire with   
{11-20} facets and atoms in hexagonal crystal lattice positions has been 
constructed. Analytical expressions for the displacement field of straight 
dislocations [30] have been used to insert, along two <11-20> directions 
with an angle of 60° between them, two 30° partial dislocations with 
opposite Burgers vectors in a basal plane (the upper defected bi-layer, 
labelled A in Figure 6.3), starting from an arbitrary point. The same 
approach has been repeated in the subsequent basal plane (the lower 
defected bi-layer, labeled B in the Figure 6.3). In the upper and lower 
defected bi-layers, opposite Burgers vector for the dislocations have been 
chosen. Molecular dynamics (MD) simulations using a Tersoff potential 
[31] are performed allowing atoms to rearrange in their minimum energy 
configuration. The edge of the partial I3 BSF, as seen in Figure 6.1.e and 
6.1.f, is fully reproduced and confirmed as a minimum energy 
configuration by MD. In Figure 6.3, atoms belonging to the dislocation 
cores are colored in green and blue, the same colors indicate the sign of 
the Burgers vector. The faulty stacked internal triangular region is a 
natural consequence of the 30° partial dislocations, which are partial 
dislocation dipoles on each plane. The lower panel of Figure 6.3.a shows 
that the termination of the partial I3 BSF can be observed only looking 
along a viewing direction parallel to its partial dislocation line, while the 
partial dislocations not parallel to the viewing direction cannot be clearly 
identified, as confirmed by TEM analysis (see Supporting Figure S 6.4).  

The atomistic model reveals that the terminations of the partial I3 BSF 
are characterized by zero total Burgers vector. Consequently, the 
deformation field induced by the partial I3 BSF and its partial dislocations 
is negligible and the self-energy is predicted to be low [30]. Moreover, 
there is no interaction between the two dislocation dipoles terminating 
the partial I 3 BSF, allowing the faulty stacked region to be stable and to 
evolve till maximum possible extension. Even if the formation 
mechanism(s) of the partial I3 SBF needs further investigation, the 
tendency of the system to introduce the partial I3 BSF can be explained via  
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Figure 6.3. Atomistic model of a hexagonal core/shell nanowire with the 
partial I3 BSF. The core atoms are represented in blue and shell atoms in 
orange. (a) Two sections of the nanowire along the two atomic bi-layers (A and 
B) containing the modeled partial dislocations. The partial dislocations as seen 
along two different viewing directions (v.d. 1 and v.d. 2) are shown in the 
boxes. The dislocation cores in the upper and lower defected plane are 
highlighted by blue and green atomic colors, equal color meaning equal 
Burgers vector sign.  (b)Top-view atomic model of four atomic bi-layers 
containing two faulty stacked bi-layers and four bounding 30° partial 
dislocations, with a  side-view atomic model of the blue dashed boxed area as 
indicated by the arrow, displaying the atomic arrangement at both edges of 
the partial I3 BSF, i.e. along the partial dislocations and at 60° viewing angle to 
the other edge. (c) Calculated band diagram of hexagonal Ge with the partial 
I3 BSF showing no mid-gap state. 
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energetic consideration. BSFs in the hexagonal structure introduce 
cubically stacked layers in the perfect hexagonal structure. Obviously the 
cubically stacked layers have lower formation energy than the hexagonal 
ones, the cubic phase being the ground state of bulk Si and Ge. Therefore, 
these BSFs in hex-Si and hex-Ge have negative formation energies, in 
contrast with positive formation energies of BSF in III-nitrides which have 
ground states in the hexagonal phase [26,32].  

To investigate the electronic properties of the partial I3 BSF, band 
structure calculations have been performed based on the defected 
supercell model shown Figure.6.3.a and b, which was relaxed to obtain 
the minimum energy geometry as depicted in the lower panel of          
Figure 6.3.c. As a proof of concept, we calculated the band structure of 
hex-Ge with the partial I3 BSF. The band diagram shows the local density 
of states (LDOS) along the [10-10] crystallographic direction and averaged 
in the perpendicular plane, along the [0001] direction. More details on the 
band structure calculations are provided in the reference [33]. Notably, 
hex-Ge remains a direct-gap semiconductor[25] and the LDOS across the 
[10-10] direction in Figure 6.3.c shows that there are no mid-gap state 
associated with the partial I3 BSF, also not at the edge where the partial 
dislocation dipoles are. Importantly, this means that the electronic 
properties of a Hex-SiGe crystal are not affected by the partial I3 BSF, 
which is the dominant defect in our hexagonal group IV nanocrystals. 

6.3.4 Formation mechanism  

To investigate the temperature dependence of the probability of 
forming this planar defect, we fabricated samples at different shell growth 
temperatures with hex-Si shells of similar thicknesses (23 ± 4 nm) on WZ 
GaP nanowire cores (150 nm in diameter and 10 μm in length). The growth 
temperature range is chosen in such a way that the shell growth 
mechanism and growth rate of the hex-Si is the same for all temperatures 
[24]. At each temperature investigated, we took BF-TEM images of 2-3 
nanowires and extracted the density of the incomplete dark lines, i.e. 
partial I3 BSF.  

  The result is shown in Figure 6.4.a, where the defect density is plotted 
against the substrate temperature during the hex-shell growth. It is 
evident that the defect density is decreasing with increasing substrate 
temperature.  At 575 °C, the defect  density  is  around  18 µm-1  and at 
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735 °C the defect density is 0.04 µm-1.  However, we did observe a higher 
density of partial I3 BSF at 735 °C in thicker hex-Si shells. Hence, we 
prepared two sets of samples at 575 °C and 735 °C varying the shell 
thickness and studied the dependence of defect density on the shell 
volume. As shown in Figure 6.4.b, the defect density increases linearly 
with the shell volume at both temperatures. Compared to 735 °C, the 
defect density increases much more rapidly at 575 °C, indicating a higher 
probability of defect formation. 

The formation of partial I3 BSF can be affected by several factors. Below, 
we will discuss these aspects separately. 

A first hypothesis is the influence of strain at the core/shell interface. 
However, since hex-Si shells and hex-Ge shells are grown on lattice 
matched wurtzite gallium phosphide (WZ GaP) and wurtzite gallium 
arsenide (WZ GaAs) respectively, no significant lattice strain is to be 
expected that can be released in the form of a defect. The constant slope 
in Figure 6.4.b also means that the probability of defect formation is 
constant for different shell thicknesses, excluding strain contribution. If 
strain were playing a role, we would see the highest probability for defect 
formation at the core/shell interface where the strain energy density is 
the highest, and then a gradual decrease towards the outside (see elastic 
strain simulation in chapter 8.3.4). Consequently, the defect density 
would increase sub-linearly with increasing shell volume. Hence we 
conclude that the formation of this partial I3 BSF, characterized by zero 
Burgers vector, is not due to strain. This is consistent with the fact that 
zero Burgers vector defects cannot release strain. 

A second hypothesis is, that the formation of partial I3 BSF is the result 
of post-growth cooling. Due to a difference in the thermal expansion 
coefficient, the Si shell can experience tensile strain from the GaP core 
[21,34–36]. However, in this case, the defect should locate at or close to 
the hex-GaP/Si interface where the strain is the largest, and this is 
contradicting to the fact that the planar defect starts at arbitrary distances 
from the core/shell interface. Additionally, a larger temperature 
difference between the growth temperature and the room temperature 
causes a larger difference in thermal expansion, implying that the density 
of the partial I3 BSFs would be higher at higher growth temperatures. This 
is in contradiction to the observations. And in the case of the GaAs/Ge 
material system, the thermal expansion coefficient is very similar between 
the core and the shell [37], yet partial I3 BSFs are still present and exhibit 
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the same temperature dependence. Therefore, post-growth cooling is not 
the cause of the partial I3 BSF in our systems. 

A third possibility is that the defect formation is related to the growth 
process. Shell growth involves the formation of new bonds from adatoms 
to the growth surface. During the shell growth, there is a certain 

 

Figure 6.4. Formation mechanism of the partial I3 BSF defect in hexagonal Si 
shells grown from Si4H10 precursors. (a) The defect density per μm nanowire 
length decreases with increasing substrate temperature, and it approaches     
0 μm-1 at 735 °C. (b) In a temperature range of 575 °C and 735 °C, the density 
of the planar defects increases linearly with increasing Si shell volume. The 
defect density increases more rapidly at 575 °C with increasing shell volume. 
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probability that Si or Ge adatoms take a ‘wrong’ position, even without 
the influence of impurity atoms, as will be discussed below. This 
probability is expected to be temperature dependent, as it depends on 
the mobility of adatoms on the growth surface. At present, we cannot 
estimate the likelihood of this process as no studies have yet been 
performed on the surface kinetics of adatom diffusion on hexagonal Si and 
Ge facets. Molecular Dynamics simulations could facilitate deeper 
understanding on this topic. 

 A fourth possibility is the presence of foreign atoms on the growth 
surface, such as H, C, O, P, Ga and As. During the shell growth, surface 
dangling bonds can be passivated by hydrogen atoms or impurity atoms 
that may not desorb or diffuse away before the next monolayer is grown. 
Incorporation of these foreign atoms can cause a lattice distortion and the 
formation of structural defects. The surface hydrogen originates from the 
decomposition of Si and Ge precursors (GeH4 and Si4H10) and the other 
impurity atoms (such as P, As and Ga) come from either the GaP and GaAs 
substrate or from reactor contamination. It is known that hydrogen 
desorption is temperature dependent [24], and more specifically, there is 
less surface hydrogen at 735 °C than at 575 °C. This is in line with the 
inverse temperature dependence of the defect density and could also 
explain the linear trend of defect density with increasing Si shell volume. 
From a systematic study on impurities in the hex-Si shell (see chapter 7), 
we know that the Ga and P impurity concentrations decrease gradually 
with increasing shell thickness. Therefore, the contribution of defect 
formation from the Ga and P impurity atoms should be less in thicker 
shells. As a result, the defect density should appear to be sublinear as a 
function of shell volume, which is not true according to Figure 6.4.b.  

A fifth possibility is the surface roughness of the core nanowires prior 
to Si or Ge shell growth. During the adsorption and diffusion of the 
adsorbates, even nano-scale roughness can cause surface potential 
variations [38]. This can be a gradient in the Van der Waals force between 
the surface atoms and chemisorbed hydrides for example. A surface 
potential variation may influence the distribution of the adsorbates [39] 
and lead to partial I3 BSF formation during the shell growth. However, this 
contradicts our experimental observations. On the one hand, we do not 
observe a higher density of partial I3 BSF at the core/shell interface, on the 
other hand in one of the hex-GaAs/Ge samples with rough cores 
(nanometer roughness), we do not observe any partial I3 BSFs. Possibly, 
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due to surface energy minimization, the nanowire side walls become 
atomically flat rather rapidly once the shell growth is commenced, 
annihilating any surface roughness that would be present at the start of 
shell growth. 

So far, we believe that the formation of the partial I3 BSF is due to a 
surface effect during growth. To gain more insights into the formation 
mechanism of the partial I3 BSF, we envision several routes. Firstly, MD 
simulations of the surface dynamics may provide knowledge on the 
probability of creating intrinsic defects, as already discussed above. 
Secondly, the role of hydrogen can be evaluated in more detail by studying 
the partial defect density for a larger number of shell growth 
temperatures. From the Arrhenius plot of epitaxial Si shell growth from 
Si4H10, we have learned that there are two distinct growth regimes, 
differing in the role of hydrogen coverage on the growth surface [24]. In 
case hydrogen has an influence, we would expect to see these two 
regimes back in the defect densities. Thirdly, by pulsing impurity 
precursors intentionally for a short time during the shell growth, may see 
whether the partial I3 BSF density change with the impurity concentration. 
Lastly, a one-to-one comparison of shell growth on GaP and GaAs may 
provide information on the role of foreign species, as the contaminants 
are different for the different cores. 

6.4. Conclusions 

In conclusion, we observed a unique triangular, partial I3 BSF which is 
terminated by two dislocation dipoles and therefore does not experience 
any stress from the surrounding crystal in any direction. Theoretical 
calculations show that this planar defect does not introduce any mid-gap 
states in the band gap of hexagonal Ge. In hexagonal Si nanowire shells 
grown from Si4H10 precursor, the density of this planar defect decreases 
with increasing substrate temperature and approaches zero at 735 °C. The 
defect density increases linearly with increasing shell volume at both 
temperatures investigated and the probability of defect formation is much 
lower at 735 °C. In preparation for future study, possible formation 
mechanisms are listed and discussed. 
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6.5. Supporting figures 

 

 

Supporting Figure S 6.1. Tracing the origin of the partial I3 BSF. (a) to (d) 
Aberration-corrected HAADF-STEM images obtained in the [11-20] zone axis 
tracking two partial I3 BSF in a Hex-Ge crystal appearing as bright white lines 
and indicated by white arrows. As we follow those two bright lines inwards 
from the edge of the shell, we find out that the partial I3 BSF extends from 
the interior of the hexagonal shell to the edge of the structure. The 
highlighted region in (d) in orange represents the partial I3 BSF. 



Chapter 6 A stable planar defect in hexagonal group IV semiconductors 

109 
 

  

 

Supporting Figure S 6.2. Imaging the partial I3 BSF under 60° viewing direction: 
(a) and (c) BFTEM images of several partial I3 BSFs in a Hex-Si shell, formerly 
named ‘cracks’.  Contrasts are identical to those described in reference [29]. 
The inset cartoon represents the imaging direction of these defects in the 
shell part of the nanowire:  imaging is performed along the [11-20] zone axis. 
(b) and (d) HAADF-STEM corresponding to the same region imaged in (a) and 
(c). (e) zoomed-in HAADF-STEM images for the framed regions in cyan in (d) 
showing two partial I3 BSFs. (f) Atomic resolution image of the partial I3 BSF 
framed in (e). (h) Atomic model of the atomic arrangement for the defect in 
(f) in this viewing direction, based on the defect geometry as discussed detail 
in figure 6.3 of the main text. 
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Supporting Figure S 6.3. Spatial and intensity analysis of the atomic stacking 
of the partial I3 BSF imaged under two different orientations: (a) and (c) 
HAADF-STEM images acquired along the [11−20] zone axis of representative 
regions of the Hex-Ge crystal containing the  partial I3 BSF either running 
parallel to the viewing direction (a) or at 60° from the viewing direction (c). 
The faulty stacked region is shaded in cyan and the overlap region of perfect 
and defected in green (b) Corresponding intensity profile constructed 
crossing the atomic planes in the vertical direction in the framed regions in 
(a), where a perfectly stacked hexagonal crystal is framed by a red rectangle 
and the region containing the partial I3 BSF is framed in cyan. (c) HAADF-
STEM images along the [11-20] zone axis containing the partial I3 BSF 
(shaded in cyan) followed by a region where a perfect hexagonal crystal is 
overlapping with an I3 defected region (shaded in orange). (d) Corresponding 
intensity profile constructed the same way as in (b) for the framed regions 
in (c). The three intensity profiles show no noticeable difference in the 
spacing of the atomic planes nor dips in the intensity at the positions of the 
crystal planes that could hint to the presence of a crack. 
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Supporting Figure S 6.4. Summary of the different projected atomic 
configurations of the partial I3 BSF: (a) A side-view atomic model with its 
corresponding high resolution HAADF-STEM image of a Hex-Si crystal 
explaining the radial extension of the I3 partial BSF in a hexagonal crystal. (b) 
A STEM image for the highlighted regions in (a). The orange region displays 
perfectly stacked Hex-Si planes following the ABAB stacking. The green region 
shows the partial I3 BSF starting from where the white arrow points. The blue 
region shows the super-position of a perfectly stacked region with a faulty 
stacked region in the depth of view. Because of the inclined orientation of one 
of the two edges of the partial I3 BSF, the ratio perfect/defected volume 
changes laterally, yielding a gradual change in projected atomic arrangement. 
(c) A top-view atomic model explaining the planar extension corresponding 
to (a) and (b) when analyzing the structure in the [11-20] zone axis. 
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Abstract 

Wurtzite (WZ) GaP nanowires could serve as epitaxial templates for the 
growth of hexagonal Si1-xGex (hex-SiGe) shells. However, during growth, 
Ga and P contamination is introduced in the shells. As impurity doping can 
affect various physical properties of hex-SiGe, it is essential to be able to 
both quantify the impurity concentrations as well as control them. In this 
chapter, we use atom probe tomography (APT) for impurity detection in 
our nanowires. Based on APT measurements of hexagonal Si (hex-Si) 
shells, we identify the origins of the Ga and P impurities in hex-SiGe grown 
on WZ GaP nanowires. We show that solid state diffusion from the core 
into the shell is negligible at our growth conditions, and that the Ga and P 
impurities originate from the GaP substrate or gas phase and reactor 
contamination. 

 

Keywords: impurity detection, hexagonal Si, atom probe tomography, Ga 
and P impurities.  
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7.1. Introduction 

Hexagonal Si1-xGex (hex-SiGe) is a promising group IV material which is 
predicted to have a direct band gap [1–3]. It has been fabricated with high 
crystal quality on wurtzite III-V nanowire stems before. However, since the 
hex-SiGe crystal is grown directly around the III-V nanowire template in a 
nanowire shell form, group III and V elements may become impurity 
dopants in hex-SiGe. It is important to be able to synthesize intrinsic (we 
aim for <1016 cm-3) crystals to unambiguously determine the nature of the 
optical transitions, and to fabricate opto-electronic devices. In order to 
grow intrinsic hex-SiGe crystals, it is essential to understand the origin of 
impurities.  

In this chapter, we investigate the origin of impurities in our hex-
GaP/SiGe core/shell nanowire system. Nanowire studies are commonly 
performed using TEM, combined with energy-dispersive X-ray 
spectroscopy (EDX). We will present the limits of EDX for dopant detection 
and discuss alternative techniques for quantitative analysis of doping 
levels, and subsequently use the best suited technique, atom probe 
tomography (APT), for spatially resolved doping detection. We show that 
reactor contamination, the open surface of the GaP substrate, and gas 
phase contamination are the main sources of impurities. Utilizing hex-Si 
as an example, we estimate by calculation that solid state diffusion from 
the wurtzite GaP cores into the hex-SiGe shells is negligible. We propose 
an in-situ cleaning method at elevated temperature to reduce the 
impurity originated from the gas phase contamination and reactor 
contamination.  

7.2. Experimental methods 

For APT measurements, we fabricate hex-GaP/Si core/shell nanowires 
which have a total diameter less than 130 nm. Firstly we deposit SiNx on 
one side of a 2-inch GaP (111)B wafer, and we use electron beam 
lithography (EBL) to make a regular pattern of nano-holes on the SiNx 
coated side. After resist development and 20s of Buffered hydrofluoric 
acid 7:1 (BHF) etch of SiNx, we deposit 6 nm of gold (Au) with electron-
beam evaporation. The nanohole size is 150 nm and the pitch size is 2.5 
μm. We perform a standard lift-off technique and remove the organic 
residue with a diluted piranha solution (H2SO4: H2O2:H2O=4:1:1). Ultilzing 
the vapour-liquid-solid (VLS) method, thin WZ GaP nanowires with a mean 
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diameter of 46 nm and average length of 5 μm are grown at 600 ⁰C. We 
use phosphine (PH3) and tri-methyl gallium (TMGa) as precursors with a 
V/III ratio of 16.1.  After that, we take the grown WZ GaP nanowires out 
of the reactor for chemical etching of the Au catalysts. The etching 
procedure is described in detail in chapter 3.2. Then the WZ GaP 
nanowires are treated with diluted phosphoric acid (H3PO4) to remove 
surface oxide. Imediately after that, the WZ GaP cores are transferred 
back to the reactor and heated up to the hex-Si shell growth temperature 
under PH3 flow to prevent evaporation of the WZ GaP nanowire cores. The 
epitaxial hex-Si shells are grown directly on the WZ GaP cores at      
575/595 ⁰C and 735 ⁰C with Si4H10 [4]. Most core/shell nanowire samples 
in this chapter are used in APT as-grown and the high temperature sample 
(grown at 735 ⁰C) is the only one prepared with the ‘top-down’ method 
described in literature [5]. Technical details about the metal-organic vapor 
phase epitaxy reactor (MOVPE) and atom probe tomography (APT) are 
described in chapter 3. 

7.3. Results and discussion 

7.3.1 EDX mapping 

A representative high-angle annular dark-field scanning transmission 
electron microscopy (HAADF STEM) image of a hex-GaP/Si core/shell 
nanowire, as shown in Figure 7.1.a, reveals the core/shell structure. Due 
to the higher average atomic number of GaP compared to Si, i.e. higher Z 
contrast, the WZ GaP core is brighter than the hex-Si shell. When zoomed 
in further on the top part of the nanowire (Figure 7.1.b), we see that this 
specific nanowire has a 43 nm diameter WZ GaP core and a 20 nm thick 
hex-Si shell. The Au catalyst is completely removed from the core, leaving 
a flat top facet. From even higher magnification HAADF STEM images (not 
shown), we learn that the Si grown on this top facet is cubic with many 
twin boundaries, and the Si shell grown on the side walls of the WZ GaP 
nanowire has the hexagonal crystal phase (2H). We perform EDX mapping 
in the same top part of the nanowire for compositional analysis.           
Figure 7.1.c shows the top part of a uniform Si shell which encapsulates 
the WZ GaP core completely. Ga and P elemental maps spatially overlap 
perfectly in the WZ GaP core region, and no Ga and P signals are detected 
outside of the core (Figure 7.1.d&e). To quantify the chemical 
composition, we constructed a compositional profile from the region 



Chapter 7 Origin of impurities in hexagonal SiGe grown on wurtzite GaP 

119 
 

where the dashed orange box is (Figure 7.1.b). As shown in Figure 7.1.f, In 
the WZ GaP core region (center), there is an equal amount of Ga and P, 
and the Si signal from the hex-Si shell is projected onto the core region. In 
the hex-Si shell region (left and right part), Si is the only detected element 
and almost reaches 100 at.%, Ga and P are below the detection limit.  

The detection limit of this specific EDX mapping is around 0.1 at.% 
(1000 ppm), and for detection of dilute species like dopants, this should 
be further improved. One way is to increase the scanning time from 3 
hours to even longer. In the best case, the detection limit will be a factor 
of 2-3 lower, namely a few hundred ppm. Nevertheless, this is still higher 
than the impurity concentration we want to be able to detect and quantify 
(1016

 atoms/cm3
, i.e. 1 ppm). Another way is to use a higher electron beam 

dose for gaining more characteristic X-ray counts. However, this will 
sacrifice the spatial resolution of the EDX mapping so that we will not be 
able to identify the GaP-Si interface at high resolution and it still cannot 
enable the desired detection limit due to the intrinsic limitations of the 
EDX technique.  Therefore, we require a more accurate impurity detection 
method.  

In semiconductor research and industry, secondary ion mass 
spectroscopy (SIMS) is routinely used to determine impurity 
concentrations in thin film materials. This technique has a detection limit 
down to ppm level or even part per billion level, but unfortunately this 
method could not be used to measure nanostructures because of the 
limited lateral resolution.  

An alternative is to measure our hex-Si(Ge) shell electrically in a field 
effect device to estimate the free carrier concentration, and derive the 
doping concentration accordingly [6]. To do this properly, we need a Hall 
bar configuration to unravel carrier concentration and carrier mobility, 
and this is difficult to realize with the core/shell nanowire geometry.  

With optical methods such as photoluminescence, one can also 
monitor the doping concentration by peak broadening and peak shift [7]. 
However, this method is not viable because, for a novel material like      
hex-SiGe, there is no known correlation between the spectral shapes and 
the doping concentration. Also, the peak width and position is not only 
related to doping concentration but also other factors such as crystalline 
defects. It is worth mentioning that both electrical and optical 
measurement cannot provide spatial distribution of the impurities, which 
is important to reveal the incorporation mechanism.  
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Figure 7.1. EDX mapping of the hex-GaP/Si core/shell nanowire in TEM. (a) A 
representative HAADF STEM image showing the core/shell structure. (b) 
Higher magnification HAADF STEM image of the nanowire apex displaying flat 
and Au-free top facet. (c) EDX mapping of Si. Part of hex-Si shell is projected 
onto the WZ GaP core region so that there is also signal of Si in the core region. 
(d) and (e) EDX mapping of Ga and P showing a homogeneous core. Neither Ga 
nor P are detected outside of the core region. (f) Quantified elemental 
concentration line profiles extracted from EDX mapping in the region where 
the dashed orange box is. We did not observe any Ga or P due to the detection 
limit of EDX. 
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To achieve accurate impurity detection, we utilize atom probe 
tomography (APT), which can provide a detection limit down to 1 ppm 
with a spatial resolution in the order of a nanometer. 

7.3.2 Atom probe tomography for impurity detection 

APT is a destructive method that removes ions one-by-one from a 
sample surface and identifies them by mass spectrometry. This method 
allows probing not only the sample surface but also the bulk of the 
material. Thus, it is an ideal method for measuring impurity 
concentrations and locating the impurities spatially in nanowires [8–10]. 
APT requires a needle-like sample so that electric-field-induced 
evaporation of ions can occur in a controlled fashion. The diameter of the 
sample tip is typically below 100 nm, and the tip should have a convex 
surface throughout the measurement. In our experiments, the WZ GaP 
core diameter, hex-Si shell thickness and length of most nanowire samples 
are carefully designed so that they do not require pre-processing before 
APT measurements.  

For the APT measurements, we mount an as grown hex-GaP/Si 
nanowire onto an etched Si nano-pillar and weld it with Pt in the focused 
ion beam (FIB) [11]. A representative SEM image of a prepared nanowire 
tip is shown in Figure 7.2.a, where the red colored part is the hex-GaP/Si 
core/shell nanowire. APT measurement conditions are chosen carefully 
such that GaP and Si evaporate simultaneously. Empirically, we know that 
in laser pulsing mode, the pulse laser power required to evaporate Si is an 
order of magnitude higher than that of GaP [5]. Hence, instead of laser 
pulsing, we employed voltage pulsing which triggers field evaporation of 
the ions by lowering the energy barrier of desorption [12].  

We are able to measure a nanowire segment as long as 4 μm with this 
technique. A side-view slab of the reconstructed nanowire top part is 
shown in Figure 7.2.b, where the red, orange and aqua spheres represent 
Si, Ga and P atoms. Important to mention is that atoms from the outer 
part of the shell are not detected, and that the center of the measured 
area is not the geometric center of the nanowire. In the case of this 
specific measurement in Figure 7.2, about 20 nm (5 nm) hex-Si shell is 
measured on the left (right) side. In order to assess the size of the lost 
outer part, we compare the reconstructed side-view slab with a HAADF 
STEM image of another nanowire from the same growth run. As shown in 
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Figure 7.2.c, we estimate that 5-10 nm of the hex-Si shell on the outer part 
cannot be collected by the detector. However, since the major part of the 
hex-Si shell is detected, the lost outer part does not hinder the impurity 
concentration analysis. A higher magnification rendering of the cross-
sectional view shows that we properly established the hexagonal shape of 
the WZ GaP core (Figure 7.2.d). In the spatially reconstructed nanowire, 
the location of the impurities, including gallium (orange), phosphorus 
(aqua), oxygen (green) and carbon (grey), are directly visible. For example, 
we observe aqua spheres inside the red part, implying that there is P in 
the Si shell.  

 

Figure 7.2. Impurity detection with atom probe tomography. (a) A 
representative SEM image of a prepared nanowire tip. The red part is the hex-
GaP/Si core/shell nanowire and the green part is the Pt glue. (b) A slab of the 
reconstructed nanowire top part with hex-Si shell in red and WZ GaP in 
orange-aqua. (c) Over-lapped HAADF STEM image and a reconstructed side 
view slab. We learn from this image that 5-10 nm of the Si shell could not be 
detected by the current method. (d) Cross-sectional view of reconstructed 
nanowire showing that the WZ GaP core is in a nice hexagon shape. P impurity 
is present in the Si shell; C and O impurities are also visible and spatially 
traceable. (e) A schematic to show the relative position of the core/shell 
nanowire and the APT measured volume. As indicated by the white arrow, 
quantitate impurity line profiles are extracted from cylindrical shells from the 
nanowire geometric center towards the outside. 
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For quantitative analysis of the impurity concentrations, we extract line 
profiles from the geometric center of the nanowire core towards the shell 
(schematic Figure 7.2.e). Each line profile consists of 20-30 data points, 
and each data point is the average of a cylindrical shell of a specific 
volume, and the cylindrical shells are 3-4 μm in length. In this Si-shell, we 
detect Ga and P concentrations of 0.002 at.% (20 ppm) and 0.05 at.%   
(500 ppm). The Au signal is below the noise level, which is around 1×10-4 
at.% (1 ppm) level in this case. C and O are typically present at around 10 
ppm in the Si shell and show a peak of 1000 ppm around the GaP-Si 
interface. The C and O in the hex-Si shell could come from the shell growth 
or the vacuum background in the APT chamber. We do not know the exact 
contribution of each source, thus the C and O concentrations we obtain 
from the APT measurements are the upper limits of what is incorporated 
during growth of the hex-Si shell.  Most of the interface C and O are 
probably introduced from sample transfer in ambient atmosphere for wet 
chemical etching. At the GaP-Si interface, there are other impurities such 
as Al, Sb and Cr (10-1000 ppm), which come from cross-contamination of 
the processing instruments such as the electron beam evaporator, the 
oxygen plasma cleaner and sample holders. Since C and O are both no 
dopants for Si and other contaminations can be avoided with clean 
processing runs, we focus mainly on Ga and P impurities in this chapter, 
as these may act as p- and n-type dopants in Si, respectively.  

7.3.3 Origins of Ga and P impurities 

Figure 7.3.a shows Ga and P impurity line profiles of a high temperature 
sample (735 ⁰C, grown for 30 mins) and a low temperature sample         
(575 ⁰C, grown for 6 mins). These two temperatures are chosen for two 
reasons. Firstly, we would like to investigate if the impurity level is 
temperature dependent.  For this purpose we need at least two samples 
grown at significantly different temperatures. Secondly, we want to 
separate hex-Si shell growth kinetics from other temperature dependent 
processes. At the two selected temperatures, the hex-Si shell growth rate 
is relatively high and yet very similar, as the growth mechanism of the hex-
Si shell is the same [13].  

For all samples measured with APT, we define the peak position of the 
interface C and O as the GaP-Si interface and set it as origin. To 
demonstrate the definition of the GaP/Si interface, only the C and O peaks 
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of the low temperature sample are shown (Figure 7.3.a). Each of the line 
profiles includes regions of the GaP core, the GaP-Si interface and the hex-
Si shell. The steep interface slopes from both the high and low 
temperature samples are overlapping with each other. Here, the question 
arises whether this steep slope is representing the actual impurity profile 
close to the GaP-Si interface or it is an artifact from APT data acquisition 
or reconstruction.  

To figure this out, we first consider solid state diffusion of Ga and P from 
the WZ GaP nanowire core into the hex-Si shell. Since Ga and P diffusion 
rates in hex-Si have not been reported, we use the diffusion coefficients 
of these two elements obtained in cubic Si [14,15]. We assume that 
impurity diffusion in hex-Si occurs via the same mechanism as in the cubic 
material, i.e. via interstitial positions [16], and that there is no co-diffusion 
of the two species [17]. If we extrapolate the Ga and P diffusion 
coefficients reported in literature [14,15], we can calculate diffusion 
profiles of Ga and P in a cubic Si shell grown on GaP at 735 ⁰C and 575 ⁰C. 
We find that, the Ga and P impurity concentration in the Si shell decreases 
exponentially and goes below the noise level of APT in the first 5 nm            
(2 nm) at 735 ⁰C (575 ⁰C) in 30 mins of hex-Si shell growth time [18]. 
Especially at 575 ⁰C, the Ga and P concentrations are still below the APT 
noise level after 10 hours of annealing. Thus the 10 nm steep slope we 
observe in Figure 7.3.a is not the actual impurity concentration profile. As 
mentioned above, the line profiles shown in Figure 7.3.a are extracted 
from cylindrical shells which are about 3-4 μm in length. If the core/shell 
nanowire is bent for 0.2 degrees over 3 μm (which may happen during the 
mounting procedure of the nanowire onto the Si nano-pillar), it could 
already yield a 10 nm broadening of the projected GaP-Si interface. 
Therefore, we conclude i) that the 10 nm broad slope around the interface 
is most likely an artifact of the line profile construction, rather than being 
an intrinsic concentration profile, and ii) that solid state diffusion is not 
the main source of the Ga and P impurities in the hex-Si shell.  

After the steep slope, the Ga and P concentrations decrease slowly 
towards the outer regions of the shell (Figure 7.3.a). For the high 
temperature sample, the Ga and P concentrations in the hex-shell are 
almost the same. The P concentration profile in the hex-Si shell is identical 
for the low and high growth temperature samples. Contrary, the Ga 
concentration in the low temperature sample is almost two orders of 
magnitude smaller than the Ga concentration in the high temperature 
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sample. This is to say, lowering the growth temperature reduces the Ga 
concentration but not the P concentration. Since the measured impurity 
levels at both  temperatures  are below the  solubility  limit of Ga and P in  

 

Figure 7.3. Origin of Ga and P impurities. (a) Ga and P impurity line profiles 
from two samples which are grown at 735 ⁰C and 575 ⁰C. At 735 ⁰C, impurity 
concentration of Ga and P are the same; at 575 ⁰C, Ga impurity concentration 
is almost two orders of magnitude lower than that of P. (b) Possible impurities 
sources of Ga and P: ① GaP substrate, ② gas phase contamination and ③ 
reactor contamination. The impurities can either reach the hex-Si shell by ④ 
gas phase incorporation or ⑤ surface diffusion. 
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cubic Si [19–21], being 1.5×1020 (5.5×1019) atoms/cm3 for P and 1×1019 
(5×1018) atoms/cm3 for Ga at 735 ⁰C (575) ⁰C, we can exclude that the 
impurity incorporation is limited  by their solubility.   

We identify three possible sources of Ga and P impurities under our 
growth conditions as indicated in Figure 7.3.b: ① The GaP substrate, ② 
gas phase contamination and ③ reactor contamination.  

①: The GaP substrate can serve as impurity source through two paths, 
evaporation and surface diffusion at elevated temperatures. It is known 
that both Ga and P above a GaP crystal have a low equilibrium vapor 
pressure around 1.3 ×10-6 mbar at 735 ⁰C and 1.3×10-7 mbar at 575 ⁰C 
[22]. This means a small fraction of Ga and P will evaporate into the 
ambient and then can be incorporated into the hex-Si shell through the 
gas phase. Beside evaporation to the gas phase, Ga and P atoms may also 
diffuse from the open surface of the GaP substrate over the SiNx coated 
surface towards the nanowires and subsequently incorporate into the 
hex-Si shell. The open surface of the GaP substrate includes the side facets 
and back side of GaP wafer. As the hex-Si shell grows, Si deposition also 
takes place on the open surface of the GaP wafer. This gradually reduces 
the open surface area of the GaP wafer and, as a consequence, reduces 
the supply of both Ga and P impurity from the GaP substrate. 

② : Gas phase contamination in our specific growth scheme is 
introduced by an intentional PH3 flow step.  For maintaining a smooth WZ 
GaP surface and prevent evaporation of the GaP nanowire cores before 
the hex-Si shell growth, we heat up the WZ GaP core to the hex-Si shell 
growth temperature under a PH3 flow. The precursor for hex-Si shell 
growth is switched on immediately after the PH3 is switched off, so that 
there is still residual PH3 in the gas phase during the growth of the first 
layers of the hex-Si shell. The motivation for including the PH3 step in the 
growth scheme is the observation that – in the absence of a PH3 flow step 
- the WZ GaP nanowires are reduced in diameter in the H2 atmosphere 
during the heat-up procedure from room temperature to the hex-Si shell 
growth temperatures. To prevent this evaporation and maintain the 
atomic flat surface morphology, we keep a PH3 flow of 50 sccm above    
200 ⁰C and switch it off just before the Si precursor is switched on. As a 
result, only P can be introduced in the shell from source ②. We believe 
that due to the high total gas flow of the reactor (8200 sccm), any effect 
of P incorporation form the PH3 step is included in and masked by the 
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steep interface slope that is the result of broadening due to the data 
processing, as discussed above. Since the partial pressure of the reaction 
products (mainly P4 and P2) from PH3 thermal decomposition is 
temperature dependent [23], we might expect impurity source ② to be 
temperature dependent as well. At a total reaction pressure of 50 mbar, 
160 ⁰C of temperature increase from 575 ⁰C to 735 ⁰C means an order of 
magnitude increase in P2 (P dimer) and no increase for P4 (P tetramer) 
[23]. How this change contributes to impurity concentration in the hex-Si 
shell is to be investigated. In the current data (Figure 7.3.a), we do not 
observe a different P interface slope between the high and low 
temperature samples. 

③: Reactor contamination is referred to as a memory effect in MOVPE 
reactors [24,25]. In the same reactor, we are growing the WZ GaP cores 
as well as the hex-SiGe shells. This means the residues from GaP growth 
could remain on the immobile parts of the reactor such as the reactor 
shower head, the reactor side wall and the heater (more details about the 
MOVPE reactor in Chapter 3.1). Impurities from these different origins can 
enter the hex-Si shell either by route ④ gas phase incorporation or route 
⑤ surface diffusion. 

A 3-D schematic and technical details about the close couple 
showerhead MOVPE reactor is detailed in chapter 3.1. In short, there are 
mobile parts which can be replaced between different growth sessions, 
and there are immobile parts which cannot be replaced. Although all the 
immobile parts are shielded with mobile parts, we still observe visible 
deposition on the immobile parts after months of growth. The immobile 
parts include the showerhead where the precursor gases are injected into 
the reactor, the reactor side wall which is exposed to the growth ambient 
and the heater which is not sealed from the reactor atmosphere. The 
heater is designed in such a way that it prevents material deposition on it, 
therefore we believe that the contamination contribution from the heater 
is much less than from the other two immobile parts. As a cold wall 
reactor, the showerhead and the reactor side wall are cooled with 50 ⁰C 
water at all times. During the growth of III-V materials (substrate 
temperature above 500 ⁰C), these surfaces can accommodate impurity 
condensation/deposition. Although after growth of III-V material, we 
perform dummy runs to reduce the contamination from the immobile 
parts, a small fraction of impurity may not have been eliminated. A simple 
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calculation is illustrative for the magnitude of the deposits on the wall and 
its contribution to the impurity incorporation into the shells. We assume 
that there is one monolayer of impurity atoms (P or Ga) on the immobile 
parts which has a surface area around 0.16 m2. If 1×10-6 % of P (or Ga) 
atoms from this one monolayer is incorporated into the hex-Si shell, 
already an impurity concentration of 0.01 at.% is achieved. 

To gain understanding on the actual contamination effect, we have to 
consider which species may actually be present on the reactor wall and 
what vapor pressures are involved.  On the showerhead and reactor side 
wall, a monolayer of P atoms may form crystalline or amorphous solid (P4) 
which have low formation energies [26,27] and the Ga atoms may form 
liquid droplets. By assuming this, we can discuss impurity evaporation 
from the two immobile parts at different temperatures based on the 
vapor pressures of P4 and metal Ga. At relative low temperatures, such as 
the surface temperature of the showerhead and the reactor side wall 
(around 100 ⁰C), the Ga vapor pressure is much lower than 1.3×10-11 mbar 
and negligible, while the vapor pressures of red phosphorus (P4) and 
white phosphorus (P4)  are around 1.3×10-6 mbar and 3 mbar, respectively 
[28]. This implies that the reactor walls may predominantly be a source of 
P to the phase, rather than of Ga. Additionally, there is no trivial physical 
path between the sample and the immobile parts for Ga surface diffusion.  

Summarizing, among the three origins of impurities, reactor 
contamination seems to be the most prominent supplier of impurities to 
the hex-Si shell. In order to reduce reactor contamination, we propose to 
perform in-situ cleaning of the reactor with H2 gas. 

7.3.4 in-situ cleaning of the reactor chamber 

To test the merits of a cleaning procedure, we developed and evaluated 
the following recipe: We encapsulated the WZ GaP core first with a Si 
capping, and then paused the growth to perform in-situ cleaning by 
flushing the reactor chamber with H2 gas. During flushing, we expect the 
contaminants to desorb from the surfaces of the immobile parts. After 
that, we resumed the second hex-Si shell growth. The dimensions of the 
core-shell nanowires were designed to be optimal for the APT studies. The 
empirical diameter limit of an APT specimen tip is around 130 nm. 
Considering that the GaP core is around 46 nm, the largest thickness for 
Si shell (including Si capping) is 42 nm. Additionally, since 5-10 nm of the 
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Si shell on the outside cannot be measured in APT, we designed a Si 
capping of 8 nm and a second hex-Si shell of 25 nm. The function of the Si 
capping is to prevent Ga and P evaporation from the WZ GaP nanowire 
cores during the in-situ cleaning.  Therefore, we have to make sure firstly 
that the 8 nm Si capping fully covers the GaP core, and secondly that the 
Si capping should not reconstruct (i.e. break up into an interrupted layer 
consisting of islands) during the in-situ cleaning at elevated temperature. 

To test the thermal stability of the Si capping, we grew 8 nm of Si 
capping at 595 ⁰C and performed in-situ cleaning at the same temperature 
for 30 mins. After that, we took the sample (without a second hex-Si shell) 
out of the reactor. This sample was then characterized using TEM as 
shown in a representative HAADF STEM image (Figure 7.4.a). The GaP core 
appears to be fully encapsulated by a thin Si capping layer. The Si capping 
is (still) conformal and the surface roughness did not increase by the          
in-situ cleaning procedure. A high magnification HAADF STEM image taken 
along the [11-20] zone axis shows that after the in-situ cleaning, the Si 
capping has the characteristic ABAB stacking, which demonstrates the 
hexagonal crystal structure (Figure 7.4.b).  

 

Figure 7.4. Thermal stability of the Si capping layer. (a) A representative 
HAADF STEM image of a core/shell nanowire with 8 nm Si capping layer after 
30 mins of annealing (in-situ H2 cleaning). The WZ GaP core is fully 
encapsulated by the Si capping layer.(b) High magnification HAADF STEM 
image taken from the [11-20] zone axis. It is evident that there is no surface 
reconstruction and that the Si capping layer follows the characteristic ABAB 
stacking of the hexagonal crystal structure. 
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For the subsequent in-situ cleaning experiments, we first grew the Si 
capping of 8 nm for both sample A and B, then we switched off the Si4H10 
precursor and applied H2 flushing for 30 mins (A) and 10 hours (B)      
(Figure 7.5.a). After flushing, we resumed the growth of the second hex-
Si shell and obtained a 25 nm thick hex-Si shell. Both the growth and the 
in-situ cleaning were performed at 595 ⁰C. We take a sample without in-
situ cleaning step as reference (sample R). This sample is grown at 575 ⁰C 
for 6 mins with Si4H10 precursor, and it has about 20 nm hex-Si shell.  

In Figure 7.5.b, we show the impurity concentration profiles from 
sample A, sample B and the reference sample R. The line profiles contain 
a steep slope around the GaP-Si interface and a gentle slope in the hex-Si 
shell. The Si capping layers of sample A and B are only 8 nm thick and are 
therefore not visible due to the interface broadening resulting from the 
APT data reconstruction.  

The Ga concentration profiles in samples A and B are comparable to 
that of the reference sample (20 ppm), independent of the in-situ cleaning 
duration. A constant Ga concentration before and after in-situ cleaning 
implies that, at this temperature, there is continuous Ga incorporation 
from the gas phase and/or from the GaP wafer through surface diffusion. 
The P concentration profiles in sample A and B show a reduction to a lower 
concentration compared to the reference sample. While the bulk of the 
hex-Si shell of sample R has a P concentration of 500 ppm, the P 
concentrations in the hex-Si shells of sample A and B are 200 and 100 ppm 
at 16 nm from the interface, respectively.  The non-linear reduction of the 
amount of P incorporated in the shell implies that hydrogen flushing 
drains a limited source of P.  

We propose the following scheme to explain the reduced P 
concentration in sample A and sample B. At first, the reactor inner 
surfaces (reactor contamination) as well as the open surface of GaP wafer 
is releasing P atoms at a relative high rate in the first 30 mins. Due to 
depletion of these two impurity sources, the evaporation rate of P is much 
slower, resulting in a lower P concentration in the Si shell.  

7.4. Conclusions 

In conclusion, we studied the impurity concentrations in hex-Si shells, 
grown  using   various  growth  schemes  to  analyze  the   concentrations  
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quantitatively as well as to assign the source(s) of the impurities. For this 
purpose, we measured as -grown hex-GaP/Si core/shell nanowires with a 
voltage pulsing method in APT. We found that solid state diffusion from 
the III-V core to the group IV shell is negligible at our growth temperatures 
up to 735 ⁰C. We identified three possible impurity sources, ① The GaP 
substrate, ② gas phase contamination and ③ reactor contamination. The 

 

Figure 7.5. In-situ cleaning of the reactor chamber. (a) Two samples for the in-
situ cleaning experiment and their growth parameters. The only difference 
between the two is the cleaning time: 30 mins for A and 10 hours for B. Below 
is the growth parameter of the reference sample R. (b) Ga and P impurity line 
profiles of sample A, B and R. P concentration is reduced for both samples 
compare to the reference sample R. Ga concentration did not decrease with 
the in-situ cleaning procedure. 

 

 



Chapter 7 Origin of impurities in hexagonal SiGe grown on wurtzite GaP 
 

132 
 

Ga impurity originate from source ① and ③ and its concentration is 
growth temperature dependent. More specifically, the Ga concentration 
decreases by two orders of magnitude when the Si shell growth 
temperature is changed from 735 ⁰C to 575 ⁰C. The P impurities originate 
from source ① , ②  and ③  and the concentration does not show 
temperature dependence. Moreover, we are able to reduce the P 
impurity concentration from 500 ppm to 100 ppm by H2 flushing of the 
reactor. This study gives insight into the sources of impurities in hex-SiGe 
grown on wurtzite GaP nanowires. The findings may also apply to group 
IV thin films grown in a MOVPE reactor which is used for both group III-V 
and group IV materials. 

7.5. Outlook 

To achieve an impurity concentration below 1×1016 atoms/cm3 for both 
group III and group V impurities, P impurities (Ga impurities) should be 
two (one) orders of magnitude lower than the current values. According 
to different physical properties of each element, various methods could 
be used to reduce the Ga and P impurity concentrations. 

Since group V elements have a high vapor pressure in general (both P 
and As have a vapor pressure above 50 mbar at 520 ⁰C) [28], we may 
consider heating up the reactor to higher than 520 ⁰C (substrate 
temperature) under H2 flow to allow P or As desorption from the immobile 
parts of the reactor. If this procedure is done without the mobile parts 
after a group III-V growth session and before a group IV growth session, 
reactor contamination of the group III elements can be minimized. Group 
III elements like Ga have a relative low vapor pressure (6.67×10-3 mbar for 
Ga at 1000 ⁰C) [28], and thus cannot be evaporated efficiently at the 
operation temperature range of the reactor (room temperature to       
1000 ⁰C). Fortunately, we can take advantage of the reaction between HCl 
and Ga, which produces gaseous products such as GaCl3, GaCl2, GaCl and 
H2 [29]. Therefore diluted HCl in H2 can remove Ga residue on the reactor 
immobile part at moderate temperatures. In summary, a flushing run with 
diluted HCl with T > 520 ⁰C without the mobile parts of the reactor should 
significantly reduce the impurity supply from reactor contamination. Since 
the higher the temperature, the higher the P vapor pressure, it is 
recommended to use the highest operation temperature (1000 ⁰C) for the 
flushing. 
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Furthermore, contamination from the substrate can be avoided by 
either fully encapsulate (front and back side of the wafer and the side 
cleave edges) the substrate in a dielectric layer (such as SiNx) or eliminate 
III-V substrate and replace it by a group IV substrate. 
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Abstract 

This chapter presents the very first light emission from hexagonal Si1-xGex 
alloys (hex-SiGe), and the challenges of hex-SiGe growth on a wurtzite 
Gallium Phosphide (WZ GaP) nanowire template. We study the as grown 
morphology of the hex-SiGe shells with increasing Ge content, and find a 
concentration inhomogeneity of the hex-SiGe shells in sample lamellas. 
We propose possible reasons for the undesired architecture and the 
uneven concentration distribution. Additionally, we simulate the elastic 
strain energy density distribution in GaP/Si0.5Ge0.5 core/shell wires. The 
high strain energy density in the initial stage indicates that the 
fundamental lattice mismatch between GaP and Ge is resulting in non-
uniform hex-SiGe growth. In order to overcome strain related issues, we 
propose to change the nanowire template from GaP to GaAs, which is 
lattice matched with Ge. 

 

Keywords:   hexagonal SiGe, light emitting SiGe, concentration 
inhomogeneity, Ge segregation, strain distribution.  
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8.1. Introduction 

Cubic crystal phase Silicon (Si) and Germanium (Ge) are the basics of 
the semiconductor technology. Yet we associate them predominantly 
with electronic components such as transistors and integrated circuits [1]. 
Meanwhile, optical components, such as LED and lasers, are made from 
direct band gap semiconductors such as GaAs and GaN [2]. Why such a 
distinction? The answer lies in the indirect bandgap of cubic Si and Ge. 
Light emitting Si(Ge) has been a holy grail for decades but remained thus 
far an unachievable goal.  

Theoretical calculations have predicted that hexagonal Ge has a direct 
band gap and that Si has a local minimum at the Γ point [3–5]. This opens 
the possibility of direct band gap Si1-xGex (hex-SiGe) with a tunable gap 
energy. According to calculations, hexagonal Si1-xGex (x>0.65) alloys have 
a direct bandgap and would be able to emit light in the range of 0.3-0.7 
eV (4.1-1.7 μm) [6]. This material is hence very promising for CMOS 
compatible infrared lasers. For a low threshold efficient laser, a narrow 
linewidth gain medium is crucial. Accordingly, the hex-SiGe crystals 
demand uniform Ge concentration within one crystal, thus well-defined 
bandgap and emission energy. Additionally, large material volume and 
good morphology (i.e. flat facets) could ensure the emission intensity. In 
order to obtain reliable single frequency light sources, we dedicate 
ourselves in synthesizing hex-SiGe shells which are homogeneous in 
composition and with large volume.  

According to literature, hex-SiGe could be realized through diverse 
methods. Researchers realized the first hex-Si/Ge by a nano-indentation 
method through plastic deformation [7–9]. Similarly, stress induced phase 
transformation can be used in FinFET [10] and nanowire [11] geometries. 
Fabrication of Hex-Si(Ge) has been claimed with several methods 
including vapor-liquid-solid growth method [12–15], ion plantation [16], 
pulsed laser beam annealing [17], laser ablation [18], cluster beam 
evaporation [19] and low pressure CVD [20]. Yet with the methods 
mentioned above, it is only possible to synthesize small segments of hex-
Si(Ge).  

In order to acquire light emitting hex-SiGe, we need larger volumes as 
well as defect-free crystals. The crystal transfer method provides the 
opportunity to achieve this goal [21]. Previously, we have achieved single 
crystalline hex-SiGe on wurtzite GaP nanowire stems [22], but we have not 



Chapter 8 Challenges and outlook towards light-emitting hexagonal SiGe 
 

138 
 

observed light emission from these thin hex-SiGe shells. Here, we improve 
this method, and fabricate light emitting hex-SiGe alloys for the first time. 
Nevertheless, this study will focus on the challenges which are hindering 
our interpretation of the PL data. 

8.2. Experimental methods 

Wurtzite GaP nanowire templates are fabricated with the method 
described in chapters 4 and 3.2. The latter is essential for the observation 
of light emission. After chemical etching of the Au catalyst, an epitaxial 
GaP shell is grown at 570 ⁰C with a V/III ratio of 163. Directly after that, a 
Si spacer shell with 14 at.% Ge is grown at 495 ⁰C with Si2H6 and GeH4. 
After 12 nm of Si spacer growth, the Ge concentration is ramped from 14 
at.% to the designed input Ge percentage in one minute. Hex-SiGe shells 
with varying Ge content (40 at.%-100 at.%) are grown for 4 hours for each 
sample. The technical details of photoluminescence (PL) and the growth 
of hex-GaAs/SiGe samples is detailed in reference [23]. The strain 
simulation is elaborated in Chapter 3.5. 

8.3. Results and discussion 

8.3.1 First light emission from hex-SiGe 

Initial PL measurements are performed on samples with designed Ge 
percentage varying from 60 at% to 100 at.%. In Figure 8.1, we plot five PL 
spectra with relative shifts in the y axis for better representation, and the 
input Ge content is indicated per curve. Below 70 at.% Ge, no emission is 
observed, and at 70 at.% Ge, there is weak emission around 0.74 eV, i.e. 
1.67 μm. With increasing input Ge content, the emission peak shifts 
towards the infrared and the pure Ge shell shows emission around         
0.37 eV. Additionally, the emission around 0.86 eV in the 80 at.% curve is 
from a GaAs/InP quantum well sample showing intense emission, and it 
was placed next to the 80 at.% sample and used for laser alignment. The 
intensity of this peak is not comparable to that of the 80 at.% sample 
because the InGaAs/InP quantum well sample was placed outside of the 
focus of the laser. The high energy peak around 0.95 eV is from the 
alignment laser. A very prominent feature of the spectra is that the 
emission peaks are rather broad and three of the spectra have a tail on 
the low energy side.  
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By changing the input Ge content, we can tune the emission 
wavelength from 0.74 to 0.35 eV. As expected,  no emission was observed 
below 70 at.% Ge and the emission energy of pure Ge coincides with the 
theoretical calculations [3–6]. Hence according to the spectra, the direct-
indirect bandgap cross-over is between 60 at.% and 70 at.% Ge. It is 
beyond the scope of the present chapter to prove that the observed 
emission is due to a band-to-band process in Hex-SiGe. We however like 
to comment that the observed emission peaks are approximately 
comparable to the much higher quality spectra of Hex-SiGe which were 
published recently [23], thus showing that the observed spectra are the 
first demonstration of light emission from Hex-SiGe [24]. The peak 
broadening could have several reasons, such as Ge content fluctuation, 
defect, impurity or alloying broadening. In order to understand the 
spectra better, we investigate the structural properties and chemical 
composition in more detail. 

 

Figure 8.1. Photoluminecence of hex-SiGe grown on wurtzite GaP nanowire 
template. The Ge concentration is indicated per curve. We performed all the 
measurements at 4 K with a 976 nm laser, and the excitation density is about 
1 kW/cm2.  



Chapter 8 Challenges and outlook towards light-emitting hexagonal SiGe 
 

140 
 

8.3.2 Growth of hex-SiGe shells 

For this study, we fabricate a series of samples covering the full alloy 
range. A few representative SEM images from different Ge contents (40 
at.% to 100 at.%) is shown in Figure 8.2.a. For a given growth time of 4 
hours, the shell thickness increases from 82 nm to 900 nm with increasing 
Ge content. At the same time, we observe a decreasing morphological 
stability of the nanowire side walls. Beyond 50 at.% Ge input, contrast 
lines become visible in SEM and facets start to appear. The density of 
these features increases with Ge content. The zoomed-in image of a 65 
at.% Ge wire (Figure 8.2.b) shows both the contrast and the extra facets 
more clearly.  

Epitaxial growth of hex-SiGe takes place on the {10-10} facets of the WZ 
GaP nanowire templates. While hex-Si has almost the same lattice 
constants as WZ GaP [22,25,26], hex-Ge has around 4% lattice mismatch 
with WZ GaP [27]. It is therefore not surprising that with increasing Ge 
content, lattice mismatch becomes more prominent. And since all the Ge-
rich hex-SiGe shells (x>0.5) in this study are an order of magnitude thicker 
than the critical thickness of a planar, coherent epitaxial layer [28,29], we 
have to consider strain relaxation in the shells. 

Strain relaxation could happen either via dislocation or island formation 
[30–32]. It is shown in literature that for large lattice mismatch, islands are 
kinetically favored over dislocations [31]. In combination with our 
nanowire morphology, we propose that the growth of the Ge rich hex-
SiGe shells proceed with the Stranski-Krastanow (SK) mode and hence 

 

Figure 8.2. Morphology of the hex-SiGe. (a) SEM images of different hex-SiGe 
nanowires shells with  different  Ge  content. (b) A  single  nanowire  with  65 
at.% Ge lying on the substrate. All images are viewed under 30 degrees tilt. 
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forms non-vertical facets on the side walls [28,33]. However, we observed 
residual strain in the SiGe shells from TEM lamellas (not shown). That 
means in our system strain is not fully relaxed, which could  influence the 
mobility of the adatoms present on the sidewalls [34,35]. Consequently, 
due to the higher Ge adatom mobility, compositional segregation can 
occur during shell growth [34,36]. To investigate the crystal structure and 
actual Ge content, we prepared cross-sectional and axial TEM lamellas. 

8.3.3 Crystal structure, segregation and defects 

In a dark field STEM image, the core/Si spacer/SiGe shell structure of a 
hex-SiGe nanowire can be easily observed. This type of study provides a 
lot of insights into the growth and compositional homogeneity of hex-SiGe 
nanowires. A representative axial lamella is shown in Figure 8.3.a, where 
several indications of an inhomogeneous Si-Ge distribution is evident from 
the contrast. These phenomena will be discussed in more detail below. 
Peculiarly, the SiGe shell contains a light outer part with some dark stripes, 
and the dark inner part encloses brighter thin stripes. When zoomed in 
further on the left side of the lamella (Figure 8.3.b), we notice that the 
brighter stripes in the inner part start forming right after the Si spacer and 
continue towards the outer part. Once in the outer shell, the brighter thin 
strips expand rapidly to form the brighter outer part, and accordingly, the 
remaining dark stripes vanish towards outside. Throughout the hex-SiGe 
shell, we also see a high density of stacking faults (dark and bright 
horizontal lines).  

To quantify the compositional variation, we choose a representative 
region where the aqua box is in Figure 8.3.b, and constructed a 
concentration profile along the red arrow from the EDX mapping (not 
shown). The result is shown in Figure 8.3.c. It appears that the 
concentration of Ge in the outer part of the hex-SiGe shell is modulating 
between 50 at.% and 80 at.%. To confirm the crystal structure and crystal 
quality of the shell, we acquired selected area electron diffraction 
patterns in different regions of the shell. Figure 8.3.d shows a typical     
<11-20> zone axis diffraction pattern of the hexagonal lattice which is 
taken from the blue circle region in Figure 8.3.b. This shows that despite 
the severe segregation, the hexagonal crystal structure is preserved. 
Additionally, the diffraction spots are elongated in the direction parallel to 
the long axis of the nanowire. The elongated diffraction spots represent 
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that there are many stacking faults parallel to the {0001} crystal planes, 
i.e. the basal planes [37]. This is consistent with the stacking faults we 
observed in Figure 8.3.b. It is generally recognized that stacking faults can 
serve as fast diffusion channels and can induce material segregation in 
metals and Si [38,39]. To the best of our knowledge, it is not clear how 
basal stacking faults are related to Si-Ge inter-diffusion or segregation.  

Cross-sectional lamella of the same sample is represented in             
Figure 8.4.a. From the corresponding EDX mapping (Figure 8.4.b-c), we 

 

Figure 8.3. Crystal structure and inhomogeneity of a hexagonal GaP/Si 
spacer/SiGe core/multi-shell wire. (a) HAADF STEM image of an axial lamella 
of an 81 at.% input sample. The Si spacer and the SiGe shell are clearly visible. 
The layers outside of SiGe shell are Co and Pt protective film from lamella 
preparation. (b) A magnified HAADF-STEM image of left side of the lamella. 
(c) EDX profile taking from the region in the aqua box in (b). The red arrow 
indicates the direction of the profile. (d) Selective area electron diffraction 
pattern of the region inside of the blue circle, representing a <11-20> zone 
axis pattern indicating a hexagonal crystal structure with defects parallel to 
the {0001} crystal planes. 
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learn that the SiGe shell has a thickness of around 320 nm (facet to facet) 
and the Ge enriched outer part is around 100 nm. In cross-sectional view, 
we refer to this Ge enriched area as the Ge-rich ring. According to the EDX 
line profile (Figure 8.4.e), the Ge-rich ring has a Ge content of 50 at.% to 
80 at.% from the inside towards the outside (along the red arrow in Figure 
8.4.d). The increasing trend is consistent with the observations from the 
axial lamella in Figure 8.3.c. The Ge ring is not observed in a hex-SiGe shell 
with a total thickness of 220 nm which was grown for shorter time and 
under the same conditions. Additionally, we observe a few nanometers of 
Si enriched area outside of the Ge-rich ring. This and several other cross-
sectional lamella reveal that, at the interface of the Si spacer and the hex-
SiGe shell, Ge rich pyramids only appear on the {11-20} facets of the Si 
spacer (Figure 8.4.f and g). These pyramids have 5 to 10 at.% more Ge 
than the surrounding hex-SiGe shell according to EDX (Figure 8.4.h).  

Summarizing, several types of compositional inhomogeneities appear 
to be present in the hex-SiGe shell: the Ge-rich pyramids on the Si spacer, 
the Ge enriched ring in the outer hex-SiGe shell and the Ge-rich stripes in 
the inner hex-SiGe shell. These various types could be understood further 
from the parameters at play during the shell growth. 

The size of the Ge-rich pyramids depends on the size of the {11-20} 
facets of the Si spacer. As shown in Figure 8.4.f, two of the {11-20} facets 
are very small, hence the Ge-rich pyramids are merely visible; while the 
other four {11-20} facets are relatively big, so that the width and height of 
the pyramids increases with increasing {11-20} facets length. The {11-20} 
facets are high surface energy facets which could have higher adatom 
sticking probability than the {10-10} facets [40], therefore the growth rate 
of these {11-20} facets is most likely higher. As a results, these facets will 
disappear during shell growth. Additionally, due to higher Ge adatom 
mobility compared to Si [34], Ge is incorporated onto the {11-20} facets 
more easily than Si. 

The formation of the Ge-rich ring could be due to a cooling down effect. 
After the growth of the hex-SiGe shell, we switch off the Si2H6 and GeH4 
precursors. Since GeH4 can be cracked at temperatures as low as 250 ⁰C 
[41], and it takes at least 7 mins for the reactor to cool down from 495 ⁰C 
(the growth temperature) to 250 ⁰C, the remaining GeH4  could support 
growth of a Ge-rich ring. Yet even when we assume the Ge-rich ring to 
grow at the growth rate of pure Ge (at 495 ⁰C), which is the highest among 
the alloys, the resulting shell thickness within 7 mins would be 27 nm. This  
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Figure 8.4 Concentration inhomogeneity in the hex-SiGe shell. (a) HAADF 
STEM image of a cross-sectional lamella of an 81 at.% input sample. (b) 
Corresponding EDX map of Si showing Si enrichment outside of the Ge-rich 
ring. (c) EDX map of Ge showing Ge enrichment in the outer hex-SiGe shell. 
(d) Zoomed-in STEM image on part of the Ge-rich ring. (e) An EDX line profile 
was constructed from the region of the aqua box along the red arrow in (d). 
In the Ge-rich ring, the Ge concentration increases from 50 at.% to almost 80 
at.% gradually and suddenly decreases in the last 20 nm. (f) A higher 
magnification HAADF-STEM image of the core part of the core/multi-shell 
nanowire. One of the {11-20} facets is indicated by the blue arrow. (g) EDX 
map of Si showing the Si spacer. (h) EDX map of Ge confirming the local 
enrichment of Ge. Ge rich pyramids are present only on the six {11-20} facets 
of the Si spacer.  
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is far less than the 100 nm Ge rich ring we observed. So, there should be 
another effect resulting in the Ge-rich outer shell.  

Ge segregation in a cubic epitaxial SiGe film and islands has been 
investigated previously. It is shown that during epitaxial growth of rippled 
Ge layers at 610 ⁰C and domes on cubic Si at 600 ⁰C, Ge diffuses to the 
free SiGe surfaces  because of strain relaxation [42,43]. This could be a 
reason for the concentration gradient in the Ge-rich ring. However, up-
diffusion of Ge adatoms cannot explain the formation of the Ge rich ring. 
Because the total shell thickness and the segregated area of our hex-SiGe 
is one order of magnitude thicker/larger than previously reported for 
cubic films/islands/domes grown on a planar substrate [28,44,45].  On the 
other hand, the Ge rich stripes in the inner hex-SiGe shell are typically very 
thin, and expand rapidly only at a certain shell thickness (Figure 8.3.a). It 
could be that strain is inhibiting Ge incorporation into the shell up to a 
certain thickness. To gain more insight about strain distribution in our 
hexagonal GaP/Si0.86Ge0.14/SiGe core/multi-shell system, we perform 
simulations with a commercial finite element method tool. 

8.3.4 Strain distribution of the hex-SiGe shell 

With COMSOL Multiphysics, we simulate elastic strain in a hex-
GaP/Si0.86Ge0.14/Si0.5Ge0.5 core/multi-shell structure. The core size is 190 
nm, the Si spacer (Si0.86Ge0.14) thickness is 12 nm, and we varied the hex-
SiGe shell thickness from 10 nm to 800 nm. In this way, we study the 
evolution of strain during hex-SiGe shell growth at constant input Ge 
content. We assume that all the materials involved are perfect random 
alloys, fully elastic and do not form dislocations regardless of the strain 
level. Cross-sectional strain energy density color maps are extracted 
according to the method described in chapter 3.8.  

In Figure 8.5.a, we show strain energy density distributions of six cross-
sections of hex-Si0.5Ge0.5 shells which have a thickness of 10 nm, 40 nm, 
90 nm, 150 nm, 300 and 550 nm. According to the color scale, the strain 
energy density is lowest in the growth-front corners of the first 10 nm  
hex-SiGe shell, and this tendency remains with increasing shell thickness. 
On the contrary, the strain energy density is the highest at the Si 
spacer/Si0.5Ge0.5 interface corners for all thicknesses. Besides the corners, 
strain on the side facets decreases with increasing shell thickness. Beyond 
a thickness of 150 nm, most of the shell is almost free of strain. To show 
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how strain energy density changes in general with shell thickness in the 
hex-Si0.5Ge0.5 shells, we took the average strain energy density from 29 
cross-sections within a thickness range of 10-800 nm. For each of the 
cross-sections, we calculate the average strain energy density value in the 
middle part of a facet as indicated by the dashed box (Figure 8.5.a, 40 nm). 
The average strain energy density versus shell thickness is plotted in 
Figure 8.5.b. It shows that the strain energy density is decreasing 
drastically with increasing hex-SiGe shell thickness in the first 200 nm, and 
then it gradually approaching zero at larger shell thicknesses (Figure 
8.5.b). 

From both our simulation and literature, we learn that a thick-enough-
shell is mostly free of strain [46]. This could simplify the interpretation of 
the optical spectra. However, from a growth point of view, we have to 
consider strain variation during the entire growth of hex-SiGe as shown in 
Figure 8.5.a. For hex-Si0.5Ge0.5, the highest strain value could be as large 
as -1.6% on the facets of the core/shell interface (not shown). And we 
expect hex-Si1-xGex with higher Ge content (x>0.5) to have even larger 
strain at the facets where most of the epitaxy is taking place. Under such 
high strain level, island growth and dislocation formation could already 
occur in the initial stage of the hex-SiGe shell growth [32]. For higher Ge 
content hex-SiGe, the thickness where the strain approaches zero will 
differ from Figure 8.5.b. Yet the first part of the shells will always be 
heavily strained. Therefore, defect and segregation could not be 
prevented due to large strain.  

Literature shows that the relative thickness of the substrate and the 
epitaxial layer is important for growing a fully coherent film [47–49], and 
that a smaller nanowire core can increase the critical thickness of defect 
formation [29,50,51]. Nevertheless, the shell thickness we desire is above 
the enhanced critical thickness. This means the shell will always 
experience a high strain period where strain induced island growth and 
defects can occur, regardless of core diameter [52,53]. The island 
formation could change adatom diffusion kinetics [34] and the 
dislocations will be transferred to the following part of the shell [21].  
Additionally, strain can alter the binding energy and diffusion barrier of Si 
and Ge adatoms [35,54], and this could contribute to segregation. 
Unfortunately, we do not know the surface structure (reconstruction, 
surface hydrogen coverage, etc.) of our hexagonal {10-10} facets, nor the 
diffusion   path   of   the   adatoms.   We   cannot   directly   correlate   the  
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Figure 8.5 Calculated strain energy density distribution in the hexagonal GaP/ 
Si spacer /Si0.5Ge0.5 core/multi-shell system. (a) Color maps of the strain 
energy density on cross-sections of nanowires. The WZ GaP core diameter is 
kept at 190 nm, the Si spacer (Si0.86Ge0.14) is 12 nm, and the hex-Si0.5Ge0.5 shell 
thicknesses are indicated below and above and color maps. (b) Average strain 
energy density of the hex-Si0.5Ge0.5 shell with increasing Si0.5Ge0.5 shell 
thickness from 10 nm to 800 nm.  



Chapter 8 Challenges and outlook towards light-emitting hexagonal SiGe 
 

148 
 

segregation to strain, but we do observe a correlation between the 
segregation regions and high/low strain regions. Further study needs to 
be performed to gain more understanding about the correlation between 
strain and segregation in the hexagonal materials system. 

In conclusion, the high lattice mismatch makes it impractical to 
fabricate thick, homogeneous hex-SiGe shells with high Ge content on WZ 
GaP. A lattice matched WZ core is essential for synthesizing the light 
emitting hex-SiGe.  

8.4. Outlook 

When comparing the lattice parameters of hexagonal Ge to other 
wurtzite materials, we notice that wurtzite (WZ) GaAs almost has no 
lattice mismatch with hexagonal Ge [27,55], thus it is an ideal template for 
fabricating Ge-rich hex-SiGe. Nevertheless, it is very challenging to 
synthesize WZ GaAs without any stacking faults. Recently, Elham Fadaly 
from the same research group obtained defect-free WZ GaAs nanowires.  

Hex-SiGe shells of various Ge content have been grown on 50 nm WZ 
GaAs core wires. In Figure 8.6.a, SEM images of five samples with an input 
Ge content of 65 at.%, 70 at.% , 80 at.% ,  90 at.% and 100 at.% are shown. 
Clearly, the hex-SiGe shells grown on WZ GaAs have much smoother side 
walls than those grown on WZ GaP (Figure 8.2.a). Multi-faceted side walls 
only start to appear when the Ge content is below 70 at.%. Especially for 
pure hex-Ge, we do not observe any diameter modulation as observed in 
the hex-Ge grown on the WZ GaP nanowire templates. Figure 8.6.b shows 
emission spectra of the hex-GaAs/Ge (solid line) and hex-GaP/Ge (dashed 
line) samples. The hex-GaP/Ge spectrum has three peaks at energies of 
0.35, 0.37, and 0.45 eV.  The hex-GaAs/Ge spectrum contains one peak at 
an energy of 0.37 eV, which is a lot narrower. This peak energy is in 
excellent agreement to recent density-functional theory calculations by 
the Jena group [5] and has been assigned to band-to-band emission from 
hex-Ge [23] . Importantly, the emission peak of hex-GaP/Ge and hex-
GaAs/Ge systems overlap, showing that the hex-GaP/Ge system also emits 
close to the bandgap energy. Given the fact that hex-Ge grown on GaP is 
highly defected and hex-Ge grown on GaAs is nearly defect-free [56], we 
believe that the peak broadening of hex-GaP/Ge could be due to 
dislocations  and  strain,  while  the  observed  red  shift  of  the hex-GaP/Ge  
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Figure 8.6 The hexagonal GaAs/SiGe material system. (a) Hex-SiGe shells of 
different Ge at.% grown on wurtzite GaAs nanowire templates. (b) 
Comparison of PL spectra of hex-Ge grown on wurtzite GaP and wurtzite 
GaAs nanowire templates. The measurement temperature is 4 K for both 
samples, and the excitation density is 1 kW/cm2 for GaP/Ge and 2 kW/cm2 
for GaAs/Ge. 
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peak is most probably due to compressive strain of hex-Ge regions located 
close to the GaP core.  

In conclusion, WZ GaAs is a more suitable growth template for light 
emitting hex-SiGe. Further TEM and EDX lamella studies are needed to 
examine the concentration homogeneity of the hex-SiGe alloys grown on  
WZ GaAs. And simulated strain distribution can help us to explore the 
dimension limits of hex-SiGe shells grown on WZ GaAs. Moreover, based 
on the mature growth scheme of WZ GaAs, ternary WZ GaAs1-yPy can be 
made to be lattice matched with any Si1-xGex composition or to impose 
desired level of elastic strain. 
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Summary 
The aim of this PhD project is to fabricate defect-free group IV 

semiconductors (Si and SiGe) in the hexagonal crystal phase. Theoretical 
calculations predict that hexagonal Si1-xGex alloys (x>0.65) have tunable 
direct band gaps in the infrared wavelength (4.1-1.7 μm). This offers us a 
unique opportunity to obtain light emission from hexagonal Si1-xGex alloys 
(hex-SiGe) and it is hence very promising for CMOS compatible infrared 
lasers. Utilizing the crystal structure transfer method, we fabricated hex-
SiGe nanowire shells on wurtzite GaP nanowire cores.  

Although great results on growth of thin hex-SiGe nanowire shells has 
been achieved by former colleagues, no light emission was observed. By 
improving processing and growth techniques, we fabricated hex-SiGe 
shells which are able to present optical emission in this material for the 
first time. Nevertheless, this material is challenged by multiple crystalline 
defects. These defects includes stacking faults, a novel planar defect and 
impurities. In the later stage of her PhD programme, Yizhen focused on 
understanding these crystalline defects in the hex-GaP/ SiGe core/shell 
nanowire system. 

During her PhD, Yizhen performed substrate processing and epitaxial 
crystal growth of nanowires and nanowire shells in a Metal Organic Vapor 
Phase Epitaxy (MOVPE) reactor in the cleanroom. After growth, all the 
nanowire samples are characterized with Scanning Electron Microscopy 
(SEM). Based on requirements of each research question, some 
nanowires samples are also characterized by collaborators with 
Transmission Electron Microscopy (TEM), X-ray Diffraction (XRD), 
Terahertz (THz) spectroscopy, Atom Probe Tomography (APT), and 
Photoluminescence (PL). Utilizing Density Functional Theory (DFT), 
collaborators also performed band structure calculations of hex-SiGe and 
hexagonal Ge with the 2-D defect. 

As the foundation of this project, we wish to obtain defect-free wurtzite 
crystal phase GaP (WZ GaP) nanowires. In chapter 4, we showed precise 
control of defect density ranging from 0.2 to 40 per μm nanowire length 
in the WZ GaP nanowires. We also showed that GaP photoconductive 
lifetimes can be reduced by 50% when the stacking fault density is 
increased from 0.2 μm-1 to 3.5 μm-1. 
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In chapter 5, we presents our study about hexagonal Si (hex-Si) shell 

growth from two precursors, Si2H6 and Si4H10. We showed that hex-Si shell 
growth from Si4H10 has much lower activation energy than that of Si2H6 in 
the hydrogen desorption limited temperature regime (415 °C - 575 °C). 
And due to the specific diffusion length of surface adsorbates on the 
nanowire side walls and parasitic film growth on the substrate, hexagonal 
Si shell grown in the chemisorption limited regime is inverse tapered. 

In chapter 6, we reported a novel planar defect which is specific in the 
hexagonal SiGe material system. With TEM study and atomistic modelling, 
we reconstructed the defect spatially. The density of this planar defect 
decreases from 18 μm-1 to 0 μm-1 with increasing temperature in a 
temperature range of 575 °C - 735 °C. And the defect density increases 
linearly with shell volume at investigated temperature. Fortunately, given 
the presence of this planar defect, DFT calculations shows that it does 
introduced any energy states in the band gap in Ge and Ge rich alloys. 

Origin of impurities in hex-SiGe shells were investigated in chapter 7. 
With APT, we can monitor impurity concentration down to 1 ppm. We put 
forward three impurity sources, the GaP substrate, the gas phase and the 
reactor contamination, and analyzed their contributions. At last we 
proposed an in-situ cleaning method which can reduce the P impurity by 
5 times. 

Last but not least, we discuss the issues regarding light emitting SiGe 
shells. We show that the hex-SiGe shells grown on GaP are possessing high 
defect density and composition inhomogeneity. And due to high lattice 
mismatch between GaP and Ge (therefore high strain level near the hex-
GaP/SiGe interface), the Ge-rich hex-SiGe cannot grown in a layer-by-layer 
mode. In order to solve this problem, we need to develop a lattice 
matched template for growing hex-SiGe of large volume.  
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