
 

Probing impurities at the atomic scale in semiconductor
structures
Citation for published version (APA):
Plantenga, R. C. (2019). Probing impurities at the atomic scale in semiconductor structures. [Phd Thesis 1
(Research TU/e / Graduation TU/e), Applied Physics and Science Education]. Technische Universiteit
Eindhoven.

Document status and date:
Published: 22/11/2019

Document Version:
Publisher’s PDF, also known as Version of Record (includes final page, issue and volume numbers)

Please check the document version of this publication:

• A submitted manuscript is the version of the article upon submission and before peer-review. There can be
important differences between the submitted version and the official published version of record. People
interested in the research are advised to contact the author for the final version of the publication, or visit the
DOI to the publisher's website.
• The final author version and the galley proof are versions of the publication after peer review.
• The final published version features the final layout of the paper including the volume, issue and page
numbers.
Link to publication

General rights
Copyright and moral rights for the publications made accessible in the public portal are retained by the authors and/or other copyright owners
and it is a condition of accessing publications that users recognise and abide by the legal requirements associated with these rights.

            • Users may download and print one copy of any publication from the public portal for the purpose of private study or research.
            • You may not further distribute the material or use it for any profit-making activity or commercial gain
            • You may freely distribute the URL identifying the publication in the public portal.

If the publication is distributed under the terms of Article 25fa of the Dutch Copyright Act, indicated by the “Taverne” license above, please
follow below link for the End User Agreement:
www.tue.nl/taverne

Take down policy
If you believe that this document breaches copyright please contact us at:
openaccess@tue.nl
providing details and we will investigate your claim.

Download date: 24. May. 2023

https://research.tue.nl/en/publications/eb6db954-dd8e-4928-93e0-674724cd245a


 

Probing impurities at the atomic scale in 
semiconductor structures 

PROEFSCHRIFT 

ter verkrijging van de graad van doctor aan de Technische Universiteit  
Eindhoven, op gezag van de rector magnificus prof.dr.ir. F.P.T. Baaijens, voor een commissie 

aangewezen door het College voor Promoties, in het  
openbaar te verdedigen op vrijdag 22 november 2019 om 16:00 uur

door

Rianne Carolina Plantenga

geboren te Amsterdam



ii

Dit proefschrift is goedgekeurd door de promotoren en de samenstelling van de promotie-
commissie is als volgt: 

voorzitter:   prof.dr.ir. G.M.W. Kroesen 
1e promotor:   prof.dr.ir. P.M. Koenraad 
2e promotor:   prof.dr. E.P.A.M. Bakkers 
leden:   prof.dr. K. Volz (Philipps Universität Marburg) 
   prof.dr. M.P. Moody (University of Oxford) 
   prof.dr. M.E. Flatté (University of Iowa) 
   prof.dr. A.A. Bol 
adviseur(s):  dr. S. Kölling (Polytechnique Montréal)

Het onderzoek dat in dit proefschrift wordt beschreven is uitgevoerd in overeenstemming 
met de TU/e Gedragscode Wetenschapsbeoefening.



This thesis is part of NanoNextNL, a 
micro and nanotechnology innovation 
consortium of the Government of 
the Netherlands and 130 partners 
from academia and industry. More 
information on www.nanonextnl.nl.

A catologue record is available from the Eindhoven University of Technology Library.

ISBN: 978-90-386-4902-3



iv



Summary

In semiconductors impurities can, even at the ppm level, significantly change the optical 
and electronic properties. These impurities can interact, making relative positioning 
relevant on the macroscopic scale, as well as the atomic scale. Hence there has been a 
continuous push towards higher sensitivity and better resolution in the detection of 
impurities in semiconductors. Cross-section Scanning Tunneling Microscopy (X-STM) and 
Atom Probe Tomography (APT) are capable of capturing impurities in semiconductors at 
the atomic scale, both within their own unique abilities.

Here, X-STM was used to study the isovalent impurities nitrogen (N) and bismuth (Bi) 
in galliumarsenide (GaAs). These isovalent impurities have received great interest 
for alternating the optical and electronic properties of their host drastically, creating 
opportunities in applications, for example, for infrared detectors and multi-junction solar 
cells. A nitrogen delta layer and a nitrogen alloy layer are studied, as well as a bismuth 
layer. Specifically for the nitrogen impurities an in-depth study is performed anticipatory, 
to further refine and strengthen the assignment of nitrogen centers to the layer below 
the cleave plane in which they reside. Analysis of the samples shows that the produced 
structures differ from what first analysis with photoluminescence (PL) or reflection high-
energy electron diffraction predicted. 
The δ-layer of nitrogen shows a much larger width than anticipated. In similar structures 
PL emission was assigned to pairs along the layer. The large width makes the specific 
formation of pairs along the layer due to statistics by itself unlikely. STM studies can help 
to verify or falsify this claim. 
Studies on an MBE (molecular beam epitaxy) grown layer containing 1,2% N showed 
anti-pairing of the nitrogen centers, very similar to the anti-pairing that was reported for 
boron in GaAs. Further comparison to literature suggests the presence of a general trend 
in clustering related to the period (in the Periodic Table) of the substituting species. The 
low number of pairs in the [110] direction along the growth plane, but presence of similar 
pairs in other directions suggest a connection of the inhibition of the pair formation to the 
layer growth along the plane.
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Switching to the GaAsBi alloy, this shows irregular bismuth enriched areas on the 
micrometer scale, which seem to be more related to the gallium droplets that form under 
the low V/III ratios used for growth. From this we can conclude that the growth is not yet 
well understood.

The STM is not only able to show the distribution, but also study the electronic properties 
of the impurities on the single level. Two resonances related to a surface state were 
captured at high resolution and well-defined for the nitrogen impurity center. When 
tuning the tunneling into resonance with the nitrogen state in the conduction band a highly 
anisotropic shape can be observed for the enhanced LDOS (Local Density of States) around 
the nitrogen defect.  The enhanced LDOS of the nitrogen centers is compared to tight binding 
calculations that simulate the spatial structure of the resonant level. The good match shows 
that the shape of the resonant state mainly originates from the symmetry of the lattice 
and that long range strain does not need to be considered. Moreover, it demonstrates that 
the tight binding calculations produce a good basis to study interaction between nitrogen 
centers in more extended systems. The anisotropic shape confirmed in experiment and 
theory indicates that the interaction between nitrogen centers is anisotropic, which adds 
to earlier observations in literature and which is essential for understanding the optical 
behavior of nitrogen doped GaAs.

The APT was used to investigate hexagonal silicon acquired by templated growth on 
wurtzite galliumphosphide (GaP) nanowires. We aim to gain a better understanding of the 
introduction of phosphorus during the production route of this novel material. This will 
most likely influence the electronic and optical properties, while the hexagonal group IV 
materials main application goal lies in opto-electronic coupling. 

The APT is a promising tool for analyzing the impurity content of the londsdaleite silicon. 
However, preparing atom probe tips from samples turns out to have additional geometric 
restrictions because of the difference in evaporation behavior between GaP and Si during 
the APT measurement. Furthermore, the aberrations in the imaging of the GaP region 
together with the high clustering of phosphorus species before desorption should be taken 
into consideration when analyzing the GaP-Si system. 

In the studied samples the phosphorus content in the silicon shell likely was not established 
by solid state diffusion, but rather by introduction of phosphorus from the gaseous phase 
during silicon overgrowth. The simultaneous incorporation of gallium hints to GaP related 
sources, rather than purely phosphorus related sources. Moreover, with APT we were able 
to measure that the phosphorus and gallium incorporation in the silicon shell is reduced 
by an order of magnitude by several changes to the growth method. These include covering 



the substrate with a silicon nitride mask and increasing the length of the purging step. 
However the concentration is still in the 0,01 - 0,1% range. Likely sources to address are 
the GaP disintegration and the memory effect. This suggests a selective etch removing the 
catalyst could help, as well as a separation of susceptor and a cleaning step before growing 
the final SiGe shell with high optical quality.

A combination of cross-section TEM with APT studies revealed several facet-related 
phenomena in the WZ GaP templated structures. When overgrown with a GaP VS shell the 
VLS grown GaP core showed an increasing contribution of the {11-20} facets next to the 
{10-10} facets indicating that the energies of these facets do not differ much. Hence, by 
controlling the GaP overgrowth, the facets offered as template can be controlled.
After growing a GaP shell a silicon(-rich) shell is grown to form a base for silicongermanium 
(SiGe) alloy growth. The SiGe alloy shell has a compositional structure depending on the 
offered template. In case a hexagonal core is present solely terminated by {10-10} facets 
stripes of different alloy compositions can be seen on the line the corner is expected to 
draw during growth. If {11-20} facets are present triangular germanium enrichments are 
seen, associated with the disappearance of that facet during SiGe shell growth. The alloy 
structure can be understood from diffusion models, but anisotropic material supply needs 
to be taken into account. 
As compositional control is essential for the obtained optical behavior it is interesting to 
see how much control can be realized on the formation of the template facets. Furthermore, 
it could be useful to follow up on the indication that the concentration of incorporated 
germanium could influence the overall compositional structure. The model gives 
indications for other parameters that could change the compositional structure, whose 
impact thus could be worthwhile to study.
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In modern society semiconductor based devices are all around us. LEDs light our roads, 
houses and screens, we connect to the world through a network of machines and switches 
using	transistors	and	we	try	to	fight	harmful	emissions	and	create	societies	independent	
from fossil fuels by using solar cells. Semiconductors are at the base of each of these 
applications.

Interestingly it is not just the bulk that counts. The ‘strangers’ in the material, the 
impurities, have a global impact even if they are present in minute quantities, independent 
of whether they are intentionally or unintentionally there. Impurities can create free 
charge	carriers,	internal	fields,	localized	levels	or	delocalized	levels	and	as	such	influence	
the	 current	 flow	 in	 devices,	 optical	 emission	 and	 absorption	 and	 many	 things	 more.	
These effects are so prominent that impurities are used to shape the behavior of the 
semiconductors. As such hardly any semiconductor device structure exists that functions 
without impurities.

In this thesis we studied the impurities in two groups of systems. First, we studied 
nitrogen centers in GaAs. The nitrogen centers have gained renewed interest with the 
advances in bismuth incorporation in GaAs over the last decade. Both nitrogen and bismuth 
are capable of effectively narrowing the GaAs band gap. However, the nitrogen atom is 
smaller than the arsenic atom it replaces, while the bismuth atom is larger than the arsenic 
atom it replaces. Hopes are that simultaneous incorporation gives free access to a wide 
range of band gap tuning, while growing the material strain free on GaAs substrates, such 
that defects can be avoided. Additionally the bismuth should suppress loss channels for 
recombination after optical excitement, improving the material’s performance as optical 
detector or solar cell.
 To gain a thorough insight in the incorporation behavior we studied nitrogen in 
GaAs	on	the	atomic	level	with	STM.	Also	a	first	glance	was	taken	at	a	system	of	bismuth	
in GaAs (Chapter 5). This revealed a seemingly general trend, showing anti-pairing for 
the smaller nitrogen centers, while clustering was seen for the larger bismuth centers. 
Furthermore, we studied the electronic structure of the nitrogen to understand the 
electronic behavior of the nitrogen centers and their ensembles (Chapter 6). Highly 
anisotropic wavefunctions were revealed by STM studies and reproduced in tight binding 
calculations.



4

Secondly, we studied hexagonal Si and SiGe shells on GaP nanowires. By overgrowing 
wurtzite GaP with shells, this uncommon phase of Si and SiGe can be grown reproducibly 
with high crystal quality. However, a III-V nanowire is needed as a template for obtaining 
this phase. We studied what the use of this nanowire template means for the hexagonal 
Si and SiGe that is formed. To investigate if the method introduces impurities, the 
nanowire samples were studied with the atom probe. First we explored how to analyze 
such a system in atom probe (Chapter 7). This is non-trivial as the analysis of the GaP-Si 
system in laser pulsed atom probe tomography gives rise to inhomogeneous evaporation 
behavior,	which	results	in	image	abberations	leading	to	erratic	density	fluctuations	in	the	
3D reconstruction. Subsequently, we analyzed the impurity content of the shells and tried 
to identify the source of the impurities present (Chapter 8). Changes in growth method 
showed a roughly tenfold decrease in Ga and P content of the Si shell. At the same time we 
observed	that	the	SiGe	alloy	showed	composition	fluctuations.	This	was	studied	in	detail	
by TEM on lamella of the nanowires (Chapter 9). 
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2.1 Electronic behavior of semiconductors: band structure
Semiconductors owe their semiconducting behavior to their electronic structure. The 
atoms of the lattice form molecular orbitals (MO’s) that are more delocalized over the 
lattice, the larger the lattice is. With increasing lattice size the number of MO’s increases. 
The MO’s are bunched at certain energies. If the lattice is large enough, the MO’s occur in 
groups of MO’s with quasi-continuous energy, thus forming bands (see Figure 1a-c). Such 
band structures are common for crystalline materials, hence for metals and crystalline 
insulators as well. Semiconductors are characterized in particular by the fact that in the 
ground	state	all	bands	are	filled	up	completely	up	to	the	upper	edge	of	the	so	called	valence	
band. This valence band is separated by a band gap from the conduction band which is 
completely unoccupied in the ground state (see Figure 1c).

To	get	conductance	in	such	lattices,	one	of	the	bands	need	to	be	partially	filled,	as	
is the case in metals. Semiconductors are isolating, unless electrons are promoted out of 
the valence band or into the conduction band. This promotion can happen permanently by 
introducing additional charge carriers with so called dopants (on which we will elaborate 
further later), or reversible by for example introducing light, temperature or an electric 
potential	 with	 sufficient	 energy.	 Hence	 the	 term	 ‘semiconductor’,	 since	 the	 isolating	
material can be made to conduct with the appropriate stimulus, making it sometimes 
conducting,	sometimes	isolating.	The	semiconductor	does	not	have	a	defined	size,	but	can	
consist of any number of unit cells, as long as there are enough in each direction to show 
the ensemble behavior that leads to the typical semiconductor behavior. 
	 To	find	materials	that	have	the	band	structure	and	band	filling	of	semiconductors	
we can consider the periodic system. Many elements are metals and a small group of 
elements is non-metals. At the border of these conductors and insulators there are the 
elemental group IV semiconductors, Si and Ge. Furthermore combinations of group III and 
V elements, like GaAs or InP, are known to result in the semiconducting band structure, as 
well as a number of combinations of group II and VI materials. These are classical binary 
systems. However, the transition area between metals and insulators shows a transition 
rather than an abrupt change. The non-metals that form lattices, like boron nitride or 
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carbon in diamond, do form a band structure similar to that of a semiconductor. However, 
the	band	gap	between	the	filled	and	empty	band	is	so	large	that	promotion	of	carriers	over	
the	band,	to	create	partially	filled	bands,	is	practically	inhibited.	Therefore,	these	are	not	
considered semiconductors but insulators. Going down the groups and towards the metals 
the	band	gap	diminishes,	making	the	gap	so	small	that	it	is	difficult	to	inhibit	promotion	of	
carriers, in which case the term metalloids is used and the materials behave very similar to 
metals.	If	the	gap	closes	and	the	bands	merge	the	material	has	a	partially	filled	band,	hence	
is a metal.
 Within the group IV elements alloys can be formed that are also semiconductors 
like for example SiC and SiGe. Similarly various group III and group V elements can be 
combined to form semiconductors, e.g. InGaAsP. Next to the semiconductors like these that 
intuitively can be recognized from the periodic system additional semiconductors exist. 
Although some of these are binaries like the IV-V compounds, most are more complex with 
a non 1:1 stoichometry like for example the group IIx-IVy semiconductors (e.g. MgSi2) and 
ternaries like the I-III-VI2 (e.g. CuAlSe2). 

Figure 1 a) Molecular orbitals (MOs) resulting from atomic orbitals (AOs) on two different atoms. b) An increasing 
number of atoms results in an increasing number of MOs. At large numbers of atoms bands existing out of a 
quasicontinuum of energy levels result. c) Schematic showing the number of states as function of energy and the 
electron occupation of the levels in the ground state, where grey corresponds with states occupied with electrons. 
General aspects in the electronic structure of a semiconductor are indicated, such as valence band, conduction band and 
band gap. d) Schematic of the global band arrangement in an insulator and metalloid with respect to the semiconductor 
case.
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2.2 Crystal structure
Within the group IV and group III-V semiconductors the size of the unit cell varies as the 
size of the atoms that build up the unit cells vary. However, there are great similarities in 
the basic buildup of the unit cells. In bulk the group IV and group III-V semiconductors 
both typically have a cubic unit cell from which their lattice is built. An exception is seen for 
the III-V nitrides: GaN and InN have a hexagonal unit cell in bulk crystals.1 The basic lattice 
points for the group III-V semiconductors are the same for the group IV semiconductors, 
but where the unalloyed group IV semiconductors have a dumbbell consisting of identical 
elements on each lattice point, group III-V semiconductors have dumbbells of a group III 
and a group V element at each lattice point. Because of the difference in symmetry in the 
system thus caused, the cubic phases carry different names, i.e. ‘diamond structure’ for 
cubic group IV materials and ‘zinc blende’ for cubic group III-V materials. 

Sometimes a hexagonal phase can be obtained from other crystal phases that 
form after applying pressure [1]–[5] or by growing semiconductor material away from 
equilibrium using, for example, laser ablation [6], [7]. In nanowire growth the hexagonal 
phase has been realized for several III-V materials [8]–[13]. Also hexagonal group IV 
material has been realized by providing the hexagonal III-V materials as a template for the 
group IV material to grow on [14], [15]. The hexagonal phase of III-V’s is called wurtzite, 
whereas the hexagonal phase of the group IV elements is called londsdaleite.

In Figure 2a and b a schematic representation of a unit cell for the zincblende 
crystal and one for the wurtzite crystal is depicted. These are common unit cells for 
describing these crystal structures, as well as the a,b,c directions displayed next to them. 
If an anion is placed at the origin and we imagine that at all of the edges of the unit cell an 
identical unit cell is placed it can be seen that the cations span up an identical lattice (in 
a mathematical picture this can be seen as one dumbbell occupying a lattice point). The 
displacement of the cation in the cubic system is 1/4th along the a, b and c directions, while 
for the hexagonal system it is 1/3rd in the c direction. 
 When looking into the atomic build-up of the cubic and hexagonal structure it can 
be seen that both are build up from tetrahedrons, which explains why both can be built 
while starting with the same primary components. By comparing the stacking along the 
diagonal of the zinc blende structure with the stacking along the c-axis of the wurtzite unit 
cell (see yellow indicated bonds) it can be seen that the difference is only the angle of the 
third tetrahedron in the stack.
 The length of the unit cell in the a,b and c directions are called the lattice constants. 
If two materials with different lattice constants have to connect, the unit cell has to be 
compressed or stretched to form a continuous crystalline material. Hence, growth of non-
lattice matched materials on top of each other leads to strain, which can result in crystal 

1 BN and AlN do not have cubic unit cells as well, but it is arguable if these are semiconductors.
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defects. The electronic structure of the strained material will deviate from the unstrained 
material, since the position of the cores and the electron distribution will change. 
 To indicate the directions in a crystal the so-called Miller indices are used: Unit 
vectors	are	defined	along	the	a,b,c	axes	with	unity	equaling	the	length	of	the	unit	cell	in	
that direction. The [0,1,0] direction, for example, indicates the direction along the b-axis. 
Note that for the hexagonal system a fourth redundant index is introduced. Due to the 
trifold symmetry the geometry along the a’ vector (see Figure 2b) is equal to that along the 
a and b vector. Although the a and b vector can describe the whole xy plane, the equality in 
geometry is more apparent by using the third index in the xy plane as well. Together with 
the index along the c axis this results in a vector with four indices. Also the labelling for 
the planes is derived from these indices. In the cubic system the plane label comes from 
the vector that is perpendicular to its surface. In hexagonal systems the derivation is more 
complicated.
 In Figure 2e and f a number of planes is indicated that we encounter in our systems. 
The systems analyzed in the STM are grown on a substrate with a (001) surface, whereas 
the wurtzite GaP nanowires are grown on the cubic (111) interface as this matches 
the (0001) surface of the hexagonal unit cells. The hexagonal nanowire systems can be 
terminated by (10-10) surfaces, which are the surfaces that follow the interface of the unit 
cells. Another often encountered facet in hexagonal systems is the (11-20) surface, which 
cuts through the unit cell as indicated in Figure 2f. The (110) planes of the cubic system 
are important for X-STM as the cubic III-V semiconductors can be reliably cleaved along 
this plane, exposing a clean crystalline surface. The high stability of the (110) surfaces is 
linked to their apolar nature: when cleaving the crystal the amount of anions on one side 
of the cleave, equals the amount of cations on that same side. This is in contradiction to for 
example the (111) surface that is terminated either by cations or anions and thus causes a 
separation of charge when cleaved.

2.3 The 110 surfaces
The III-V samples for X-STM are cleaved in ultrahigh vacuum (pressures below 10-10 Torr, 
10-13 atm), leaving the surfaces unpassivated. Unlike in many other solids, the (110) 
surfaces of III-V semiconductors hardly reconstruct. Instead it was calculated that the 
surface relaxes by buckling the anion out of the surface and the cation into the surface [7 
and references therein]. The dangling bonds are directed upwards, close to maintaining 
the	tetrahedral	configuration	found	around	each	atom	in	the	bulk	of	the	crystal.	The	group	
V element keeps its anionic character accommodating two electrons in its dangling bond, 
while the group III element has no electrons occupying its dangling bond. The orbitals 
at the surface combine into surface states. Due the reorganization of the electrons, there 
are	no	half-filled	dangling	bonds	at	the	surface.	This	prevents	the	formation	of	half-filled	
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The 110 surfaces

Figure 2 a) schematic representation of the unit cell of zinc blende (or diamond if anion and cation are equal) and the 
primary axes along which the lattice constants are typically measured. b) Stacking of the tetrahedrons highlighted with 
yellow in a). For reference part of the boundary of the unit cell is drawn and the shift of the layer is labeled with A to C. 
c) schematic representation of the unit cell of wurtzite (or londsdaleite if anion and cation are equal) and the primary 
axes along which the lattice constants are typically measured. A larger unit cell than necessary is taken to represent 
the threefold symmetry present in the hexagonal system. The minimal unit cell is indicated within the unit cell (dashed 
lines). Also the additional redundant axis is indicated with a’. d) similar to b) but for the yellow region indicated in c). e) 
examples of important families of planes in relation to the unit cell in the cubic system. f) examples of important families 
of planes in relation to the unit cell in the hexagonal system.
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Figure 3 a) Alignment of the surface resonance with the bands of the III-V semiconductors. b) Representation of the 
(110) surface in side view and top view, showing the buckling at the surface and the zigzag rows. The color conventions 
for anion and cations is similar to Figure 2. c)-f) Spatial iso-LDOS derived from and inspired by the maps calculated 
by Engels et al.[16] for the various surface states. Note that the C4 state is in fact composed of many states. The 
represented density is at a limited energy window in the C4 range.

metallic-like surface states in the band gap as was calculated for the unrelaxed GaAs surface 
[17], [18] (and, for example, observed for the Si(111) surface that is 7x7 reconstructed 
[19]). Instead the surface states of the III-V semiconductors are resonant with the valence 
band and conduction band, with a density of states only tailing of slightly into the band 
gap. 

Engels et al. calculated the spatial dispersion of these states and labeled these 
surface states the A4 and A5 (resonant with the valence band) and C3 and C4 (resonant 
with the conduction band) state (see Figure 3a) [16], [20]. The A4 and A5 state form lines 
parallel to the zigzag rows at the (110) surface (see Figure 3c and d) and are centered 
more or less on the dangling bonds of the anions, hence the A. Spatially the A5 state is 
located slightly more in between the zigzag rows than the A4 states. Furthermore, the A5 
state is higher in energy than the A4 state, hence the higher number. At the conduction 
band the C3 and C4 states are found that have their maximum intensity centered around 
the cations in the zigzag rows. The structure of the C4 state is also parallel to the zigzag 
rows, but the C3 is perpendicular to the zigzag rows (see Figure 3e and f).

2.4 Dopants
In the most iconic picture dopants are atoms that substitute for the atoms of the host 
semiconductor, but have a different number of valence electrons than the atom that they 
are substituting for, thus introducing electrons or a lack of electrons, typically called a 
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‘hole’.	For	example,	if	the	phosphorus	atom,	which	has	five	valence	electrons	is	introduced	
at the position of a silicon atom, that only has four valence electrons, in a silicon crystal an 
extra electron is available in the system. Impurities in interstitial positions, i.e. positions 
between the regular lattice positions, can also act as dopants, but the introduced charge is 
less straightforward to assign as the binding environment around such impurity deviates 
from	the	standard	lattice	configuration.	When	substituting	a	host	atom	with	an	atom	of	an	
equal	number	of	valence	electrons,	for	example	arsenic	atoms,	with	a	valence	of	five,	with	
nitrogen	atoms,	 that	also	have	a	valence	of	 five,	 these	are	called	 isovalent	 impurities	or	
dopants. 

When substituting one atom for another the binding and resulting MO’s are 
different, introducing resonances at different energies than the original host. Classical 
dopants form unoccupied levels close to the valence band or occupied levels close to the 
conduction band. A small energy is then needed to promote an electron out of the valence 
band or into the conduction band to make the semiconductor conducting. However, also 
less favorable energy alignments are known. Au in Si or O in GaAs for example can be donors 
that have their energy level closer to the valence band than to the conduction band [21]. 
In this case we talk about ‘deep donors’.  The energy at which this resonance occurs and 
whether it is occupied or not determines in the end how well the dopant can be activated. 
Isovalent dopants typically form states similar to their host in energy and occupancy and 
therefore typically do not form levels that get activated to produce charge carriers.

The levels introduced by impurities in their semiconductor host, whether they are 
dopant or isovalent impurities, will merge and form bands when the number of impurities 
is	large	enough.	In	the	case	of	isovalent	impurities,	at	sufficiently	high	concentration	the	
alloying regime is reached.

2.5 Alloys
The	unalloyed	semiconductors	differ	in	unit	cell	size,	reflected	in	the	lattice	parameter,	and	
electronically in band structure (see Figure 4). Mixing the unalloyed semiconductors into 
alloys therefore changes the lattice and the band structure.
 The lattice constant of the alloy is typically approximated by linear interpolation 
between the sizes of the unalloyed semiconductors, which is also referred to as Vegard’s 
law, i.e. the size of the unit cell is given by the size of the non-alloyed unit cells averaged 
with the concentration of each of the contributing unalloyed semiconductors. For the band 
gap	the	same	approach	might	seem	intuitive.	However,	in	practice	this	is	a	too	simplified	
picture. The bands are build up from (sub-)bands with different symmetries. The order of 
which (sub-)band is lowest in energy can change per semiconductor. Linear interpolation 
of bands with the same symmetry already results in a better match with reality. This is 
for	example	reflected	in	the	tie	line	of	AlP	with	InP	in	Figure	4a.	The	small	lattice	constant	
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Figure 4 a) The band gap of various semiconductors versus their lattice constant. To make a fair comparison the a lattice 
constant is taken for cubic lattices, while the a lattice constant times the square root of 2 is taken for hexagonal lattices. 
The crystal phase is indicated. Tie lines give an indication for the evolution of the band gap as function of the lattice 
constant of the alloys. The gaps of subband transition that are optically active are indicated with solid lines, while the 
gaps from other subbands are indicated with dashed lines. The Figure is mainly derived from Vurgaftman et al. [30], 
Downs and Vandervelde [31], cubic SiGe tie line from [32] and hexagonal Si and Ge values from [33]. b) Same as a) for a 
wider range of lattice parameters and band gaps to include GaN and InN. The arrows indicate the bandgap evolution of 
the GaAsN and InPN alloys as indicated by Vurgaftman et al. [30].

side shows a different slope than the large lattice constant side because the conduction 
band edge is dominated by different subbands for each part. Also the calculations for the 
band gap of lonsdaleite SiGe predicts two regions in the tie line which are reasonably well 
approximated by linear interpolations between the calculated subbands of lonsdaleite 
Si and Ge [22]. However for many of the tie lines between the III-V semiconductors a 
downward bowing of the line can be seen. This bowing can typically be approximated by 
adding a parabolic term to the linear interpolation. Zunger and Jaffe found that this bowing 
was mainly caused by locally strained and compressed bonds, even though overall for the 
lattice constant Vegard’s law was still valid [23].

 For so called highly mismatched alloys additional bowing terms on top of the 
regular bowing terms are needed to describe the band gap to lattice constant relation [24]–
[26](and references therein). Highly mismatched alloys are alloys for which the introduced 
impurity is very different in size with respect to the host. Examples are Bi and N substituting 
for As in GaAs or Te substituting for O in ZnO. For these alloys a high localization for the 
impurity resonances is seen, while their resonances around the band gap are similar in 
energy to their host. For example nitrogen in GaP introduces an empty resonant level just 
underneath the conduction band [27], while nitrogen in GaAs introduces an unoccupied 
resonance in the conduction band [28]. From calculations bismuth in GaAs is predicted to 
introduce an occupied level resonant with the valence band [26], [29]. Mixing of the band 
edge states with the impurity states introduces an increased narrowing of the band gap. 
For nitrogen in GaAs this results in an initial narrowing of the band even though GaN has a 
larger band gap than GaAs (see Figure 4b).
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2.6 Growth of semiconductors

2.6.1 General growth principles in MBE and MOVPE
There	 are	 numerous	 variations	 in	 growth	methods	 for	 semiconductor	 films	 and	 other	
structures. Two general methods are employed in this thesis: MBE and MOVPE/MOCVD. 
Prominent differences in the methods are that the MBE growth is done at ultrahigh 
vacuum and uses atomic precursors, while MOVPE uses molecular precursors mixed with 
hydrogen at pressure at the same order of magnitude as atmospheric pressure. Various 
cross-over (hybrid) versions exist as well and operational parameters vary. However, the 
growth methods used in this thesis follow this separation.

As the MBE growth occurs in vacuum and proceeds slowly its progress can be 
monitored	by	so-called	RHEED,	Reflection	High-Energy	Electron	Diffraction.	By	analyzing	
the diffraction pattern the surface reconstruction during growth can be monitored, while 
oscillations in intensity can be used to track the growth of individual layers and hence 
growth	speed.	Also	it	can	be	seen	when	growth	deviates	from	step	nucleated	film	growth	
to island nucleation. 

In the general description of growth in MBE three steps are considered: the atom 
binds from the gas phase onto the surface, the bound atom diffuses on the surface and at 
some point sticks, where it is incorporated. Since the growth process occurs at vacuum 
the surface is expected to be full of dangling bonds during growth. Therefore the negative 
curvature side of a step edge is seen as a favorable location for the atom to bind, since the 
atom can make more bonds there (In the same way the positive curvature side of a step 
edge is considered an unfavorable site for the atom as it can make less bonds than on 
the	flat	surface).	Hence,	if	the	atom	has	enough	energy	and	time	to	diffuse	it	will	go	to	a	
step	edge	and	the	step	edge	advances.	This	is	the	so-called	1D	growth	or	step	edge	(flow)	

Figure 5 Two regimes of growth. a) shows a situation in which the diffusion length is larger than the step length, 
building blocks incorporate at the step edge, b) shows the situation in which diffusion length is shorter than the step 
length, the building blocks incorporate on the surface as well as on the edge. (Inspired by Figure 1 of [34])
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growth mode. If the steps are too large or the diffusion time and energy too low the atom 
can also be incorporated at other positions on the step and islands of growth form, so-
called 2D growth or island-on-island growth mode (see Figure 5)[34], [35].

Since the surface is terminated with dangling bonds during growth, the associated 
energy is high. For the 110 surface of GaAs the energy is lowered by occupying the As 
dangling bonds with two electrons, the Ga dangling bond with no electrons and by 
buckling of the zigzag row. However, for other surfaces the GaAs undergoes more complex 
reconstructions. Which reconstruction is present during growth depends amongst 
others	on	growth	temperature	and	group	V	flux	[36].	Also	for	other	III-V	materials	and	Si	
reconstruction of the surface has been observed [37]–[41] and it is considered to generally 
occur if the dangling bonds are not passivated.

For	MOVPE	many	pieces	of	the	theory	for	MBE	can	used	as	well.	When	at	sufficiently	
high temperature, the surface of semiconductors are thought to be covered with dangling 
bonds as well, even though there is a hydrogen atmosphere present. However, many 
additional	 factors	are	 introduced.	The	 temperature	can	 influence	how	much	and	which	
precursor radicals are present. There is more material, but also more collisions, such 
that diffusion in the gas phase can play a more prominent role. The species that bind to 
the surface are not atoms, but complexes, and could be numerous in sorts. The growth is 
faster inviting kinetic differences to be more pronounced. Therefore in analysis of MOVPE 
samples more factors have to be considered.

The surface can be passivated, which is not unlikely in the hydrogen atmosphere 
often used in a MOVPE. If the temperature is below the temperature at which such surface 
passivation is cracked off the surface the picture becomes even more complicated. The 
precursors can stick to the surface on top of the passivation due to Van der Waals forces, 
physisorption, or can stick to the surface by forming a chemical bond, chemisorption. To 
chemisorb a bond with the passivating agent has to be broken. In both cases it can diffuse, 
although when chemisorbed it is probably more hindered by neighboring passivated 
locations than when it is physisorbed, so diffusion will be slower. To get incorporated both 
bonds to the passivation on the surface and bonds of the atom to the precursor have to be 
broken.	The	dynamics	of	this	breaking	bonds	can	for	example	influence	the	incorporation	
concentration of species in an alloy.

2.6.2 Nanowire growth
Since	typically	materials	will	grow	as	films	or	islands,	one	has	to	deviate	from	standard	
growth to obtain nanowires. There are two global ways to grow nanowires2: Growth 
with	 a	 patterned	mask	 and	 catalyzed	 growth.	 In	 the	 first	 case	 growth	 is	 only	 possible	

2 Pillars have also been obtained by etching [47]. 
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at small patches, where then columns form. In the second case the catalyst promotes 
growth	 underneath	 the	 catalyst	 droplet,	 by	which	 the	 growth	 outruns	 the	 film	 growth	
and consumes the material available for the 2D growth. The GaP nanowires obtained in 
this thesis were all obtained by Au catalyzed growth, although it has to be said that shells 
around	nanowires	were	grown	in	a	mode	similar	to	film	growth.
 Before growth gold droplets are patterned in a regular array on the GaP substrate. 
The growth proceeds following the vapor-liquid-solid scheme (VLS). The precursors are 
present in the gas phase (vapor) and the gold droplet helps cracking the precursor. An 
eutectic liquid droplet forms from the gold and material that is cracked from the precursor 
(in our case mainly Ga). On the bottom of the droplet a crystalline solid is excreted. Most 
models predict that the crystal is formed layer by layer. Depending on the growth conditions 
this layer starts forming either at the triple point, where catalyst, solid and vapor meet, or 
somewhere along the catalyst-crystal boundary.
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3.1 Introduction
The experimental methods used for this thesis are based on various physical principles. In 
this chapter we discuss the background behind scanning tunneling microscopy (STM) and 
atom probe tomography (APT).

3.2 Scanning tunneling microscopy principles

3.2.1 Theoretical background of tunneling
STM exploits the quantum mechanical phenomena of tunneling by measuring the tunnel 
current whilst hovering a metallic tip over a sample surface. In classical electrodynamics 
electrons cannot propagate through a region if their potential is not exceeding the potential 
of that region. Due to the wave description of electrons and the modes that they occupy 
in quantum mechanics so called tunneling can occur. An electron can cross a potential 
barrier,	like	an	isolator	or	vacuum,	finite	in	width	or	potential	as	long	as	a	mode	with	the	
same energy is available (present and unoccupied) at the other side of the barrier (see 
Figure 1a)1.  For a one dimensional rectangular potential barrier the wave function decays 
exponentially with x. This is typically used as an argument for the STM’s capability to image 
at a very high resolution: As the wave function drops quickly over the barrier with distance, 
a small difference in distance will already result in a large difference in contribution to the 
current. Therefore the main contribution will be by the atom sticking out the most at the 
apex of the tip and contributions of other atoms that make up the tip can be neglected (see 
Figure 1b).2 

In reality we are faced with different geometries that do not necessarily result in 
rectangular barriers. Bardeen [1] derived a general expression, analogous to perturbation 
theory	to	determine	the	tunnel	current	to	first	order:

1 We do not consider inelastic tunneling paths.
2 Note that the resolution, thus predicted, is still much lower than what is achieved in STM

3.1
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Figure 2 Representation of the model by Bardeen. The overlap of the wavefunction of the begin and end state measured 
at an arbitrary surface in the barrier (indicated with dashed line) determines the probability of tunneling from one to 
the other state.

μ	refers	to	terms	related	to	the	probe,	ν	refers	to	terms	related	to	the	surface	of	the	sample.	
f(E) is the Fermi function and V is the sample bias. M is the tunneling matrix element giving 
the transition probability between the states in the sample and the tip. Bardeen et al. 
suggested to use the Fermi formalism for the matrix element. The probability of tunneling 
is	thus	derived	from	the	overlap	of	the	initial	and	final	state,	in	our	case	the	tip	states	and	
surface states of the sample, at a mathematical surface in the barrier (see Figure 2). Like 
the tip, the evanescent wave function of the sample lattice is expected to have a short decay 
length in the vacuum barrier. Although this description is somewhat different from the 

Figure 1 a) Schematic with examples of two electrons tunneling from left to right through a rectangular potential 
barrier. A wavefunction can cross the barrier although its energy (E1 and E2, respectively) is lower than the energy of 
the barrier (EV).  In the barrier the wavefunction decays exponentially. The rate of decay is less if the energy difference 
between electron and barrier is less. b) Schematic representation of a tip above a sample surface. The smaller the 
distance between tip and sample the higher the contribution to the tunnel current. The distance between the lowest 
point of the apex and the sample straight underneath is shortest and therefore contributes most.
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rectangular barrier model, a strong dependence of the current on the separation between 
tip and sample is derived here as well. Additionally, Bardeen’s model implies that not only 
at the tip the most extended atom counts, but also for the sample primarily the surface will 
be probed and not the deeper lying bulk.

In STM a tip is scanned over a surface. In constant current mode a piezostage is 
used to change the height of the tip to keep the tunnel current constant. In this way an 
iso(tunnel) current surface is followed of which the height can be recorded. Tersoff and 
Hamann [2] introduced the idea that for these measurements the LDOS of the tip can be 
considered a constant during the measurement and thus, scanning over the surface is a 
way to probe the variations in LDOS on the sample. 

Noticeably,	the	LDOS	can	be	influenced	by	its	inherent	spatial	electronic	structure,	
as well as the actual position of the lattice. If a part of the lattice is lifted, the part of that 
lattice and its density of states is brought closer to the tip and as such the isocurrentsurface 
as	well.	The	observed	height	image	(isocurrent	map)	is	thus	influenced	by	both	topographic	
as well as electronic contributions.

Without a bias the Fermi-level of a metallic tip and a semiconductor are at the 
same level. Since the Fermi-level of a semiconductor typically lies in the band gap the 
Fermi-level of a metallic tip is aligned at a level within the band gap of the semiconductor 
for most metals (see Figure 3a). As such if a metallic tip and a semiconductor are placed 
on either side of a barrier there are no occupied states on one side of the barrier resonant 
with any unoccupied states on the other side of the barrier. To change this a bias can be 
applied, which due to the high effective tunnel resistance creates an off-set between the 

Figure 3 a) Schematic representation of the sample and tip electronic structure when contacted (Fermi-levels matched). 
The dashed line indicates a hypothetical Fermi-level in the semiconductor. Typically the Fermi-level of the tip aligns with 
an energy within the band gap of the semiconductor sample. b) and c) Schematic representation of the alignment when 
sample and tip are separated by a narrow vacuum barrier and a positive or negative bias to the sample is applied, while 
assuming all of the potential falls off over the barrier. Electrons from the occupied states highest in energy contribute 
relatively more to the tunnel current than those from lower occupied states.
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Fermi-level in the sample and that in the tip. The bias adds or subtract an energy eV to align 
occupied levels on one side of the barrier with unoccupied states on the other side of the 
barrier (see Figure 3). 

If we now further analyze the states contributing to the tunnel current we see that 
the transmission probability is not equal for states of all energies. In the rectangular barrier 
picture the decay length is depending on the height of the barrier. A lower barrier results in 
less damping and a longer decay length. Electrons in higher energy states perceive a lower 
barrier and thus have less damping and a higher transmission through the barrier.

In the biased system the barrier is no longer rectangular. Figure 3b schematically 
shows the case in which a positive bias is applied to a semiconductor sample and the 
potential difference between the sample and tip due to the bias completely falls over the 
vacuum. The barrier height, the potential, decays over the vacuum. Therefore the damping 
decreases progressively while the electron is crossing the barrier.  This enhances the 
difference	 in	 amplitude	 of	 the	 evanescent	 field,	making	 the	 electrons	 from	 the	 highest	
levels in energy even more dominant in the tunnel current. 

As such, at positive sample bias most of the tunnel current can be assumed to be 
injected from levels close to the Fermi-level of the tip. Since the relative energy position 
between the Fermi-levels of the tip and sample can be regulated with the bias, the level of 
the tip can be tuned to probe the LDOS of the sample at different energies by changing the 
bias. Vice versa, at negative sample bias in this picture the tip is mainly sensitive for the 
electrons coming from the edge of the valence band (see Figure 3c).

3.2.2 Tip induced band bending and surface states
Although the general picture sketched in Figure 3 is instructive and the derived conclusions 
are valid, the assumption that the potential only falls over the vacuum barrier is too 
simplistic,	especially	in	semiconductors.	Unlike	in	a	metal	the	field	is	not	fully	compensated	
at the surface because not enough free charge is available at the semiconductor surface. 
This	will	cause	a	penetrating	electric	field	(screening	region)	that	will	bend	the	conduction	
and valence band (see Figure 4).
 The sign of the bias determines in which direction the bands bend.  The voltage 
at which the work function of the tip equals the Fermi-level of the semiconductor is called 
the	 flat	 band	 voltage,	 because	 no	 bending	 of	 the	 bands	 is	 induced.	 The	 effective	work	
function of the tip, however, is depending on the arrangement of the material on and shape 
of	the	apex	[3].	Therefore	the	flat	band	potential	can	vary	considerably	from	experiment	
to experiment even when similar tips are used. For all other biases a larger bias will result 
in	a	stronger	electric	field,	hence	a	larger	bending.	As	a	consequence	of	this	the	observed	
band gap in STM can be larger than the actual band gap for the non-perturbed system 
[4]-[6], certainly in low doped semiconductors where the depletion length can be rather 
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extensive. In that case the voltage scale in STM can not be translated directly to an energy 
scale. In an extreme case the bands can be bend down so much that the conduction band is 
pulled	underneath	the	Fermi-level	(see	Figure	4c).	In	this	case	electrons	will	flow	from	the	
bulk to the states that are available in the conduction band underneath the Fermi-level and 
form	a	so	called	inversion	layer	[3].	The	depth	over	which	the	electric	field	is	compensated	
depends on the free charge available making the TIBB different for different samples. 
 To be even more precise we have to realize we are not sensitive to the conduction 
band and valence band in the bulk region (i.e below the surface), but as follows from 
earlier derivations in this chapter, the STM is primarily sensitive to the surface states. As 
described in chapter 2 in III-V semiconductors the A4, A5, C3 and C4 surface states can be 
found on the {110} surfaces. The fact that these states do not form a metal like in-gap state, 
but	split	up	in	filled	states	resonant	with	the	valence	band	and	empty	states	resonant	with	
the conduction band results in these states being sensitive to TIBB. 
 The contribution of the states varies with the energy region that is probed [3]. 
When resonant with states low in the conduction band mainly the C3 state is observed (see 
Figure	4).	At	higher	biases,	hence	increasing	energies,	first	a	mix	of	C3	and	C4	states	can	

Figure 4 The bands in a semiconductor bend by the presence of a metal tip in proximity to the surface. a) to c) show 
various bending and resulting alignments with changing sample bias. The dominant tunnel path is indicated with an 
arrow. d) to f) show examples of the various surface states that are imaged in STM as a consequence of the changing 
alignment.  
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be observed, such that a 2D grid is spanned, and when increasing further an almost pure 
C4 state is imaged. When resonant with the valence band mainly the A5 state is probed 
(Figure 4e). In the case of the formation of an inversion layer a 2D grid spanned by the A5 
and C3 state is observed (Figure 4f).

3.3 Atom Probe Tomography
In Atom Probe Tomography (APT) positional data is coupled to elemental information to 
create a compositional 3D image on the nanometer scale. For this the APT relies on controllably 
ionizing	and	desorbing	atoms	from	a	material	by	an	electric	field,	i.e.	field	evaporation.	The	
tomography is derived from the collection of three parameters: the projection of the ions on 
the	detector,	the	order	of	arrival	and	the	time	of	flight	(TOF)	of	the	ions	from	the	tipshaped	
specimen	to	the	detector.	The	first	gives	an	indication	for	its	position	in	the	xy	plane,	the	
second is used to assign a z value and the third is related to the mass of the ion, hence the 
species (see Figure 5a). After describing some details and considerations with respect to 
the	field	evaporation	and	the	tomography,	we	will	comment	shortly	on	some	of	the	models	
used in the reconstruction and the analyses that can be done on the reconstructed 3D image. 

3.3.1 Field evaporation and the derived tomography
APT	exploits	the	fact	that	if	a	voltage	is	put	on	an	object	the	field	on	the	surface	of	that	
object can depend strongly on the size of that object. For example, in the case of a full 
sphere	a	voltage	of	1kV	would	create	a	field	of	1010 V/m if the sphere had a radius of 100 
nm. APT does not as much use spheres, but needle shaped objects, which in approximation 
can be considered as truncated cones with a hemispherical top. Furthermore, in the 
configuration	used	 in	 this	 thesis	 the	 field	 is	not	 spreading	 infinitely	 into	vacuum,	but	a	
grounded or negatively biased local electrode is placed at a distance of about 50 μm. This 
local electrode is a hollow truncated cone, through which the ions are accelerated (see 
Figure 5b).
	 Although	 the	 direct	 inverse	 relation	 between	 field	 and	 radius	 can	 not	 be	 used	
directly,	in	the	local	electrode	set-up	it	has	been	shown	that	the	field	can	reasonably	well	
be described by 

in	which	F	is	the	field,	V	the	potential,	r	the	radius	and	k	a	quasiconstant	[7].	In	k	effects	
of the spacing between tip and electrode and the angle of the shaft are taken into 
consideration.	Larger	shank	angles	of	the	shaft	reduce	the	field	on	the	tips	hemispherical	
top	[8],	[9].	The	high	field	at	the	hemispherical	top	does	not	only	mean	that	a	relatively	

3.2
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Figure 5 a) Global trajectories of the evaporated ions. The ions from the tip are accelerated towards the reflectron, the 
reflectron curves the trajectories. Some ions will hit the channel plates and cause an electron cloud on the detector 
behind it. The three parameters used for the 3d reconstruction afterwards are indicated. b) Schematic representation of 
the measurement configuration in atom probe tomography. A needle shaped object is placed close to a hollow conical 
electrode. Ions are field evaporated from the apex of the tip because the field is highest there. Depending on the origin 
on the apex of the atom the formed ions following different trajectories, indicated with red dotted lines (not calculated). 
c) Illustration of gnomonic projection vs curved projection and the influence of curvature on magnification. Starting with 
a smaller sphere, hence higher curvature, a smaller sample area is projected on the same detector area. d) Example of a 
mass spectrum derived from the time of flight measurement.
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small	 voltage	 is	 needed	 for	 a	 large	 field	 at	 the	 tip	 as	 compared	 to	 a	 flat	 substrate,	 but	
as	well	 that	 evaporation	by	 this	 field	will	 have	a	high	 specificity	 for	 the	 apex	as	 this	 is	
the	only	place	with	such	a	high	field.	As	the	tips	typically	have	a	widening	shaft	and	the	
distance to the electrode increases the voltage has to increase over a measurement to keep 
the evaporation rate constant. Note, that since the material is evaporated, atom probe 
tomography is a destructive technique.

To derive xy-coordinates from the impact positions on the detector, we have to 
trace the projection of the ions back to the tip. In a simple picture the ions are projected 
from	the	hemispherical	top	of	the	tip	onto	a	flat	plate.	The projection angle, and with that 
the magnification, is depending on the curvature of the tip. The curvature of the tip is simply 
established through a balance of evaporation rates over the surface of the tip. Regions 
with a higher probability to evaporate will evaporate faster, changing the curvature and 
the distance to the electrode of the tip surface in that region, which typically lowers the 
probability of that region to evaporate. In this way the curvature keeps equilibrating over 
the measurement. Even more so as the equilibrium curvature changes with the radius and 
composition at the apex of the tip.

The curvature influences the projection angle. Although gnomonic projection 
illustrates the dependence of the projection angle on radius (see Figure 5c), in practice it 
largely overestimates the magnification on the edge of the image. In reality, the trajectories 
at the edge of the projection are curved, rather than straight (see Figure 5c). This is further 
enhanced due to the presence of the local electrode.  Typically part of the curved trajectories 
fall outside the detector. Therefore the edge of a tip is not imaged in atom probe, although 
exceptions	can	apply	when	the	shape	of	the	field	lines	is	highly	compressed	for	example	due	
to	the	nearby	presence	of	a	substrate	[10].	The	shape	of	the	shaft	also	influences	the	actual	
field	line	pattern	[8],	[9],	[11].	To account for the resulting compression the projection is 
assumed to come from a point between the gnomic and stereographic projection point3 
[12].

The z-coordinate of the ions is determined by the order in which the ions arrive. 
Each ion gets an increment in z-coordinate with respect to the previous ion that arrived. The 
increment should be such that in the reconstruction the overall length of the reconstructed 
object in the z-direction is correct. To determine this increment the number of atoms that 
should be present per step in the z-direction is estimated. By taking the density and the 
surface area of the tip which is projected on the detector the number of atoms can be 
derived.	However,	 the	 field	of	 view	varies	per	 tip	 and	 is	 typically	 limited	 to	part	of	 the	
surface. This variation is mainly handled by setting the compression factor which gives a 

3 A stereographic projection considers a projection from the point on a sphere furthest away from the 
image plane (in our case the detector). Here the sphere refers to the imaginary sphere coinciding with 
the tip surface.
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measure	for	the	compression	of	the	field	lines	[12].	The	density	is	assessed	by	weighing	the	
average	sizes	of	the	atoms	in	a	lattice	with	their	occurrence.	To	obtain	the	final	z	coordinate	
the height is corrected by placing the ion on a curved surface rather than a plane to take 
into	account	that	the	ions	are	evaporated	from	a	hemispherical	top	instead	of	a	flat	surface.

Unlike	the	more	well-known	mass	spectrometers	based	on	deflection	in	a	magnetic	
field,	the	mass-to-charge-state	ratio	in	atom	probes	is	determined	by	the	time	of	flight	of	
an	ion	from	the	tip	to	the	detector.	To	establish	the	time	of	flight	a	constant	field	is	applied	
to the tip that is giving all but enough energy to evaporate ions. The last bit of energy is 
delivered in a pulse. In this thesis exclusively laser pulsing has been used, although voltage 
pulsing is optional on the machine as well. The pulse sets a t0	 for	the	flight.	Although	in	
theory the detector can distinguish position and arrival of multiple ions per pulse, in 
practice these are often not resolved. To prevent the evaporation of multiple ions the 
energies	of	the	field	and	detector	are	typically	chosen	such	that	no	material	evaporates	on	
the	continuous	field	alone	and	only	for	0,5-2%	of	the	pulses	an	ion	is	produced.	

The ions that are evaporated are accelerated. In the ‘HR’ atom probe model used 
here	the	ions	are	focused	in	the	time	and	space	domain	by	a	(curved)	reflectron.	After	a	
flight	path	of	almost	40	cm	the	ions	hit	the	front	of	a	set	of	two	microchannel	plates,	which	
turns	 the	 ion	 impact	 into	an	electron	 signal,	which	 is	 amplified	 to	a	 cloud	of	 electrons.	
During the process of accelerating and amplifying approximately two thirds of the ions 
are lost, simply by hitting accelerator grids or not hitting a channel in the microchannel 
plate. If an ion hits a channel and forms an electron cloud, this cloud is impacting on a delay 
line detector. The electron cloud creates a current that runs to the edge of the detector. By 
measuring the difference in arrival time of the current to the different edges the position 
of impact is deducted. To make the measurement more robust the delay is measured along 
a third redundant axis on top of the orthogonal x- and y-position.

3.3.2 Reconstructing
The	mass	spectrum	that	is	recorded	has	to	be	corrected	for	the	fact	that	the	ions	that	fly	to	
the side of the microchannel plate cover a larger distance, hence need a longer time than 
those	that	fly	to	the	middle	of	the	detector.	The	correction	for	this	is	the	so	called	bowling	
correction. However the peaks are in practice deconvoluted with a more complicated 
function than the function to correct for projection in a hemispherical way. Also detector 
non-linearities are taken into account [13].  Secondly a difference in timing occurs between 
ions with the same mass and charge state due to the varying voltage that is applied on the 
local electrode during evaporation. As the voltage changes the initial energy given to the 
ion	varies,	hence	the	acceleration.	Although	from	accelerator	mechanics	a	1/√V	relation	is	
anticipated,	a	three	parameter	fit	is	used	in	the	software
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as this “captures the experimental variations more completely” [13]. Species are assigned 
to the mass spectrum based on the atomic masses. Since simple acceleration mechanics 
apply,	kinetic	energy	comes	from	moving	a	charge	in	an	electric	field.	This	means	that	the	
TOF produces mass over charge state values rather than simply masses. Figure 5d gives an 
example	of	a	mass	spectrum	resulting	from	the	time	of	flight	measurement.	The	assignment	
of the peaks to elements and complexes is done manually based on the atomic masses. To 
assign the peaks assumptions have to be done about the elements present, their charge, 
etc. Assignment is further complicated by the fact that also complex ions containing more 
than one element are formed. The ratio between the different isotopes expected for an 
element form a footprint that is very useful when trying to assign the various peaks. As 
there is a t2 relationship between the TOF domain and the mass-over-charge-state domain 
the background noise that is typically constant over time will form a background 
in the mass-over-charge-state domain.

To	 derive	 spatial	 coordinates	 the	magnification	 of	 the	 tip	 has	 to	 be	 estimated.	
The	magnification	is	depending	on	the	curvature	of	the	tip	and	this	is	not	at	a	fixed	value.	
Therefore the evolution of the projection angle has to be estimated to be able to connect the 
width of the detector to a certain distance in the xy-plane. This also affects the positioning 
of the ions in the z-direction as the amount of atoms expected in one slice increases with 
decreasing	magnification	 and	 thus	 the	 assigned	 increment	 per	 ion	 decreases.	 In	more	
traditional methods the curvature was assigned either using the voltage evolution or the 
shank	angle	evolution.	The	first	method	evaluates	equation	3.2	to	derive	a	value	for	the	
radius. The second method uses TEM or SEM images to assign a shank angle to the tip and 
an initial radius, such that the radius of the apex can be predicted at each height.

In	a	newer	method,	the	tip	profile	mode,	the	width	of	the	tip	is	manually	measured	
at several heights in a high quality SEM image. Between the measurement points the width 
is interpolated. The width is then either directly used as the radius of the curvature or 
an estimated ratio between the curvature around the shank and of the tip surface can be 
applied.	In	comparison	to	the	shank	angle	approach	tip	profile	mode	leaves	more	flexibility,	
for example for tips with less regular variation in diameter. 

3.3.3 Analysis
Once a volume is reconstructed numerous analyses can be performed on the reconstructed 
3D object. For many analyses a cylindrical or beam shaped region of interest (ROI) is 
defined	within	 the	 reconstructed	 object.	 In	 these	ROI’s	 for	 example	 the	 composition	 is	
analyzed	or	the	mass	spectrum.	Also	a	profile	can	be	taken	along	such	ROI	by	making	slices	
along one of the axes of the ROI. By determining the concentration of each species in each 

3.3
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slice	a	profile	along	the	chosen	axes	can	be	plotted.	
 The concentrations can be determined more accurate by splitting multiple ion 
species contributing to one peak by using the expected isotope abundancy. For this it is 
imperative that all but one of the ion species has an isotope peak outside the peak that is 
to	be	split.	The	number	of	ions	has	to	be	sufficiently	high	to	be	able	to	assume	an	isotopic	
ratio does apply and the splitting to give a sensible result.
 Another ‘tool’ often used during the analysis of reconstructed tips is the so called 
iso-surface.	These	are	isoconcentration	surfaces	either	for	a	specific	ion	or	an	atom	and	
are	useful	in	understanding	the	internal	structure	of	the	sample	by,	for	example,	finding	
interfaces and estimating surface roughness. To draw isosurfaces the volume is divided in 
voxels, typically of a size of 1x1x1nm. In these voxels, instead of assigning one coordinate 
to each ion, for each ion a 3D Gaussian distribution is assumed that stretches over multiple 
nanometers with its center at the found coordinates. The concentration from the sum 
of these Gaussians in the voxel is assigned to the center of the voxel. When drawing, for 
example,	a	98%	Si	isosurface	in	a	tip	with	a	Si-GaP	interface	the	concentration	in	each	voxel	
is	used.	The	position	of	the	98%	point	is	linearly	interpolated	between	the	centers	of	the	
voxels and a surface of triangles is drawn by a marching cubes algorithm [13].
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4.1 Introduction
In this chapter we discuss standard protocols used for sample preparation and the 
specifications	 of	 the	 instruments	 used	 for	 analysis.	 We	 start	 off	 with	 a	 short	 general	
description on the growth of the nanowires. After this the protocols and instrument for 
STM and APT are discussed. 

4.2 Growth GaP stem and group IV shells
The GaP-Si nanowires were obtained using a two-step growth in metalorganic vapor phase 
epitaxy	(MOVPE).	In	the	first	step	GaP	nanowires	were	obtained	in	similar	fashions	as	in	
reference [1]. The GaP nanowires were grown on a GaP substrate using nano-imprinted 
(NI) gold droplets as catalyst and phosphine (PH3(g)) and trimethylgallium as precursors. 
HCl is supplied during the growth to prevent tapering of the nanowires. The GaP growth 
is	ended	by	closing	the	trimethylgalliumflow	and	cool	down	to	room	temperature	before	
commencing the next step, the susceptor was changed. Disilane (Si2H4) and germanene 
(GeH4) were used as a precursor for the silicon and germanium respectively in the 
subsequent shell growths. 

4.3 Scanning Tunneling Microscopy
For STM measurements both the preparation of the samples as well as the tip strongly 
influence	 the	 reliability	 of	 obtaining	 measurements.	 Therefore	 both	 preparation	
procedures are described. The preparations follow standardized protocols described in 
numerous	theses	from	the	group,	e.g.	reference	[2],	[3].	Additionally	a	specification	of	the	
used STM instrumentarium is given. 
 

4.3.1 Tip preparation
Tips were fabricated by etching tungsten wires in a KOH solution.  A piece 15 to 19 mm in 
length of 0.25mm tungsten wire was attached to a holder, either by welding or clamping. 
A ~1.7M K+ OH- solution	was	made	by	dissolving	8.4g	86%	KOH	in	75	mL	demineralized	
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water	with	a	resistance	of	more	than	10MΩ.	The	wire	is	positioned	such	that	~2	mm	wire	
is sticking out of the holder, but is not emerged in solution. The length of the wire seems 
to	influence	the	etching	process,	while	the	length	of	the	residue	is	mainly	important	for	
maneuvering in the limited space in the sample and tip slots in the UHV system. A voltage 
of ~6.5V is applied during etching.

The etching rate is faster at the surface of the solution, as the transport of the 
reactants from the wire to the solution is enhanced due to the surface tension, while the 
reactants	flow	down	along	the	rest	of	the	wire,	blocking	the	access	for	the	etchant.	Due	to	
this faster etching, a neck thinner than the wire is created at the solution surface. When the 
neck is thin enough, the weight of the wire in solution will break the neck. This is also one 
reason too long wires will not work: the chance is larger that the wire is sticking out of the 
downward	flow,	due	to	the	small	curvature	typically	present.	The	wire	can	than	etch	from	
the bottom-side, which creates a fringed bottom, which has more buoyancy, disturbing 
the usual pull by the bottom part. The etching is stopped by cutting the voltage when the 
current drops below a set current between 8 and 18 mA, typically around 12 mA. The 
resulting tip is immediately rinsed in demineralized water to stop any further etching. 

The tip is placed in a tip carrier and brought into the UHV of the preparation chamber 
of	the	STM	system.	There	the	tips	are	backed	at	300˚C,	as	read	out	by	a	thermocouple	on	
the back of the heated plate, for at least 30 min to remove water and other contaminants. 
The tips are then sputtered with Ar at 10mA for at least 25 min.

Before measurement a tip is loaded in the STM scanner and let to cool for at least 
1 hour. During measurements strong changes in voltage, current or scanning direction and 
short voltage pulses are used for solving problems in tip stability and resolution.

4.3.2 Sample preparation
To	obtain	clean	flat	crystalline	surfaces	to	scan	on	with	STM	we	want	to	cleave	our	III-V	
samples along the (110) plane in UHV. Ideally pieces with a width of 3 to 4 mm and a height 
as large as possible, but not larger than 8 mm are cut along the {110} directions of the 
wafer.	Contacts	are	defined	on	the	edges	of	the	pieces	by	evaporating	approximately	20	nm	
of Ge, 10 nm of Ni and 100-200 nm of Au with an Edward 306A evaporator as read out by 
quartz crystal microbalance.

These pieces are thinned down to 90 to 140 μm thickness by polishing 
with	 3.0μm	 aluminum	 oxide	 powder	 wetted	 with	 distilled	 water.	 A	 scratch	 is	 made	
along a third of the width, running to the edge and positioned at the side which will 
be clamped in the sample holder. After this the samples are clamped in the sample 
holders, using a small piece of indium on both sides of the clamp to contact the 
sample. The indium is melted by heating the sample holder with sample and indium 
already in place, shortly on a heating plate. The clamp is then further tightened. 
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The	sample	is	brought	into	the	UHV	system,	where	it	is	baked	for	at	least	25	min	at	150˚C	
to remove water and other contaminants. Before measuring the sample is precooled in a 
cupper fridge attached to the liquid nitrogen cooled outer cryostat. The sample is cleaved 
by applying pressure to the unclamped corner above the scratch. The sample is then 
transferred to the STM scanner and let to cool for more than an hour to avoid excessive 
thermal	 drift.	 Note	 that	 the	 cleaved	 surface	 of	 each	 sample	 is	 not	 atomically	 flat,	 but	
shows steps. To be able to image the sample properly larger spacing between the steps is 
favorable. In strained samples the surfaces typically show more steps.

4.3.3 Instrument
Measuring	tunnel	current	gives	access	to	very	high	spatial	resolution.	However	to	benefit	
from this spatial resolution precise scanning is needed and the freshly cleaved crystalline 
surfaces should not be deteriorated by reactants. The surfaces are very reactive, though, as 
they have a large number of dangling bonds. Therefore two main goals of the set-up are to 
damp other sources of movement and maintain an ultra-high vacuum in the measurement 
chamber,	where	also	the	samples	are	cleaved.	Additionally	the	set-up	is	equipped	with	fine	
electronics to scan precisely and catch small tunnel currents.

The used set-up is a commercial LT-STM set-up from Omicron. To maintain vacuum 
in the measurement chamber at 1-5*10-11 mbar the system is build up with a load lock, 

Figure 1 Schematic representation of the STM set-up indicating the three chambers and some of the pumps.
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preparation chamber and measurement chamber, with valves in between. A schematic 
representation of the set-up is shown in Figure 1. The load lock and preparation chamber 
are actively pumped and the preparation chamber and STM are passively pumped with ion 
pumps. The preparation chamber is typically two orders of magnitude higher in pressure 
than the measurement chamber. During measurements active pumping is stopped.
 For damping purposes the machine is placed on a fundament which is decoupled 
from the building. A sound- and light isolating box is placed around the set-up. The UHV 
system in turn is placed on an active damping system. During measurement the STM stage 
is hanging on springs and damped by passive eddy current damping.

To be able to do measurement at low temperatures the STM stage is cooled on a 
double	bath	cryostat	with	both	the	inner	and	outer	bath	filled	with	liquid	nitrogen.	The	
STM scanner is shielded for radiative heat with heat shields during measurement, which 
are connected to the cryostat as well. 

Signals and controls are handled through an Omicron MATRIX control system in 
combination	with	an	Omicron	SPM	PRE	4	preamplifier.		
 

4.4 Atom Probe Tomography 
For the preparation of atom probe tips out of the nanowires the wires are processed by 
FIB.  In the sample preparation section the two protocols that were followed are described. 
This	is	followed	by	specifications	of	the	atom	probe	apparatus.

4.4.1 Sample preparation
To use atom probe tomography the part of interest in a sample has to be isolated in a 
tip shape with a diameter typically below 200 nm and an apex preferably in the range 
between 20 to 80nm. Although the nanowires studied here already have a natural pillar 
shape, for most measurements we decided to apply FIB milling nonetheless to get a more 
controlled and meaningful evaporation (see Chapter 7 for more info) as well as bring down 
the starting voltage by starting the evaporation at a low diameter. To prepare the samples a 
FEI DualBeam FIB set-up with Ga-69 isotope ion beam equipped with Pt and Co gas inlets 
and a Kleindieck nanomanipulator was used. 
 To measure nanowires, the nanowires are transferred to a post. The tips are made 
with	the	nanowires	in	two	configurations:	standing	or	cross-sectional.	Although	typically	
a smaller overall part of the wire can be analyzed in a cross-sectional sample the cross-
sectional samples can be used to look at the composition along the full width of the wire. 
In	the	standing	configuration	the	outer	regions	of	the	wire	will	not	be	imaged	if	the	system	
is very thick for example due to multiple shells. Also the two orientations can be used to 
distinguish between deformation resulting from image aberrations and actual geometry.
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For the standing samples a wire is transferred maintaining its standing orientation and 
welded to a post with platinum. The transport either happened with the wire welded 
directly to the nanomanipulator and subsequent cutting of the tip of the nanomanipulator 
or by using a intermediating nanowire as described in reference [4]. In the latter case an 
InP transfer nanowire is attached to a nanomanipulator and broken off from a substrate 
on its side with InP nanowires. The InP nanowire is attached to the bottom of the wire of 
interest. The wire of interest is pushed off its substrate and transferred to the post (see 
Figure 2a) where it is attached with Pt. The InP wire is then broken off. Both methods 
produce samples with tip axis more or less parallel to the long axis of the nanowire. The 
top of the diameter of the wire of interest is thinned down by consecutive circular milling 
steps, some using ring shaped patterns.

 To produce cross-sectional samples of the nanowires, the nanowires are deposited 
onto a piece of Si wafer by gently rubbing them off their substrate. Using the SEM function 
of the FIB an isolated wire is picked and protective layers of cobalt and platinum are 

Figure 2 Two ways of preparing a sample from a nanowire. a) The target nanowire is transferred to the post maintain-
ing its standing orientation. After attaching the nanowire with platinum to the post and detaching it from the nanoma-
nipulator the top of the nanowire is cut into a tip shape using the FIB b) a nanowire deposited on Si, encapsulated with 
protective metal layers and lifted-out of the substrate is brought to the post with the nanomanipulator. A slice is cut and 
attached to the post with platinum. The remaining material is cut into a tip to obtain a cross-sectional sample. 
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deposited with the electron beam along the length of the wire. A thick layer of about 2 
μm	of	platinum	is	then	defined	by	ion	beam	on	top	of	these	deposits.	The	wire	is	cut	out	
of the substrate by creating two undercuts from both sides of the wire and two side cuts, 
while connecting the thus formed prism to the nanomanipulator. The prism is lifted out 
and transported to a series of posts and a slice of the prism is attached to each post (see 
Figure 2b). Reference [5] describes a similar process. A tip shape is produced out of each 
slice by using ring shaped milling patterns to mill a pillar out of the slice. Consecutive 
circular milling steps are used with changing diameters and decreasing voltages. With the 
milling	a	significant	part	of	the	transferred	material	is	removed	to	create	a	tip.	In	these	tips	
the long axis of the nanowire runs perpendicular to the tips axis.

 The milling of the tips typically is started at 30kV. During the milling 69Ga ion are 
introduced into the surface of the material. Also redeposition of milled material occurs. This 
means that the surface of the sample is amorphized and is not representative for the studied 
specimen. The penetration depth and rate of evaporation (and with that redeposition) is 
depending on the acceleration voltage that is used for the ions. Simulations predicted a 
penetration depth of the Ga ions at 30kV up to 50 nm in Si at 0° incident angle, while at 5kV 
20nm	penetration	depth	is	not	even	reached	[6].	Every	tip	is	finished	by	removing	the	top	
50 nm with 5kV ions, while monitoring the evaporation with the SEM, so that a damaged 
layer in the order of 5 nm is left.

4.4.2 Instrument
The used atom probe model was the LEAP 4000X HR from CAMECA. To provide the vacuum 
needed for the measurement the system is build up with a load lock, sample chamber and 
measurement chamber, similar to the STM system. The pressure in the measurement 
chamber during measurement is around 10-11 mbar. 

The system is equipped with a Nd:YAG laser from which an output wavelength of 
355	nm	is	generated	for	laser	pulsed	experiments.	The	cold	finger	on	which	the	sample	
is mounted is brought to around 20K for measurements. Multiple IVAS 3.6 versions were 
used for reconstruction.
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5.1 Introduction
Tuning the band gap of semiconductor materials is essential for optimizing the performance 
of these materials in various devices. For instance, the losses in a solar cell can be reduced, 
the emitted light of LEDs tuned and the sensitivity of a detector changed. Isovalent centers, 
like nitrogen and bismuth in GaAs, can change the band gap without introducing charges. 
For	 gallium	 arsenide	 (GaAs)	 both	 nitrogen	 and	 bismuth	 have	 been	 identified	 as	 very	
suitable candidates to tune the bandgap [1], [2]. The electronic behavior is thought to 
be related to the spatial distribution of the isoelectronic centers in the host material. For 
example, resonances in the band gap observed for nitrogen containing GaAs have been 
related	 to	 specific	 nitrogen	 pairs	 [3]–[5].	 Therefore	 insight	 in	 the	 atomic	 distribution	
can be useful to get a comprehension of the resulting electronic behavior. Additionally, 
where nitrogen has been incorporated in various ways and concentrations for decades, 
the controlled incorporation of bismuth is one that is still under development. Bismuth is 
difficult	to	incorporate	due	to	its	surfactant	behavior	[6].	Although,	bismuth	incorporation	
has been achieved by using atypically near stoichiometric III/V ratios [7], challenges in 
increasing the incorporated bismuth concentration [8]–[10] and obtaining homogeneous 
alloys [11], [12] remain. Thus for bismuth knowledge about the spatial distribution is also 
important to get further insight in the growth.
 Scanning Tunneling Microscopy (STM) has proven to be a unique tool in 
determining the distribution of isovalent atoms in GaAs on the atomic level, for example to 
find	the	sharpness	of	a	quantum	well	[13],	[14].	Here	we	use	STM	to	study	the	incorporation	
of	the	individual	species	in	GaAs.	For	nitrogen	we	first	identify	the	various	features	that	
can	be	associated	with	the	nitrogen	centers	when	present	as	individual	species	in	a	𝛿 layer.
Since	similar	𝛿-layers were used to selectively form nitrogen pairs in the (001) growth
plane,	a	short	analysis	on	the	width	of	the	𝛿-layer is added as well. 	The amount of pairs in
this	𝛿-layer is however too low to perform statistical analysis. Hence, pair formation in a
GaAsN	alloy	layer	is	studied.	Last,	a	first	impression	on	the	Bi	distribution	in	a	GaAsBi	alloy	
film	is	given	from	STM	images.
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5.2 Methods

5.2.1 Sample growth
All samples were grown by MBE, using n+ -doped GaAs (001) wafers as a substrate. 

Nitrogen 𝛿-layer
A sample was grown at 550°C using a radio-frequency plasma source with ultrapure N2 
gas as a nitrogen source. A 400 nm-thick n+ -GaAs buffer layer was grown, after which 
alternatingly Al0.3Ga0.7As	of	3nm	and	𝛿-layers of nitrogen were grown, with GaAs spacer
layers	in	between	of	at	least	35	nm.	To	deposit	the	𝛿-layers the Ga-flux was stopped and
the	N-flux	opened	for	2000	s.	The	As2-flux	during	the	nitridation	was	kept	at	the	same	flux	
as	during	the	growth.	Growth	was	recommenced	120	s	after	stopping	the	N-flux.	After	the	
last marker layer a 250 nm GaAs capping layer was grown. The surface reconstruction was 
monitored	by	 reflection	high-energy	electron	diffraction	 (RHEED)	during	nitridation	 to	
confirm	the	formation	of	the	(2x4)β	surface	reconstruction	of	the	GaAs	before	the	start	of	
the nitridation. The growth was performed by Yukihiro Harada and Toshiyuki Kaizu in the 
group of Takashi Kita.

Nitrogen alloy layer
A sample was grown at 470°C using a radio-frequency plasma source with pure N2 gas as a 
nitrogen source. A 250 nm-thick undoped GaAs buffer layer was grown, after which a 200 
nm-thick undoped GaAsN layer was grown at a growth rate of 1 monolayer per second 
(ML/s).	The	growth	was	in-situ	monitored	by	reflective	high	energy	electron	diffraction	
(RHEED)	which	allowed	the	verification	of	a	two-dimensional	growth	mode	throughout	
the whole structure.	The	sample	was	not	annealed.	XRD	measurements	considering	0%	
relaxation	(as	observed	by	TEM)	give	an	N	content	of	1.1%.	The	growth	was	performed	by	
Antonio Utrilla in the group of Jose Ulloa.

Bismuth alloy layer
A 200 nm-thick n+doped GaAs buffer layer was grown at 577°C, after which a 500 nm-thick 
GaAsBi layer was grown at 315°C at a growth rate of 0.9 ML/s. An As2:Ga beam equivalent 
pressure (BEP) ratio of 1.76 and Bi BEP of 1.0*10-7 was used. Bi content was estimated to 
be	~1%	from	XRD	measurements.	The	growth	was	performed	by	Christopher	Tait	in	the	
group of Joanna Mullinchick.

5.2.2 STM settings
The samples were kept at 77K (LN2 temperature). Images were obtained in constant 
current mode at various sample biases from -3V to 2V and a current setpoint between 10 
upto 50 pA. For overview pictures the bias was typically set to -3V and the current to 50pA. 
During the imaging of the nitrogen containing samples illumination was used to ensure 
enough conductivity in the sample.
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5.3 Results and discussion

5.3.1 Assignment of nitrogen related features 
The nitrogen layers were located using the AlGaAs marker layers. Figure 1a shows part of a 
𝛿-layer (the AlGaAs barriers remain out of view) imaged at filled state imaging. Around the
𝛿-layer various features can be observed, amongst which a variety of dark points. These
match earlier observations [15]–[18] and calculations [19], [20] on nitrogen features in 
GaAs and are assigned to the nitrogen atoms causing a depression in the surface. When the 
nitrogen atom substitutes for an arsenic atom its bonds are shorter. Therefore a nitrogen 
atom will pull in the atoms surrounding it, resulting in a depression in the cleave plane, 
measured as dark contrast. 

Additionally two bright features are discernable, labeled B1 and B2, in Figure 
1a. B1 shows a dark center bordered by two bright lines along the [001] direction. The 
B2 feature consists of at least three bright lines along the [001] spaced 2 bilayers apart 
and with a larger extent than the B1 feature. Since the bright features are only present 
around the nitrogen layer we assume these are related to nitrogen centers as well. From 
experiments further discussed in Chapter 6 we found that the bright features are resonant 
features that only are measured at certain biases.

When we switch to a positive sample bias, hence empty state imaging, bright 
features with a high anisotropy between the [100] and [110] direction are visible at the 
positions of the nitrogen centers observed at negative sample bias. Since the resonant level 
of individual nitrogen centers is predicted to reside within the conduction band of GaAs, it 
is likely that it is this electronic state that is addressed by our STM measurements. Further 
analysis on the electronic state is discussed in Chapter 6. 

We explore if the extent of the electronic feature and the alignment of the features 
with respect to the corrugation can be used to assign the position of the nitrogen center 
with respect to the cleave plane. In Figure 2a the features are arranged by their extent in 
the [001] direction in empty state imaging, showing a systematic increase of one row per 
feature.	In	filled	state	imaging	the	B1	and	B2	features	form	an	alternating	series	with	the	
dark features. 

For analysis of the features’ alignment with the corrugation a closer look to the 
relation of the corrugation to the lattice is needed. In the measurements the [110] plane of 
GaAs is imaged. This plane has zigzag rows of alternating Ga and As atoms running along 
the [110] direction (see Figure 2c). Ebert et al. [21] and Engels et al. [22] showed that STM 
measurements on the [110] surface of III-V semiconductors will typically image surface 
states either parallel or perpendicular to these zigzag rows. At	 filled	 state	 imaging	 the	
tunneling is resonant with the so-called A4 or A5 state1, which runs parallel to the zigzag 

1 Labels are copied from the work of Ebert et al. [21] and Engels et al.[22]. The letter refers to the ion 
with which the surface state is most aligned: A=anion, C=cation.
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Figure 1 Part of a nitrogen 𝛿-layer imaged at -1.90V (a), +0.60V (b) and +1.00V(c). The contrast is normalized to the 
amplitude of the atomic corrugation. Two types of features with bright contrast associated with the 𝛿-layer and visible 
at negative sample bias (filled state imaging) are indicated with B1 and B2 in panel a). In panel b) the features are 
labeled corresponding to our assignment for the layer in which the nitrogen center resides with respect to the cleave 
plane. ‘d’ indicates nitrogen centers deeper than the 4th layer. 

row and is mainly centered on the dangling bond of the anion. In empty state imaging 
typically the so called C3 and C4 state are addressed. The C3 state appears perpendicular 
to the zigzag rows and is centered on the cations, while the C4 state appears parallel to the 
zigzag rows, but this time is centered on the dangling bonds of the cation. The maximum 
contribution for each of these states occurs at a different energy for each of the surface 
states, hence at a different sample bias. 

These surface states are recognizable in Figure 1: For example, at +0.6V lines in 
the [001] direction are visible corresponding with the C3 state. A grid is spanned by the 
surface states at +1.0V in Figure 1c, which indicates near to equal contributions for the C3 
and C4 states. Remarkably at -1.9V a grid is seen as well although the A4 and A5 surface 
states that have their maxima lined up with the valence band are both directed along the 
zigzag rows. However, de Raad et al. reported that due to tip induced band bending close 
to the band gap contributions from the C3 state could be observed at negative sample 
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biases	(filled	state	imaging)	as	well.	Therefore	the	grid	observed	at	-1.9V	is	formed	by	the	
combined	influence	of	the	C3	and	A5	surface	states.

The position of the surface states with respect to the lattice is depicted in Figure 
2c and d. The expected position of the nitrogen atoms relative to the surface state can 
be compared with the nitrogen features to identify the layer with respect to the cleave 
surface in which the nitrogen atom resides. The nitrogen will mainly substitute for arsenic. 
Figure 2b shows a sideview of a (110) GaAs surface with the possible substitution sites 
for nitrogen. The depression that the nitrogen center will cause, will be centered directly 
under the arsenic atom in the zigzag row for even numbered layers or in between the 
zigzag rows for odd numbered layers. This is in line with what was observed by Ulloa et al. 
[18] and was predicted from calculations [19], [20].

This alteration can also be recognized in the ordering of the features in Figure 2a; 
at -1.90V the center of the feature alternatingly coincides with the bright contrast along 
the [110] direction associated with the A5 states or falls in between the bright contrast 

Figure 2 a) Examples of five types of features associated with nitrogen centers in GaAs at -1.90V (upper) and +0.75V 
(lower) (top and bottom not necessarily on the same center) arranged per extent in the [001] direction at +0.75V. The 
cross hairs indicate the center of the feature. The signal range for the 3rd layer feature at -1.90V is extended to see 
more detail in the bright part of the contrast. Note that the panel of the 1st layer feature contains another non-1st layer 
nitrogen. b) Sideview cross-section of the surface scanned by STM. The blue dots with dashed circles indicate possible 
substitutional positions for the nitrogen atom. c) Topview of the surface scanned by STM. The thick zigzag rows and 
larger dots indicate the higher situated rows. The blue dots with dashed circles mark the two possible in-plane positions 
for nitrogen substituting an arsenic atom. d) and e) show the alignment of the surface states imaged at negative and 
positive sample bias with those substitutional positions.
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along the [110] direction. This can be understood from the illustration in Figure 2. In even 
layers the substitutional nitrogen position and thus depression coincides almost with the 
A5 surface state, while in odd layers the nitrogen falls almost exactly in between the lines 
of the A5 surface state. With respect to the C3 state directed in the [001] direction the 
opposite is true.

As at +0.75 V the same C3 state is visible, the alignment in the [001] direction does 
not change when going from -1.90V to positive sample bias (see Figure 2c and d). However 
for the contrast along the [110] direction the alignment does change. The C4 is centered 
on the dangling bonds of the cation and not that of the anion. Therefore at +0,75V the 
nitrogen centers in the odd layers are closer to aligning with the surface state (see Figure 
2d).

The systematic increase in extent and the possibility to match the alignment of the 
features	with	the	corrugation	to	substitutional	sites	for	the	nitrogen	makes	us	confident	
that the labeling “0” to “4” of Figure 1 and Figure 2 matches the number of layers the 
nitrogen is positioned away from the [110] cleave surface.

5.3.2 Nitrogen distribution in the 𝛿-doped layer 
In	Figure	3	part	of	the	traced	𝛿-layer is depicted. It is clear that the nitrogen features are
spread over more than one bilayer indicating either a strong redistribution during growth 
or a very rough growth surface. The Ga-N binding strength, however, is much higher 
than that of Ga-As, which makes a high mobility of the substitutional nitrogen not very 
likely.	This	is	reflected	as	well	in	the	realization	of	GaAsN	quantum	wells	with	an	abrupt	
onset [13]. On the other had in MBE the surface roughness during growth can be strongly 
changed	by	temperature,	growth	rate	and	the	group	V	 flux(es)	[23]–[26].	Therefore	we	
suggest that the surface roughening before or during nitridation was introduced due to an 
imbalance of these parameters, triggering 2D growth. 

The	width	of	the	nitrogen	layer	is	determined	from	filled	state	images	extending	
over	a	length	of	more	than	1.2	μm.	Subsequently	for	around	370	nitrogen	related	features	
it is established in which bilayer with respect to a reference layer they are centered. Of 
these 241 were related to dark depressions that were associated with even numbers layers 
away from the cleave plane and 128 to the bright features associated with nitrogen atoms 
an odd number away from the cleave plane. This globally matches an equal contribution 
from each of the layers as is expected. The deviation seems to be mainly stemming from a 
lower visibility of the 1st layer feature. The measurements are not completely on-resonance 
for the bright contrast related to the 1st layer feature and the dark contrast for the 1st layer 
feature is harder to identify, since it is more diffuse. As the features in the odd layers were 
positioned between two bilayers, they were counted as contributing 0.5 feature to each of 
the two neighboring bilayers.
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Figure 3 Part of the trace to determine the distribution in the 𝛿-layer. Recorded at filled state imaging (-3.0V, 32pA).
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Figure 4 Distribution of nitrogen features in the delta-layer per bilayer. The contribution of each of the bright features 
and the total of the dark features from the other layers is indicated per bilayer. The 0-point is put at the median. 
The distribution is fitted to a Gaussian and a Lorentzian fit, which are indicated with a dashed and solid black line 
respectively.   

The resulting distribution is depicted in Figure 4 using the median of the dark features as 
the center. The distribution shows nitrogen features spread over 23 bilayers (~36 nm). 
One outlier 21 bilayers away from the center is not shown. The distribution is somewhat 
anisotropic, but does not show a sharp onset, as expected for example for segregation 
progresses.	A	Gaussian	 fit	of	 the	histogram	gives	a	standard	deviation	of	2.9	bilayers.	A	
Lorentzian	function	gives	a	somewhat	better	fit	to	the	data,	as	it	captures	the	more	sharp	
profile	of	the	center,	which	is	probably	related	to	the	𝛿-layer character of the growth.

In	[5],	[27],	[28]	similar	𝛿-layers were grown with the idea that the 𝛿-layer was
so sharp that pairs would only form within the same (001) growth plane. In the STM 
experiments this would show up as two nitrogen centers in the same bilayer. 1st, 2nd, 4th and 
5th NN pairs can form in the (001) plane. However, Kent and Zunger calculated that of the 
1st to 6th nearest neighbors only the 1st and 4th nearest neighbors are predicted to have an 
in-gap state and hence to be optically active. Coincidentally these are also the only nearest 
neighbors found along the [110] directions. With the relatively wide distribution found it 
is questionable whether it is correct to assume a preference for pairs to form on the (001) 
growth plane in the [110] directions as was aimed for. 

To assess the probability of pairs forming in the (001) growth plane compared 
to outside the (001) growth plane with this distribution, simulations were made. For 
these	 the	Lorentzian	distribution	was	used	as	 the	probability	distribution	 for	 finding	a	
particle per bilayer. It was found that at such a broad distribution the distribution can be 
considered more or less bulk-like, i.e. when particles are placed randomly in the bilayers, 
following the given distribution no clear preference can be found for NN pair formation in 



61

Results and discussion

the (001) growth plane with respect to out of plane NN formation. Therefore it cannot be 
assumed a preferential orientation along the (001) plane takes place, purely on behalf of the 
sharpness of the layer. However, the effect of other orienting interactions driving towards 
in plane formation of nitrogen pairs are not excluded, such as preferential orientation due 
to the surface reconstruction during growth. 
 We have to consider that this is only one sample and sample-to-sample variations 
can exist. Sharp onsets of nitrogen quantum wells have been reported [13] and are most 
probably	 feasible	 in	 𝛿-layers. The profile does not follow a typical segregation profile,
with	a	 sharp	edge,	 or	 a	Gaussian	diffusion	profile.	Due	 to	 the	 strong	binding	energy	of	
nitrogen we expect the diffusion of nitrogen to be very limited. We anticipate that the 
width in the distribution can be reduced by tuning growth conditions. On the other hand, 
the combination of STM imaging followed by PL analysis can form a powerful tool to relate 
structural properties to a PL signature.

The amount of 1st to 4th	NN	pairs	observed	in	the	𝛿-layer (~18 pairs) is too low
to get statistical relevant results and to conclude which pairs are formed preferentially. 
Remarkably no 1st NN along the bilayers, hence within a single growth plane are found, 
although this could be due to the low sample size. To get better statistics on pair formation 
of nitrogen in GaAs, it is interesting to look at the distribution of nitrogen in a thick (200 
nm)	 GaAsN	 alloy	 layer,	 rather	 than	 in	 a	 𝛿-layer, where more nitrogen features can be
sampled in the same area.

5.3.3 Distribution in alloy layer
In	Figure	5	an	image	of	the	nitrogen	alloy	layer	in	filled	state	imaging	is	depicted.	Next	to	the	
familiar depressions, associated with nitrogen in the even layers, thick bright stripes are 
visible	(indicated	with	□)	as	well	as	smaller	dark	areas	(indicated	with	△)	or	combinations	
of these. These large scale features we associate with defects due to an imperfect cleaving 
of the surface, similar to the missing rows as observed in [29] and [15]. Around these line 
defects we often see a bright extended contrast that we associate to electronic contrast 
related to these defects. Moreover, the GaAsN region shows a background with a blotchy 
contrast. This contrast we ascribe to local variations in the nitrogen concentration, 
resulting in a varying electronic (and possibly partially topographic) contrast.
 The bright features associated with nitrogen in the odd layers are not visible. This 
is likely due to the tunnel conditions being out of resonance with the bright features, as 
the exact alignment of the bands and Fermi level with the work function of the tip can 
easily vary per experiment. The dark contrast for these features is observable, although 
recognizing all features is strongly hindered by the dispersed character of the contrast in 
combination	with	the	strong	fluctuation	in	background	contrast.	Also	for	nitrogen	centers	
in the even layers, more than two layers away from the measurement surface, the contrast 
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Figure 5 Example of one of the overview images used for determining the distribution of nitrogen in the alloy region. The 
image is taken at filled state imaging (-3.0V, 50pA). The symbol □ indicates examples of bright stripe defects, the symbol 
△ indicates examples of dark stripe defects.
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is so faint that it is hard to pinpoint the layer they are located in. Due to the blotchy contrast 
a	comparison	of	the	profile	depth	of	the	depression,	like	was	done	in	Ulloa	et	al.	[13]	cannot	
provide a conclusive layer assignment. 

Although scanning at empty state imaging conditions at the resonance of the 
nitrogen center should enable to conclusively assign the various nitrogen features to the 
layer below the cleave surface, issues in stability occurred, when scanning further away 
from the better conducting GaAs buffer layer as well as scanning over the line defects. 
Hence empty state imaging was not well useable for overview imaging. Scanning several 
features	close	to	the	buffer	layer-alloy	interface	at	empty	and	filled	state	imaging	revealed	
another way to distinguish surface and 2nd layer features (see Figure 6); Under the tip 
conditions	for	these	measurement	the	surface	layer	features	showed	a	smooth	profile	in	
contradiction to the 2nd	layer	features	that	showed	a	shoulder	in	the	profile.

Using this distinction more than 1000 features were assigned to nitrogen centers 
in the surface and 2nd layer in an area of about 1.1*104 nm2

.. This corresponds to a 
concentration	of	1.2%	N,	which	is	close	to	the	1.1%	that	was	predicted	from	XRD.

To analyze the formation of pairs we separately consider the pairs within the same 
layer  - i.e. those pairs that are either completely in the surface (0, 0) or completely in 
the second subsurface layer (2, 2) - and those that are made by combinations of nitrogen 
centers in the surface and second  subsurface layer (2, 0 or 0, 2)2. Figure 7 shows an example 
in	filled	state	imaging	of	each	of	the	various	orientations	that	are	studied	for	pairs.	The	
pairs that are considered are schematically depicted in the insets of Figure 8 and Figure 
9. As can be seen no combination of the positions within the (110) plane corresponds to 
the 5th NN. In turn, no 1st NN pairs can be discriminated for combinations of centers in the 
two different layers as the two nitrogen atoms are stacked on top each other in the same 
position. No pairs, beyond the 6th NN are considered.

48 pairs within the same layer were found, where over 100 pairs were expected. 
This leads us to the conclusion that a reduced number of pairs is observed indicating there 
is an anti-correlation between the nitrogen centers, i.e. anti-pairing. This could be related 
to the anti-correlation (anti-clustering/pairing) at distances below 1 nm that was found 
by Duca et al. [17] in an InGaAsN quantum well3, although there it was only observed after 
annealing, whereas our sample is not annealed and does not contain In.

Figure	8	shows	a	histogram	for	the	observed	(yellow	fill)	and	expected	(red	boxes)	
occurrence of the pairs categorized by their separation. Only the 3rd NN pair reaches a 
fraction of 0.9 of the value anticipated at random distribution. All other pairs show a much 
larger	deficit.	Especially	the	1st and 4th NN pairs that are formed along the (001) plane and 

2 Indices (i,j) are related to the layer with respect to the cleave plane of the first (i) or second (j) nitrogen 
center of a pair.
3 A separation of 1 nm equals more or less the 6th NN, that is found at √3a ≈ 1nm with a = 0.565 nm.
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Figure 7 Filled state image (-3.0V, 50pA) showing examples of the five types of orientation that were considered for the 
nearest neighbor (NN) statistics, labeled a to e. 

Figure 6 Identification and assignment of surface and second subsurface layer features. a) shows an empty state 
image (+1.7V, 30pA) close to the resonance of the surface layer feature in an area close to the buffer layer and without 
line defects. b) is the filled state image (-3.0V, 50pA) of the same area depicted in a) The features in the surface layer 
are identified by a 0, while features in the 2nd subsurface layer are indicated by a 2. c) shows an examplaric profile as 
encountered for the surface layer features, d) for the 2nd layer features.
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Figure 8 Histogram of the NN pairs found constituting from nitrogen features found within one layer (either the whole 
pair in the surface or the whole pair in the second layer). The red boxes indicate the anticipated number of nearest 
neighbors at a random distribution of the same amount of nitrogen centers.

Figure 9 Histogram of the NN pairs found constituting from one nitrogen feature in the surface layer and one nitrogen 
feature in de 2nd subsurface layer. The red boxes indicate the anticipated number of nearest neighbors at a random 
distribution of the same amount of nitrogen centers.
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in the [110] direction are almost completely absent. Interestingly, it were these pairs that 
were	predicted	to	be	unfavorable	to	form	from	valence	force	field	calculations	by	Kent	and	
Zunger [4], which considers strain energy. On the other hand the same paper predicts an 
enhancement of the formation of 2nd	NN,	where	this	is	not	reflected	in	our	analysis.	The	
distribution found here bears resemblance to that found for boron features in the cleave 
plane	studied	by	X-STM	in	1%	boron	quantum	wells	in	GaAs,	grown	by	MBE	[30].	In	that	
distribution 1st and 4th NN were almost absent as well, while the formation of 3rd NN was 
strongly preferred.  In contrast, for Bi in InP [14] a preferential pairing has been observed 
in the [110] direction and an increase in 1st NN for Bi in GaAs [31]. This hints to a more 
general trend related to the period of the substituting group III or V atom, for example 
related to the decrease in bond strength when going down in the group, but possibly also 
elasticity arguments or electronegativity. It seems that if the substituting atom is above 
the replaced host atom in the column of the periodic table (N replacing As, B replacing Ga) 
anti-pairing is observed, while if the substituting atom is below the replaced atom in the 
periodic table (Bi replacing P, Bi replacing As) enhanced pairing and clustering is reported. 
Note that this situation seems to be less clear-cut if the substituting atom closer in the 
group to the replaced host atom (In replacing Ga, Al replacing Ga).

In addition to the in-plane pairs, 24 pairs were found consisting of two nitrogen 
centers from different layers with respect to the cleave surface. The resulting histogram 
can be found in Figure 9. As with the in-plane pairs, all pairs are underrepresented. As 
expected from the distribution from the same layer pairs, especially the 2nd NN pairs have a 
low count.  Surprisingly, the formation of 4th NN pairs in this case does not seem to be far as 
suppressed as for the 4th NN pairs from nitrogen in the same layer. The 4th NN pairs found in 
the same layer are located in the same bilayer, which corresponds to the (001) plane, which 
is the growth plane. For the 4th NN pairs consisting of one nitrogen center in the surface 
layer and one in the second subsurface layer the centers fall in two different growth planes. 
A decrease of the formation of pairs within the growth plane seems plausible, although the 
5th NN that is oriented in the (001) plane, does seem to form. Therefore we conclude that 
specifically	pair	 formation	 in	 the	[110]	direction	 in	 the	(001)	plane	 is	suppressed.	This	
suggests a connection to the lateral growth thought to typically occur during MBE growth 
or	to	the	specific	surface	reconstruction	present	during	growth.	In	the	2D	growth	mode	
monitored here it is assumed that nucleation occurs on step edges after which a layer 
forms, expanding sideways [23], [32]. Possibly the nitrogen locally deforms the expanding 
film	to	such	an	extent	that	it	becomes	very	unfavorable	to	introduce	an	additional	nitrogen	
in	such	a	short	range.	On	the	other	hand,	the	surface	has	a	specific	surface	reconstruction	
during growth. Possibly this surface reconstruction promotes the positioning of nitrogen 
in other than the 1st and 4th NN positions. More detailed theoretical studies considering 
elasticity and binding energies are needed to reach a conclusion.

Although	it	is	not	unlikely	that	the	contrast	of	a	nitrogen	feature	is	influenced	by	
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nitrogen in directly neighboring positions (a= 1st or 2nd and b= 2nd or 3rd of Figure 7) due 
to	the	deformation	of	the	crystal,	clearly	distinct	profiles	were	observed	for	the	four	types	
of b pairs expected. On top of that, even if pairs were wrongly assigned, there would still be 
a	significant	absence	of	1st NN.

Due to the absence of the 1st NN pair and the low occurrence of the 4th NN, 
assignment of the in-gap luminescence observed in GaAsN [3] to 1st and 4th NN is, however, 
debatable.  Since, as said, these NN pairs are the only ones predicted to form in-gap states 
[4], it is not unlikely, one should either look further than NN pair states and consider 
larger range interactions, as was also suggested by [5], or a very limited number of pairs 
is responsible for the luminescence, but the number is so low the pairs are almost absent 
in our statistics.

 

5.3.4 Distribution of bismuth 
To	analyze	the	clustering	in	the	Bi:GaAs	an	overview	was	constructed	from	several	filled	
state images (see Figure 10). The compilation clearly shows areas with a very high density 
of bright features and areas with an appearance similar to clean undoped GaAs. Since the 
Bi atom is larger than the atoms of the host lattice, we expect the surface to protrude at 
locations where Bi is incorporated. Additionally electronic contributions to the contrast are 
expected from the resonance level of Bi atoms in GaAs that in contradiction with nitrogen 
is	expected	to	be	visible	at	filled	state	imaging.	Therefore	we	associate	the	bright	features	
with	 incorporated	Bi.	As	 the	clustering	 is	apparent,	more	specific	analysis	 to	assign	the	
layers to the Bi features and to determine the nearest neighbor distribution or the radial 
distribution function are omitted. The image shows large rips, atypical for cleaved surfaces 
for	clean	GaAs.	We	assume	this	is	the	consequence	of	the	large	strain	fluctuations	at	the	
cleave plane, caused by the intense clustering of the Bi centers.
 The nanostructures formed by the clustered Bi (see Figure 10) typically show a 
shape in between a disk and a droplet. The edge of the nanostructure on the side of the 
substrate	(bottom	side)	 is	sharp	(see	□	 in	Figure	10),	while	 the	edge	on	the	other	side	
(top)	is	less	well-defined.		The	short	axis	of	the	nanostructures	is	loosely	directed	in	the	
growth direction, with a few degrees (~9-16˚)	offset. Next to these nanostructures trails of 
Bi atoms can be found. 

It is intuitive to associate the nanostructures with the droplet formation on the 
surface associated with GaAsBi growth, although the surface droplets are metal droplets 
of Ga or Bi or both, while the nanostructures are structures of Bi rich GaAs. However, 
both Bi rich as Ga rich surface droplets have been found to lead to inhomogeneities in 
Bi incorporation [11], [12]. For Ga rich droplets, like in our samples, it is assumed that 
they on the one hand dissolve Bi below the droplet, decreasing the Bi incorporation 
underneath the droplet, and on the other hand create Ga-rich vapor close to the droplet, 
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Figure 10 Compilation of 10 50x50nm STM images at filled state imaging (-3.0V, 50pA) showing part of the Bi layer. 
Large nanostructures of Bi can be seen with a well-defined edge on the substrate side (indicated by □). The growth 
direction ([001] direction) is indicated by an arrow.
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stimulating Bi incorporation next to the droplet . The sharp edge of the nanostructures on 
the substrate side and the hazy edge on the growth surface side resemble the edges found 
in [12]. However, no ordered structures are found, like the Bi poor channels reported there, 
suggesting a less structured movement of the Ga droplets during growth. The trails could 
be coupled to the temporal occurrence of local Ga conditions that allow the Bi to wet the 
surface.	This	can	either	be	associated	with	Ga	concentration	influenced	close	to	the	droplet	
or movement of the droplets on the surface. 

Although RHEED was employed to test the quality of the sample, the measurements 
did not indicate the droplet formation. Especially with the wide current interest for 
producing high Bi content GaAs, the potential of X-STM to analyze the homogeneity of Bi in 
GaAs growths can be of great interest.

5.4 Conclusions
Highly anisotropic features related to nitrogen centers are observed in a (110) GaAs 
surface in empty state imaging and two types of bright features are observed in addition to 
the	dark	depressions	at	filled	state	imaging4. Using the alignment of the features with the 
surface states in combination with the extent of the contrast an unambiguous assignment 
of the layer with respect to the cleave plane in which the nitrogen center resides was 
possible. The empty state features, hence, form an additional way of assigning the layer 
to the nitrogen centers, which in various occasions can be more reliable than deriving the 
depth	at	filled	state	imaging	as	was	done,	for	example,	by	Ulloa	et	al	[13].
	 Subsequently,	the	distribution	of	the	nitrogen	centers	in	a	𝛿-layer was studied. It
was	found	that	the	𝛿-layer contained nitrogen atoms that are distributed over 22 bilayers
in the growth direction. The amount of imaged pairs is too low to obtain enough statistics 
on the pair formation in the 001 direction which was suggested from the PL measurements 
of our partners. 
 A study on the nearest neighbor occurrence in a nitrogen quantum well alloy layer 
showed	anti-pairing	of	the	nitrogen;	although	a	N	content	of	1,2%	was	obtained	from	the	
STM in the image, which is in agreement with the concentration determined from XRD 
measurements, less than half of the number of expected pairs were found. The distribution 
showed hardly any 1st and 4th NN pairs along the [110] direction in the (001) growth 
plane.	This	has	a	strong	resemblance	with	the	distribution	for	1%	boron	in	GaAs,	while	
it is in contrast with the Bi in InP that shows enhanced pair formation in the [110] plane, 
suggesting a general trend related to the period of the atomic species in the Periodic Table. 

The fact that the number of out of plane 4th NN pairs appear at a higher relative 
frequency, hints at a relation to the layer by layer growth typical for MBE. A broader study 

4 Our observations are in line with those done by Ishida et al. who worked on a similar system at the 
time of this investigation.
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is	needed	to	confirm	the	general	trend	in	GaAsN.
 The X-STM study of a bulk grown GaAsBi layer, showed strong phase separation 
and clustering on the micrometer level. Nanostructures with a sharp edge on the substrate 
site were observed that made a small angle with the substrate (9-16°), and had a more 
diffuse edge on the opposite site. This is probably related to Ga droplets present on the 
surface	during	growth,	creating	fluctuations	in	growth	conditions	on	a	local	scale.
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6.1 Introduction
In GaAs the addition of small amounts of nitrogen can have a strong effect on the electronic 
properties.	At	concentrations	well	below	1%	(i.e.	<	1019 cm-3) nitrogen induces a localized 
state which gives a strong narrow line in optical measurements, corresponding to an 
energetic feature 150-180 meV above the conduction band edge[1]–[5]. Thus unlike for 
nitrogen in GaP, the resonance level of a single nitrogen lies in the conduction band of 
GaAs. Additional narrow lines have been found in the photoluminescence spectra, and 
assigned to other states involving the single nitrogen, N-N-pairs and N-clusters, several of 
which are situated in the band gap [6]–[21]. 
 From the rich spectra [3], the appearance of the lines with different growth 
configurations	 [16],	 [19]	 and	 dependence	 of	 the	 signal	 on	 polarization	 and	 magnetic	
field	 [9],	 [10],	 [12]	 it	was	suspected	 that	nitrogen	pairs	give	 rise	 to	different	electronic	
levels depending on the relative orientation of their two constituents. The resonant states 
thus obtained are not only interesting as single photon sources with many available 
energies. Resonant states have gained interest as probes of localized centers by transport 
measurements as demonstrated for example in [22]–[24]. The study of dopant complexes 
also plays a major role in quantum spintronics, as studies of states beyond the NV center 
in	diamond,	or	the	divacancy	center	in	silicon	carbide,	would	benefit	from	these	types	of	
studies. 
 Further alteration of the electronic structure of GaAs can be seen for nitrogen at 
low	alloying	concentrations	(typically	0.1-2.0%)	at	which	the	band	gap	of	GaAsN	is	reduced	
up to 600 meV below that of GaAs [25]–[27] despite the band gap of GaN exceeding that 
of GaAs by a factor of two. Strong band bowing, common for highly mismatched alloys, 
has been attributed to the hybridization of the localized nitrogen states with the GaAs 
conduction band [28], [29] or the formation of a continuum of localized states forming an 
impurity band [6], [30], [31]. One of the most recent interests in the band bowing behavior 
of nitrogen comes with the realization of Bi incorporation in GaAs. The band bowing 
of nitrogen in combination with the non-linear shrinking of the GaAs band gap with Bi 
concentration is expected to create possibilities for a mid-infrared source or detector with 
small losses. 
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Multiple theoretical approaches have produced estimates of the energy levels of the single 
N impurity, N-N-pairs and N-clusters [6], [28]–[42], including tight-binding calculations, 
empirical pseudopotential calculations, band anti-crossing models, and density functional 
theory. The band anti-crossing model [28], [29] is very successful in explaining the observed 
trend for band gap narrowing at low nitrogen content, but is a quasi-periodic theory 
and thus does not address the spatial structure of individual nitrogen dopants. Several 
supercell calculations were performed [32], [34]–[36], [41]–[43]. The review by Kent and 
Zunger [36] is very extensive and includes the energy of the single N level and N-N-pair 
levels, the band gap over the full nitrogen concentration range and a prediction for the 
spatial extent of the wave function. A strong directional dependence of the N-pair levels 
was found here as well. However, even though the supercells are almost 7 nm in linear size, 
significant	finite	size	effects	have	been	found	even	for	these	sizes	for	well	hybridized	states	
close to the conduction band or resonances within the conduction band [44].
 Additionally, ab initio atomistic calculations, like density functional theory 
calculations, are unable to derive the long-ranged electronic structure that follows from the 
mixing with the bulk dispersion, as the dispersion relation is not accurately represented. 
Tight-binding (TB) calculations with open boundary conditions, based on the Koster-
Slater formalism in terms of Green’s functions, do take the dispersion relation into account 
and	 are	 not	 influenced	 by	 boundary	 effects	 found	 in	 supercell	 calculations.	 Although	
similar calculations have been performed for the single nitrogen impurity in GaAs [37], no 
spatial	structure	was	derived	from	these	TB	calculations	and	no	verification	of	this	spatial	
structure with experiments was done.
 Here, we use cross-sectional scanning tunneling microscopy (X-STM) to directly 
image the LDOS related to the resonant level of the individual nitrogen in the conduction 
band. X-STM has been applied successfully in the past to image nitrogen atoms in GaAs as 
atomically sized features and determine the distribution of nitrogen in various structures 
such as quantum wells [45]–[49]. However, until recently little attention has focused on 
the imaging of the electronic state of nitrogen [50].
 By giving a full description of the appearance of the single nitrogen impurity 
we want to obtain better understanding of the origin of the directional dependence of 
nitrogen pairing states. Furthermore we want to use the STM as a method to verify that 
the Green’s function tight-binding method can give a high quality description of the single 
nitrogen and as such can be applied to calculations as have been presented for example in 
[37] on band bowing. In those calculations a linear combination of single nitrogen states 
(LCINS) is made to make an estimate of the spectral distribution of the nitrogen band. 
Indeed, our results here show there is a good match between the experimentally observed 
and	 calculated	 appearance	 of	 the	 single	 nitrogen	 and	 hence	 confirm	 that	 tight-binding	
calculations following the Green’s function formalism for the single nitrogen provide a 
good basis for the LCINS.
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The	bright	features	that	were	identified	in	Chapter	5	and	were	related	to	nitrogen	centers	
in the 1st and 3rd layer are described in more detail. Not only do we want to provide a robust 
way	of	 identification	 for	 future	 reference,	we	 also	want	 to	demonstrate	 that	 the	bright	
contrast is of electronic origin. 

6.2 Growth and methods
The studied sample is identical to the ‘Nitrogen δ-layer sample’ of Chapter 5. The used 
settings for the STM are identical to the parameters given there as well. Hence, for details 
on growth and STM settings we redirect the reader to the Methods Section of Chapter 5.

6.2.1 Tight binding calculations
A sp3d5s* Hamiltonian [51] is used to describe the GaAs crystal and the Koster-Slater 
method [52] is used to include the effect of the nitrogen. The energy of the nitrogen 
resonance has been set by including an onsite atomic potential equal to the difference in 
s- and p-state energies between nitrogen and arsenic. The bonds between the nitrogen and 
its nearest neighbors have then effectively been shortened using Harrison’s d -2 scaling law 
[53] to place the nitrogen resonance at 1.68 eV with respect to the valence band edge. This 
resonance energy is deduced by adding 165 meV, the middle of the 150-180 meV range 
found for the distance of the nitrogen resonance from the conduction band edge [1], to the 
0K band gap of GaAs of 1.52 eV [54].

6.3 Results and Discussion

6.3.1 Voltage series of individual nitrogen centers at conduction band resonance
To	investigate	the	electronic	structure	of	the	nitrogen	centers	they	are	studied	in	a	δ-layer	
where	they	can	be	distinguished	as	individual	features.	At	filled	state	imaging	(Figure	1a)	
the typical dark point-like contrast for nitrogen centers is observed as described in Chapter 
5 as well. At empty state imaging the same area is imaged at various voltages from +0.45V 
to +1.4V (Figure 1b to e). Bright extended features with a high anisotropy between the 
[001] and [110] direction are visible. As pointed out in Chapter 5, the different varieties 
stem from the varying position of the nitrogen centers with respect to the cleave surface. 
The assignment is once more indicated in the image taken at +0.60V (see Figure 1c). 
Ishida et al. [50] observed similar features, using a slightly different method, where the 
features were only imaged at one bias. Here, the discussion is extended to the behavior of 
the features at constant current empty state imaging with various biases and a comparison 
to tight binding calculations to better understand the origin of the observed anisotropic 
state. 
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Figure 1 STM images showing a part of the nitrogen layer at (a) −1.90 V, (b) +0.45V, (c) +0.60 V, (d) +1.00 V, and (e) 
+1.40 V sample bias. The tunnel current was 50 pA at negative sample bias and 30 pA at positive sample bias. The 
contrast scales are normalized to the amplitude of the atomic corrugation (giving a scale ranging over 29 pm for the 
lowest contrast picture and 80 pm for the highest contrast picture). B1 and B2 indicate the features containing bright 
contrast at −1.90 V in a). In c), the features are labeled 0 to 4, corresponding to the layer below the surface in which the 
nitrogen is located. “d” indicates features related to nitrogen situated deeper below the cleavage surface.
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Comparing the contrast of the features for the applied sample biases we see that for the 
deeper to 1st layer features the contrast becomes more condensed when increasing the bias 
from +0.45V to +1.00V, while the anisotropy is preserved. The surface feature (indicated 
with 0) develops an increasing contrast extending along the [110] direction. At a further 
increase of the bias to +1.40V almost solely the surface feature shows bright contrast. At 
the positions of the 4th to 1st layer nitrogen centers a mostly dark contrast is seen. This 
contrast	 is	more	delocalized	 than	 the	point	 like	contrast	at	 filled	state	 imaging.	Since	 it	
strongly deviates from the topographic contrast at -1.90V, we attribute the dark contrast to 
an electric component. This could follow from a decrease in LDOS.  The nitrogen center is 
an isovalent impurity, which means it does not introduce additional density of states when 
considering the integral over all energies and space. The enhanced density at resonance 
energy thus has to be compensated elsewhere in space and energy. 

Not only the shape and sign of the contrast develops with varying positive sample 
bias, but the intensity of the contrast as well. The voltage dependence is different with the 
layer the nitrogen is located in. For example, at +0.60V the nitrogen center in the surface 
has hardly any contrast, while a clear contrast is seen for the 3rd layer feature, while at 
+1.00V this is reversed. Ishida et al. also suggested that a trend of resonance voltage with 
depth could be present as they saw a shift in the differential tunneling conductance spectra 
when comparing the fourth and seventh layer features.

To quantify this behavior the maximal intensity for each type of feature for at 
least seven voltages in the range +0.40V to +1.60V was determined, normalized to the 
corrugation found for clean GaAs in the same image (see Figure 2a). For each type of feature 
a peak, hence a resonance, in the voltage-dependent contrast intensity is observed. The 
position	of	the	resonance	is	estimated	by	fitting	a	Voight	profile	to	the	voltage	dependence	
of the maximum intensity. In Figure 2b the voltage of the resonances is plotted against the 
layer in which the nitrogen center is residing. A gradual decrease in resonance voltage is 
observed	after	the	first	drop	between	the	surface	and	1st subsurface layer nitrogen features. 
 When performing STM on a semiconductor so called ‘tip induced band bending’ 
(TIBB) is anticipated. The bias difference between the sample and the tip results in 
an	 electric	 field	 dropping	 off	 from	 the	 tip	 extending	 into	 the	 dielectric	 formed	 by	 the	
semiconductor.	At	the	empty	state	imaging	done	here,	the	electric	field	pulls	the	GaAs	bands	
up as well as the nitrogen resonances. The TIBB is strongest at the surface and decays away 
from the surface, hence levels close to the surface align at higher voltages with the Fermi-
energy of the tip than the same levels further from the surface. We suggest that the gradual 
decrease in resonance voltage for the nitrogen in the 1st to 4th subsurface layer stems from 
this, although energy shifts due to deviations from bulk distortions around the impurities 
closer to the surface can not be excluded.
	 For	the	surface	nitrogen,	however,	we	do	expect	the	resonance	to	have	a	significantly	
different	energy	caused	by	the	strongly	modified	atomic	coordination	environment	at	the	
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Figure 2 a) The maximum intensity, normalized to the corrugation of clean GaAs, of the features with voltage. The 
graphs are fitted with a Voight function. The layer in which the nitrogen resides is indicated for each graph at the top 
right. b) The found resonance voltage versus the layer in which the corresponding nitrogen center resides. The error bars 
indicate two times the standard deviation for each fit.
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surface [55]. Unlike the nitrogen centers in deeper layers, the nitrogen center in the surface 
is expected to have a dangling bond. The lack of this bond and the rest of the coordination 
environment will result in a binding environment that is distinctly different than that for 
nitrogen in the bulk. Therefore we assign the large step in resonance voltage between the 
surface feature and 1st subsurface feature mainly to an energy shift in resonance due to the 
changed coordination environment. 
 Our resonant voltages differ in absolute value with the STS results of Ishida et al. 
and Ivanova et al. In references [49] and [50] the peak position of the single nitrogen level 
in general shows up between +1.2 and +1.7 V. As illustrated well by the spectroscopy series 
of Ishida et al., the observed values in STS are dependent on the tip condition, hence, we 
are reluctant to compare the exact values resulting from STS. The difference observed with 
our value is most probably due to the use of illumination and a more intrinsic environment 
in our case.

Illumination creates charge carriers, partially quenching the TIBB [56], while the 
doping	influences	the	positioning	of	the	Fermi	level.	Ishida	et	al.	do	not	find	a	defined	peak	
in their spectrum for the resonance of the nitrogen in the surface position, while Ivanova 
et al. indicate that they do not expect a contribution of the surface nitrogen state at all in 
STS. The resonance that we found with constant current imaging at various voltages for 
nitrogen in the surface layer (see Figure 2) shows a peak that is broader than found for 
most nitrogen in other layers. Together with the observation that the resonance of the 
surface nitrogen lies 0.5 V above the next resonance, this could be an indication why no 
peak was observed in earlier STS measurements; either the peak is smeared out too much, 
and thus not showing up clearly on top of the regular LDOS, or the peak position is shifted 
up outside the measured region, or a combination of both.

6.3.2 Comparison of spatial structure from STM imaging and TB calculations
For a better understanding of the origin of the spatial appearance of the nitrogen resonance, 
tight binding calculations were performed, similar to those in reference [57], for a nitrogen 
center	in	an	infinite	GaAs	lattice.	Calculations	on	the	spatial	structure	of	the	nitrogen	based	
on density functional theory were reported [31], [36]. These used a reduced set of k-points 
and	a	finite	supercell.	The	Green’s	function	method	used	here	is	computationally	efficient	
and does not suffer from supercell size restrictions or boundary effects.
 A series of cross-sections is taken through the calculated LDOS. The cross-sections 
are spaced at the same distance as between the subsequent (110) and (1-10) planes 
(see	Figure	3b).	The	first	cross-section	is	taken	at	the	nitrogen	center	and	correlates	to	a	
nitrogen in the surface plane. Subsequent cuts correspond with nitrogen in progressively 
deeper layers. The calculations show a barlike feature extending along the [110] direction 
for the nitrogen in the zeroth/top layer and crosslike features extending in the [001] 
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direction for cuts away from the center with an asymmetry between the two lobes. For 
each layer deeper into the GaAs the enhanced LDOS cross section expands an additional 
row in the [001] direction.
 Comparing the TB calculations to the measured contrast shows an excellent 
agreement. The series of Figure 3a shows the same systematic increase of one row of 
bright contrast in the [110] direction as the calculations shown in Figure 3b for each cut 
one monolayer further away from the nitrogen atom. A striking resemblance between 
calculation and measurement is found in the direction of extension of the nitrogen-related 
LDOS shape which at the surface (or zeroth plane) extends in the [110] direction, while 
the features from other planes extend in the [001] direction. The best correspondence 
between measurements and calculations is obtained with a tip width of 1.70 A°. 
 As can be seen from Figure 3c and 3d, the calculated isosurfaces of state density 
have highly anisotropic shapes. The tip width in the calculation has been chosen smaller, 
1.13	A°,	to	make	the	finer	features	of	the	isosurface	clearer.	At	a	high	value	of	the	density	of	
states the tetragonal symmetry close to the nitrogen center is recognizable. The isosurface 
at	lower	density	further	away	shows	somewhat	of	a	preference	for	the	⟨110⟩	directions,	
similar to what was reported by Virkkala et al. [31], but far less localized. The panels in 
Figure 4b show the LDOS in parallel (110) planes that either cut through the N atom, as 
is the case for the zeroth plane, or at an integer number of atomic planes away from the 
N atom. In the zeroth plane, the LDOS is mainly related to the two arms of the 12-fold 
symmetric electron density that lie in the (110) plane cutting through the N atom. In a 
plane that is a few monolayers away from the N atom the atomic-sized LDOS is mainly 
due to the arm that is pointing in the [110] direction, i.e., perpendicular to the arms in the 

Figure 3 A comparison between a)  the features found in STM for nitrogen at different depths with respect to the cleave 
surface and b) cuts through the local density of states found with TB for a nitrogen impurity center in GaAs, at planes 
at the same distance from the nitrogen center as the {110} planes. The assumed tip width is 1.70Å. The panels for 
calculation and measurement are about 3.6x3.6nm. c), d) Show the calculated isodensity surfaces at 1.68 eV for the 
difference between the LDOS near the dopant and the background. To view sharper features in this theoretical surface, 
the STM tip width is made smaller, 1.13 A° . c) Corresponds to an LDOS difference from the background of 0.12 eV−1Å−3. 
d) Corresponds to an LDOS difference from the background of 0.012 eV−1Å−3.  
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zeroth plane. In planes at intermediate distances away from the N atom, the LDOS consists 
of the perpendicular [110] arm and four others arms of the 12-fold symmetric state that cut 
at an angle with the (110) plane. Strongly anisotropic shapes for the LDOS along the [001] 
have been reported for several acceptor impurities with levels in the band gap [58], [59] 
including Mn [60], [61]. The anisotropy seen in acceptor states comes from the symmetry 
of the tetrahedral bonds in the cubic lattice and the contributing orbitals. The cubic zinc 
blende lattice falls in the Td point symmetry group. In this group the s-orbitals transform as 
the irreducible representation A1 and p-orbitals as T2. d-orbitals in the Td point symmetry 
group also in part transform as a T2 irreducible representation. The contributions of the 
orbitals with T2 symmetry lead to the anisotropy seen for the earlier mentioned acceptor 
states. Although nitrogen is an isoelectronic impurity, the same applies to the bonding of 
the nitrogen in which p orbitals are contributing. Therefore, in opposition to [31] we argue 
that the observed anisotropy of the nitrogen atom is mainly attributed to the symmetry of 
the surrounding electronic environment and not the strain introduced into the lattice. 

The high anisotropy of the nitrogen-related states will have consequences for the 
interaction between nitrogen centers. As the LDOS is a measure for the amplitude of the 
wave function, the interaction in the directions where the LDOS is high will be stronger 
than in the directions the LDOS is low. For example, the overlap between two nitrogen 
atoms spaced 0.5 nm away in the [001] direction is predicted to be less than two nitrogen 
atoms	spaced	1.0	nm	away	in	one	of	the	⟨110⟩	directions.	Furthermore,	it	is	shown	that	the	
extent of the nitrogen is much larger than its atomic position, due to hybridization with the 
lattice. Interactions beyond nearest neighbors are therefore expected. The larger extent 
and high directional dependence of the energy levels formed from two interacting nitrogen 
levels matches earlier calculations [36] and observations [9], [10], [12], [16], [19]. 

Coming back to the comparison to earlier investigated acceptor states, we note that 
for acceptor atoms that give rise to a localized state in the band gap, the spatial integral of 
the LDOS produces an integer value. The nitrogen atoms, however, form resonances within 
the continuum of the conduction band that locally increase the density of states around 
the resonance energy. The integral of this region of enhanced LDOS does not have to be 
an integer. The nitrogen atoms have the same number of valence states as arsenic atoms, 
so the increase in the LDOS at the resonance energy has to be compensated for through a 
corresponding reduction at other energies. The local nature of the nitrogen is attributed to 
its small size and high electronegativity. Studies on isoelectronic substitutional impurities, 
like boron, which is also electronegative compared to gallium, as well as antimony and 
bismuth, which cause a strong distortion of the lattice, could provide further insights on 
the formation of these localized isoelectronic states. A prerequisite to observe the states 
related to such a center, isoelectronic or not, with X-STM is that the increase in LDOS is 
localized	 enough	 in	 energy	 and	 space	 to	 significantly	 change	 the	 tunneling	 current. 
 The small deviation between our calculations and measurements is due to the fact 
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that the calculations are done for a bulk system, whereas in the experiment the nitrogen 
atoms are close to a semiconductor-vacuum interface. The surface will reconstruct, 
deforming the layers close by and putting strain on them [62]. The slight additional 
asymmetry along the [001] direction may also be explained by surface strain, as seen for 
Mn acceptors [63]. Moreover, the deformation of the lattice around the nitrogen is only 
taken into account by changing the hopping parameters to the direct neighbors, without 
actually changing the lattice positions of the nearest neighbors or accounting for changed 
bond lengths to the next-nearest neighbors. The nitrogen will, however, deform the lattice 
even	beyond	the	first	neighbors	[31]	and	close	to	the	surface	this	will	happen	in	a	spatially	
anisotropic way [64]. These strain arguments are very likely the cause of the observed 
deviations and they are consistent with the observations that the features assigned to 
nitrogen further away from the surface are more symmetric and match the calculations 
better.

6.3.3 Resonant features related to the C3 surface state
In	Figure	1a	two	types	of	bright	features	at	filled	state	imaging	are	indicated	by	B1	and	
B2. The calculated LDOS does not provide an explanation for these features. To get a 
further understanding the centers producing the bright contrast are imaged at various 
negative sample biases from -2.50V to -1.60V (see Figure 4).  This clearly shows a resonant 
behavior for both features. For the B1 feature, at -2.50 V, the bright contrast disappears, 
while the dark contrast remains unaltered. The dark contrast is in accordance to what has 
been	reported	before	for	the	topographic	contrast	of	a	first	layer	feature	[48].	The	center	
is positioned around a point falling in between the A4/A5 surface states and shows a dark 
contrast over multiple surface arsenic atoms. This strongly suggests that the observed 
contrast at -1.90 V is a mix of the expected topographic contrast and a bright contrast 
element. Feature B2 is associated with the third layer away from the cleavage surface. 
The expected topographic contrast for a nitrogen in this position is less strong and falls 
underneath the strong central bar of the bright pattern. We suggest this as the reason why 
at -1.90 V no topographic contrast element is recognizable for this feature. 

The B features become less pronounced with more negative voltages, whereas the 
topography should dominate more when tunneling further from the band gap. Therefore 
we assume the bright component of the contrast stems from an electronic rather than a 
topographic origin.

Noticeably, the bright contrast element only appears with the nitrogen atoms 
substituting in the odd numbered positions. Tilley et al. [64] calculated that the nitrogen 
atoms in those positions displace multiple arsenic atoms in the surface. Voltage-dependent 
measurements on the B2 feature suggest that the visibility of the state is related to the 
visibility of the C3 surface state (see Figure 5). At less negative voltages, the C3 surface state 
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as well as the B2 feature are more pronounced. At a low positive voltage of +0.45 V where 
the C3 mode dominates, a feature very similar to the one observed at negative voltages can 
be observed. Therefore, we propose the bright contrast of the B features might be related 
to a disturbance of the C3 surface state. This would be consistent with the larger spread 
of the B2 feature compared to the B1 feature. The disturbance of the surface due to the 
deeper lying nitrogen atom would be more extended and that of the shallower nitrogen 
atom would be more localized. Remarkably, the B2 feature shows a brighter overall 
contrast than the B1 feature.

The nitrogen features are not the only isovalent centers in GaAs that show bright 
states that seem related to the C3 resonant state. For boron centers studied by X-STM in a 
{110} GaAs cleave plane bright contrast was reported surrounding a dark contrast.  The 
bright contrast seemed to be electronic in origin and extended in the [001] direction, along 
the C3 state (see example in Figure 6c). The positioning of the boron atom with respect 
to the surface states is different because it typically substitutes for the Ga cation of the 
GaAs host. Therefore it aligns in the surface with the C3 cation surface state, unlike the 
substitutional nitrogen that does not align with the C3 in the surface, but does align with it 
in the 1st and 3rd subsurface layer (see Figure 6b). Features with elongated contrast along 

Figure 4 Part of the δ-layer showing the B1 and B2 features at -2.5V (a), -1.9V (b) and -1.6V (c). The vertical stripes at 
-2.5V correspond to the A4 or A5 surface state, while the horizontal stripes at -1.6V correspond with the C3 surface 
state. The bright contrast associated with the B1 and B2 features clearly shows a voltage dependence.
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Figure 6 cut-outs of the B1 (a), B2 (b) and boron feature (c) at measurement conditions for which the C3 is visible. In d) 
a schematic top view of the {110} surface is drawn and the positioning of the maxima of the surface states with respect 
to that surface. The zigzags of the surface layer and of the 1st subsurface layer are visible. The position of a boron atom 
substituting a Ga in the surface layer is indicated (with an orange dot) and the positioning of a nitrogen substituting As 
in the first subsurface layer (with a blue dot). The nitrogen in the 3rd subsurface layer is located directly underneath the 
nitrogen in the first subsurface layer. It can clearly be seen that the center of the surface boron atom and first and third 
subsurface nitrogen atom are in one line with the C3 surface state.

Figure 5 The B2 feature is imaged over a larger voltage range from -1.7V to -3.0V. The direction of the surface states is 
indicated with the grid of arrows. Next to the clear change in the dominant surface state the contrast of the B2 feature 
decreases with decreasing bias. 
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the surface states were also observed for P impurities in Si [65], while the Si surface states 
are distinctly different from the GaAs surface. Hence, the contrast extending along the 
surface states possibly is a more general phenomena in STM imaging.

6.4 Conclusions
We performed X-STM measurements on individual nitrogen impurities in GaAs layers 
grown with MBE. The impurities were studied at different voltages. The highly anisotropic 
bright shapes that appear at low positive biases show voltage-dependent brightness. The 
resonant tunnel voltage changes with the layer the nitrogen is situated in due to TIBB, 
with exception of the surface nitrogen that likely shows an additional increase in energy 
on account of a highly disrupted symmetry in bonding with respect to the bulk. The 
anisotropy	of	the	isolated	nitrogen	state	can	be	identified	as	a	cause	for	the	high	directional	
dependence of the levels stemming from nitrogen pairing. At higher positive voltages, less-
defined	dark	shapes	are	observed,	unlike	the	topographic	contrast	observed	at	negative	
voltages. This we relate to a decrease of LDOS compensating the increase of LDOS at lower 
energy. 

The spatial anisotropy of the various nitrogen features was further studied with 
tight binding calculations. These give similar anisotropic enhanced LDOS at (110) cuts 
through	and	next	to	the	nitrogen	center.	The	excellent	match	verifies	experimentally	that	
the TB can describe the nitrogen center accurately and can be used as a base for further 
calculations combining single nitrogen states. These results show that the delocalized 
anisotropic appearance of the LDOS can be assigned to the symmetry of the GaAs lattice 
without considering long-ranged strain. Minor deviations between the experimental and 
theoretical contrast can still be attributed to the deformation of the lattice, caused by 
surface relaxation and the small nitrogen atom, which is only partially accounted for in 
these bulk calculations. The hybridization of the nitrogen impurity center with the bulk 
dispersion makes the extent of the enhanced LDOS carry much further than the atomic 
position of the nitrogen impurity, making interactions plausible over larger ranges than 
first	neighbors	expected	from	simple	atom-to-atom-bonding	considerations.	At	negative	
voltages not only topographic features are observed, but for two features B1 and B2, a 
resonant electronic component with an alteration in the [110] direction is found as well. 
These	features	are	related	to	nitrogen	in	the	first	and	third	layers	away	from	the	cleavage	
surface. Earlier calculations and measurements show that these are the positions in which 
the disturbance of the surface is the most delocalized. Measurements at varying negative 
voltages show that a relation with the C3 resonant state is likely. A more general correlation 
could be present for resonances around impurities stretching along the surface states. 
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7.1 Introduction
The GaP-Si nanowire system core-shell nanowire system has recently received great 
interest as a route to high crystal quality Si with a hexagonal lattice (lonsdaleite Si). Si 
typically forms with a cubic lattice and because the band structure of a semiconductor 
is strongly related to its lattice, hexagonal Si has the potential to show new optical and 
electronic properties. The optical and electronic properties can however be strongly 
influenced	if	impurities	are	present.	Therefore	it	is	desirable	to	analyze	the	nanowire	core-
shell system with atom probe tomography, since it is a technique that is able to measure 
doping concentrations down to 1017 cm-3 [1] even if the doping atoms are not electrically 
active.  Other techniques, either need larger volumes to work on (e.g. SIMS), are less 
sensitive	(e.g.	EDX	in	TEM)	or	have	a	specific	sensitivity	(e.g.	conductance	measurements,	
which are only sensitive for electrically active impurities). 

 Although high quality reconstructions have been obtained by Atom Probe 
Tomography for metal samples with a single main component [2], the analysis of compound 
semiconductor structures introduces several challenges. First of all the applied models 
to obtain a 3D reconstruction from the atomic detection events assume a more or less 
hemispherical projection of the ions on the detector (see Chapter 3). This assumption 
breaks down when regions with different evaporation behavior are simultaneously 
present on the surface. The projection angle of the ions varies with the material at the 
surface, hence compressing the image on the detector of one species with respect to the 
other [3].

 Secondly, in the case of III-V binaries a substantial difference in evaporation 
behavior between the two elements is known to occur. When the continuous part of the 
electric	 field	 for	 evaporation	 is	 good	 for	 a	 controlled	 evaporation	of	 group	V	 species	 it	
can be so high that the group III species evaporate between measurement pulses and 
hence go unmeasured [4], [5]. The difference in evaporation behavior can, especially in 
laser pulsed atom probe tomography, also lead to the evaporation of the group V species in 
clusters	[6]–[10].	This	means	that	it	might	be	very	challenging	or	even	impossible	to	find	
analysis parameter that allow to obtain a correct stoichiometry. Furthermore, the cluster 
formation prevents the unambiguous assignment of a species to a mass-over-charge-state 
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value. Because clusters are formed containing integer numbers of P atoms, there will be an 
overlap of single and double charged cluster peaks (e.g. P+ and P2

2+ or P2
+ and P4

2+).  
 Here we discuss how these phenomena emerge in the analysis of the GaP-
Si NW system which consists of two different semiconductor materials, for which the 
evaporation	behavior	differs	significantly,	and	where	one	of	them	is	a	III-V	binary	material.	
In the following, several considerations with respect to the preparation, measurement and 
analysis of this type of samples are discussed.

 We show 1) how the different evaporation behavior between Si and GaP can 
lead to meaningless reconstructions and how this can be prevented by choices in the tip 
preparation, 2) the emergence of a curved Si-GaP-interface as artifact of the atom probe 
analysis,	3)	how	the	1D	concentration	profiles	around	the	GaP-Si	interface	are	influenced	
by the inhomogeneous projection and differences in evaporation behavior between the 
group III and V species, and 4) the dependence of group V cluster formation with respect 
to position on the to the GaP-Si interface.

7.2 Methods
Various tips fabricated from GaP-Si core-shell nanowires were studied to investigate the 
behavior of the GaP-Si nanowire system in the atom probe measurement and analysis. We 
give a short introduction to the growth of the nanowires that function as the basis of our 
tips, followed by general remarks on the preparation of the tips and the used measurement 
conditions in the APT.

7.2.1 Nanowire growth
The GaP-Si nanowire systems used in this chapter were all grown employing crystal phase 
transfer	[11]	to	obtain	hexagonal	Si.	As	such,	first	Au	catalyzed	wurtzite	GaP	stems	were	
grown through VLS in a MOVPE system [12]. After transferring to another susceptor a Si 
shell was grown from disilane, sometimes after a starting shell of GaP was grown [11] and 
sometimes directly on the GaP stem. Growths were performed within the group by Håkon 
Ikaros Hauge and Yizhen Ren. 

7.2.2 Atom probe tip preparation
Both atom probe tips with the long axis of the nanowire parallel to the long axis of the 
post and tip (standing) as well as cross-sectional samples where a section of the nanowire 
is aligned perpendicular to the tip direction were prepared (see Chapter 4). All samples 
were FIB milled to some extent, either to start the APT measurement with a tip having a 
diameter below 100 nm, as smaller diameters favor evaporation at a low voltage, or to thin 
down the diameter of the whole tip to tune the conditions needed for evaporation during 
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the APT measurement. All analyzed samples that are presented in this chapter contain 
the GaP-Si interface, however variations were made in the positioning of the tip cut with 
respect to the GaP-Si interface, thus changing the relative contribution of the GaP and Si to 
the	tip.	Also	the	diameter	was	varied,	changing	the	electric	field	and	laser	power	needed	
for stable evaporation.
 

7.2.3 Atom probe measurement
The measurements were run such that the voltage was kept above the threshold voltage 
of 2kV and below 6kV, at which the platinum weld with which the nanowire or cross-
section cut was attached to the post is expected to reach the limit of its strength. To run 
the	experiments	within	these	voltage	boundaries	and	with	detection	rates	of	0,5-1,0%,	the	
energy of the laser pulse was adjusted between 2 and 35 pJ depending on the emerging 
material and diameter of the tip at the apex. The sample temperature was kept around 
20K.	All	reconstructions	were	made	using	IVAS	software	in	the	tip-profile	mode.

7.3 Results
The observations can be roughly divided in those related to the strong difference in 
evaporation	behavior	between	Si	and	GaP,	mainly	reflected	in	the	ion	projection,	and	those	
related to the evaporation behavior of the III-V semiconductor in our compound system. 
First the consequences of the inhomogeneous ion projection are studied by analyzing the 
distortion of reconstructions of GaP-Si NW specimens, that were prepared with different tip 
diameters and in which the location of the GaP-Si interface occurred at different position in 
the	tip.		Secondly	the	influence	of	the	presence	of	the	Si	shell	on	the	evaporation	behavior	
of	the	GaP	is	explored.	The	influence	of	the	difference	in	evaporation	rate	of	the	group	III	
and	V	atoms	on	the	shape	of	the	1D	profile	across	the	GaP-Si	interface	is	discussed	and	the	
group V cluster formation and its dependence on the local position on the tip is studied. 
 

7.3.1 Projection with varying tip geometry
As discussed in Chapter 3 the voltage needed for evaporation of ions from the atom probe 
tip depends on its diameter; the larger the diameter, the higher the voltage needed to 
achieve	the	electric	field	that	allows	for	the	removal	of	ions	from	the	surface	at	the	apex	of	
the tip. Typically samples have to be cut to the right shape to be measurable in atom probe. 
Many	nanowires,	however,	 largely	 fit	directly	 to	 the	 requirements	 in	geometry	 that	 are	
generally needed for atom probe tips because they have highly elongated structures of at 
least a micron long and diameters close to 100nm. 

To see if a GaP-Si NW can be measured without reducing the diameter of the 
nanowire, a sample was produced for which only the top of the nanowire was milled 
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Figure 1 Measurement of the GaP-Si nanowire system at its full diameter.a) A SEM picture of the GaP-Si NW, showing 
the top of the nanowire is cut to a small tip, to help evaporation start. b) A zoom-in on the tip and an indication of the 
area of the reconstructed tip. The bottom part of the reconstruction is measured at full diameter. c) Sideview on the 3D 
reconstruction of the atom probe measurement. d) Cross-section cut of the reconstruction. The cross-section is obtained 
by looking topview onto the box and considering the indicated slab. e) The density profile of the aforementioned cross-
section. The ion densities are plotted on a log scale. f) The density profile of a Si tip showing the poles as a cross with a 
lower signal.

into a tip, in order to have a low voltage start of the evaporation and to remove the 
gold droplet (see Figure 1a and b) . The resulting reconstruction is shown in Figure 1c. 
Although stable evaporation was achieved at the full nanowire diameter, interpretation 
of the reconstruction of the tip at the full nanowire diameter is problematic, as can be 
seen from the cross-section of Figure 1d. Ga, P and Si atoms are detected, but no clear 
interface is discernible and the obtained structure is questionable. Figure 1e shows the 
density	of	the	ions	across	the	cross-section,	showing	strong	local	density	fluctuations	and	
a very dense core. For a pure silicon tip such variations in density are not expected to occur 
in	the	reconstruction.	Although	for	crystalline	materials	density	fluctuations,	called	poles,	
are expected due to the faceting of the apex, these give rise to a predictable pattern, which 
is much more regular. Also, as can be seen from the density map of a measurement on a Si 
tip with over 30 million ranged counts (Figure 1f) there is only an about three fold density 
variation due to the poles and not over two orders of magnitude as seen for the GaP-Si NW 
tip.
 To see if we can understand this distorted image and to see if and how it relates 
to running the measurement at the full diameter of the GaP-Si NW system, we consider 
cross-sections of a tip, which contains both GaP and Si already at smaller diameters (see 
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Figure 2 Tip from a GaP-Si NW with the GaP-Si interface through the whole tip, hence GaP and Si at all diameters. a) 
SEM image showing the tip milled from the GaP-Si nanowire. b) reconstructed tip c) cross-section at top yellow line 
indicated in b). d) cross-section at bottom yellow line indicated in b). e) and f) SEM pictures of a similar tip from another 
GaP-Si NW before and after measuring in the atom probe. The * indicates the same corner. A depression of the center 
area can be seen in the tip after the measurement.

Figure 2). The top of the nanowire was cut such that the diameter increases from about 35 
nm to about 290 nm (see Figure 2a). A cross-section in the top of this tip (see Figure 2b 
and c) shows a distinct GaP region and a distinct Si region, a clear interface and no patchy 
distribution of ions. However, when an additional GaP-Si interface is appearing at the apex 
of the tip while the APT measurement is progressing, the image shows the aforementioned 
distortions (Figure 2d and e). 

Further insight is gained from the SEM pictures of the tip before and after a 
comparable APT measurement on a similarly prepared tip (see Figure 2a). The analyzed tip 
shows a depression in the middle after the APT measurement, while this depression was 
not present before the measurement. This implies that the GaP is etched at a higher rate 
than the surrounding Si shell during the measurement. Such differences in evaporation 
behavior	are	related	to	differences	in	the	field	needed	for	evaporating	different	materials.	
These differences can be further enhanced by the laser pulsed mode [13]. The resulting tip 
surface is partially concave and partially convex.  
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Let us now consider the projection that will follow from such a tip surface; one 
position on the detector does no longer correspond with one unique position of origin on 
the surface of the atom probe tip (see Figure 3). Additionally the relative positions of the 
ions are mingled (see numbering in Figure 3); while for a purely convex surface the ions 
will preserve their ordering along the x and y axis, with the current surface the order of the 
ions along, for example, the x-axis of the detector does not necessarily correspond to the 
order in x-axis on the surface of the atom probe tip. Therefore even if two well separated 
regions exist in the sample the ions of those two regions can be mixed up in positions in 
the resulting image. Also it can be seen that the density of the ions is largest above the 
concave part as the concave part (in this case) is focusing the ions and both the convex as 
the	concave	part	are	contributing	to	the	signal.	 	The	loss	of	a	clearly	definable	structure	
as	well	as	the	density	fluctuations	can	hence	be	assigned	to	the	reshaping	tip	surface.	The	
reconstruction becomes uninterpretable if a concave area is surrounded by a convex area.

The	cross-section	of	Figure	2c,	on	the	other	hand,	does	show	a	clearly	definable	
structure. This indicates that, although at our measurement conditions the GaP etches 
faster than Si, the tip can preserve a convex shape, if the atom probe tip is cut in such a 
way that the GaP is not bordered at opposing sides by Si. Figure 4 shows a reconstruction 
of a tip that is cut in such a way that only on one side of the GaP core the Si is present. The 
relative positions in this reconstruction seem to be preserved, showing clearly separated 
regions of GaP and Si, with a clear interface.

Although the relative positions of the atoms are preserved, the density of the 
atoms in the reconstruction is not homogeneous. Figure 4c shows a 2D density plot for a 
slice of the reconstruction in Figure 4a and b. The density of wurtzite GaP and londsdaleite 
Si are expected to be similar [11], [12], but the atom density in the reconstruction is as 

Figure 3 Schematic representation of a tip surface with a concave middle part and the resulting ion projection. Every 
second ion is numbered by position of origin from left to right, showing a mingling in order.
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Figure 4 a) sideview of a reconstructed tip that was cut along a GaP-Si interface.b) cross-section of the same tip showing 
clearly disthinguishable GaP and Si regions. c) Ion density profile of cross-section. The GaP region clearly shows an 
increased ion density. d) atom count with position in the block indicated with yellow in b) following the direction of 
the arrow. e) schematic example of a fully convex tip, showing two areas with different curvature and the resulting ion 
projection. The red area is projected over a larger area than the blue/yellow area, even though the cross-sectional area 
for both is equal.

much as one or two orders of magnitude higher in the GaP region than in the Si region (see 
Figure 4d). The image suffers from an extreme case of so-called compression [3]: In the 
equilibrium shape the curvature is different for the two materials at the surface causing 
the	ions	from	the	flatter	region	to	be	projected	relatively	closer	to	each	other	than	the	ions	
of the material with higher curvature (see Figure 4e). The image of one material is thus 
compressed with respect to the image of a similar part of the other material. For example, 
in Figure 5a the full tip is constructed from 4,6 million ions of which only 0,4 million are 
appointed to Si. Still the apparent Si volume blows up to around a quarter of the full tip.
 In plane as well as along the tip axis the GaP-Si interface appears curved (see 
Figure 5). This observation holds for both tips with the long axis aligned with the long axis 
of the nanowire (standing) as the cross-sectional tips with the long axis perpendicular to 
the long axis of the nanowire. TEM measurements on the same structure do not show the 
observed curvature. The in-plane curvature is a consequence of the aforementioned non-
hemispherical equilibrium tip shape. The silicon will form a more curved surface than the 
gallium phosphide and as such will show more convex lensing, curving the image of the 
flatter	gallium	phosphide	around	the	silicon	image.
 The curved interface along the axis (see Figure 5a and b) has a slightly different 
origin. In case the GaP-Si interface is not initially present in the evaporation of the tip an 
equilibrium shape will establish itself for the one material, either Si or GaP, that is present 
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at the start. When the second material surfaces the equilibrium shape of the tip will change, 
enhancing	the	curvature	in	the	Si	part	and	flattening	the	GaP	part.	The	projection	of	the	
materials changes with the curvature at the apex, hence the image changes as long as the 
shape of the apex is still changing.  The further the interface is located towards the middle 
of	the	field	of	view	the	less	strong	is	the	change	in	projection,	thus	resulting	in	a	curved	
interface along the long axis of the tip. A similar process is described for an emerging SiGe/
SiO2-interface in [14].

The	 reshaping	of	 the	 apex	 	 is	 reflected	 in	 the	 lower	density	of	 atoms	 in	Figure	
5b and c close to the GaP-Si interface; before the new tip shape is established the Si is 
evaporating at a lower rate than the GaP at the apex surface. The density of atoms coming 
from the region where Si is at the surface therefore becomes less.

The	density	 distortion	 of	 the	 image	 does	 not	 only	 influence	 the	 positional	 information	
but	 also	 the	mass	 spectra.	The	measured	 time-of-flight	of	 an	 ion,	 from	which	 the	mass	
spectrum is derived, depends on the trajectory it followed from the tip apex to the detector. 
Ions	that	are	projected	on	the	edge	of	the	(flat)	detector	have	a	longer	flight	path	than	the	
ions projected on the middle of the detector. These differences are typically accommodated 
in the so-called “bowling correction”. In the IVAS software by default typically the peak 
with the highest intensity is used for this.  However, due to the strong compression a GaP 
related ion species could give the highest intensity, while it only relates to a small part of 

Figure 5 a) Sideview of reconstruction with a GaP-Si interface. Although the Si ions only are account for 1/10th of the 
counts, the Si are takes about 1/4th of the volume. Also a strong curvature of the GaP-Si interface is visible. b) Cross-
section along the long axis of a reconstruction of a cross-sectional tip (i.e. the wire axis is oriented perpendicular to the 
tip axes). The curvature of the GaP-Si interface is visible, even though the orientation of the interface is different than 
a). c) Sideview of a third reconstruction with the GaP-Si interface of a sample in “standing” orientation and an in plane 
cross-section view taken from that reconstructed tip. The interface between the GaP and the Si is not only curved along 
the axis of the tip, but also in plane.
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the	projection	on	the	detector.	The	quality	of	 the	 fitting	 improves	significantly	 if	a	peak	
associated to the material with the largest detector coverage is used for the bowling, rather 
than the peak with the highest intensity. The quality could also improve if more than one 
peak would be used in the IVAS software for the bowling correction.

7.3.2 Evaporation of GaP adjacent to Si
In Figure 6 two copies of a typical mass spectrum are displayed obtained for tips with a 
reduced diameter and run at 2-10pJ that highlight respectively either the Px or the other P 
cluster peaks. The mass spectrum is characterized by a large number of these phosphorus 
cluster peaks (Px, PxCy), ranging from P up to P11 for some cases. In laser pulsed APT for 
several III-V materials the group V being detected as ion clusters has been reported before 
[6]–[10]. This is generally assigned to the group III element (Ga in our case) evaporating 
more readily, leaving a group V terminated surface. The heat provided by the laser provides 
the energy to overcome the energy barrier for group V atoms to connect to neighboring 
group V atoms. The thus formed group V clusters evaporate more easily than the individual 
group V atoms. 

Cluster formation in APT analysis can lead to serious deviations in the obtained 
stoichiometry. Through the TOF a mass-over-charge-state value is assigned to each event. 
As this is not simply a mass but a ratio between mass and charge state, double charged P2 
will end up at the same point in the spectrum as single charged P, double charged P4 at the 
same point as single charged P2 and so on. Since there is no distinction possible the whole 
peak is assigned to a single ion cluster species. 

The ratio between the ions that come off in the single charged and in the double 
charged	state	is	depending	on	the	strength	of	the	electric	field	during	evaporation	[15].	To	
get an indication for how much of the Px clusters come off in their double charged state we 
can look at the intensity of the double charged ions of the of the odd numbered Px clusters, 
because the position of the signal of these double charged ions does not coincide with the 
position of other ion peaks. The counts within the double charged species are plotted in 
the inset of Figure 6a. Also the counts are given for the peaks found at the position of the 
single charged Px clusters. For clusters up to x=5 less double charged species than single 
charged species are found. If we assume we can interpolate the intensity of the signal of the 
odd numbered double charged clusters to get an estimate for the intensity of the signal for 
the double charged P2, P4 and P6 clusters, we expect the contribution of the even numbered 
double charged clusters to the P, P2 and P3 peak less than the single charged clusters at the 
measurement conditions employed here. In other words, the peak found, for example, at 62 
Da has more counts for P2

+ than P4
2+ ions. Above P7 it is not sure if this relation still holds. 

However, as most of the counts are produced in the x= 1-5 peaks, assigning the Px peaks to 
their single charged species (in case of overlap) will get a more correct stoichiometry than 
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Figure 6 Typical mass spectrum for tip with reduced diameter run at 2-10pJ. The Px (upper panel) and other P clusters 
(lower panel) are highlighted. The inset in the higher panel shows the counts associated with the peaks at the position 
of single charged Px clusters and double charge odd numbered P¬x clusters. An inset is used in the lower panel to depict 
all the closely spaced P cluster peaks in the region from 35 to 85 Da.
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assigning them to their double charged species. This assignment, though, will lead to an 
overall undercount of the total amount of phosphorous.
	 This	 is	 reflected	 when	 we	 extract	 a	 concentration	 profile	 across	 the	 GaP-Si	
interface.	 In	 Figure	 7	 part	 of	 a	 concentration	 profile	 across	 the	 GaP-Si	 interface	 of	 the	
reconstructed tip in Figure 4 is presented. This indeed shows that in most of the GaP region 
the	calculated	gallium	concentration	(53%)	is	higher	than	the	phosphorous	concentration	
(47%).	Remarkably,	vice	versa	close	 to	 the	GaP-Si	 interface	 the	measured	phosphorous	
concentration	rises	up	 to	52%.	This	 is	not	actually	caused	by	an	 increase	 in	 the	counts	
measured for the phosphorous peaks, but a decrease of the gallium signal, enlarging the 
relative contribution of the phosphorus signal to the total signal.

A	 deficiency	 in	 the	 group	 III	 material	 count	 has	 been	 repeatedly	 reported	 for	
voltage pulsed atom probe measurements of III-Vs as a consequence of Ga or In evaporating 
in	between	the	pulses,	on	the	continuous	part	of	the	evaporation	field	and	as	such	going	
uncounted [4], [5]. Although one voltage is applied to our tip at a time and we work in 
laser-pulsed	mode,	the	electric	field	on	the	tip	is	spatially	not	at	a	fixed	value.	As	pointed	
out before, the surface of the tip will reshape until the evaporation rate is homogeneous 
over	the	surface.	As	the	GaP	needs	a	lower	field	to	evaporate,	the	region	will	develop	into	
a	region	with	less	curvature,	since	the	curvature	determines	how	much	the	electric	field	is	
enhanced.	With	a	lower	curvature	the	field	in	the	GaP	will	be	less	enhanced	than	in	the	Si	
area.	However,	basic	electrostatics	dictate	that	an	electric	field	is	always	continuous	and	
can	not	make	abrupt	steps.	Therefore	at	the	Si-GaP	interface	the	field	in	the	GaP	will	be	
pulled	up	with	respect	to	the	field	in	the	rest	of	the	GaP.	The	lower	number	of	Ga	counts	

Figure 7 a) Part of a 1D concentration profile taken in the rectangle indicated in Figure 4. In addition to the measured 
concentrations the lines indicate the profiles that would result if the Ga is assumed to produce the same signal as P 
in each position.b) Contribution per species to the overall count of phosphorus atoms. Position corresponds with the 
position as given in a). The highest atom count for each species is indicated (grey dot) and the total count of phosphorus 
atoms (black line).
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in	that	point	indicates	that	the	field	is	enough	to	occasionally	evaporate	Ga	ions	outside	
of the pulse. The phosphide, however, still needs most of the energy from the pulse to be 
evaporated.
	 The	solid	lines	in	Figure	7	indicate	the	profile	assuming	the	gallium	ions	have	the	
same signal as the phosphorus ions in all positions. The initial peak in the phosphorus 
concentration	 is	 no	 longer	 visible	 in	 these	 profiles.	 As	 a	 50%-50%	 stoichiometry	 is	
expected	for	the	GaP	the	solid	line	profiles	are	thought	to	give	a	better	representation	of	
the	actual	profile.	It	can	be	seen	that	the	black	line	lies	closer	to	the	measured	P	profile	
than	the	Ga	profile,	although	the	P	profile	shows	an	overshoot	at	the	GaP	end	of	the	Si-GaP	
interface.
	 The	 phosphorus	 signal	 in	 the	 profile	 is	 build	 up	 from	 various	 ion	 species.	
Displaying the contribution per species to the overall concentration with position (see 
Figure 7) evinces a relation between the location and the measured ions. In the Si region 
the P peaks are dominant. This follows naturally from the fact that the concentration of P 
in Si is much lower than in GaP and it thus is less likely that P atoms are in adjacent surface 
positions in Si, such that P cluster formation can occur. In the GaP region higher x clusters 
appear at the cost of the P and later also P2 cluster peaks, when moving to the center to the 
GaP. 

Possibly, the reason for the variation in clustering behavior can be associated with 
the difference in clustering behavior between voltage pulsed mode and laser pulsed mode. 
Although some clustering of the group V atoms before ionization has been observed in 
voltage pulsed mode atom probe tomography, laser pulsed atom probe tomography has 
been associated with stronger cluster formation, both in total counts as the higher number 
of constituents in the clusters present. It is generally assumed that the thermal energy 
added by the laser helps to overcome the energy barrier to form clusters. Also the extra 
field	during	the	pulse	in	voltage	pulsed	mode	could	promote	the	split-up	of	clusters	that	
possibly formed. 

The absorption behavior for light, however, is expected to be similar for GaP and 
Si at the UV wavelength of the laser in our set-up and thus does not introduce an argument 
to	think	of	differences	in	heating.	On	the	other	hand	the	field	changes	over	the	GaP	surface,	
being higher close to the Si interface. This suggests that the ratio between added heat and 
field	determines	the	cluster	formation.	As	such	the	field	close	to	the	Si	interface	possibly	
is	sufficient	to	evaporate	the	P	as	single	atoms	or	break	up	formed	P	clusters,	while	the	
field	is	less	at	the	center	of	the	GaP.	The	heat	in	that	position	on	the	other	hand	is	sufficient	
to produce highly clustered P species. On the other hand it is unclear how the thermal 
conductivity and charge carrier dynamics work for a tip with such small dimensions, at 
such	 high	 fields	 and	with	 unknown	band	 alignment.	 So	 the	 effects	 of	 these	 can	 not	 be	
excluded as well.

In samples measured using voltages above 5kV an additional remarkable 
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observation was done with respect to the observed species in the mass spectrum: In 
the silicon region, the phosphorous was predominantly observed as P2 and P4, while 
significantly	less	counts	were	seen	for	the	P3

+ peak in these cases. Possibly this is related 
to migration of phosphorus over longer distances and the higher stability of phosphorus in 
P2 and P4 configuration,	when	in	gas	or	solid	state	respectively.	

7.4 Conclusions 
It is interesting to study the GaP-Si NW system for its potential to produce lonsdaleite Si. 
Atom probe tomography is a promising tool to investigate the impurities in this new phase 
of Si. However, due to the presence of two semiconductors with very different evaporation 
behavior and the presence of a III-V semiconductor the preparation of the samples and 
the analysis of the measurement should be done with care. The difference in evaporation 
behavior is also expected to be less in voltage pulsing, but that mode is not suitable for our 
samples.
 Atom probe tips with a GaP-Si interface should be cut, such that Si is only present 
on one side of the tip. One should consider that the resulting reconstruction still has a 
heavily compressed GaP region. The GaP region produces a high number of P associated 
clusters. This produces problems in measuring the exact stoichiometry in the GaP region. 
When	 taking	 concentration	 profiles	 across	 the	GaP-Si	 interface	 a	 loss	 of	 Ga	 ions	 at	 the	
interface emerges. In the GaP region a position dependence is seen for the observed P 
cluster species.
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8.1 Introduction  
The semiconductor industry is centered around silicon technology. Although this material 
has been successfully applied in electronics it has poor optical qualities due to its indirect 
band gap. Therefore, it cannot be used as a light source for optical communication 
networks, such as the internet. As a consequence, other semiconductors are needed for 
light sources. It is expected that, if alloyed with germanium, silicon with a hexagonal crystal 
structure, has a direct bandgap [1], [2] and shows optical absorption and emission [3]. As 
such, hexagonal SiGe could possibly be the basis for light emitting sources which can be 
integrated in standard silicon technology.
 Although silicon naturally only occurs in the cubic crystalline form (diamond 
lattice), hexagonal silicon can be realized by growing it as a shell on an epitaxial template 
of wurtzite (hexagonal) gallium phosphide (GaP) nanowires [4], [5]. Because GaP and Si 
almost have the same lattice parameters, the crystal structure can be transferred from the 
core wire to the shell. Using the GaP-Si core-shell nanowire base SiGe alloys with a tunable 
composition have been realized recently [5].
 During the growth of the silicon shell, phosphorus atoms can be incorporated in 
the	shell.	The	phosphorus	atoms	are	most	likely	to	function	as	dopants,	thus	influencing	
electronic and optical properties. To obtain good control over the electronic and optical 
properties, good control over the impurity incorporation is desirable. At the high 
temperatures associated with the silicon shell growth phosphorus atoms can enter the 
silicon shell either via solid state diffusion from the GaP core, or from the gas phase by 
the memory effect of various components in the reactor or from the gas phase after being 
emitted from the GaP substrate and GaP cores.  
 In this chapter we investigate the phosphorus incorporation in GaP-Si nanowires 
with atom probe tomography (APT). Not only does the atom probe give the phosphorus 
concentration from sample to sample, it simultaneously monitors gallium content. The 
presence of gallium hints to GaP related sources in contradiction to purely phosphorus 
providing sources. By comparing the phosphorus content and distribution in different 
samples and analyzing the gallium content as well the possible source of the phosphorus is 
investigated. 
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We	find	that	by	making	changes	to	the	growth	method	to	reduce	the	phosphorus	provided	
through the gas phase can drastically lower the incorporated phosphorus concentration 
in Si shells. Remarkably this also lowers the gallium concentration in the Si shell. 
Furthermore, it is determined that solid state diffusion from the GaP core is unlikely to be 
the main contribution to phosphorus in the Si shell, even after taking measures to reduce 
the phosphorus through the gas phase.

8.2 Methods
Different nanowire samples have been fabricated, which will be used to investigate 
the source of phosphorus in the silicon shell. The quantitative phosphorus and gallium 
incorporation	and	its	spatial	distribution	are	studied	by	APT.	In	this	paragraph,	first	the	
nanowire growth method is discussed, and then the atom probe tip preparation and 
measurement conditions are laid out. Subsequently, the analysis method to extract the 
concentration	and	phosphorus	profile	in	the	Si	shells	from	the	APT	data	is	described.	

8.2.1 Nanowire growth
Two	 sets	 of	 samples	 are	 grown.	 The	 first	 sample	 set	 is	 grown	 following	 reference	 [4] 
(method I), after which several changes are made in the growth procedures that are 
mainly aiming at reducing phosphorus input to the silicon shell (method II). Growths were 
performed within the group by Håkon Ikaros Hauge and Yizhen Ren. 

The GaP-Si nanowires were obtained using a two-step growth in metalorganic 
vapor	 phase	 epitaxy	 (MOVPE).	 In	 the	 first	 step	 GaP	 nanowires	 were	 grown	 on	 a	 GaP	
substrate using nano-imprinted (NI) gold droplets as catalyst and phosphine (PH3 (g)) and 
trimethylgallium as precursors. HCl is supplied during the growth to prevent tapering of 
the nanowires. Before commencing the next step, the susceptor was changed. In the second 
step a shell of GaP was grown at 750°C for 4 min after which the sample is further heated 
to 815 or 900°C under PH3-flow.	The	introduction	of	PH3 during heating is necessary to 
prevent the GaP from evaporating. When the set temperature is reached the PH3-flow	is	
stopped and a Si shell is grown using disilane (Si2H4).
 In the growth method of the second sample set the changes that are made with 
respect	to	the	first	growth	method,	method	I,	are:	1)	the	purging	run	of	the	reactor	with	
hydrogen and disilane before growth is extended from 20-30 min to 10 hours, 2) the 
susceptor skirt is changed in addition to the susceptor itself to improve the initial reactor 
cleanliness, 3) a SiNx mask is applied to the front side before nano-imprint to block 
outgassing of the GaP substrate, 4) the Si shell growth is started at 815°C and temperature 
is	 ramped	 to	850°C	after	growing	a	 first	Si	 shell	on	 the	GaP	stems,	while	 in	 in	 the	 first	
method the Si overgrowth is started at 900°C. The aim of the thermal ramp during growth, 
is to reduce outgassing of the GaP nanowires by capping with a Si shell, while the lower 
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final	growth	temperature	can	reduce	the	overall	outgassing	of	the	substrate	and	wires.	5)	
the	growth	of	the	GaP	shell	is	done	in	the	first	step,	on	the	first	susceptor	instead	of	in	the	
second step 6)  the pitch of the wires was changed between the sample sets (see Table 1), 
and 7) the diameter of the GaP core wire was increased . The latter two are considered of 
minor importance towards the impurity incorporation. Table 1 shows the details for the 
analyzed growth samples.
 GaP-Si-SiGe samples were obtained by reducing the temperature to 700°C directly 
after Si shell growth and introducing germane (GeH4) into the reactor, with the disilane 
flow	still	on.	A	SiGe	shell	of	90-100	nm	thick	with	a	Ge	content	around	30%	was	grown.	
Only GaP-Si templates following the growth method I were employed for obtaining the 
GaP-Si-SiGe samples. 

8.2.2 Tip preparation & measurement details
To measure nanowires in APT, the nanowires were transferred to a post. Two types of tips 
are produced (see Chapter 4 for further details):

1. A wire is transferred maintaining its standing orientation and welded to a post 
with platinum. The transport either is carried out with the wire welded directly 
to the nanomanipulator and subsequently cut, or by using an intermediating 
nanowire as described in reference [6]. This produces samples with the tip axis 
more or less parallel to the long axis of the nanowire.

2. A wire is deposited on a Si substrate and subsequently Co and Pt are deposited to 
protect the wire. After making an undercut, the volume is lifted out and transferred 
and segmented onto multiple posts, resulting in a number of cross-sectional 
(X-sec) samples from a single wire. Reference [7] describes a similar process.  In 
these samples, the long axis of the nanowire runs perpendicular to the tips axis.

In order to avoid the formation of a convex tip shape during the APT due to non-uniform 
evaporation of the two different materials (see Chapter 7), the nanowires are narrowed 

M
et

ho
d Label SiNx Si growth 

T (°C)
Shell growth 
t   (min)

GaP core-
shell size 
(nm)

Si shell 
thickness 
(nm)

NI spacing 
(nm)

I

Sample 1a 37 30
Sample 1b No 900 74 140 500
Sample 1+SiGe 10 70-115 3-12

II Sample 2 Yes 815-850 20 200-230 35 2500

Table 1 Overview of the samples and their various growing conditions.
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Intermezzo - Obtaining and processing data from the 3D recon-
struction obtained in APT 

For	 the	 first	 type	of	 volume,	 the	volume	 to	determine	overall	 concentrations	 in	
the	Si,	a	95%	or	98%	Si	isosurface	is	defined	to	find	the	interface	of	the	GaP	and	
the	 Si.	 Subsequently	 a	 volume	 is	 defined	 in	 the	 part	 that	 is	 assigned	 to	 Si.	 The	
second type of volume is not necessarily limited to the Si part, but cannot contain 
empty	voxels	 to	allow	 for	correction	of	 the	position	 in	 the	profile.	The	volumes	
used	for	the	profiles	are	oriented	as	perpendicular	as	possible	 to	the	 isosurface	
of	the	respective	reconstruction	to	obtain	a	profile	perpendicular	to	the	GaP-Si	or	
Si-Co interface. An especially strong curvature is observed along the interface in 
the reconstruction if the GaP-Si interface is not present at the beginning of the 
measurement but emerges during the evaporation of the tip (see Chapter 7). 
Therefore,	profile	volumes	are	taken	outside	this	initial	part	of	the	interface.	

The phosphorus has a tendency to cluster before evaporation, which results in 
many peaks in the mass spectrum related to these clusters (see Figure 6 of Chapter 
7). From the GaP region clusters up to P8 and P5C have been observed, while from 

down with FIB in advance. If the tip apex locally develops a convex surface during APT, the 
position of impact on the detector does not correspond anymore to a unique position on the 
surface of the tip from where the ions were emitted, making a meaningful reconstruction 
impossible.

Measurements were typically taken using voltages between 2.0 to 5.5 kV, at 
detection	rates	of	0.5-1.0%,	and	keeping	the	laser	power	between	3	and	15pJ.	The	higher	
laser powers were typically used when mainly Si was exposed, while the lower laser 
powers were used when mainly GaP was exposed. 

8.2.3 Extracting phosphorus concentrations & profiles from APT data
In	 order	 to	 extract	 impurity	 concentrations	 and	 profiles,	 the	 software	 to	 produce	 the	
3D	tip	reconstructions,	IVAS,	 is	used	in	the	tip	profile	mode.	In	these	reconstructed	tips	
volumes	are	defined	to	extract	data	for	further	analysis.	In	this	chapter	two	procedures	are	
followed	to	define	and	handle	volumes	for	analyzing	the	reconstructed	tips:	1)	a	procedure	
to	find	the	overall	phosphorus	and	gallium	concentration	in	the	Si	shell	and,	2)	a	procedure	
to	make	a	profile	of	 the	phosphorus	and	gallium	distribution.	Details	on	 the	 choices	 in	
processing and corrections in both types of volumes can be found in the intermezzo. 
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the Si region typically no phosphorus clusters above P2 are discernable. The ranges 
corresponding with high phosphorus clusters in the mass spectrum are therefore 
used for the tip reconstruction, but omitted when determining the phosphorus 
concentration in the silicon. Ranges are selected for each tip individually by 
looking at the mass spectrum that belongs to the volume in the Si and seeing 
which phosphorus related peaks exceed the noise level. The selection made with 
the	mass	spectrum	of	the	first	volume	in	a	tip	is	used	for	making	the	profile	in	the	
corresponding tip with the second type of volume.  For the part of the phosphorus 
profile	in	the	area	where	the	Si	%	is	above	98%	only	the	selected	low	P-clusters	are	
considered,	while	below	98%	of	silicon	the	ranges	for	all	clusters	are	considered.		

To	determine	the	phosphorus	concentration	in	the	first	type	of	volumes,	an	estimate	
of the background noise is made from part of the spectrum where no peaks are 
present, to correct the measured ion counts. The level found in the 100-105 Da 
range	is	converted	to	the	time-of-flight	domain	where	the	background	noise	level	
is assumed to be constant. An estimate for the noise is calculated for each assigned 
range in the mass spectrum using the square root relation between the time-of-
flight-domain	 and	 the	 mass-to-charge-state-domain,	 and	 subtracted	 from	 the	
measured	counts	to	get	to	the	final	concentrations.	Note	that	this	does	not	correct	
for background signals due to thermal tails of lower mass-to-charge-state peaks. 
The	background	is	not	subtracted	for	the	concentrations	in	the	profiles	(which	are	
derived from the second type of volume).

The	final	phosphorus	percentages	are	derived	by	putting	the	boundaries	for	the	
included ranges at a similar point in the curvature of the peak for each peak of 
the mass spectrum. However, there is an arbitrary component in the choice where 
to put the boundaries in the peaks, the more as the peak shape varies drastically 
per	mass	spectrum.	This	can	give	uncertainties	as	large	as	10%	of	the	measured	
percentage.
An estimate for the maximum uncertainty is obtained by considering two extremes. 
A lower bound for the concentration is derived by counting a narrow part of the 
phosphorus peak and a broad part of the silicon (silicon and germanium) peak, 
while an upper bound is derived by counting a broad part of the phosphorus 
peak and a narrow part of the silicon (silicon and germanium) peak. The real 
measurement error should be even smaller as usually a more homogeneous way 
of ranging is used. 
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Figure 1 Illustration of compression in a correctly evaporated sample. a) shows a cut through a tip 
containing a GaP-Si interface. A density map of the ions detected for the tip is plotted on a log scale in 
b). The density of the detected ions for the sample volume indicated in a) with a yellow box is plotted 
in c). The arrow indicates the direction of increasing position. 

For	 the	 construction	 of	 the	 profiles	we	 need	 to	 consider	 the	 density	 variations	
on the detector. The different evaporation behavior of the Si and GaP leads to 
compression of the GaP part in the reconstruction (see chapter 7 and Figure 1). In 
other words, two ions with the same distance in the Si region as in GaP region, will 
be projected much closer to each other when originating from the GaP region, than 
when they are originating from the Si region. To correct the position of the ions 
in	the	profile	the	expected	density	is	used.	The	volumes	are	divided	in	slices	with	
equal number of atoms. The width of these slices is calculated using the expected 
density for Si (49,97 atoms/nm3)	and	a	detector	efficiency	of	0.36,	typically	listed	
for the LEAP4000X HR system. We use the assumption that the compression works 
predominantly perpendicular to the interface.

As the P-clusters that appear in the mass spectrum in the Si regions are different from those 
at the GaP-Si interface and again different from those from the GaP region (see Chapter 7) 
the phosphorus peaks that are taken into account for the phosphorus concentration are 
adjusted accordingly. To determine the total Ga signal, the 71Ga signal is measured and 
divided by its isotopic fraction (0.3989) to prevent counting extra Ga introduced by the FIB 
process. For the overall phosphorus and gallium concentration (procedure 1) the signal is 
corrected by a background correction based on a constant background signal in the time-
of-flight	domain	(hence	c/√(m/q)	in	m/q	domain).	Additionally	an	estimate	is	made	for	
the uncertainty in concentration introduced by the boundaries chosen in assigning the 
mass spectrum. 

For	 the	 volumes	 that	 are	 used	 to	 make	 a	 concentration	 profile	 (procedure	 2)	
corrections are made to limit the effects of compression that occurs as a consequence of 
the difference in evaporation behavior between GaP and Si (see Chapter 7). 



123

Results & Discussion

8.3 Results & Discussion
First the results for the overall phosphorus and gallium concentration in the Si layer of the 
two sample sets are discussed and an additional measurement in the SiGe layer of a GaP-
Si-SiGe core/shell/shell wire system presented.  The possible origins of the differences 
between the Si shell of the two methods are evaluated. In an attempt to gain further 
insights	on	the	incorporation	mechanism,	the	radial	P-profiles	around	the	GaP	interface	are	
compared,	while	considering	how	the	atom	probe	measurement	influences	the	shape	of	
the	profile.	Profiles	across	the	Si	shell	are	used	to	study	if	the	variations	within	the	sample	
sets are caused by local differences in phosphorus and gallium concentration. Finally, using 
the atom probes capability to reconstruct the relative positions of the phosphorus ions, the 
amount of aggregation of the phosphorus in the Si shell is derived as well for the volumes 
in the Si.

8.3.1 Phosphorus and gallium content of the group IV shells in the GaP-Si(-SiGe) system 
The	content	of	the	Si	in	three	tips	from	sample	1a	&	1b	and	five	tips	from	sample	2a	was	
determined (see Table 2). The analyses were performed on tips of wires in the standing 
as well as the cross-sectional orientation. The phosphorus concentration in the tips 
from	method	 I	 samples	 ranges	 from	0.26%	 to	 0.50%,	 and	 for	method	 II	 samples	 from	
0.03	to	0.11%.	The	gallium	concentration	ranges	 from	0.18%	to	0.23%	in	the	tips	 from	
method	I	samples	and	from	0.03%	to	0.06%	in	the	tips	from	method	II	samples.	Hence,	
method I samples have roughly an order of magnitude higher phosphorous and gallium 
concentrations than method II samples. It can be concluded that the changes in growth 
method effectively lowered the phosphorus and gallium incorporation into the Si. 

Within one method the phosphorus and gallium content shows a variation in the 
measured	percentage	as	large	as	0.20%	between	tips	of	the	method	I	samples	and	0.08%	
for the method II sample tips. Our measurements are based on so many counts (see Table 
2) that this variation falls far outside the spread in percentage that can be caused by a too 
small sampling set. 

 The interpretation of the mass spectrum, however, can introduce larger variations. 
These variations mainly originate in the choice for the range for which a peak is included 
as signal (i.e. ranging) and the thermic tails of the silicon peaks that can add a varying 
amount of counts to the phosphorus peaks. However, the difference in concentration within 
each sample set is larger than the estimate for the maximum variation due to choices in 
ranging (see third column of Table 2, values in brackets). When subtracting an estimate 
of the thermic tail counts for the tips with the highest phosphorus concentration, i.e. tip 
1 of sample 1a and tip 5 of sample 2, they remain the tips with the highest phosphorus 
concentration	(0.41%	with	0.38%	lower	ranging	bound	and	unchanged,	respectively).	As	
the gallium peaks are well separated from other peaks in the mass spectrum, there are no 
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thermic tail contributions to the gallium signal to correct for.
Noticeably the tips including the GaP-Si interface show a higher value for the 

phosphorus concentration than those for which only a Si-Co interface is imaged. A similar 
trend is seen for the gallium concentration of the method I samples, but less clear for the 
method II samples. The Si-Co interface is associated with cross-sectional tips as no capping 
is applied in our ‘standing’ tips. However, we do not see reasons to assign a difference 
in measured phosphorus concentration to the tip preparation method by itself. Since the 
Si-Co interface is also associated with the outside of the Si shell, this suggests that there 
could be a decrease of the phosphorus and gallium concentration from the inside to the 
outside of the shell. The observed concentration would then depend on from which part 
of the shell the atom probe tip is cut. On the other hand small variations between samples 
are	likely	to	occur.	Radial	profiles	can	clarify	the	presence	and	contribution	of	a	possible	
outward gradient in phosphorus and gallium concentration. 

The incorporation of impurities can be very different for varying materials and 
synthesis steps. Therefore the phosphorus and gallium concentration for a SiGe shell 
grown	on	a	GaP-Si	base	was	determined	as	well.	A	phosphorus	content	of	0.06%-0.07%	
and	a	gallium	content	of	0.03-0.06%	 is	 found	 in	 the	SiGe	 region	of	 two	 tips	 for	 sample	
1+SiGe (see Table 2). The phosphorus concentration found in SiGe is 4 to 8 times lower 
and the gallium concentration 3 to 12 times lower than that found in the Si layers of the 
samples from the method I. This difference can be readily understood when considering 
that the SiGe is grown at 700°C, unlike the Si that is grown at temperatures between 815 
and	 900°C.	 Temperature	 has	 an	 influence	 on	 all	 the	 possible	 phosphorus	 and	 gallium	
sources: At lower temperatures solid state diffusion will be less, the evaporation of the 
GaP will be strongly reduced and the mobility of the phosphorus in the reaction chamber, 
as well as the (equilibrium) partial pressure, will be decreased. We cannot exclude that 
the	phosphorus	and	gallium	incorporation	in	SiGe	is	less	efficient	compared	to	Si,	due	to	
material properties. Note, however, that solid state diffusion of phosphorus in the cubic 
phase	is	more	efficient	rather	than	less	efficient	for	SiGe	than	Si	[8].  Also the effect of less 
bare GaP surface due to the previous Si overgrowth, which will result in a smaller possible 
source for GaP evaporation, can not be excluded. 

The phosphorus and gallium content for all samples does exceed 4*1018/cm3 
(roughly	0.01%	or	100	ppm	in	Si)	which	is	typically	considered	degenerate	doping	[9]. 

The roughly tenfold decrease in both phosphorus and gallium concentration in the silicon 
shell between the two growth methods is less straightforward to address. The changes in 
procedures between method I and method II are mainly aiming at reducing the outgassing 
of substrate and wires during growth and phosphorus coming from the reactor through 
the memory effect. Gallium is hardly volatile at 900°C, only having a partial pressure of 
around 108 atm [10]. Hence, it is unlikely to be provided mainly through the gas phase, but 
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should originate either from within through solid diffusion from the wires or from without 
through disintegration of the wires and/or substrate and subsequent surface migration 
and incorporation of the gallium.  
 We try to evaluate the contribution of these two mechanisms to the introduction of 
impurities to the silicon shell. Diffusion is depending on temperature, diffusion time, doping 
present before diffusion and injection of point defects, for example through an oxidation 
layer. Between samples of method I and the method II sample, only the temperature and 
diffusion time are changed, since no intentional doping is introduced in either method and 
no oxide layer is expected to be present, until after the growth when the Si is exposed to air. 
 The temperature dependence for the diffusion of gallium and phosphorous in the 
hexagonal phase of silicon has not been studied. However, since gallium and phosphorus 
diffuse through interstitial positions in cubic Si, which are present in equal amount in 
hexagonal Si, and the direct coordination environment is the same for the interstitials, 
the activation energies and diffusion constants are likely to be comparable to that of 
cubic silicon. The phosphorus diffusion in cubic Si has some anomalous features, but at 
concentrations of 1019 cm-3 and below it can be described by a regular diffusion model 
[11], [12].	In	Figure	2	the	diffusion	profiles	for	phosphorus	and	gallium	expected	in	cubic	
Si at the growth conditions employed for the growth of the hexagonal Si shell are plotted. 
Diffusion	 constants	 are	 derived	 by	 extrapolating	 the	 Arrhenius	 fits	 found	 by	 Fahey	 et	
al. (phosphorus) [11] and Makris and Masters (gallium) [13]	and	a	value	of	0.005%	for	
the APT background value is used. The temperatures are adjusted to the fact that in the 
MOVPE set-up used here the substrate temperature differs from the set temperature listed 
in the method; at 900°C (850°C) set temperature the found substrate temperature is 735°C 
(695°C), while we assume the temperatures reported in [11] and [13] are the reagent 
temperatures.
 The 40°C temperature drop from 735°C to 695°C decreases the diffusion constant, 
which	influences	the	height	and	the	width	of	the	concentration	profile	as	is	reflected	in	the	
curves	of	Figure	2.	The	roughly	doubling	of	the	growth	time	mainly	widens	the	profile.	Still,	
the	solid	state	diffusion	predominantly	influences	the	region	close	to	the	GaP-Si	interface	
while most of the shell is unaffected (see inset). The total amount of phosphorus contained 
in	the	profiles	up	to	5	nm	has	a	ratio	around	3.0	between	that	for	the	sample	1b	growth	
conditions vs that related to the sample 2 growth conditions. Therefore it can not explain 
the difference found between the method I and method II samples by itself. However, the 
atom	probe	volume	does	not	probe	the	whole	profile	and	therefore	variations	in	the	ratio	
can be introduced by the positioning of the probing volume. Hence, solid state diffusion 
can not be excluded as the reason for the drop in phosphorus incorporation going from 
method I to method II. 
 Secondly, let us consider disintegration of the GaP wires and/or substrate as 
source. The disintegration will result in gallium and phosphorus which can redeposit 
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Figure 3 SEM images of a GaP core-shell system (a) and Si shell growths interrupted after 5 s (b), 10 min (c) and 37 min 
(d). The growth was similar to method II, except for 1) a higher set temperature of 900°C, 2) growth of both the GaP and 
Si shell on the second susceptor, with PH3 during temperature ramp-up to the Si shell growth temperature. The white 
bar indicates 1µm.

Figure 2 Diffusion curves predicted for phosphorus (panel a)) and gallium (panel b)) in cubic Si for the growth conditions 
of our samples, an APT background signal of 0.005% and normalized to a surface concentration of 1%. The insets show 
the profile expected over a 30nm thick film, the same as the thickness of the thinnest Si shell, whereas the larger graphs 
show a zoom-in of the curves close to the GaP-Si interface.
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on or migrate to the sidewall of the nanowire and then get incorporated in subsequent 
growth steps. Since the disintegration is temperature dependent, also this would give an 
explanation for the decrease in impurity concentrations between method I and method 
II. While the gold droplet catalyzes the decomposition of GaP and is very sensitive to a 
50°C temperature change it is not likely that the gallium would leave the catalyst particle, 
when the phosphorus is evaporated. Figure 3 shows a series for which the Si shell growth 
is interrupted after 0s, 5s, 10 min and 37 min. The growth is similar to method II, except 
that the set temperature is 900°C (substrate temperature: 735°C). Clear signs are seen 
of the evaporation of the GaP core. After 10 minutes of Si growth material is missing in 
the top segment and partially hollow shells are seen. After 37 min the wires are almost 
completely absent except for a small bud close to the substrate. The samples grown for this 
chapter are either grown with stems closer together and a substrate to provide a higher 
phosphorus background pressure through evaporation of substrates and wires (method 
I) or are grown at lower temperatures (method II). Still disintegration is a likely source 
for the gallium and phosphorus, although probably at lower rate. Although evaporation 
seems	to	happen	preferentially	at	the	top	it	is	difficult	to	pinpoint	whether	this	is	due	to	
the presence of the catalyst droplet or other local variations.

For the phosphorus content, in addition to the GaP diffusion or disintegration, the 
memory effect of the reactor can contribute as well, i.e. earlier growths and the GaP 
shell growth can deposit phosphorus on the reactor walls and substrate, which can be 
released during Si shell growth. Decrease in phosphorus signal through the memory 
effect is expected between method I and II, as in method II a) the GaP shell is grown 
before the purging instead of after, b) the purging is greatly extended, c) reactor 
parts are cleaner and d) a non-sticking SiNx mask is applied between the wires.  
Analysis	of	the	1D	profiles	at	the	GaP-Si	interface	and	in	the	Si	shell	can	provide	more	
information for determination of the sources of gallium and phosphorus.

8.3.2 Phosphorus distribution in the GaP-Si-system around the GaP-Si interface
To	 get	 a	 better	 understanding	 of	 the	 incorporation	 mechanisms	 and	 specifically	 the	
contribution of solid state diffusion of phosphorus to the content in the Si shell, the 
phosphorus	concentration	profile	around	the	GaP-Si	 interface	 is	studied	 for	all	 samples	
except the GaP-Si sample extended with a SiGe shell. As explained in Chapter 7 no sensible 
profile	can	be	obtained	for	the	gallium	concentration	around	the	GaP-Si	interface,	due	to	
uncontrolled evaporation during the APT measurement of the Ga ions in the interface 
region. Figure 4	displays	profiles	extracted	from	a	volume	within	a	reconstructed	tip	of	
sample 1a, 1b and 2, using the aforementioned density based corrections for the width of 
the	slices.	The	profile	of	the	sample	1b	tip	shows	a	phosphorus	content	between	0.12%	
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and	0.84%	in	the	region	associated	with	the	Si	shell,	with	an	average	of	0.55%	for	the	first	
9.5 nm. The transition area between GaP and Si runs over about 4 nm. 

Figure 4b shows the comparison of tips of sample 1a and 1b that have a 
similar growth method, but differ in shell growth time. The interface area is sharper 
for the longer shell growth time, rather than more diffuse. This is remarkable as in 
the case of solid state diffusion longer heating times will result in more diffusion 
and a broader interface.  Secondly Figure 4b shows there is no clear difference in the 
phosphorus content of the Si region between the two samples. The phosphorus content 
at a certain distance from the core seems independent of total shell growth time.  
In Figure 4c	a	profile	extracted	for	a	sample	2	tip	can	be	seen,	with	the	profile	for	the	sample	

Figure 4 Phosphorus distribution profiles. Panel a) shows a distribution profile extracted from a sample of sample 1a. 
Additionally the fit of the tail (solid black line) is shown. The schematic in the inset shows the terminology used for 
describing the regions of the profiles. b) Comparison of the profile shown in a) (red cross) with a profile extracted from a 
sample with longer Si shell growth time but similar growth method (black triangle). c) Comparison of the profile shown 
in a) (red cross) with a profile extracted form a sample obtained with growth method II.   
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1b	tip	added	as	reference	again.	The	extracted	profile	shows	a	phosphorus	concentration	in	
the	Si	area	between	0.02%	to	0.18%	with	an	average	of	0.10%	for	the	first	7.5nm.	Although	
the	phosphorus	concentration	is	significantly	lower	in	the	Si	region,	the	profile	is	built	up	
in	a	similar	way	as	the	profile	of	the	tips	from	the	method	I	samples.
	 When	 interpreting	 the	 profiles	 considerations	 have	 to	 be	made	 regarding	 two	
effects of the atom probe analysis. First, in the reconstruction the GaP-Si interface appears 
curved, due to projection distortion caused by the difference in evaporation behavior 
between GaP and Si (see Chapter 7). This results in a broadening of the observed interface. 
Secondly at the GaP-Si interface a part of the Ga atoms is evaporated without being 
measured,	due	to	the	high	electric	field	in	the	Si	stretching	into	the	GaP	(see	Chapter	7).	The	
phosphorus content around the interface is thus overestimated. The effect is strongest in 
the	GaP	region,	where	the	absolute	loss	of	Ga	is	highest.	The	profile	becomes	asymmetrical,	
unlike the error function, with an especially enhanced curvature for the GaP side.
 To estimate the contribution of atom probe artefacts to the broadening of the 
observed	 GaP-Si,	 the	 measured	 surface	 roughness	 profile	 of	 the	 50%	 Si	 isosurface	 is	
evaluated	(see	Intermezzo	2).		The	measured	surface	roughness	profile	shows	that	most	of	
the variation comes from a long range structure that can be associated with the curvature 
of	 the	 GaP-Si-interface	 and	 not	 to	 random	 fluctuations	 expected	 for	 diffusion.	 The	
broadening of the interface is in the same order of magnitude as the interface width due 
to the curvature. Hence atom probe artefacts could be the main cause for the broadening. 
This	can	also	explain	why	 the	 interface	 in	 the	profile	of	 sample	1a	 is	wider	 than	 in	 the	
profile	of	sample	1b	(see	Figure	4b) as the observed curvature can vary strongly from tip 
to tip.

Intermezzo 2 – Measurement of the surface roughness of the 
GaP-Si interface in the atom probe reconstruction

To	 get	 an	 insight	 into	 the	 shape	 of	 the	 GaP-Si	 interface	we	 analyze	 the	 50%	 Si	
isosurface (indicated by the red surface in the blue box in Figure 5a)	that	we	find	
within	 the	 analysis	 volume	 used	 for	 the	 profile	 of	 method	 I.	 The	 roughness	 is	
determined	by	fitting	a	plane	through	this	isosurface.	The	deviation	normal	to	the	
plane is expressed in a color scale and shown in Figure 5b. The maximum difference 
observed is 2.5 nm (larger than the given scale). Note that this the uncorrected 
scale	in	which	the	Si	is	still	inflated,	so	the	corrected	width	of	the	surface	will	be	
lower.
From Figure 5b we see that the largest variation in the deviation normal to the plane 
is associated with long range structure. Along the whole plane we see a maximum 
for the deviation close to the center of the x-range and a minimum at the edges. 
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There	are	three	possibilities	for	how	the	diffusion	profile	relates	to	the	observed	profile:	
a) the interface region is broadened by APT effects only and not diffusion, while the 
tail stretching into the Si shell is (partially) formed by diffusion, b) the phosphorus 
concentration	 follows	 a	 kink-tail	 profile	 as	 reported	 for	 phosphorus	 at	 high	 injection	
concentrations in Si [11]; the slow diffusing region is masked by the APT broadening and 
the	tail	corresponds	to	the	tail	of	the	kink-tail	profile,	c)	the	region	that	is	influenced	by	
diffusion is masked by the broadening due to APT and the tail is due to a different source.
 For the method I tips the tail has a higher concentration offset than the method II 
tip. However, the injection concentration for both the method I as the method II samples 
should be equal, since they are grown on similar GaP nanowire stems. Even if the kink-
tailscenario, scenario b), would apply the concentration at which the kink occurs does 

As such, one end of the scale can be found in the central bulge (indicated with 
light pink), while the outlying points on the other end of the scale are associated 
with the edges (indicated with blue). The deviation normal to the plane caused 
by diffusion is not expected to have a long range structure like this, but more a 
random	 fluctuation	as	 seen	along	 the	z	direction.	The	 long	range	structure	 that	
is observed, however, can be associated for a large part with the curvature of the 
interface introduced in the atom probe measurement. 

Figure 5 a) Illustration of the method to extract the surface roughness of the GaP-Si interface for 
the volume used to produce the sample 1b profile of Figure 4a. b) The resulting measurement of the 
surface roughness thus obtained.
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not show a strong temperature dependence. Hence the concentration difference between 
method I and method II tips seen in the tail is likely to originate from another source than 
diffusion. 
	 Whether	 the	 tail	 that	 is	 left	 in	 the	profile	of	 the	 tip	of	 the	method	 II	 sample	 is	
established through diffusion is less straightforward to judge. In case scenario a) applies, 
the low concentration value of the tail close at the interface indicates only a remarkably 
low	concentration	of	phosphorus	atoms	 is	available	 for	diffusion,	smaller	 than	1%.	The	
concentration of interstitials is as high as atoms in the lattice and thus exceeds this number 
by far. On the other hand, the number of vacancies, for example, can vary with growth 
conditions. The signal of the tail is so noisy it is hard to accurately determine the diffusion 
constant,	but	a	 fit	results	 in	a	diffusion	constant	 in	the	order	of	~10-6 cm2/s. This is far 
above the diffusion constant typically measured for phosphorus in cubic Si at the growth 
conditions that were used for the method II samples. Such high diffusion constant is even 
more unlikely to occur in the samples here as a retardation of the diffusion is likely to occur 
when Ga and P are diffusing together [14]. 
	 Since	 the	tail	of	 the	kink-tail	profile	of	phosphorus	 follows	the	typical	diffusion	
rate of phosphorus and it is the edge of an even slower diffusion process that is added 
before the kink at high phosphorus concentrations, also the scenario b) seems unlikely. 
Therefore, for both method I and method II we assume the scenario c) applies. 

Using our assumption that the tail is unrelated to solid state diffusion and 
the broadening of the interface is dominated by atom probe artifacts, we want to get a 
measure of the contribution of solid state diffusion. Solid state diffusion between two 
solid materials is typically handled by solving Fick’s second law for interdiffusion at the 
interface	of	two	semi-infinite	reservoirs.	This	shows	Gaussian	broadening	resulting	in	a	
profile	described	by	an	error	function. Also the broadening of the interface through the 
APT curvature artefact is thought to be roughly Gaussian. As the diffusion should be 
equal	or	less	than	the	broadening	of	the	interface,	the	error	function	can	be	fitted	to	get	
a	number	for	the	upper	limit	of	the	diffusivity.	For	the	fit	the	data	points	up	to	90%	Si	are	
considered,	to	avoid	the	region	in	which	the	phosphorus	profile	is	distorted	most	by	the	
Ga loss. For sample 1b an upper limit of 1.1*10-17 cm2/s for the diffusion constant was 
found.	A	background	of	0.42%	was	added	to	the	error	function	fit	to	describe	the	almost	
constant, but slowly decreasing P concentration found in most of the Si shell. For sample 
2	the	fit	gives	a	similar	diffusivity,	but	a	background	of	0.11%	had	to	be	added.	The	upper	
limit found for the diffusivity corresponds well with the diffusivity found for phosphorus 
in cubic silicon at these measurement conditions. The retardation effect possibly narrows 
the	diffusion	front	to	such	an	extent	that	only	the	artificial	broadening	of	the	interface	due	
to the APT technique is important.

As we assume that the tail is not established through diffusion this suggests that for both 
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methods the gallium in the tail is provided from disintegrating GaP and phosphorus in 
the tail is provided through the gas phase, either from disintegration and/or the memory 
effect. Attempts to lower the impurity concentration should target the sources related to 
this. As the changes between method I and method II already targeted the evaporation of 
the substrate (SiNx mask) and the memory effect of the reactor from previous reactions 
(clean susceptor skirt, longer dummy runs), the disintegration of the nanowires is likely 
to be the dominant source for GaP. The phosphorus provided by the memory effect due to 
the ramp up under PH3 before commencing the Si growth can additionally contribute as a 
source for phosphorus.

Therefore, to obtain cleaner shells, we propose a selective etch in order to remove 
the catalyst before Si overgrowth can be performed. Additionally to limit contamination 
from the ramp up under PH3, it is suggested to either only grow a starting Si shell and 
change to a susceptor that wasn’t used during PH3 ramp up for the remainder of the group 
IV	shell	growth	or	use	a	long	purge	run	between	an	initial	and	final	group	IV	shell	or	go	to	a	
lower growth temperature of the group IV shell such that a PH3 overpressure is not needed. 
This lower growth temperature can be enabled by the use of other growth precursors, like 
tetrasilane, that cracks at lower temperatures than disilane[15][16], or by  growing a SiGe 
shell directly on the GaP, as germanium precursors assist the cracking of silicon precursors 
[17]–[20]. This should also reduce the decomposition of the GaP.

8.3.3 Phosphorus and gallium concentrations across the Si shell
The	tails	of	the	phosphorus	profiles	extending	in	the	Si	seem	to	show	a	decrease,	rather	
than	to	level	to	a	constant	value.	To	get	to	further	details	we	aim	to	obtain	the	profile	of	
the phosphorus and gallium concentration across the Si shell up to the outer edge of the 
Si shell. At the same time we can get to further insights on whether the spread in values 
within each of the sample sets indeed is due to local variations in concentrations.

The atom probe does not typically image the edge of the sample. Therefore the 
imaging of the outer part of the shell is only possible in cross-sectional tips where the 
edge	of	the	Si	shell	is	not	on	the	edge	of	the	tip,	but	capped	by	Co.	For	method	I	the	profile	
is derived from cross-sectional tip 2 (sample 1b) (see Figure 6a). The Si-Co interface was 
used	to	find	a	profile	perpendicular	to	the	Si	shell	growth	direction.		No	profile	was	derived	
for	method	 II	 as	 the	 amount	of	phosphorous	 ions	per	bin	of	 the	profile	would	become	
so	 low	 that	 the	measured	percentage	would	 be	 influenced	 strongly	 by	 the	 fluctuations	
due to the random distribution of the atoms. Instead, to obtain a reliable concentration 
measurement three (non-overlapping) sample volumes containing more than 100’000 
ions were taken along cross-sectional tip 5, that has both the GaP-Si interface as well as the 
outer edge of the Si shell. An image of the reconstructed tip and the found percentages are 
shown in Figure 6b.
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In Figure 6a	we	see	an	initial	point	close	to	the	GaP-Si	interface	at	0.45%,	then	a	fast	drop	to	
about	0.3%,	followed	by	a	very	gradual	decrease	of	phosphorus	to	0.1%-0.2%.	We	assume	
that the initial point lies so close to the GaP-Si interface that the phosphorus concentration 
in that point is enhanced due to its vicinity to the core. The measured points in the method II 
sample	show	a	decrease	from	0.20%	to	0.03%	in	the	phosphorous	concentration	between	
the inner and the outer part of the Si shell. The gallium concentration decreases gradually 
from	0.05%	to	0.01%.	

The measurements suggest a moderate decrease of the phosphorus and gallium 
incorporation across the silicon shell. For both methods a variation as large as the variation 
within the percentages found in the individual tips in Table 2	is	found.	This	confirms	that	
all variations for method I and II can be due to the part of the shell from which the tip is cut. 

The decrease of gallium and phosphorus might be related to the fact that the gold 

Figure 6 a) Profile extracted from a tips cut through the outer part of the Si shell of a sample method I (atom probe 
cut indicated with dashed line, sample volume with grey box). The position is plotted increasingly towards the Si-Co-
interface. b) Reconstructed tip of sample 2 of method II, with indications for the measured P and Ga percentages in 
three non-overlapping sample volumes.
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droplet and GaP surfaces are encapsulated during shell growth. This diminishes the access 
of the disintegrating material that can reach the silicon shell, which could lead to a gradient 
in the Si shell during the progression of growth. Although solid state diffusion would also 
give	 a	 gradient	 in	 gallium	 and	 phosphorus,	 the	 profile	 derived	 for	 sample	 1a	 deviates	
strongly	 from	the	shape	of	 the	profile	anticipated	 for	 the	solid	state	diffusion	using	 the	
parameters for cubic Si. 

The	slow	decrease	of	phosphorus	profile	 through	the	shell	can	also	be	due	to	a	
slow decrease of phosphorus input through the gas phase. The reactor surfaces gather 
phosphorus during the ramp up under PH3,	but	since	there	is	continuous	flow	of	hydrogen	
at close to atmospheric pressures, the reactor cleans up during growth, leading to a 
decreasing phosphorus background pressure.

8.3.4 Cluster analysis for phosphorus in silicon layer
Since the atom probe measurement gives information on the species and the position of 
the measured ions the distribution of phosphorus in the Si shell can be determined. From 
the analysis volumes that are used for obtaining the percentages of phosphorus in Table 
2 we determine the relative spatial positions of the phosphorus related ions, to see if the 
phosphorus atoms form aggregates. From the positions of the phosphorus ions the distance 
between	the	phosphorus	atoms	is	determined.	The	first	to	fourth	nearest	phosphorus	ion	
is considered. For this study tip 1 from sample 1a for method I and tip 1 of sample 2 for 
method II are used as these contain the highest absolute number of phosphorus atoms and 
hence provide the best statistics. The obtained nearest neighbor distributions (NNDs) are 
plotted in Figure 7. 

The distributions show a singular broad peak. The average distance of the NND 
for the sample from method I runs from about 1.3 nm for the 1st nearest phosphorus to 
about 2.5 nm for the 4th nearest phosphorus. For the sample from method II this is higher 
(from about 2.1 nm to about 3.7 nm respectively), which is expected since the phosphorus 
concentration is lower. Since the average distance is multiple lattice positions away and 
there are hardly any counts for the distance associated with the 1st to 4th nearest lattice 
position (0.25 nm to 0.54 nm) in the respective 1st to 4th NND it can be concluded that areas 
with pure phosphorus aggregates are absent. 

The distribution is compared to a NND resulting from a random distribution of 
the same amount of phosphorus atoms in a similar volume (dimension, shape, # atoms, 
compression variations). This random distribution, indicated with a red line in Figure 7, gives 
a measure for the distribution in distances that will occur with no tendency to aggregation 
present. Note that a number of these random distributions are generated per measured NND 
to see if  the trend is general, but only one example is plotted per measured NND in Figure 7. 
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Comparing the second to fourth NND for sample 1a with their respective random 
distribution line it is seen that the maximum and lower side slope of the measured NND 
are shifted to slightly smaller separations. Although this seems to indicate that there could 
be a slight tendency to aggregation for samples of method I, since the ions sit on average 
closer together than expected from random statistics, most likely this is due to the gradient 
present. The measured NNDs of the sample from method II do not show clear deviation 
from the distributions predicted by random positioning of the phosphorus ions. Hence 
there is no sign of aggregation in the sample from method II. The gradient plays less of a 
roll since it is less strong in sample 2 and the sampled volume is located over a smaller part 
of	the	radius.	Strong	aggregation	is	absent	for	both	methods,	meaning	the	fluctuations	in	
density	can	be	mainly	attributed	to	random	fluctuations.

8.4 Conclusions and suggestions for further work
The changes in growth method between method I and method II successfully lowered the 
phosphorus incorporation with an order of magnitude. The observed phosphorus and 
gallium concentrations in the Si shell for both methods, as well as for the SiGe shell are 

Figure 7 First to fourth nearest neighbor distributions (NND) for the phosphorus atoms in the silicon volume extracted 
from tip 1 of sample 1a (a) and tip 1 of sample 2 (b). To each plot a distribution originating from a randomized set of 
phosphorus atoms in a similar volume is plotted as reference (indicated with a red line). All distributions have a baseline 
of 0; an offset was given for visibility.
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above	degenerate	doping	level,	even	though	the	incorporation	seems	far	less	efficient	for	
the SiGe shell. For both growth methods a gradual outward decrease in phosphorus and 
gallium concentration is present in the Si shell. 

The	phosphorus	profile	indicates	that	it	is	more	likely	that	solid	state	diffusion	only	
contributes to the phosphorus concentration close to the interface, while disintegration 
of GaP provides a phosphorus source through the Si shell growth. Additionally the 
concentration	 of	 phosphorus	 could	 be	 influenced	by	phosphorus	provided	 through	 the	
memory effect. A study on the positions of the phosphorus atoms in the Si shells shows 
that there is no strong tendency to aggregation.
 To observe the intrinsic behavior of hexagonal Si and SiGe and to make controlled 
doping feasible, further improvements have to be made to reduce the background value 
of phosphorus and gallium in the Si shell. These improvements should mainly target the 
phosphorus provided through the gas phase. Since Ga is still present the disintegration 
of GaP is likely to play a role next to the phosphorus provided through the memory effect 
after ramp up under PH3	flow.	

To reduce GaP disintegration further we suggest a selective etch in order to remove the 
catalyst before Si overgrowth. Additionally we propose to only grow an initial group IV 
shell and subsequently swap to cleaner growth conditions by changing susceptor and 
susceptor skirt and perform purging dummy runs, before continuing further growth of 
group IV shells. 

Alternatively, the use of PH3	 flow	can	possibly	be	prevented	by	overgrowing	the	
GaP shell at lower temperatures, such that no stabilization of the GaP with PH3 is needed. 
Other growth precursors that crack at lower temperatures or mixing in a germanium 
precursor to assist the cracking of the silicon precursor can provide a solution. Due to the 
lower temperatures use this should also reduce GaP disintegration.

For a better understanding of the obtained data, simulations on the various 
phosphorus species in a hexagonal Si lattice and experiments on diffusion of phosphorus 
in	hexagonal	Si	are	recommended	to	obtain	the	diffusion	parameters	specific	for	hexagonal	
Si.

When designing a base for the growth of subsequent group IV shells high 
contamination	levels	should	be	anticipated	in	the	first	group	IV	shell	of	the	base.	Therefore	
it	 seems	advisable	 to	grow	a	bigger	band	gap	material	 for	 the	 first	 group	 IV	 shell	with	
respect	to	the	following	group	IV	shells.	Possibly,	if	the	offset	of	the	bands	are	sufficient,	
the	impurities	incorporated	in	the	first	group	IV	shell	form	levels	above	the	band	edge	of	
the following group IV shells. This prevents to some extent that the phosphorus centers 
incorporated	in	the	first	shell	become	traps	for	the	electrons	from	the	outer	group	IV	shell.
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9.1 Introduction  
Si and SiGe with the hexagonal lattice is predicted to be an interesting material, both 
optically and electronically [1]–[3]. Si and SiGe do not naturally occur in the hexagonal 
phase. However, Si shells can be grown epitaxially on wurtzite GaP nanowire cores and as 
such copy the hexagonal lattice[4]. Hexagonal SiGe can be realized by growing a subsequent 
shell on the GaP-Si core/shell system [5].

The	shell	growth	differs	significantly	from	layer	growth	on	a	flat	substrate	in	that	
the nanowire provides a multifaceted substrate with corners. For the SiGe alloy shell this 
can be of importance since regions with different alloying compositions have been reported 
on substrates with grooves and curves for various alloys [6]–[10]. Since varying alloying 
compositions produce different band positioning this can lead to electronic structures like 
quantum wires and quantum wells. A control over the structure of the alloy shell is needed 
to produce the desired electronic structure.

As we expect the provided substrate can be of major importance for the alloying 
structure that will form in the SiGe shell, we start our study with investigating the steps in 
which the GaP-GaP-Si(Ge) base is build up that serves as substrate. Understanding these 
steps gives us the possibility to control the substrate that is provided to the SiGe growth. 
Subsequently we investigate which alloying structures form in the SiGe with variations 
in the provided GaP-GaP-Si(Ge) base and how these structures vary with the average 
Ge concentration in the shell. These studies were done by imaging the radial structure 
of various GaP-GaP-Si(Ge) and GaP-GaP-Si(Ge)-SiGe samples with transmission electron 
microscopy (TEM). 

9.2 Experimental methods
The radial structure of various GaP-group IV core-shell nanowire samples are studied 
by creating cross-section lamella and analyze those with TEM. In this section the growth 
procedures of the various studied samples are described, followed by an elaboration on 
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the production of cross-sectional lamella in the FIB and the TEM modes used to analyze 
the lamellas. APT studies are used to provide additional details for some observations. 
Information on the produced tips and measurement conditions can be found as well. 

9.2.1 Nanowire growth procedures
Nanowires are grown using metalorganic vapour pressure epitaxy (MOVPE) (Growths 
were performed within the group by Håkon Ikaros Hauge and Yizhen Ren.). Gallium 
phosphide stems are produced using gold catalyst particles deposited in a regular pattern 
using nano-imprint (NI) on a GaP substrate. The initial nanowire is grown following the 
VLS	pathway	from	phosphine	and	trimethylgallium	precursors	at	750˚C	while	providing	
HCl gas. 
 After this the sample is let to cool down, the susceptor is changed and the sample is 
heated	up	to	690˚C.	A	gallium	phosphide	shell	is	grown	for	a	half	to	four	minutes,	resulting	
in	a	wurtzite	GaP-GaP	core-shell	template,	after	which	the	trimethylgallium	flow	is	stopped.	
The	phosphine	 flow	 is	 continued	while	bringing	 the	 sample	 to	 the	 temperature	 for	 the	
group	IV	shell	growth.	This	can	either	be	a	Si	shell	or	a	SiGe	shell	rich	in	Si	(around	86%).	
For three samples the growth was stopped at this point, while for the other samples a SiGe 
shell	was	grown	with	Ge	contents	between	30-70%	Ge.	In	case	of	growing	a	subsequent	
SiGe shell on a Si or SiGe shell, the SiGe shell is grown by going directly to the SiGe growth 
temperature	under	hydrogen	flow,	without	intermediate	cool	down	to	RT.	The	disilane	and	
germane	flows	are	reopened	when	reaching	the	set	temperature.	Table	1	gives	an	overview	
of the shells present in the samples and the temperature at which they are grown. Disilane 
is used as silicon precursor, germane as germanium precursor.

To study the faceting of the GaP-GaP core-shell system a separate sample was 
grown in which a wurtzite GaP stem was overgrown for 45 minutes with GaP. 
 

9.2.2 TEM

Lamella preparation

To study the nanowires in cross-sectional view, lamellas were prepared in a focused ion 
beam (FIB) set-up with various gas inlets. Several nanowires are transferred more or less 
parallel on a Si substrate and a protecting platinum strip is deposited across, on the region 
of interest. Sometimes an additional cobalt layer is deposited before the platinum to add a 
layer with more contrast in TEM.
 A volume is made, cutting the nanowires across, and lifted out with a 
nanomanipulator. Subsequently the volume is transferred to a TEM substrate and thinned 
down using ion milling to a width of around 100 nm or less. The thinning is done in multiple 
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Table 1 Summary of the investigated samples giving growth conditions as well as structural and compositional 
information on the resulting shells. Temperatures are set temperatures, measured by thermocouple (actual temperature 
in system is lower). ‘Ge input’ for systems containing SiGe is calculated by dividing the number of Ge atoms divided 
by the total number of group IV atoms (i.e. Si and Ge atoms). For these samples the average alloying concentration 
as measured either from sideview (indicated with 1) or in cross-section (indicated with 2) with EDX in the SiGe shell is 
given in the column ‘Ge output’. For * two different concentrations are measured in 2 positions due to a radial change in 
concentration.

Sample 
name

Global shell 
structure

GaP shell 
growth t 
(min)

Growth 
T first 
group IV 
shell

Ge input Ge output Growth 
T second 
group IV 
shell

Second 
group 
IV shell 
growth t 
(min)

Stem GaP 45 NA NA NA NA
Base 1 GaP-Si 4 900 NA NA NA
Base 2 GaP-Si 4 900 NA NA NA
Base 3 GaP-SiGe 1 600 14% 15%2 NA

With Au, NI 500nm, no SiNx, 4 min of GaP, 10 min of Si
SiGe 30-1 GaP-Si-SiGe 4 900 38 % 33%, 30%²,* 700 66
SiGe 30-2 GaP-Si-SiGe 4 900 50 % 31%1 600 88
SiGe 50 GaP-Si-SiGe 4 900 70 % 51%1 600 44
SiGe 70 GaP-Si-SiGe 4 900 70% 77%1 600 22

Without Au, NI 2500 nm, SiNx, 0,5 min of GaP, 4h SiGe
SiGe 45 GaP-SiGe-SiGe 0,5 600 81% 45%2 600

steps with a decreasing voltage for each step, starting at 30kV going down to 5kV. While 
the volume is milled faster at higher voltages, the depth at which the remaining volume is 
damaged is also larger at higher voltages. In each step at least as much as the penetration 
depth of the previous milling step is removed, leaving a damaged surface of less than 5 
nm,	the	penetration	depth	under	glancing	angle	for	5kV	in	Si	[11],	for	the	final	sample.	The	
remaining amorphised layer does not hamper the TEM imaging.

TEM analysis

The lamellas are studied in TEM, using mainly two modes: High angular annular dark 
field	(HAADF)	imaging	and	energy	dispersive	(X-ray)	spectroscopy	(EDX	or	EDS).	While	
the	first	observes	the	electron	transmission	at	high	angles,	 the	other	measures	element	
specific	X-ray	emission	caused	by	exciting	the	sample	locally	with	electrons.

For HAADF imaging the intensity of the electrons being scattered over an angle >50 mrad 
is measured (here 68-220 mrad). The measured signal is mainly related to the elemental 
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NW sample Orientation Single hits Voltage Range Laser Power

Tip 1 Base 1 Standing 10 million 3.3-5.9kV 2.5pJ
Tip 2 SiGe 30 -1 Standing 2.7million 2.7-6.1kV 3pJ
Tip 3 Cross-sectional 2.6 million 2.3-5.5kV 7-10 pJ
Tip 4 Cross-sectional 1.0 million 2.3-4.0kV 10pJ

Table 2 Details on the tips prepared for APT analysis

weight (Z), since the electrons generally have to be scattered by Rutherford scattering 
to be detected at such high angles. This results in a globally Z1.6- Z1.9 relation [12] to the 
intensity found in HAADF imaging. Therefore HAADF imaging is very suitable to scan for 
compositional differences (like the ones we anticipate in the SiGe alloy shells).

Since the electron scattering when aligning with a crystal zone axis can also be 
described by scattering on the wave function of a column of atoms, disturbances of this 
column	like	strain	can	influence	the	HAADF	intensity.	HAADF	imaging,	however	is	far	less	
sensitive to these lattice deviations than conventional Bright Field TEM [13]. 

EDX	(or	EDS)	exploits	the	X-ray	emission	materials	emit	when	under	an	electron	flux.	Each	
element	has	a	specific	spectrum	with	specific	peaks	characteristic	for	that	element.	From	
the counts in a peak a quantitative measure for the amount that is present of a certain 
element can be derived.

9.2.3 APT
For the atom probe analysis tips with the long axis parallel to the nanowire axis (standing) 
as well as perpendicular to the nanowire axis (cross-sectional) were prepared (see Chapter 
4), by transferring the wires to a post and milling a tip from the transferred material with 
FIB.

Measurements are run on a LEAP 4000X HR around 20K at voltages between 2.0 and 6.1 kV, 
laser	powers	between	2.5	and	10	pJ,	a	detection	rate	of	0.2	to	0.4	%	and	a	pulse	frequency	
of 100kHz. Each measurement contains more than a million indexed counts. Tips are 
reconstructed	using	the	IVAS	software	in	tip	profile	mode.	Details	on	the	orientation	and	
measurement conditions can be found in Table 2. 

9.3 Results and discussion
The results are considered in two parts. 1) The geometry of the GaP-GaP-Si or GaP-GaP-SiGe 
(86%	Si)	base	is	likely	to	influence	the	resulting	structure	in	the	final	SiGe	shell.	Therefore,	
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we	first	analyze	the	facet	formation	during	the	growth	of	the	base	and	variations	therein.	
2) The resulting structures in the formed SiGe shells are discussed and how this depends 
on the provided base and average Ge concentration in the shell.

9.3.1 GaP-GaP-Si and GaP-GaP-SiGe (86% Si) core-shell-shell bases 
The GaP-GaP-Si(Ge) base that serves as substrate is build up in two basic steps: 1) the 
overgrowth of the GaP core with a GaP shell and 2) the overgrowth of the GaP-GaP-system 
with	a	Si-rich	(100%	or	86%)	shell.		

A variety in faceting can be observed for the GaP-GaP core-shell systems. In Figure 
1 three variations in bases are shown. Figure 1a shows a GaP-GaP-Si base, with a nearly 
hexagonal GaP-GaP core, Figure 1b shows sample Base 1, a GaP-GaP-Si base made with the 
same recipe, but showing additional facets on the GaP-GaP core-shell and Figure 1c shows 
Base 3, a GaP-GaP-SiGe base. The GaP-GaP core-shell of Figure 1a is terminated solely by 
{10-10} facets, while the GaP-GaP core-shell in Figure 1b and 1c is terminated by a mix of 
{10-10} and {11-20} facets. When looking further to Figure 1b, one can recognize the VLS 
core within the GaP-GaP system. VLS growth results in nearly hexagonal nanowires [14], 
due	to	the	catalyst	particle	that	influences	the	energetic	and	kinetic	differences	between	
facets and thus promotes the formation of certain facets. It can be seen that the {11-20} 
facets are formed in VS growth, even when no {11-20} facet on the VLS grown core is 
present (see Figure 1b). It is unclear where the HAADF contrast stems from as no clear 
compositional differences can be detected with EDX.

The last step in the formation of the base for SiGe overgrowth is the growth of high 
Si	content	shell	(100%	or	86%).	A	different	behavior	for	the	surface	formation	is	seen:	1)	If	
no {11-20} facet was present on the GaP template no {11-20} facet is formed in the Si shell 
(see Figure 1). 2) In general it is observed that if the GaP template does provide additional 
{11-20} facets to the {10-10} facets, the length of the {11-20} facet on the high Si content 
shell is reduced during the Si growth.  An exception was seen in sample Base 1 in which 
the {11-20} facets maintain their size or show a small increase. It is unclear where this 
difference originates from. 

The group IV overgrowth on the {11-20} facets shows two additional peculiarities. 
First, the growth on several {11-20} facets does not have a straight surface, but shows a 
depression	in	the	middle	of	the	facet	(for	examples	see	facets	indicated	with	⟡	in	Figure	
1). Secondly in the GaP-GaP-Si bases spikey protrusions of GaP into the Si shells can be 
observed. The shape of the protrusions is different if a fully developed {11-20} facet is 
present (see Figure 1e) than if the corner between {10-10} facets is surfacing on the GaP-
GaP core shell (Figure 1d). The amount of material protruding the Si is more extensive 
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for	this	first	type.	The	depth	of	the	penetration	seems	fixed	and	unrelated	to	the	Si	shell	
thickness. The spikey protrusions are absent in GaP-GaP-SiGe bases completely (Figure 
1c). A more detailed study on the composition can be found in the Intermezzo.

Figure 1 a) to c) Three cross-section views of the GaP-GaP-Si(Ge) system imaged in HAADF mode. Panel a) shows the 
GaP-GaP-Si core of a GaP-GaP-Si-SiGe system, showing a nearly hexagonal GaP core-shell template. Panel b) Shows a 
GaP-GaP-Si core-shell system grown under similar conditions, but the GaP-GaP core-shell is terminated with additional 
{11-20} facets. In panel c) a GaP-GaP-SiGe system is imaged. The SiGe shell is Si rich with around 86% Si. Examples of 
the two types of facets are indicated in panel b) and c), with full ({10-10} facets) and dashed ({11-20} facets) lines. The 
⟡ indicates examples of facets of the group IV shells that are not straight, but show a depression in the middle of the 
facet. d) and e) show examples of the two types of protrusion structures that are encountered in GaP-GaP-Si systems.  
f) Cut-out of a SEM image of sample Stem, in which a GaP stem was overgrown for 45 min by a GaP shell. The angle 
between the sidewalls suggests the wires are terminated by {10-10} as well as {11-20} facets.
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Intermezzo - Spikey protrusions
Next to a wealth of facets, spikey features protruding from the GaP-GaP core into 
the Si shell can be observed in Figure 1a and 1b. These protrusions are visible 
as well in a sideview TEM image of a GaP-GaP-Si core-shell-shell nanowire (see 
Figure 2a). In Figure 2a the protrusions are typically associated to the corners of 
the GaP-GaP template. In the cross-sectional view of Figure 1b, which is repeated in 
Figure 2b, two types of structures are seen associated with the spikey protrusions: 
A structure associated with a rounded corner between {10-10} facets (example 
indicated	with	⨯)	and	a	structure	of	spikey	protrusions	on	a	fully	developed	{11-20}	
facet	(example	indicated	with	∗).	In	Figure	2c	we	see	a	zoom	in	of	the	first	type,	
which is probably the only type present in Figure 2a, seen the high directionality of 
the protrusions present there. At the position where the corner is expected a main 
plume	is	visible,	flanked	by	two	new	facets.	On	the	corner	between	the	new	facets	
and the neighboring {10-10} facets side plumes are visible. The orientation of the 
new facets can not be associated with a singular plane. Possibly the system has 
been frozen in during the formation of a {11-20} facet. During crystal overgrowth, 
typically	a	mobile	diffusion	layer	is	assumed	between	the	gas	phase	and	solidified	
crystal phase [34], [35]; the rounded shape suggests there has been mass transport, 
possibly towards the spoke, before the GaP became fully immobile. 
The EDX analysis of the same area (Figure 2d and e) shows that the protrusions 
contain phosphorus as well as gallium. Figure 2a shows a reconstruction of a tip 

Figure 2 Position, structure and content of spikey protrusions at the GaP-Si interface. Panel a) shows a GaP-
Si nanowire in sideview (HAADF imaging) with the grey scale converted to a rainbow contrast. The spikey 
protrusions are visible as a lighter contrast than their surroundings and are clearly localized. Panel b) shows 
the cross-section cut of a wire from sample Base 1, in which the close-ups/measurements shown in panel c)-f) 
were obtained, indicating the corner (⨯) and the {11-20} facet (*) for which the excerpts were taken. In panel 
c) the protrusion structure around a corner is presented and the corresponding EDX mappings of the Ga and P 
signal. In panel f) the protrusion structure at a {11-20} facet is shown. 
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measured in atom probe containing the GaP-Si interface. Panel b shows a series 
of isoconcentration surfaces of Ga and P in that tip. The spikes are clearly visible 
at the end of the facets. For each set of two isosurfaces with equal amount of Ga, 
respectively P, we see a nearly identical shape. This suggests that the spikes are 
made up out of equal amounts of Ga and P over the whole spike. This is further 
expressed	in	the	concentration	profile	taken	along	the	spike	(see	Figure	3).	
In Figure 2f a zoom in on the second type of structure for the spikey protrusions 
is shown, that of a GaP-Si interface at a {11-20} facet. A different structure is seen 
for the protrusions: The protrusions are present over the whole facet and there is 
not necessarily a main plume. The protrusions, however, remain concentrated in 
spikey channel like structures, rather than forming a diffusion front.

The fact that the spiking is related to corners and the {11-20} facets suggests that 
it is related to parts of the surface that are related to a higher number of dangling 
bonds, and with that, typically higher energy. Especially the spikes associated with 
corners lead to rounding of the GaP core and as such decreasing the surface and 
presumably the total energy of the system. 
The pertinence of the spikey structure of the protrusions on the {11-20} facets 
shows	that	 it	 is	not	sufficient	to	describe	the	protrusion	formation	on	that	facet	
by a simple diffusion with a facet or corner providing more material. It rather 
suggests	 the	 first	 Si	 covers	 the	 {11-20}	 GaP	 surface	 in	 cluster	 like	 structures	

Figure 3 a) image of a the reconstruction of tip 1 cut from Base 1, b) series of isosurfaces taken 
from the reconstruction in a) at 5%, 8,5% an 12% of Ga(in yellow) and P(in blue), showing similar 
shape for both c) concentration plot for a volume along a spike. The position of the volume is 
indicated on the 8.5% Ga isosurface. P and Ga concentrations were taken atomically, considering 
multiple phosphor containing clusters.
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leaving openings that form channels into the silicon that are slowly pinched off 
during Si shell growth. This idea is further supported by the observation that the 
extent of the spike is unrelated to the thickness of the group IV shell. In Figure 
2, for example, several of the spikes run completely to the edge in the thinner Si 
shell of Figure 2b, while in Figure 2c the spikes stop at some point. In the channels 
a mixture of GaP and Si is grown or the GaP mixes with Si, for example, through 
solid state diffusion. Since the protrusions are also observed in crystal shells free 
of stacking faults, no relation between the formation of the spikey protrusions and 
stacking faults is presumed.

No	spikes	are	seen	in	cross-sections	of	a	base	with	a	Si	rich	SiGe	shell	(86%	Si)	(see	
Figure	1c),	spiking	hence	seem	to	be	prevented	by	using	the	86%	Si	SiGe	as	template	
instead of the Si. Multiple intrinsic parameters are different when overgrowing 
with SiGe instead of Si, like wetting and strain. Additionally the overgrowth 
temperature is lowered from 900 ˚C	to	600	˚C,	which	in	its	turn	influences	many	
parameters by itself. 
Although the exact mechanism can not be pinpointed, the temperature will 
influence	the	mobility	of	the	species	in	the	mobile	layer	at	the	surface	of	the	GaP,	
which we deem likely to be of mayor impact for the formation of the spikes. Also 
the stability of the GaP nanowire can vary strongly with temperature. GaP in bulk 
only	decomposes	to	the	gas	phase	around	1476	˚C	[17].	However,	the	gold	droplet	
catalyzes the reaction between decomposed and solid GaP [18]. The equilibrium 
is pushed towards the formation of solid GaP during GaP growth and temperature 
ramps	by	the	presence	of	a	sufficiently	high	PH3 pressure, but the PH3	flow	is	cut	
when the group IV shell growth is initiated, compromising the stability of the GaP. 
The stability is dependent on the temperature, both because of the thermodynamic 
terms as well as the kinetic barrier to overcome between solid and decomposed 
state. Experimentally it was observed that at the Si overgrowth temperature 
(900˚C),	the	GaP	stems	were	not	stable,	while	at	the	overgrowth	temperature	for	
86%	Si	SiGe	(600˚C)	this	was	not	observed.	Possibly	the	decomposition	of	GaP	at	
the gold droplet provides additional material for the mobile layer, thus aiding the 
formation of spikes.

The	use	of	the	86%	Si	SiGe	as	template	instead	of	the	Si	seems	to	provide	a	route	to	
prevent spiking. In case a pure Si shell is preferred, for instance for a better lattice 
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Figure 4 Two cuts from the same sample (SiGe30-1) showing variation in the GaP shell with distance from the substrate. 
a) SEM figure showing the approximate position of the cut. ‘bottom’ indicates the side of the wire close to the substrate, 
‘top’the side that was close to the catalyst. b) HAADF TEM image of the cut of the wire indicated with ▲ in a), c) HAADF 
TEM image of the cut of the wire indicated with △ in a). 

By comparing the images from Base 1 (Si shell) and Base 3 (Si rich SiGe shell) it can be 
concluded that although the group IV overgrowth is done at very different temperatures 
(900˚C	for	the	Si,	600˚C	for	the	SiGe)	the	{11-20}	facets	form	in	both	cases.	The	SiGe	shell	is	
even grown at a temperature lower than the GaP VS growth. This excludes the evaporation 
of the corners between {10-10} facets as a likely mechanism for the formation of the 
{11-20} facets. Additionally, when looking at a sample with a GaP shell grown for 45 min 
on a GaP core, we see more than six facets (see Figure 1f), indicating that directly after the 
GaP-GaP growth additional {11-20} facets can be present. 
 This leaves the question open where the difference between the GaP-GaP core 
shell of SiGe30 and Base 1 (Figure 1a and b) originates from. Noticeably the amount of GaP 
overgrowth and the facets formed vary between the cross-sections from the same sample 
(see Figure 4). There is a rough relation between the cross sectional morphology and the 
position in the wire; a larger number of side facets for GaP shells is observed closer to the 
bottom of the wire. A similar trend was observed for GaAs on GaAs VS growth by Sköld et 
al. [9], who proposed that this was related to the amount of VS overgrowth. Material for 
the VS overgrowth is provided from the substrate, such that a thicker layer at the bottom 
at the wire is deposited than the top, resulting in a taper. If this is the same for the GaP-GaP 

match with the GaP core lowering the temperature we deem advisable. However, 
often	for	sufficient	cracking	of	the	precursors	[19],	[20]	and	a	good	crystal	quality	
[21]	there	is	limited	flexibility	in	temperature.	At	this	point	a	short	or	no	GaP	shell	
overgrowth is advisable to prevent the formation of {11-20} facets, since these 
show more spiking than at the {10-10} facets for which this is limited to the corners.
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core-shell this suggests that if we look back at the cross-section of Figure 1a it is taken at 
a position where there is very little GaP VS overgrowth. Interestingly the crystal quality of 
the Si does not seem to be of lower quality. This indicates that very limited GaP overgrowth 
is	already	sufficient	to	have	a	successful	Si	overgrowth,	implying	that	a	GaP-GaP	template	
with only {10-10} facets could be feasible by reducing the GaP overgrowth time.
  Energetic or kinetic differences between facets determine which facets are formed 
in the VLS mode. These factors may be different for the shell that is grown by vapor to solid 
(VS) growth. The {10-10} and {11-20} facets are both non-polar singular facets unique to 
the hexagonal lattice. In general the surface energy density assigned to the {11-20} facet is 
higher as it has more dangling bonds per square Angström when no passivation or (long 
range) surface reconstruction is considered. However, the predicted values for the two 
facets in III-V materials, are normally not far apart [22]–[25], giving for example a 1.05 
ratio between the surface energies of the GaAs {10-10} facet and {11-20} facet in Rosini et 
al. [23], 1.01 in Pankoke et al. [22] and 1.19 for Sibirev et al. [25]. 

With	a	Wulff’s	construction	[26],	[27]	it	is	possible	to	find	an	energetic	minimum	
for which having the facets with the lowest energy density is balanced with minimizing 
the	 surface	 area.	 In	 Figure	 5a	 a	 simplified	Wulff’s	 construction	 is	made	 a)	 assuming	 a	
1.05 ratio between the energy of the {11-20} facet with respect to the {10-10} facet, b) 
assuming that the energies for facets in all directions between the {10-10} and {11-20} 
are higher in energy1 c) ignoring the energies that are associated with the formation of 
corners, which are typically much higher than the facets as there are more dangling bonds. 

1 This is a fairly reasonable assumption because there are no singular facets in between the {10-10} and 
{11-20} facets and all directions have higher Miller indices.

Figure 5 Simplified Wulff’s construction for a ratio of 1.05 (a) or 1.15 (b) between the energies of two types of facets 
and assuming there are no lower energy facets for directions in between the two facets. The length of the arrows 
corresponds to the surface energy density of the facet normal to the direction of the arrow. The lowest total energy 
surface is found by tracing the inner circumference.
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From this simplistic construction it can be seen that it is favorable to form {11-20} facets to 
lower the total surface area over maintaining only the {10-10} facets in GaAs if the energies 
between these facets only differ a ratio 1.05. This conclusion can likely be extrapolated to 
wurtzite GaP, assuming that our approximations hold and similar ratios in facet energies 
are found for GaP. Therefore, we think that, although the origin of the {11-20} facets can 
not be assigned unambiguously, energetic considerations form a plausible explanation.  
Some	reservations	are	needed,	though,	since	only	when	the	energies	are	sufficiently	close	
a mixture of the {10-10} facets and {11-20} facets will be observed. Already at a factor of 
2/√3	≈	1.15	between	the	facet	energies	termination	with	only	{10-10}	facets	will	be	more	
favorable (see Figure 5b). The ratio found in calculations by Sibirev et al. [25] exceeds 
this number, for example. Furthermore, as the periodic boundary calculations typically 
use a base no larger than the surface of one unit cell, effects of long range reconstructions 
lowering the energy will not be noticed. Long range reconstructions have been reported 
for the {10-10} GaN facet, but the {10-10} and {11-20} facets of a wurtzite InAs nanowire 
resembled the unreconstructed surfaces of CdSe in STM experiments [28]. Thus, no 
general conclusions can be drawn on whether to expect long range reconstruction for the 
WZ facets in III-V’s. 

In addition it is unclear which role kinetics have in the formation of the facets. 
Wulff’s construction is valid for a system that is at thermodynamic equilibrium. The effects 
of kinetic factors on the formation of the seen facets can not be excluded.

It is reported by Sköld et al. [9], and Nötzel et al. [29], that the facets of zinc blende 
GaAs can rotate from {112} facets to {110} facets with temperature. We do not believe that 
the observed mix of {11-20} and {10-10} facets for wurtzite GaP is a transition state of the 
shell rotating from the {10-10} facets of the core to the {11-20} facets of the shell.  Nötzel 
et al [29] explain the rotation in GaAs by the fact that the {112} facet is a nonsingular facet 
formed under kinetic conditions, that breaks up in the singular facets, like {110}, when the 
energy barrier is overcome. This does not apply for the {10-10} and {11-20} hexagonal 
facets that are both singular facets. Secondly even after growing a GaP shell for 45 min a 
mix of {10-10} and {11-20} facets prevail (see Figure 1f). This hints that the mix seen at 1 
to 4 min is not an intermediate state, but the mix is the (meta)stable state.

The facet formation or annihilation during the growth of the Si rich shells is less predictable. 
Hence control of the faceting of the base offered to the SiGe growth is less feasible through 
tuning the growth of the Si rich shell. Additionally the Si rich shells show cusp formation 
on the {11-20} facets. This can be an indication that material is provided from other 
facets	or	the	corners	through	diffusion,	but	the	diffusion	on	the	{11-20}	is	not	sufficient	
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to distribute the material homogeneously. The idea that diffusion is directed towards the 
{11-20} is supported by the decrease in length of the surface on the {11-20} facets of Base 
3 and even formation of a corner in one case. Due to geometric arguments more material 
is needed to acquire a shortening of the facet and a formation of a corner, inferring there 
is mass transport towards the corners. Increasing the diffusion length therefore possibly 
could avoid cusp formation. On the other hand if the growth is such that the {11-20} facet 
is	filling	up	to	form	a	corner	between	{10-10}	facets,	growing	a	Si	rich	shell	of	sufficient	
thickness can also annihilate the cusps. The absence of {11-20} facets will prevent the 
formation of irregular cusped facets. 

The formation of the GaP protrusions on the GaP/Si interface is likely related to 
the Si shell growth dynamics as well. The fact that on the {11-20} facets the GaP protrudes 
the	Si	in	channel	like	structures	instead	of	forming	a	diffusion	front,	suggests	that	the	first	
layers of Si cover the {11-20} facets in a patchy way, leaving openings that form channels 
into the Si. This could be similar for the protrusions on the corners. The fact that these 
channels	 have	 a	 more	 or	 less	 fixed	 penetration	 depth	 independent	 of	 shell	 thickness	
indicates that at a certain point during the growth the channels are pinched off and the Si 
covers the whole facet. 

The formation of the spikey protrusions seems to be absent in the Si rich SiGe. For 
a	good	crystal	quality	the	Si	rich	SiGe	has	to	be	grown	at	a	temperature	of	600	˚C	instead	of	
900	˚C,	which	influences	many	parameters.	Additionally	multiple	intrinsic	parameters	are	
different when overgrowing with SiGe instead of Si. Although the exact mechanism can not 
be	pinpointed	for	the	formation	of	the	spikes,	the	temperature	will	influence	the	mobility	
of the species at the surface of the GaP, which we expect to be of mayor impact.  Since the 
protrusions are also observed in crystal shells free of stacking faults, no relation between 
the formation of the spikey protrusions and stacking faults is presumed.
 In case a pure Si shell is preferred, for instance for a better lattice match with 
the	GaP	core	lowering	the	temperature	is	advisable.	However,	often	for	sufficient	cracking	
of	the	precursors	[19],	[20]	and	a	good	crystal	quality	[21]	there	is	 limited	flexibility	 in	
temperature.	In	these	cases	it	is	advisable	to	make	the	Si	shell	sufficiently	thick.	Also	avoiding	
the formation of the {11-20} facets during GaP overgrowth limits the contamination, since 
the GaP is protruding along the whole {11-20} facets in contradiction to only at the corners 
between {10-10} facets. 

On the other hand, observations on growth on, for example, V-grooved substrates 
[6]	and	on	other	non-flat	substrates	[30],	have	shown	that	different	surfaces	can	influence	
the shape and composition of an III-V alloy overgrowth. Extending the idea to group 
IV materials, the {11-20} facets could give access to different alloying structures in the 



156

Chapter 9 The role of facets on the composition in the GaP-Si and GaP-Si-SiGe nanowire system

Figure 6 a) HAADF STEM image of a cross-section of sample SiGe-50. Lines of different contrast are clearly visible in the 
SiGe shell. b) A 2D EDX map of a corner region showing the quantified counts for Ge. The yellow box indicates the area 
where a line scan was performed across the spoke to obtain the concentration in the spoke and the surrounding area. 
c) is a crop of a) with enhanced contrast, showing lighter contrast for the spokes close to the Si shell. d) gives a zoom on 
the area indicated with + in c). The spokes contrast is hard to see. 

Figure 7 Compositional studies of the SiGe shell in the proximity/vicinity of a corner of the Si shell by atom probe. a) and 
b) show the Si-SiGe interface in two reconstructed tips. a) is a cross-section from a tip with its long axis parallel to the 
wire and b) is a sideview of a cross-sectional sample. c) and d) show the respective concentration plots giving the Si (left) 
and Ge (right) concentration along a thermal color scale.
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SiGe than a base with {10-10} facets alone. These structures do not necessarily have to 
be detrimental, but possibly yield useful electronic structures like quantum wires and 
quantum wells [6]–[10]. 

9.3.2 SiGe shells on GaP-GaP-Si
The GaP-GaP-Si bases can be produced with varying geometry. Since we expect the faceting 
to	 be	 directive	 for	which	 alloy	 structure	 in	 the	 SiGe	 shell	 is	 formed,	 first	 the	 resulting	
structure for when only {10-10} facets on the base are present is discussed, followed for 
the case that the GaP-GaP-Si is terminated with {11-20} facets as well. Furthermore, the 
changes in alloying structure with the overall Ge concentration are studied. Subsequently 
the formation of these alloying structures is discussed in a diffusion model framework 
to gain insights in how the alloying structures are formed and thus how to control the 
formation. 

Morphology of the SiGe shell from TEM and Atom Probe analysis 

Figure 6a shows a cross section of a GaP-GaP-Si-SiGe core-multishell nanowire system. In 
the SiGe shell lines are visible running from the corners of the Si shell to the corners of 
the SiGe shell. Similar structures have been reported in AlInP [9], [31] and AlGaAs [10] 
shells, where the term ‘spokes’ was coined and they were assigned to a different alloying 
composition than the surrounding matrix.

Since the HAADF contrast is mainly determined by elemental weight and we see a 
different contrast for the spokes this seems in line with our observation. EDX measurements 
in the area indicated with a yellow box in Figure 6b show a decrease of Ge from around 
25%	to	20%	associated	with	the	spoke.	A	closer	look	at	Figure	6a	shows	that	the	spokes	
show a gradient in contrast and become lighter in contrast towards the inside. Figure 6c 
shows a cut-out of the center, with enhanced contrast. Close to the Si shell, the HAADF 
contrast of the spoke is lighter than the contrast of the surrounding material, suggesting 
the spoke is enriched in Ge in this area. 

A further zoom in on the corner indicated with + in Figure 6c however has trouble 
catching this contrast (see Figure 6d). Also the EDX measurement of the Si and Ge signal in 
the same area (Figure 6b) does not show a clear compositional difference associated with 
the spoke close to the corner. From the TEM data the Ge enrichment close to the Si rich 
shell is thus not unambiguously assignable. 

As atom probe has a higher sensitivity (i.e. it can detect smaller differences 
in composition) than EDX two tips from nanowires from the same sample (but not the 
same lamella) were analyzed. Figure 7a and b show the two reconstructed tips from atom 
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probe analysis, one which was prepared with the nanowire perpendicular to the tip axis 
(cross-section orientation) and one which was prepared with the tip along the nanowire 
(standing orientation). The tips are tilted such that the Si-SiGe interface is visible. 

In both samples the corner of the Si shell is recognizable. Figure 7c and d show the 2D 
concentration plots of Si and Ge for both tips.  Next to the corner of the Si shell a line is 
distinguishable with a decreased Si content and increased Ge content. The Si concentration 

Figure 8 Comparison of the alloy fluctuations in SiGe shells with ~30% (a), ~45% (b), ~50% (c) and ~70% (d) Ge content. 
The contrast was adjusted per picture to enhance the differences in HAADF contrast in the shell. The insets show a zoom 
in of the Ge rich prism (a), a corner showing a pyramid ending in a spoke with unclear HAADF contrast (c) and an Ge 
enriched area on a {11-20} facet, with increasing length outward (d). □	indicates the spoke starting at the Si rich shell in 
c).
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in	 the	 line	 is	 61%,	 compared	 to	 65%	 in	 the	 surrounding	 shell	 for	 the	 tip	 in	 Figure	 7a,	
and	67%	and	70%	for	the	tip	in	Figure	7b,	respectively.	This	suggests	that	there	is	a	Ge	
enrichment close to the corner that is too low and local to be distinguished with EDX. 

Figure 8a shows a SiGe shell grown on a GaP-GaP-Si core with {11-20} facets in 
addition to {10-10} facets. Associated with the {11-20} facets triangular areas with a light 
HAADF	contrast	are	observed,	suggesting	these	areas	are	Ge	enriched.	This	is	confirmed	
by an EDX study of a prism of sample SiGe 30-2 (see inset Figure 8a): The measurement 
points	at	the	center	8	nm	give	an	average	SiGe	composition	of	34%	Ge	for	the	prism,	while	
the	average	of	the	sum	of	the	outer	8	nm	on	either	side	gives	26%	Ge	for	the	surrounding	
shell. The prisms are linked to the transition from {11-20} facets to corners between 
{10-10} facets and the basis of the triangular area matches the size of the {11-20} facet. 
The disappearance of the {11-20} facets hints to a higher surface energy that outweighs 
the	 cost	 of	 the	 extra	 surface	 area	 for	 these	 facets.	 Reflecting	 on	 the	 earlier	 Wulff’s	
reconstruction for a hexagonal system, a factor larger than 1.15 between the energies of 
the facets is anticipated.

To see if the same behavior is observed at different alloy concentrations samples 
with	~45%,	~50%	and	~70%	Ge	 in	 the	shell	are	compared	(see	Figure	8b	to	d)	 to	 the	
~30%	Ge	samples.	In	contradiction	to	the	~30%	Ge	samples	the	HAADF	contrast	in	the	
spokes	of	the	~45%	sample	is	lighter	than	the	surrounding	shell,	suggesting	the	spokes	
are	Ge	enriched	with	respect	to	the	shell.	In	the	~50%	sample	one	spoke	is	visible	starting	
directly	from	a	corner	of	the	Si	shell	(see	□	in	Figure	8c)	and	additionally	spokes	seem	to	
start at the ends of the prisms (see inset Figure 8c). The contrast of these spokes is hard 
to assess, the more because a strain-related dark contrast is present at the border of the 
spokes [32].
	 Ge	rich	prisms	similar	to	those	of	the	~30%	Ge	sample	are	observed	on	the	{11-20}	
facets	in	the	~50%	Ge	sample.	On	the	other	hand	in	the	~70%	Ge	sample	no	clear	sign	of	
the formation of prisms is seen. Instead of having a transition from {11-20} facets on the 
base to a corner between {10-10} facets, the {11-20} facet is preserved and the germanium 
enriched area runs to the edge of the shell (see inset Figure 8d).

Diffusion Model

In order to explain the compositional differences between the spokes and the rest of the 
shell, we refer to the models that were used before to describe the formation of V-grooved 
quantum wells and spokes. The formation of spokes is generally ascribed to the difference 
in	 diffusion	 coefficient	 between	 the	 different	 constituents	 of	 an	 alloy	 in	 presence	 of	
diffusion	[10],	[31].	Compositional	differences	form	as	the	fastest	species	will	arrive	first	
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at the region to which the diffusion is directed, leaving the slowest species behind. 
At	least	two	factors	need	to	be	considered	that	influence	the	direction	of	diffusion:

1) The direction of the diffusion is determined by local differences in chemical 
potential. The chemical potential is related to the surface energy, through 
curvature terms as well as the surface energy density of the facets. The 
diffusion is always directing material to form the most favorable facets. 

2) What the actual diffusion direction is to form most stable facets, is 
depending on the local variations of material supply from the gas phase 
to the diffusion layer. This is not necessarily depending on the diffusion 
in the gas phase, but more likely is related to adsorption, absorption 
or dissociation processes on the surface. The ratio of the supply from 
the gas phase between the corners and the facets determines to which 
direction material has to be moved to form the most favorable facets. 
The corners need more material to be sustained than the facets (1D 
vs 2D growth). If the ratio of the supply exceeds the extra material 
needed to form these corners the diffusion is directed away from 
these corners, otherwise diffusion is directed towards the corners. 

In	the	samples	with	~30%	Ge	in	the	SiGe	shell,	the	outer	part	of	the	spokes	are	Ge	depleted	
implying that the diffusion is directed away from the corners in the  growth of the outer 
part	of	the	shell.	As	the	~30%Ge	SiGe	shells	are	terminated	by	{10-10}	facets,	we	assume	
these give the surface with the lowest energy. Therefore we assume that the supply to the 
corners in that phase of the shell growth indeed exceeds the extra material needed to form 
the corners between the {10-10} facets. A difference in the number of growth units that 
enter the diffusion layer for corner and facet positions may be due to a higher density of 
dangling	bonds	at	the	corners,	allowing	for	more	efficient	adsorption	or	dissociation	of	the	
precursor molecules. 

The germanium enrichment at the beginning of the spokes indicates that the 
diffusion is directed towards the corners at the start of the shell growth, getting the more 
mobile	germanium	to	reach	the	corners	first.	The	switch	of	diffusion	direction	infers	that	
initially	the	corners	do	not	have	a(n)	(sufficient)	advantage	of	material	supply.	Although	
the origin of this change in supply is not clear, two factors that undergo a distinct change 
comparing the start of the shell growth and later during shell growth are i) the “composition 
of the substrate” going from a pure Si shell to a SiGe shell, and ii) the strain due to lattice 
mismatch, which is highest at the interface with the Si shell and relaxes outward. A third 
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option comes from the comparison with the Ge enriched prisms observed on the {11-20} 
facets;	possibly	small	{11-20}	facets	are	present	between	the	{10-10}	facets,	that	are	filled	
with a Ge rich area till the facet is closed to a corner completely. Since the enrichment seems 
to	extend	over	more	than	one	monolayer,	the	first	option	is	less	likely	to	be	of	influence.

The Ge enrichment of the prisms suggests the diffusion is directed towards the 
{11-20}	 facets.	 Assuming	 the	 final	 facets	 formed	 are	 related	 to	 the	 surface	 energy,	 the	
disappearance	of	the	{11-20}	facets	at	~30%	Ge	and	~60%	Ge	also	suggests	that	these	
are	sufficiently	high	in	energy	that	it	is	favorable	to	cover	them	up.	The	higher	energy	of	
the {11-20} facets and the enrichment of the triangular regions with the higher mobility 
germanium is therefore consistent with the proposed thermodynamic diffusion model.

The changes in alloying structure with overall Ge concentration indicate a change 
in the dynamics of the diffusion. With increasing Ge concentration the spokes switch from 
Si enriched to Ge enriched. This suggests that the direction of the mass transports changes 
from going from the corners towards the facets to the opposite direction. We expect the 
changes in diffusion direction to be related with changes in the supply of material through 
the transition from the gas phase to the solid state, for example because the corner loses 
its	advantage	 in	dissociating	 the	precursor.	The	material	 influx	becomes	more	 isotropic	
or	perhaps	even	starts	favoring	the	facets	over	the	corners,	such	that	there	is	a	net	flux	
towards the corners. 

The perseverance of the {11-20} facet at high Ge concentrations, can have multiple 
origins.	Assuming	the	energetically	most	stable	facets	are	forming,	the	observation	at	first	
glance suggests that the {11-20} facet is close enough in energy to the {10-10} facet at 
these germanium concentrations that it is favorable to form the {11-20} facet in addition 
to the {10-10} facet to lower the total surface area. However, in case of isotropic supply of 
material	and	a	diffusion	sufficient	to	establish	the	thermodynamic	most	favorable	shape,	
spokes are expected to appear between the {10-10} and {11-20} facets, in case these 
indeed represent the energetically most stable shape. The absence of these spokes hence 
indicates that either the supply is not isotropic – the {11-20} facets are, in contradiction 
to	 the	 corners	 between	 {10-10}	 facets,	 less	 efficient	 in	 dissociating	 or	 absorbing	 the	
precursor – or the shape is not the thermodynamically preferred shape – growth is so fast 
that diffusion has no time to close up the {11-20} facet –, or both. 

Noticeably the Ge precursor needs a lower temperature for dissociating than the 
Si precursor, and the Ge precursor enhances the surface dissociation of the Si precursor 
as	well	 [33].	Since	all	 SiGe	shells	 investigated	here	are	grown	at	600˚C	 the	growth	rate	
increases with increasing Ge concentration [5]. The germanium enrichment on the {11-20} 
facets suggests the diffusion is still directed from the {10-10} facets to the {11-20} facets. It 
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can not be excluded that the growth rate in the {10-10} direction becomes so high that 
the	diffusion	is	not	fast	enough	to	fill	up	the	{11-20}	facet.	

The	Ge	enriched	spokes	for	the	~45%	Ge	and	possibly	the	~50%	Ge	sample	
seem to represent an intermediate state in which the supply is abundant, or at least 
such that it does not favor the corners over the {10-10} facets, but the growth rate is 
sufficiently	low	for	the	diffusion	to	fill	up	the	corners.

Although the enrichment directly adjacent to the corner can not be prevented, the 
presence and size of the Ge rich prisms can be directed by controlling the size of the 
{11-20} facets. For more homogeneous SiGe shells it is advisable to keep the GaP 
overgrowth time short, to prevent the {11-20} facets from forming, or allow the Si 
overgrowth enough time and/or temperature to annihilate the {11-20} facets. On the 
other hand, enclosed Ge rich channels can be realized by allowing for {11-20} formation 
during GaP overgrowth. Note that since these Ge rich channels are grown directly on 
the	Si	shells,	it	is	unavoidable	that	these	channels	will	be	strained,	which	will	influence	
the electronic landscape in these channels.

9.4 Conclusions 
The facets provided to the SiGe shell can be tuned by controlling the GaP-GaP core-shell 
growth. Although the GaP core mainly has {10-10} facets, the GaP VS shell growth can 
produce a mix of {10-10} facets and {11-20} facets. This can be associated with the 
energy densities of the two facets being very close.The formation of both facets is thus 
most favorable to minimize the surface area. Avoiding the formation of {11-20} facets 
hence can be achieved by reducing the amount of GaP overgrowth.
In contradiction no {11-20} facets originate in the Si rich shells and for most Si rich 
shells the width of the {11-20} facet is reduced after overgrowth. Tuning the overgrowth 
of the Si shell however seems less reliable to control the facets provided to the SiGe 
growth.
 Spikey protrusions from GaP into the Si shell are observed at the corners 
between {10-10} facets as well as along the whole {11-20} facets. The spiking and 
associated contamination of the Si shell can be prevented by the use of a Si rich SiGe 
shell instead of a pure Si shell in the base.
	 The	 structure	of	 the	alloy	SiGe	 shell	 is	 influenced	by	 the	 facets	provided	by	
the GaP-GaP-Si or GaP-GaP-SiGe base. If only a base with {10-10} facets is present 
SiGe	shells	with	~30%	Ge	content	show	so	called	‘spokes’:	stripes	of	different	alloying	
concentration on the line of the corner between the {10-10} facets during growth. 
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Their concentration goes from Ge enriched close to the base to Ge poor further towards 
the edge, In case {11-20} facets are present on the base a triangular Ge enriched area is 
found	in	the	~30%	Ge	SiGe	shell,	that	we	associate	with	the	disappearance	of	the	{11-20}	
facet during SiGe shell growth. The alloy structures in the SiGe shell can be explained by 
thermodynamically driven diffusion, where an anisotropic material supply from the gas 
phase to the diffusion layer has to be assumed to explain the Ge depletion in the larger part 
of the ‘spokes’.
 An increase in Ge concentration leads to a switch from Ge poor to Ge rich spokes 
and at higher Ge concentrations the triangular Ge enriched areas are no longer observed. 
Rather, the {11-20} facet is not reduced in size during overgrowth and the Ge enriched 
area stays intact. This indicates that the advantage in supply from the gas phase to the 
diffusion layer for the corners between {10-10} facets becomes less. Furthermore at 
higher concentrations several scenarios are possible suggesting either the material supply 
favors the {10-10} facets and corners strongly over the {11-20} facets, or the faceting is 
influenced	by	kinetics,	or	both.	
 

9.5 Suggestions for further work
Which facets are provided to the SiGe shell is determined mainly by the GaP growth. 
Therefore it is interesting to expand the control over that part of the growth. As was 
demonstrated in this chapter an epitaxial overgrowth of Si on GaP is already possible at 
very limited GaP overgrowth. The surface termination of the GaP core is a likely source 
for the hindered overgrowth.  Possibly different means than a GaP overgrowth, e.g. 
a	 temperature	pulse,	a	 flash	or	a	PH3 pulse could be enough to remove the unfavorable 
termination. Exploring these options to see if a base with only {10-10} facets can be formed 
would be interesting.
 Avoiding the formation of {11-20} facets on the GaP shell reduces the variation in 
alloying in the SiGe shell, the contamination of the Si rich base shell and the chance of an 
irregular base shape. On the other hand, the triangular alloying structure on the {11-20} 
facet can also be exploited. Structures similar to the Ge rich prisms have been used as 
quantum wires [34]–[36]. However, as these prisms lie directly next to the base, strain is 
most likely introduced and contaminations in the base should be prevented. 

Similar to the prims, a control of the formation of the spokes is desirable to produce 
the electronic structure that is wanted. Possibly the Ge rich spokes can function as quantum 
wells, while the Si rich spokes can function as barriers. On the other hand a homogeneous 
shell free from wells and barriers can be required. Although the spokes go from Ge poor 
to	Ge	enriched	between	30%	and	45%	Ge,	finding	the	point	in	which	the	spokes	match	the	
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shells content and thus vanish will be delicate if not impossible. Although tuning the 
reaction such that the mobility of Si and Ge match is hard, increasing the temperature 
could possibly lead to mobilities that are so high that the difference in Si and Ge 
mobility	is	not	that	significant.	Other	ways	to	equalize	these	mobilities	or	decrease	the	
stickiness of the surface and/or corners could perhaps form a solution as well. Finally if 
the formation of facets and thus mass transport is inhibited, while being in the isotropic 
supply regime this would also inhibit the competition between the diffusing Si and Ge 
species. This could possibly be realized by surface passivation or a strong increase in 
growth rate. Although homogeneous, this would result in a round(ed) structure.
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