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Summary

Nowadays polymer glasses are more and more used in load-bearing applications.
Understanding and predicting their mechanical performance in a variety of conditions
is of utmost importance, since real-time experiments, for example long-term loading
or testing of actual products, are often highly impractical. Next to that, relating the
performance to molecular architecture aids the design of new materials with improved
or tailored mechanical properties. This PhD thesis is composed of five chapters related to
the influence of physical ageing and molecular structure on the mechanical performance
of polymer glasses, in both short-term and long-term loading conditions. Besides
experiments, a dedicated constitutive model in combination with Finite Element (FE)
simulations is employed to predict the mechanical performance. Three commercially
available polysulfones are used as model systems, and were appropriate results are
compared to literature on other glassy polymers, enabling identification of structure-
property relations.

The first chapter deals with the constitutive modelling of glassy polymers, focusing on
two important aspects of polymer intrinsic deformation behaviour: strain hardening and
the Bauschinger effect. A recently proposed extension of the Eindhoven Glassy Polymer
model was successfully applied to the three systems considered. Model parameters are
obtained uniquely by following a number of characterization steps, and are derived from
the intrinsic deformation response measured in a series of uni-axial compression tests,
as well as in tensile tests on mechanically rejuvenated samples. It appeared that for all
materials an equal distribution of elastic and viscous hardening was necessary to predict
the Bauschinger effect. As for the elastic contribution, the viscous contribution appears
to increase with an increase in entanglement network density. Next to that, it enables an
accurate description of the rate- and temperature-dependent strain hardening response.

A correlation between deformation kinetics and molecular architecture is treated in the
second chapter. The deformation kinetics play an importantrole in many aspects of the
mechanical behaviour and can be described accurately with Eyrings activated flow theory.
A correlation between the Eyring activation volume and chain dimensions, reflected in the
packing length, is established. Experimental data from literature is collected and where
necessary complemented with experiments. It is observed that with an increase in packing
length the activation volume decreases, i.e. a stronger dependence of the yield stress on
strain rate. The packing length can be related to the chain thickness, and bulkier polymers
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display high values of the packing length, display low activation volumes. This leads to
a remarkable inverse relation between the specific volume ofthe chain and the Eyring
activation volume.

Having established some important features of polymer deformation behaviour, the third
chapter is concerned with predicting the short term performance, more specifically
ageing-induced embrittlement. Upon physical ageing the yield stress of a polymer glass
increases, as does strain softening, making it more prone tolocalize strain which may
ultimately lead to brittle failure. A previously developedhybrid experimental-numerical
method is used, where the evolution of yield stress of unnotched tensile bars upon ageing
is coupled to the evolution of embrittlement of notched tensile bars. Combining the
constitutive model with a critical hydrostatic stress criterion, the time-to-embrittlement
of notched tensile bars with a different notch geometry is predicted and appears to be
in good agreement with the experimentally determined value. The value of the critical
hydrostatic stress is observed to correlate well with the polymers entanglement density:
polymers with a denser entangled network display higher values, i.e. a higher resistance
against incipient cavitation.

Next to the short-term performance under impact conditions, also the long-term perform-
ance under prolonged static or cyclic loading conditions isinvestigated. Again, physical
ageing plays a dominant role and to obtain accurate predictions of failure in the plasticity-
controlled failure regime the effect of progressive ageinghas to be considered. First, the
ageing kinetics, as influenced by temperature and stress history, are extensively studied
experimentally. As does an elevated temperature, the application of a stress (below the
yield stress) activates the ageing process, and as a result the yield stress will evolve in time.
This evolution is captured in the model with a simple description for the state parameter,
which describes the thermodynamic state of the material andis thus directly linked to the
yield stress. With the ageing kinetics included in the model, an accurate prediction of the
failure time for cyclic loading conditions is obtained. Forstatic loading conditions, the
effect of physical ageing is overestimated and it appears that there are marked differences
in accelerated ageing under a cyclic or static load.

The last chapter is aimed at predicting, by combining methods and results from the first
chapters, the failure of complex polymer products: a T-shaped fitting and pipes, used
in pressurized water applications. Using the model in combination with Finite Element
simulations, an attempt is made to predict strain localization and incipient (catastrophic)
failure. It appears that the model is capable of predicting the localization of strain.
Different failure criteria to predict catastrophic failure are discussed. For the pipes model
predictions are compared to long-term experimental data, and it appears that moisture
uptake during the experiment influences the mechanical performance, and should thus be
taken into account. For the T-fittings, it appears that processing and heat treatments have
a dramatic influence on part failure.



Samenvatting

Polymeren worden tegenwoordig steeds vaker gebruikt in toepassingen waar zij voortdurend
worden belast. Het begrijpen en kunnen voorspellen van de mechanische eigenschappen
is uiterst belangrijk, omdat echte experimenten, zoals bijvoorbeeld lange-duur proeven op
producten, vaak zeer onpraktisch en kostbaar zijn. Daarnaast is het kunnen relateren van
prestatie aan moleculaire structuur van belang voor het ontwikkelen van materialen met
verbeterde of specifieke eigenschappen. Dit proefschrift,bestaande uit vijf hoofdstukken,
richt zich op de invloed van fysieke veroudering en moleculaire structuur op de mech-
anische eigenschappen van glasachtige polymeren, zowel korte- als lange-duur gedrag.
Naast experimenten wordt een constitutief model gebruikt in combinatie met Eindige
Elementen simulaties om zo de prestaties te kunnen voorspellen. Drie commercieel
verkrijgbare polysulfonen worden gebruikt als model systemen en waar van toepassing
worden resultaten vergeleken met de literatuur, om zo structuur-eigenschappen relaties te
kunnen identificeren.

Het eerste hoofdstuk heeft als onderwerp de constitutieve modellering van glasachtige
polymeren en focust op twee belangrijke aspecten van het intrinsieke deformatiegedrag:
rekversteviging en het Bauschinger effect. Een recente uitbreiding van het Eindhoven
Glassy Polymer model is succesvol toegepast op de drie polymeren. Model parameters
zijn uniek bepaald op basis van het intrinsieke deformatie gedrag, gemeten in uniaxiale
drukproeven, alsook trekproeven op mechanisch verjongde trekstaven. Het blijkt dat
voor alle onderzochte materialen een gelijke verhouding van elastische en viskeuze
rekversteviging nodig is om het Bauschinger effect, alsmede de invloed van reksnelheid
en temperatuur, te kunnen voorspellen. De viskeuze contributie, net als de elastische,
blijkt toe te nemen met een toename in netwerk dichtheid.

Een relatie tussen de deformatie kinetiek en moleculaire structuur is onderwerp van
het derde hoofdstuk. Deformatie kinetiek speelt een belangrijke rol in vele aspecten
van het mechanische gedrag van polymeren en kan accuraat worden beschreven met
theorie van Eyring. Een correlatie is gevonden tussen het Eyring activeringsvolume
en ketenafmetingen, beschreven door de zogenoemde ‘packing length’. Experimentele
data uit literatuur is verzameld en waar nodig aangevuld metextra experimenten. Met
een toename van de packing length neemt het activeringsvolume af, wat een sterkere
reksnelheidsafhankelijkheid van de vloeispanning betekent. Het blijkt daarnaast dat de
packing length kan worden gerelateerd aan het dwarsoppervlakte van de keten, immers

xi



xii Samenvatting

polymeren met grote zijgroepen grote waardes voor de packing length hebben. Deze
polymeren hebben echter kleine activeringsvolumes, wat leidt tot een verrassende inverse
relatie tussen het specifiek volume van de keten en het Eyringactiveringsvolume.

Na het vaststellen van enkele belangrijke aspecten van het deformatiegedrag van polymeren,
beschrijft het vierde hoofdstuk het voorspellen van korte-duur prestaties, meer specifiek
door veroudering geı̈nduceerde verbrossing. Door veroudering neemt de vloeispanning
van een polymeer toe in de tijd en daarmee ‘strain softening’. Dit maakt een poly-
meer gevoelig voor reklokalisatie wat uiteindelijke in bros falen kan resulteren. Om
dit te kunnen voorspellen is een voorheen ontwikkelde methode gebruikt, waarin de
vloeispanningstoename met veroudering van normale trekstaven wordt gekoppeld aan
de verbrossing van gekerfde trekstaven. Met de combinatie van het constitutieve model
en een kritische hydrostatische spanning als faalcriterium, is het mogelijk om de tijd
tot verbrossing van gekerfde staven met een andere kerfgeometrie te voorspellen en dit
blijkt in goede overeenstemming te zijn met experimentele resultaten. De waarde van de
kritische spanning blijkt gecorreleerd met netwerkdichtheid; polymeren met een hogere
netwerkdichtheid hebben een hogere kritische spanning en zijn daarmee beter bestand
tegen cavitatie.

Naast de korte-duur prestaties zijn ook de lange-duur prestaties tijdens statische en
cyclische belastingen onderzocht. Opnieuw speelt veroudering een dominante rol
hierin en voor accurate voorspellingen van het plasticiteits-gecontroleerd faalmechanisme
moet het effect van progressieve veroudering worden meegenomen. Allereerst is de
verouderingskinetiek en de invloed van temperatuur en spanningsgeschiedenis hierop
uitgebreid bestudeerd in experimenten. Net zo als met temperatuur, zorgt een spanning
voor een acceleratie van het verouderingsproces en een toename van de vloeispanning
in de tijd. De toename van de vloeispanning wordt in het modelbeschreven met een
simpele vergelijking voor de zogenoemde ‘state parameter’. Met de verouderingskinetiek
beschreven in het model kan een accurate voorspelling worden gedaan voor het falen on-
der cyclische belastingen. Voor statische belastingen blijkt dat het effect van veroudering
wordt overschat; het blijkt dat er verschillen zitten in hetverouderen onder statische of
dynamische belasting.

Het laatste hoofdstuk is gericht op het voorspellen van falen van kunststof produc-
ten met complexe geometrie, gebruik makende van resultatenbehaald in de eerdere
hoofdstukken. De gebruikte producten zijn een T-stuk en buizen, beiden gebruikt in
warm water toepassingen. In combinatie met Eindige Elementen methoden wordt het
constitutieve model gebruikt om een poging te doen tot voorspellen van reklokalisatie en
daaropvolgend falen. Het blijkt dat het model de reklokalisatie accuraat kan voorspellen
en verschillende faalcriteria worden behandeld. Voor de buizen blijkt het dat vochtopname
tijdens de experimenten een sterke invloed heeft op de mechanische prestatie en voor
accurate voorspellingen moet dit effect worden meegenomen. Voor de T-stukken blijkt
dat spuitgietcondities en warmte behandeling een dramatische invloed hebben op de
prestaties.



Chapter 1

Introduction

1.1 Motivation

Polymers are used in a variety of applications, mainly because of their versatility, easy
processing and low weight, yet possessing a high specific strength and stiffness. The
demands on mechanical properties may be relatively low in case of more simple products
such as utensils or water bottles. However, for many structural engineering applications
the demands on mechanical strength, resilience etc. can be stringent. An example of a
more demanding application, using high-performance polymers, is the Solar Impulse 2 air
plane, which finished a flight around the world in 2016. Powered solely by solar energy,
it has a wingspan of 72 meters and yet it weighs only 2300 kilos[1] benefiting from to
the many polymers used, ranging from carbon fiber reinforcedcomposites to structural
foams for insulation [2]. A second example in the aerospace industry are the Boeing
787 Dreamliner and the Airbus A350XWB, both consisting over50% out of advanced
polymers, contributing to improved fuel efficiency and lower maintenance costs [3, 4].
Other demanding applications are found in the use of polymers in the medical and dental
environment, like for example implants for skeletal fixation [5] or restorative composites
[6]. It is evident that, for safe use of polymers in the afore mentioned applications, the
ability to understand and predict the mechanical performance is of critical importance.

Polymers that are being used in structural engineering applications, like those mentioned
above, usually have a desired service life time in the order of decades. However, the
service life of such components is generally limited by the polymer’s time-dependent
behavior, which will ultimately lead to catastrophic failure under any load [7–9].
Understanding when and how failure will occur is therefore of utmost importance. It
is evident that performing real-time experiments, on the actual component, or over the
entire service life time or a combination of both is often highly impractical and costly.
Consequently, experimental as well as numerical methods are necessary that predict this
performance based on a few short-term tests only. An additional advantage is that such
methods may aid and speed up the process of designing new materials with tailored

1



2 Introduction

properties. As an example, the current time span for development, testing and certification
of new materials to be used in aerospace may take as long as 10 to 20 years [4,10], where
the main time-consuming steps are mechanical property testing and processing trials [10].

Polymers are different from other construction materials like ceramics and metals,
because of their macromolecular nature: the covalently bonded, long chain structure
makes them macromolecules [11]. This macromolecular structure determines, via the
weight averaged molecular weight, their processability, and via the number averaged
molecular weight the mechanical strength. A high molecularweight is beneficial for
properties like strain-to-break, impact resistance, wear, etc. but has a negative effect on
the processability. Next to molecular weight, the molecular architecture of the monomer
or repeat unit has a major influence on properties: because ofthe chain-like nature, the
long chains entangle and form a network. The molecular architecture dictates the severity
of entanglement, which has a tremendous influence on properties both in the molten state
and solid state.

Establishing a direct relation between molecular characteristics and macroscopic mech-
anical properties of polymeric materials was subject of a vast number of academic and
industrial research studies in the past, see for example [12–17]. Despite all attempts, no
real universally applicable success was reported, and it was only after the introduction of
the concept of the polymers intrinsic deformation behaviorthat some remarkable progress
could be recognized. The intrinsic behavior is the mechanical response measured in a
completely homogeneous deformation field and proper knowledge of it is an essential
intermediate step in going from structure to (the prediction of) mechanical properties
[18]. True predictive capabilities should, however, be based on direct knowledge of
the polymers molecular architecture and therefore it wouldbe desirable to understand
how local chemical modifications influence macroscopic mechanical performance. This
can be achieved by taking the intrinsic deformation response as an intermediate step,
see Figure 1.1. Another approach to achieve this is the use ofspectroscopic techniques
and/or molecular modelling, i.e. more of a bottom up approach. Although these methods
yield interesting insights in polymer deformation behavior, direct and absolute, ab-initio,
predictions of macroscopic performance using molecular simulations are still impossible,
given the existing problems with length- and time-scales.

Figure 1.1: From molecular structure to mechanical performance via theintrinsic deformation
response.

This thesis aims at systematically investigating the effects of molecular architecture
and ageing kinetics on the mechanical performance in short-and long-term loading
conditions, using a top-down approach as presented in Figure 1.1. An understanding of
the intrinsic response is of key importance here, and enables a link between structure and



Intrinsic deformation 3

(intrinsic) mechanical properties on one hand, and provides a link between mechanical
properties and macroscopic performance on the other. Important tool in such a framework
is the constitutive model used to quantify mechanical properties and performance. In
this thesis an extended version of the Eindhoven Glassy Polymer (EGP) model is used,
developed in the Polymer Technology group over the past decades, and has been shown
to accurately describe and predict mechanical performance.

1.2 Intrinsic deformation

The intrinsic mechanical response can be measured using video-controlled tensile tests
[19] or uni-axial compression tests [20,21]. As an example,Figure 1.2 shows the intrinsic
response of polycarbonate (PC), measured in a uni-axial compression test. Four typical
features can be distinguished: a visco-elastic response upto yield, followed by strain
softening, which is a decrease in true stress with increasing strain, and strain hardening,
the upswing in stress again at large strains.
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Figure 1.2: Intrinsic stress-strain response of PC, measured in a uni-axial compression tests. The
several features of the response are indicated in the figure.

The deformation behaviour of polymers, and thus also the intrinsic response, depends
strongly on time and temperature. The influence of time is twofold, the first being the
typical strain rate dependence of the mechanical properties, and second the influence of
the age of the material; the latter to be is discussed in the next section. The influence
of strain rate on the intrinsic stress-strain response of PCis shown in Figure 1.3a. With
an increase in strain rate, the yield stress, as well as the post-yield response, increases
to higher stress levels. Furthermore, the strain hardeningresponse shows a strain rate
dependence as well [22–24]. Next to strain rate, temperature also has a profound influence
on the mechanical properties. Figure 1.3b shows the influence of temperature on the
intrinisc stress-strain response of PC. With an increase intemperature, a decrease of the
yield stress is observed. Next to that, the post-yield response shifts to lower stress levels
with increasing temperature. Similar to strain rate, temperature furthermore influences
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the strain hardening response, resulting in a drop in hardening modulus with increasing
temperature [21,22,24,25].
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Figure 1.3: Influence of (a) strain rate and (b) temperature on the intrinsic deformation of PC,
experimental data (markers) taken from [26] and [25] respectively. Solid lines are
EGP model simulations, parameters for PC taken from [24].

The EGP model is used in this thesis, which in its latest form can be found in [27]
and [24]. The mechanical analogue of the model is a series of Maxwell type spring-
dashpots, representing the intermolecular interactions,linked in parallel to a single spring,
representing the reversible character of the entangled molecular network. The specific
features of the deformation of a polymer glass are obtained by defining the viscosity
of the dashpot in the Maxwell element. To capture the experimentally observed rate
dependence, an Eyring type of shift is added to thee viscosity function. To capture the
temperature dependence, an Arrhenius type of shift is addedto the zero-viscosityη0. The
expression for the viscosity function then becomes:

η(τ̄ , T ) = η0(T ) τ̄/τ0(T )
sinh (τ̄/τ0(T )) . (1.1)

The characteristic shear stressτ0 can be regarded as a measure for the rate dependence of
the stress, and is given by:

τ0 = kBT

V
, (1.2)

with V the activation volume. To account for rate- and temperature-dependent strain
hardening, the initial viscosityη0(T ) is made a function of deformation, and enables an
accurate description of the strain hardening response [24], see also Figure 1.3.
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1.3 Physical ageing

Typically, glassy polymers, and glasses in general, are notin thermodynamic equilibrium
at temperatures below their glass transition, and will, in time, strive towards this
equilibrium: a process called physical ageing [28, 29]. Figure 1.4 gives a schematic
representation of the ageing process, showing the specific volume of a glass as a function
of temperature. Qualitatively, the ageing process can be explained by considering the
mobility of the polymer chains: upon cooling from the melt, where the glass is in
equilibrium, the mobility of the polymer chains decreases with decreasing temperature,
effectively increasing the time required to reach equilibrium. At some point the mobility
is that low, or equivalently, the time to reach equilibrium becomes that large, that the
chains can be regarded as frozen in, a point called the glass transition temperature. In
the glassy state, upon further cooling, the equilibrium line is no longer followed and the
glass is in a non-equilibrium state. Although the mobility of the chains is very low, it is
not zero, and by small changes in chain conformations in timethe glass will slowly move
towards equilibrium, i.e. physical ageing.
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Figure 1.4: Schematic of the physical ageing process: volume as a function of temperature.

The small changes in chain conformation increase the local interactions, leading to a
higher resistance against plastic flow and therefore macroscopically a higher yield stress.
From a physical point of view, physical ageing is regarded asthermally activated hopping
of particles through an energy landscape in the multidimensional configuration space,
progressively visiting deeper energy minima in time [30–33]. This energy landscape is
formed by the potential energies of the particles in the system, and different arrangements
of these particles correspond to different levels of total potential energy [30, 34]. For
an aged system, which is in a deep energy minimum, more energyis required to get it
out than for a less aged system; the higher amount of energy necessary implies that the
activation barriers to plastic deformation are higher for the more aged system, leading to
a higher modulus and yield stress.

It is well known that the mechanical properties of polymers are affected by physical
ageing. As already mentioned, the ageing process results inan increase of the yield stress,
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and therefore strain softening will increase as well. This is schematically shown in Figure
1.5a. At some strain level after strain softening the two curves coincide again in the large
strain regime, suggesting that strain hardening is unaffected by physical ageing [35, 36],
and might represent a so-called rejuvenated state [18, 28, 37]. Apparently, the influence
of prior thermal history is erased by plastic deformation. Note that it is debated whether
the application of large stresses (or deformation) only leads to structural changes in a
glass, or truly rejuvenates the material to a so-called unaged state [38, 39]. The effect
of mechanical rejuvenation is temporary: in time physical ageing will again lead to an
increase in yield stress and the associated strain softening.
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Figure 1.5: (a) Representation of the effect of the state parameterSa on the intrinsic stress-
strain response. (b) Effect of the state parameterSa and softening functionRγ(γ̄p)
on yield kinetics.

In the EGP model, the effect of physical ageing is captured bya state-parameterSa [40],
that defines the thermodynamic state of the glass. To take mechanical rejuvenation or
strain softening into account it is multiplicatively coupled to a so-called softening function
Rγ, that is a function of equivalent plastic strainγ̄p. The expression for the viscosity is
extended and becomes:

η(τ̄ , T,Sa, γ̄p) = η0(T ) τ̄/τ0(T )
sinh (τ̄/τ0(T )) exp (SaRγ(γ̄p)) . (1.3)

The effect of both the state parameter and softening function on the intrinsic response, as
well as on the strain rate dependence, are indicated with thearrows in Figure 1.5. With an
increase in the state parameterSa the yield stress will increase. Effectively, this results in
a shift of the deformation kinetics over the strain rate axistowards lower strain rates. The
softening functionRγ(γ̄p) in turn, will shift the kinetics back to higher strain rates,to the
“unaged” reference state, indicated with the dashed-dotted line. The shift towards lower
strain rates upon an increase inSa will result in an increase in yield stress with∆σy at a
single strain rate, as typically observed in an actual experiment.
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1.4 Molecular architecture

The two main aspects of the mechanical behavior of polymers essential for an accurate
prediction of the mechanical performance are the deformation kinetics and the ageing kin-
etics, as discussed previously. True predictive capabilities should, as already mentioned,
preferably be based on knowledge of the polymers molecular architecture. Although all
glassy polymers display the distinct features of the intrinsic stress-strain response, there
are marked differences in the magnitude of these features for different systems. As an
example, the intrinsic stress-strain response of four glassy polymers is shown in Figure
1.6. The glassy systems shown are polyetherimide (PEI), polyphenylsulfone (PPSU), PC
and PS. Indeed, all show the four distinct features of the intrinsic response, but there are
large differences, most pronounced in the strain softeningand hardening regime.

Figure 1.6: Intrinsic stress-strain response of several glassy polymers.

Rather than taking randomly several glassy polymers to study the influence of molecular
architecture, it is advantageous to take (model) systems that have similarities in backbone
architecture. This enables a more accurate investigation of the molecular features
responsible for the macroscopic (mechanical) behaviour. An example of such a model
system are the polyestercarbonates used by Liu and Yee [41,42] who synthesized different
co-polymers by introduction of cyclohexylene groups in thebackbone of Bisphenol
A polycarbonate, see Figure 1.7. Although the study was limited, focussing on the
effect of chain mobility on embrittlement, it showed that such systems can be used to
systematically study the influence of molecular architecture on mechanical properties. A
downside of these kind of materials is that they are usually tailor made and therefore
require specific knowledge, they are expensive, and they areusually only available in
small quantities. Whereas this is sufficient to study for example thermal properties, or
perform even a few tensile or compression tests; much more material is required to be
able to thoroughly assess the ageing, deformation and failure kinetics. Consequently,
it was decided to use a commercially available system in the research discussed in this
thesis.
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Figure 1.7: Polyestercarbonate used by Liu and Yee [41,42].

An interesting model system, commercially available, is the group of polyarylethersulf-
ones or polysulfones. These polymers are characterized by the presence of a para-linked
diphenylenesulfone group in their repeat unit:

combined with different bisphenols. Commercial synthesisis usually done via nucleo-
philic substitution poly-condensation, discovered at Union Carbide in the 1960s [43, 44].
The synthesis in general consists of the reaction of 4,4-dichlorodiphenylsulfone with
a bisphenol of choice in the presence of an alkali base, in a dipolar aprotic solvent
[43]. Some examples of bisphenols that can be used can be found in [45]. The
resulting polymers generally display high glass transition temperatures, good mechanical
properties, excellent thermal and oxidative stability, and high chemical resistance [46].
Within the group of polysulfones there are three polymers readily commercially available:
polysulfone (PSU), polyphenylsulfone (PPSU) and polyethersulfone (PESU), shown in
Table 1.1.

Table 1.1: The three commercially available polysulfones used in thisthesis. Tg values taken
from [45].

polymer abbreviation repeat unit Tg [○C]

polysulfone PSU 185

polyphenylsulfone PPSU 220

polyethersulfone PESU 220

Examples of typical applications of these polysulfones aremedical and dental devices,
membranes, fittings and manifolds, and aircraft interiors [46].
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1.5 Outline of this thesis

This thesis consists of 5 chapters, together aimed at systematically investigating the effects
of molecular architecture and ageing kinetics on the mechanical performance in short- and
long-term loading conditions. To work is intended to contribute to the ultimate goal of
predicting mechanical properties and performance directly from molecular structure. This
requires a thorough understanding of a materials intrinsicdeformation response and how
it is affected by molecular structure, as well as a dedicatedconstitutive model aimed at
describing and predicting macroscopic mechanical properties. The EGP model is used
for that purpose and the most recent version of the model was extended by van Breemen
et al. [27] and Senden et al. [24]. In this thesis the EGP modelis used as presented in
their work, and to capture progressive physical ageing, it was extended with an equation
describing the evolution of the state parameter in time, which was taken from the work of
Klompen et al. [40].

Chapters 2 and 3 are devoted to the relation between structure and intrinsic properties.
More specifically they deal with the modelling of the intrinsic response, with emphasis
on rate- and temperature dependent strain hardening response, and correlation of certain
model parameters with molecular structure. Chapters 4, 5 and 6 focus on the relation
between the intrinsic response and mechanical performance, where an attempt is made
to predict the performance of the used polysulfones under impact conditions (short-term
failure) and prolonged loading conditions (long-term failure), as well as predictions of
failure of actual products.

Chapter 2 focuses on the modelling of the strain hardening response, using a recent
version of the EGP model able to take into account viscous strain hardening. The
influence of entanglement density on the elastic and viscouscontributions is investigated,
as well as the temperature dependence of the Bauschinger effect. Chapter 3 investigates
the correlation between the Eyring activation volume, a parameter that captures the strain
rate dependence of polymers, and molecular architecture, reflected in the packing length.
Chapter 4 is concerned with the prediction of ageing-induced embrittlement: using a
critical hydrostatic stress criterion, which appears to correlate well with entanglement
density, the embrittlement of notched tensile bars is predicted. Chapter 5 investigates
the effect of progressive physical ageing on plasticity controlled failure. Predictions are
made for both static and cyclic loading conditions.Chapter 6 focuses on predicting the
performance of two products: polysulfone pipes and fittings. Different failure criteria are
discussed to predict the burst pressure of these products. Last,Chapter 7 summarizes the
main conclusions and gives recommendations for future work.





Chapter 2

Strain hardening in glassy polymers:
influence of network density on elastic
and viscous contributions

Abstract: In this study the rate- and temperature-dependent strain hardening and
the Bauschinger effect is studied for three glassy polymers. It appeared that for
all materials an equal distribution of elastic and viscous hardening was necessary
to accurately predict the Bauschinger effect, as well as therate- and temperature-
dependent strain hardening response. As for the elastic contribution, the viscous
contribution appears to increase with an increase in entanglement network density.
Investigating the effect of temperature on the Bauschingereffect revealed that at
elevated temperatures the model predictions are not accurately enough. It is shown
that this is caused by the magnitude of the elastic hardeningcontribution; to improve
the predictions a temperature dependent elastic contribution is necessary.

Reproduced from: C.C.W.J. Clarijs & L.E. Govaert, submitted to J. Pol. Sci. Part B: Pol. Phys., 2019
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2.1 Introduction

The use of computational methods has become a standard tool in predicting polymer
material behavior. These methods are getting more and more advanced, attempting to
connect the different length scales involved, like for example multi-level finite element
methods [47] or molecular simulations [48]. Furthermore, advances are made on the level
of constitutive macroscopic models that aim at describing polymer material behavior on
a macroscopic scale. An important feature of polymer deformation and failure is the
relation between (plastic) strain localization and the intrinsic material response, which
should therefore be captured accurately. [18, 49–52]. Several research groups have been
working on the development of such constitutive models; examples are the BPA model
[53–55], the Oxford Glass Rubber (OGR) model [56–58] and theEindhoven Glassy
Polymer (EGP) model [24,27,40,59].

In recent years the progress in constitutive modelling has mainly focused on the strain
hardening response, i.e. the typical upswing in stress at large strain. Following the
suggestion of Haward and Thackray [60], the strain hardening response was initially
modelled with rubber-elastic models. They hypothesized strain hardening as an entropy-
elastic contribution of the entanglement network, motivated by the observation that the
plastic deformation of a polymer glass can be fully recovered by heating above the glass
transition [61–64]. Several research groups built on this idea; examples of entropic
hardening descriptions used are the 3-chain and 8-chain models used in the BPA model
[65, 66], the full chain model used by Wu and van der Giessen [55], the Edwards-Vilgis
model in the OGR model [56,67], and the neo-Hookean description employed in the EGP
model [51].

Although all these models are capable of quantitatively capturing strain localization
and failure, there are many arguments against a pure entropic description of strain
hardening: first, the strain hardening modulus is orders of magnitude larger than
the one calculated from the network density [21, 68–70]. Second, strain hardening
decreases with increasing temperature, whereas an entropic description predicts an
increase [21, 22, 25, 71]. Furthermore, the strain hardening response is affected by strain
rate [22, 23] and pressure [72, 73], which are both not accounted for in rubber elastic
models. Last, the rubber elastic models fail to capture the Bauschinger effect, which is
the asymmetry in tensile and compressive stress in orientedmaterials (named after Johann
Bauschinger [74]) [22,23,75–77]. Therefore, recent improvements of the strain hardening
models were sought in a, more appropriate, combination of elastic and viscous processes.
The underlying physics of a viscous contribution are soughtin a deformation-induced
orientation of polymer chains and modifications in chain packing [78–80].

A promising route to add a viscous hardening contribution toa macroscopic constitutive
model appeared to be the introduction of a deformation dependent flow stress, as first
proposed by Wendtland et al. [23, 81]. Experimental data wassuccessfully captured
by introducing a deformation dependence of the activation volume in the Eyring flow
term. Senden et al. [24] also demonstrated that the rate- andtemperature-dependent strain
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hardening of polycarbonate (PC) could be described by adding a deformation dependence
to their Eyring flow term, however doing so for the initial viscosity and activation energy,
and using a constant activation volume. Additionally, thisenabled an accurate description
of the Bauschinger effect. It should be noted that an elasticcomponent in the strain
hardening description is still necessary to correctly describe the experimentally observed
Bauschinger effect [24]. This was already pointed out by Botto et al. [82], who showed,
based on shrinkage stress and yield stress measurements on oriented PMMA, that the
Bauschinger effect is related to a frozen-in network stress. Furthermore, the full recovery
of plastic deformation by heating above the glass transition [61–64] is a strong argument
for the existence of an elastic contribution.

Clearly a combination of elastic and viscous hardening strongly improves the description
of the large-strain material behaviour. However, it is not easy to measure and quantify
both contributions separately and independently. Since, in general, an increase in
entanglement density leads to an increase in the total hardening response [21] an
intuitive decision would be to link the hardening modulus ofthe elastic contribution to
the entanglement density using Gaussian network theory:Gr = NekBT , with Ne the
entanglement network density,kB Boltzmann’s constant andT the absolute temperature,
and the remainder can be accounted for by a viscous contribution. However, Senden et
al. [76] found for PC that a quantitative description of the Bauschinger effect required an
equal distribution of elastic and viscous hardening, yielding an elastic hardening modulus
Gr = 7 MPa for PC [24]. In contrast, the plateau modulus of PCG0

N = 2.7 MPa [83],
which yields a value of≈ 4.5 ⋅ 1026 m−3 for Ne, and consequently a hardening modulus
Gr ≈ 1.8 MPa at room temperature. Similar observations were alreadymade by van
Melick et al. [21], Wendlandt et al. [23], Kramer [69], Tervoort & Govaert [68] and Engels
et al. [25]: calculating the network density from the hardening modulus measured below
the glass transition temperatureTg yields much higher network densities than observed
aboveTg in the melt.

Summarizing, there are clearly two contributions to the strain hardening response of
glassy polymers; a viscous contribution and an elastic one.The latter is generally
modelled using entropic models such as the neo-Hookean or Edwards-Vilgis model, and
it has been shown that increases in network density in general lead to an increase of
strain hardening, see for example [21]. However, the viscous component has not yet
been investigated systematically. Goal of this chapter is to thoroughly investigate how
elastic and viscous hardening contributions depend on molecular structure. A series
of three amorphous polymers is used, having a similar molecular backbone structure:
polyphenylsulfone (PPSU), polysulfone (PSU) and polyethersulfone (PESU). These are
complemented with previously obtained results on PC [24, 76]. The Eindhoven Glassy
Polymer (EGP) model, as presented in [24], is applied to the three glasses, focussing on
the strain hardening response. The Bauschinger effect is employed to separate the elastic
and viscous components. Furthermore, the influence of temperature on the Bauschinger
effect is studied in detail. The obtained results are discussed with respect to the (recent)
literature.
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2.2 The EGP model

Below the governing equations of the EGP model are summarized, and as mentioned in
the introduction, focus will be on the strain hardening response. Therefore, the model is
used in its single-mode form [40]. Additionally a multi-process approach is used [84]
to take two molecular relaxation processes into account, aswell as an extension to
incorporate a viscous contribution to strain hardening [24]. In the model the total Cauchy
stress is split in a hydrostatic component and a deviatoric component:

σ = σh +σd. (2.1)

The hydrostatic part is described by a constant bulk modulusκ and the volume change
ratioJ :

σ
h = κ(J − 1)I. (2.2)

The deviatoric part consists of elasto-viscoplastic driving stress and an elastic hardening
stress. Two processes are assumed to work in parallel: anα-process (related to the
primary glass transition, i.e. main-chain segmental motion) and aβ-process (related to the
secondary glassy transition, i.e. partial main-chain or side-chain motion). These primary
and secondary transitions are often observed in polysulfones [85]. The expression for the
driving stress is:

σ
d = σs,α +σs,β +σr (2.3)

= GαB̃
d

eα
+GβB̃

d

eβ
+ Gr

J
(B̃ ⋅Z)d , (2.4)

with Gx the shear modulus and̃B
d

ex
the deviatoric part of the isochoric, elastic left

Cauchy-Green strain tensor. The subscript x refers to a specific process. The elastic
hardening stress is modelled using the Edwards-Vilgis model for rubber elasticity [24,67],
with a strain hardening modulusGr, total isochoric left Cauchy-Green strain tensorB̃ and
the tensorZ which is given by:

Z = α2
r (1 + ξr) (1 − α2

r)(1 − α2
rtr (B̃))2 tr(B̃ ⋅ (I + ξrB̃)−1)I

+(1 + ξr) (1 − α2
r)

1 −α2
r tr (B̃) ((I + ξrB̃)

−1 − ξr (I + ξrB̃)−1 ⋅ (I + ξrB̃)−1 ⋅ B̃)
+ξr (I + ξrB̃)−1 − α2

r

1 − α2
rtr (B̃)I. (2.5)
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Because of kinematic choices the rate of deformation tensorhas to be specified. This is
achieved with a non-Newtonian flow rule relating the drivingstress to rate of deformation
tensor:

Dpx = σsx

2ηx(T, τ̄x, p, Sx, Ir(B̃)) , (2.6)

with ηx(T, τ̄x, p, Sx, Ir(B̃)) the viscosity. The viscous contribution to the strain hardening
response is obtained by means of a deformation dependent viscosity. In the expression for
the viscosity the activation enthalpy and initial viscosity are made deformation dependent
using invariant functions of the isochoric left Cauchy-Green strain tensor̃B [24]. The
viscosity is described by:

ηx = η0x(Ir(B̃)) τ̄x/τ0x
sinh(τ̄x/τ0x) exp(

∆Hx(Ir(B̃))
RT

) exp(µxp

τ0x
) exp (Sx) , (2.7)

with initial viscosityη0x , characteristic shear stressτx, activation enthalpy∆Hx, universal
gas constantR, absolute temperatureT , pressure dependence parameterµx and state
parameterSx which initial value uniquely defines the thermodynamic state of the material.
In this work, since the focus is on the strain hardening response, all simulations are
performed withSx = 0, effectively neglecting strain softening. The characteristic shear
stressτ0x , the pressurep and the equivalent shear stressτ̄x are given by:

τ0x = kBT

V ∗x
; p = −1

3
tr (σ) ; τ̄x =

√
1

2
σx ∶ σx, (2.8)

in whichkB is Boltzmann constant andV ∗x is the shear equivalent activation volume. The
deformation dependence of the initial viscosity and the activation enthalpy are described
by [24]:

η0α (Ir (B̃)) = η0α exp (−C1,α (Ir (B̃))2) (2.9)

η0β (Ir (B̃)) = η0β exp (−C1,βIr (B̃)) (2.10)

∆Hα (Ir (B̃)) = ∆H0,α +C2,α (Ir (B̃))2 (2.11)

∆Hβ (Ir (B̃)) = ∆H0,β +C2,βIr (B̃) , (2.12)

whereC1,α, C1,β, C2,α, C2,β are constants, effectively determining the magnitude of the
viscous strain hardening component. The invariant function Ir (B̃), also referred to as
equivalent strain [24], is given by:

Ir (B̃) =
√

1

2
B̃

d ∶ B̃d
. (2.13)
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2.3 Experimental and numerical methods

2.3.1 Materials and sample preparation

Materials used are commercially available polysulfone (PSU), polyethersulfone (PESU)
and polyphenylsulfone (PPSU) kindly supplied by Solvay Specialty Polymers (Alphar-
etta, USA), see Table 2.1. Materials are used as received. Extruded rod of PSU and PPSU
was obtained via Solvay Specialty Polymers.

Table 2.1: List of materials used. Data provided by Solvay Specialty Polymers.

material trade name Mw Tg [○C]
PSU Udel® 35900 180
PESU Veradel® 26000 220
PPSU Radel® 29900 220

Axi-symmetric tensile bars were machined from the extrudedrod. These samples were
subjected to a mechanical pretreatment, consisting of large-strain reversed torsion. This
treatment is known as mechanical rejuvenation, and effectively eliminates strain softening
in glassy polymers, leading to homogeneous deformation in auni-axial tensile test [51,
68]. The bars were clamped in a lathe and manually twisted over at least 720○, and
subsequently twisted back over the same angle. To obtain samples with a different pre-
orientation the rejuvenated bars were strained up to a true strain of 0.6 (see Figure 2.1).
After reaching the pre-strain the sample was unloaded to zero force. From the centre of the
tensile bar a compression sample was machined measuring 5x5mm (diameter x height).
For PESU this treatment was not possible to perform; all samples fractured during the
mechanical pre-treatment.

A

B

C

Figure 2.1: Images of PSU tensile bars. (A) Sample before testing. (B) Result after a tensile test
at a rate of10−3 s−1; the sample deforms by necking. (C) Result after a tensile test
on a rejuvenated sample; the sample deforms homogeneously.

For compression tests on as-molded material, plates of one centimeter thick were
compression molded at a temperature of 350 (PSU) to 370 (PPSUand PESU)○C.
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Granules were allowed to melt under atmospheric pressure ina mold covered with
aluminium foil. Subsequently the material was compressed up to 100kN for 2 minutes.
The mold is placed in a cold press at 20○C, applying little pressure, and allowed to cool
down. The skin layers of the plates were removed by a milling operation. Cylindrical
samples measuring 6x6 mm (diameter x height) were machined from the plates on a
turning lathe. To determine the pressure dependency parameter, compression samples of
4x4 mm, as well as small tensile bars, were milled from the centre of another plate to
assure both sample geometries have the exact same thermal history.

2.3.2 Experimental methods

Compression tests at different true strain rates and test temperatures were performed on
a Zwick 1475 tensile tester equipped with a temperature chamber. Friction between
sample and steel plates was reduced by applying PTFE-tape (3M 5480) to the sample
and PTFE-spray (Griffon TF089) to the plates. True strain rate control was used, under
the assumption of incompressibility and true stress and true strain signals were recorded.
Tensile tests on torsion rejuvenated samples were performed on a MTS hydraulic tensile
tester equipped with a temperature chamber at a strain rate of 10−3 s−1, at several
temperatures. True stress and true strains were calculatedassuming incompressibility.

2.3.3 Numerical methods

Finite element simulations are performed using the commercial software package MSC
Marc/Mentat®. The EGP model is implemented in the HYPELA2 user subroutine.
Uni-axial compression and tensile simulations are performed using a single linear,
quadrilateral axi-symmetric element with uni-axial boundary conditions.

2.4 Results

All material parameters of the EGP model can be uniquely determined. To obtain them
several steps have to be performed, of which the results willbe discussed here. For a full
review of the procedures the reader is referred to Klompen etal. [40], van Breemen et
al. [27,84], and Senden et al. [24].

First the pressure dependency parameterµ is determined from a series of compression
and tensile tests on samples with similar thermal histories. The difference between the
tensile and compressive yield stresses is in this case fullyaccountable to the difference in
hydrostatic pressure. Using a pressure-modified Eyring expression [86, 87], the pressure
dependency can be captured accurately. The results can be found in Appendix A. The
obtained values forµ are 0.055, 0.061 and 0.060 for PPSU, PSU and PESU respectively.
These values are comparable in magnitude to values obtainedfor other polymers (for
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an overview, see [88], Table III). The activation volumeV is estimated from the rate-
dependence of the yield stress, and the bulkκ and shear modulusG are derived from the
Young’s modulus, using the Poisson ratio reported in the manufacturers data sheets.

2.4.1 Characterization of the strain hardening response

To obtain the elastic hardening parameters a simulation of atensile test on a mechanically
rejuvenated axi-symmetric tensile bar (in torsion) or a single compression test is used.
The Edwards-Vilgis hardening modulusGr is determined at room temperature at a strain
rate of10−3 s−1. The total initial viscosity is fitted to the (rejuvenated) yield stress. In
Figure 2.2a, b, and c the result of these simulations for the three materials is shown, EGP
model parameters are given in Table 2.2. With the parametersan accurate description of
the large strain response is obtained. Note that for PESU a compression test is used, since
it was not possible to obtain mechanically pre-treated samples.

Table 2.2: EGP parameters for Figure 2.2.

material µ [-] κ [MPa] Gr [MPa] αr [-] V [nm−3] η∗
0

[MPa⋅s] G [MPa]
PSU 0.061 2050 10.5 0.240 5.00 8 ⋅ 1015 570
PESU 0.060 3300 8.0 0.235 4.30 1 ⋅ 1017 400
PPSU 0.055 4290 16.0 0.258 5.42 4 ⋅ 1017 500

2.4.2 Characterizing the viscous contribution to strain hardening

The parameters describing the viscous contribution to strain hardening are determined
following Senden et al. [24]. First the ratio of elastic to viscous hardening is determined.
Senden et al. [76] proposed to employ the Bauschinger effectto isolate both contributions.
A simplified model was used that relies on an additive split ofthe stress into a viscous
flow stress and an elastic hardening stress, where the elastic stress is modelled as a
neo-Hookean spring, and the viscous stress with an Eyring relation. A parameter was
introduced that represents the magnitude of viscous strainhardening relative to the total
strain hardening response. Note that this idea is very similar to the classical approach
of describing the Bauschinger effect in metals, using a combination of kinematic and
isotropic hardening [89]. The response of the model, for an equal distribution of elastic
and viscous hardening, is shown in Figure 2.3, where the dashed line is the elastic
contribution, the dash-dotted line the viscous contribution, and the solid line the total
response. As can be seen, the equal distribution of the hardening stress over the elastic
(dashed line) and viscous (dash-dotted line) contributions is needed to qualitatively
capture experimental results on PC (see Figure 2.3b). Experimental results on PSU and
PPSU are shown in 2.3c and d respectively and, interestingly, similar behavior as found
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Figure 2.2: Stress-strain curves of mechanically rejuvenated tensilebars, measured at room
temperature and at a strain rate of10−3s−1. (a) PSU and (b) PPSU. (c) Compressive
stress-strain curve for PESU. In all figures solid lines are EGP simulations, markers
represent experimental data.

for PC is observed. In the tensile part the stress increases with increasing strain, and
upon reversal of the loading direction a Bauschinger effectis observed, with a yield stress
approximately equal to the initial yield stress of the material and an absence of strain
hardening (in this strain range). For PESU these experiments could not be performed, as
mentioned before, but given the similarity of the molecularbackbone structure, the same
behavior is assumed for PESU.

From these results it is clear that a ratio of approximately fifty-fifty would be required
to correctly capture the Bauschinger effect in both PSU and PPSU, and most likely in
PESU as well. Therefore, the hardening moduli in further reading are taken as one half of
the moduli obtained previously (see Figure 2.2 and Table 2.2). Subsequently the viscous
component can be characterized by isolating the driving stress from the total stress using:

σs(λ) = σ(λ) −
√
3√

3 − µσr(λ) (2.14)
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Figure 2.3: (a) Simulated response using a simplified model for an equal distribution of elastic
and viscous hardening (φ = 0.5), reproduced from [76]. (b) Mechanical response
of PC in cyclic deformation, experimental data taken from [76]. (c)-(d) Mechanical
response of PSU (c) and PPSU (d) in cyclic deformation. The maximum true strain
for both materials in tension is 0.6.

with σ(λ) the total stress andσr(λ) the strain hardening stress. The deformation
dependence of the driving stress, at different strain ratesand temperatures, can than be
described with a modified Eyring expression:

σs(ε̇, T ) = ∑
x=α,β

√
3√

3 − µ kBT

Vx
sinh−1 [√3ε̇η0,x Vx

kBT
exp (∆Hx

RT
)] (2.15)

whereη0,x and∆Hx depend on the deformation. The influence of deformation is assessed
by fitting Equation 2.15 to the stress at certain levels of strain along the compression curve
(see Figure 2.6 for the experimental stress-strain curves). The so obtained driving stresses
are shown in Figure 2.4 (markers) and absolute strain levelsare indicated in the figure.
With increasing strain rate and decreasing temperature thestress levels increase, as well as
with increasing strain level. Similar to PC [24], it appearsthat the slopes remain constant,
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with only a transition from theα-process to theβ-process (witnessed by the change in
slope), indicating that the deformation kinetics are only shifted horizontally over the strain
rate axis. This directly implies that the activation volumes for both processes remains
constant, as suggested by Senden et al. [76]. For each strainlevel the initial viscosityη0,x
and activation enthalpy∆Hx were fitted to the experimental data and the obtained values
are plotted in Figure 2.5 as a function of the equivalent strain Ir(B̃) (see Equation 2.13).
With increasing strain the initial viscosity decreases andactivation enthalpy increases
in agreement with the physical interpretation of viscous strain hardening [39, 79]. The
evolution of both parameters can be described by the same functions as proposed for PC
and implemented in the EGP model by Senden et al. (solid lines, see Equations 2.9-
2.12) [24]. All model parameters can be found in Table 2.3.

Table 2.3: EGP model parameters for all materials.

parameter PPSU PSU PESU
µx [-] 0.055 0.061 0.060
κ [MPa] 4290 2050 3300
Gr [MPa] 8.0 5.3 4.0
αr [-] 0.258 0.240 0.235
Vα [nm3] 5.42 5.00 4.30
Vβ [nm3] 5.15 4.90 4.15
∆H0,α [kJ/mol] 207 190 195
∆H0,β [kJ/mol] 17 80 55
C1,α [-] 27 22 18
C1,β [-] 15 7 17
C2,α [kJ/mol] 86 69 60
C2,β [kJ/mol] 70 46 57
η0α [MPa⋅s] 8.0 ⋅ 10−18 3.0 ⋅ 10−18 1.0 ⋅ 10−16
η0β [MPa⋅s] 3.0 ⋅ 10−5 1.0 ⋅ 10−17 3.0 ⋅ 10−10
Gα [MPa⋅s] 500 570 400
Gβ [MPa⋅s] 200 300 300

2.4.3 Validation

The obtained parameters are validated using simulations ofthe rate- and temperature-
dependent large strain response. The results are shown in Figure 2.6, where simulation
results are compared with experimental data. With the addition of a viscous contribution
the rate- and temperature-dependent strain hardening response is accurately captured by
the EGP model for all polymers considered, over a fairly large rate and temperature range.
The rather sharp transitions at the yield points in the simulations are again caused by the
single-mode description of the EGP model, which yields a linear response up to yield.
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Figure 2.4: Strain rate (left) and temperature (right) dependent driving stress as determined from
uni-axial compression experiments. Solid lines are fits using Equation 2.15, markers
represent experimental data. (a) and (b) PSU, (c) and (d) PESU, (e) and (f) PPSU.

This can be improved by taking a relaxation spectrum into account, which improves the
pre-yield description [27]. Next to that, intrinsic strainsoftening can be captured in the
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Figure 2.5: Evolution of the initial viscosity (left) and activation enthalpy (right) with equivalent
strain. Solid lines are fits using Equations 2.9-2.12. (a) and (b) PSU, (c) and (d)
PESU, (e) and (f) PPSU.

EGP model with a state parameter, a measure for the thermodynamic state of the material
[40], but this is outside the scope of this chapter.
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Figure 2.6: Compressive stress-strain curves of all three materials. Left figures show rate-
dependence measured at room temperature, right figures showthe temperature
dependence measured at10−3 s−1. Solid lines are EGP simulations, markers
represent experimental data.

Next, the performance of the model in describing the Bauschinger effect in PSU and
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PPSU is checked by simulating the response to cyclic deformation. Results are shown
in Figure 2.7 (solid lines) and as can be seen the chosen equaldistribution of elastic and
viscous hardening seems to be appropriate and the EGP model succesfully captures the
observed Bauschinger effect. The small yield peak after reversal of the loading direction
is caused by both the single-mode description and the functional shape of the elastic and
viscous contributions [24].
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Figure 2.7: Cyclic uni-axial deformation of PSU (a) and PPSU (b) at a strain rate of10−3 s−1.
Solid lines represent EGP simulations and markers experimental data.

2.5 Discussion

A viscous contribution to strain hardening clearly improves the model performance,
however, some issues are still unresolved. First, the elastic hardening moduli employed
are still well above the plateau moduli measured in the melt.This is in contradiction
to molecular simulation results that suggest a dominating contribution of the viscous
part and only a very minor contribution of the elastic part [22]. In contrast however,
experimental solid-state NMR results of Wendlandt et al. [90] and neutron scattering
experiments of Casas et al. [91], suggested that an apparentnetwork structure exists in
glassy polymers that yields a modulus comparable to the hardening modulus found below
the glass transition at room temperature. In Figure 2.8a theobtained hardening moduli are
compared to the corresponding plateau moduli measured in the melt for illustration. With
an increase in entanglement density the hardening modulus increases as well. The plateau
moduli are two to three times smaller than the obtained hardening moduli. It should
be noted that the magnitude of the hardening modulus greatlydepends on the model
chosen, i.e. it should not be taken to literally. For example, in the absence of viscous
hardening, a neo-Hookean description yields a strain hardening modulus of 26 MPa [68]
for PC, whereas the Edwards-Vilgis model used here would yield values between 14 and
20 MPa (at room temperature, at a strain rate of10−3 s−1), depending on theαr parameter
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chosen [24]. Since both the total and elastic hardening stress increase with increasing
entanglement density, the viscous contribution should too. This is confirmed by the trend
shown in Figure 2.8b: with an increase in entanglement density the parameters describing
the viscous hardening, i.e.C1,x andC2,x, increase as well.
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Figure 2.8: (a) Hardening moduli obtained by the fitting procedure explained in this paper as a
function of entanglement density. (b) Constants describing the viscous hardening
contribution. Values for PC were taken from [24]. Entanglement densities are
calculated from data reported by Fetters et al. [83], exceptfor PESU where the
entanglement density was obtained from a DMTA experiment. Dashed lines serve
as guide-to-the-eye.

Another unresolved issue, already pointed out by Senden et al. [76], is the deformation
dependence of the Eyring parameters in the viscosity function (Equation 5.2). In
the current study a deformation-dependent initial viscosity and activation energy are
required to describe the strain hardening response of PPSU,PSU and PESU, which is
also consistent with the physical interpretation of viscous strain hardening [39, 79], and
similar to results obtained by Senden et al. [24, 76] on PC. However, this is in contrast
to the method proposed by Wendlandt et al. [23, 81], where a deformation-dependent
activation volume was employed, also suggested by Pink [92], to successfully describe the
large-strain response of linear and crosslinked poly(methyl methacrylate) (PMMA), PC,
polyphenyle-oxide (PPO) and polystyrene (PS). It should benoted that in their studies the
effect of temperature was not taken in account, which may lead to different conclusions.

The fact that an deformation-dependent initial viscosity and activation energy might not
be the appropriate choice for all polymers, was already noted by Senden et al. [76] for
isotactic polypropylene (iPP) (using experimental results obtained by van Erp et al. [93]).
They showed that a deformation-dependent activation volume captured the yield kinetics
of oriented iPP accurately. In a recent study on oriented polyethylene (PE), Sedighiamiri
et al. [94] showed that both the initial viscosity and activation volume should depend on
deformation. Note that the iPP and PE are semi-crystalline materials, and the crystalline
regions may have an influence on the mechanisms responsible for a specific deformation
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dependence of the Eyring parameters. Looking at the resultsobtained here the choice for
a deformation-dependent initial viscosity and activationenergy seems to be an appropriate
choice for the three materials considered here.

A final unresolved issue, is the fact that little informationis known about the temperature
dependence of the Bauschinger effect in polymer glasses. Therefore, this is investigated
for PPSU, using the same experimental procedure as before; samples are subjected
to large strain reversal torsion at room temperature, followed by a tensile test at a
specific temperature. From the tensile bar a compression sample is machined and
subsequently a compression test is done at the same specific temperature. Note that
because of accelerated physical ageing, the temperature range were these experiments
can be performed is restricted; the effect of accelerated ageing at elevated temperatures
causes the yield stress to increase during the initial waiting period to allow the sample
to reach the test temperature. With the increase in yield stress also strain softening will
return, which results in inhomogeneous deformation [51].

In Figure 2.9 the results of the extra tests on PPSU are shown,for three additional test
temperatures. As can be seen there is an influence of temperature and overall stress levels
drop with increasing temperature. Furthermore, in the tensile part, the total hardening
response decreases with increasing temperature, as typically observed in many glassy
polymers. Upon reversal of the loading direction, the behavior is similar to what was
observed before: a yield stress that is approximately equalto the initial yield stress and
the absence of strain hardening. The solid lines represent EGP model simulation results,
and while the stress-strain response in tension is predicted well, the model appears to fail
upon reversal of loading, where the yield point in compression is underestimated for all
temperatures except room temperature.
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Figure 2.9: Cyclic uni-axial deformation of PPSU at different temperatures, at a strain rate of
10−3 s−1. Markers represent experimental stress-strain curves, solid lines are EGP
model simulations.

This mismatch appears to increases with increasing temperature. This deviation is most
likely caused by the splitting of the total strain hardeningstress in an elastic and viscous
part in the EGP model. In the characterization step (see Equation 2.14), a constant elastic
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contribution, determined at room temperature, was assumed. The values of the hardening
modulusGr andαr (related to the limiting extensibility of the network), arethen used
in all simulations, irrespective of the strain rate or temperature. While the response
at room temperature is then accurately described, at elevated temperatures, the elastic
contribution is too large resulting in the underestimationof the yield point upon load
reversal. To capture the response properly the elastic contribution has to decrease with
increasing temperature, which can only be achieved by lowering the hardening modulus
Gr, see Figure 2.3a. To test this hypothesis the characterization is redone, now with the
EGP model parameters determined at 80○C. This results inGr = 7 MPa andαr = 0.24

at 80○C, compared toGr = 8 MPa andαr = 0.258 at room temperature. The strain
hardening modulus does decrease with increasing temperature, as can also be seen in
Figure 2.10a, where the strain hardening modulus of each experiment shown in Figure
2.9 is plotted. For comparison, the result of an entropic description, i.e. Gr = NekBT ,
is included. Next, the ratio of elastic to viscous hardeningis again found to be 50/50,
and the characterization of the viscous part is repeated. This resulted only in a change of
C1,α, equal to 23, compared to 27 at room temperature. With these new parameters the
Bauschinger effect is predicted at 80○C and room temperature. As can be seen from the
results presented in Figure 2.10b, the effect is now predicted accurately at 80○C. At room
temperature however, upon load reversal, the yield point isoverestimated because of an
elastic contribution that is now too small. To improve the model predictions at elevated
temperatures a temperature dependent elastic contribution is thus necessary.
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Figure 2.10: (a) Strain hardening modulusGr as a function of temperature. Dashed line is a
guide-to-the-eye. (b) Cyclic uni-axial deformation of PPSU at room temperature
and 80○C, at a strain rate of10−3 s−1. Markers represent experimental stress-
strain curves, solid lines are EGP model simulations. The strain hardening
characterization was performed at 80○C.
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2.6 Conclusions

To investigate the rate- and temperature-dependent strainhardening and the Bauschinger
effect in glassy polymers, a recently proposed extension ofthe Eindhoven Glassy Polymer
model was successfully applied to three amorphous polymers. An equal distribution
of elastic and viscous hardening was found to be necessary, similar to results obtained
for PC. The combination of an elastic and viscous contribution greatly improves the
description of the Bauschinger effect. Furthermore, the proposed model accurately
describes the rate- and temperature dependent strain hardening response of all polymers
over a wide range of strain rates and temperatures. For the three materials investigated,
the choice for a deformation-dependent initial viscosity and activation enthalpy in the
viscosity function appears to be correct and experimental data could be described
accurately. This in contrast to some recent literature, where a deformation-dependent
Eyring activation volume was proposed, at present it is unclear what the cause is for these
differences.

From a physics point of view some aspects of strain hardeningremain unclear. Firstly, the
magnitude of the obtained elastic hardening moduli for the three materials appeared to be
larger than would be expected from the entanglement network. Secondly, studying the
temperature dependence of the Bauschinger effect revealedthat at elevated temperatures
the elastic contribution in the model has to decrease to capture the experimental data.
Nonetheless, the addition of a viscous contribution to strain hardening in the EGP
model, as proposed by Senden et al. [24], could be directly applied to three other
polymers, and improves the performance of the model in the description of rate- and
temperature dependent strain hardening, as well as enabling a quantitative description of
the Bauschinger effect.
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2.7 Appendix A: Pressure dependence parameterµ

To determine the pressure dependency parameters, compression and tensile tests have
been performed on samples with similar thermal history, seeFigure 2.11. The markers
represent experimental data, the solid lines are descriptions with a pressure modified
Eyring equation (see [87] for more details):

τeq = τ0(1 − µα) ln(2γ̇eqγ̇0
) (2.16)

whereτeq is the shear equivalent yield stress,τ0 is the characteristic shear stress,µ the
pressure dependency parameter,α a geometry factor (−√3/3 for uni-axial extension,+√3/3 for uni-axial compression),̇γeq is the shear equivalent strain rate andγ̇0 a rate
constant.
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Figure 2.11: Shear equivalent yield stress as a function of strain rate for (a) PESU, (b) PPSU
and (c) PSU, obtained form compression and tensile tests. Markers represent
experimental data, solid lines are descriptions with a pressure modified Eyring
equation.



Chapter 3

Correlation between Eyring activation
volume and molecular architecture in
glassy polymer systems

Abstract: In this chapter a correlation is investigated between the Eyring activation
volume, which governs the strain rate dependence of the yield stress, and chain
dimensions, reflected in the packing length. The yield kinetics play an important
role in many aspects of the mechanical behaviour, e.g. in long-term plasticity-
controlled failure or ageing-induced embrittlement. It isobserved that with
an increase in packing length the activation volume decreases, i.e. a stronger
dependence of the yield stress on strain rate. Since the packing length can be related
to the chain thickness, bulkier polymers, which have high values of the packing
length, display low activation volumes. This leads to a remarkable inverse relation
between the specific volume of the chain and the Eyring activation volume.

Reproduced from: C.C.W.J. Clarijs, V. Leo & L.E. Govaert, under review,Macromolecules, 2019

31



32 Correlation between Eyring activation volume and molecular architecture

3.1 Introduction

Yield of polymer glasses generally displays a strong dependence on applied strain rate
(time) and temperature. In essence, this characteristic response finds it origin in the
enhancement of chain mobility by application of stress [95,96], resulting in a plastic
flow rate [97]. A theoretical framework to describe stress activated plastic flow was
proposed by Henry Eyring in the late thirties [98]. In the Eyring flow theory, the stress
and temperature dependence of the rate of (plastic) flowε̇pl is described by:

ε̇pl = ε̇0 sinh( σV
kBT
) exp(−∆U

RT
) , (3.1)

with ε̇0 the pre-exponential factor determining the magnitude of plastic flow, V the
activation volume controlling the stress dependence of theplastic flow and∆U the
activation energy controlling the temperature dependence. The Eyring theory describes
the stress and temperature dependence of the material during a steady state of plastic flow,
as for example occurs during secondary creep in static loading [99, 100]. Furthermore,
Eyring’s activated flow theory also found widespread use to describe the strain rate
dependence of the yield stress ,i.e. the yield kinetics, as was demonstrated convincingly
in several studies in the past, see for example [101–106]. This can be rationalized by
the fact the rate dependence of the yield stress and the stress dependence of the plastic
flow rate during secondary creep are identical, since they collapse on a single curve, as
demonstrated by Bauwens [99]. The plastic flow rate is uniquely related to stress, and as
stress increases gradually in a constant strain rate experiment, so will the rate of plastic
flow, until, at the yield stress, it exactly matches the strain rate experimentally applied.

As the main parameter controlling the stress dependence of the plastic flow, the activation
volume is an important factor in a number of critical mechanical phenomena, of which
three examples will be given. First, in creep rupture, the stress-dependence of the time-
to-failure is completely governed by the yield kinetics [99,105]. If the activation volume
is high, the stress dependence will be high, implying that a small decrease in load level
will lead to a favourable strong increase in life time. Second, since glasses are not in
thermodynamic equilibrium, they show a slow structural recovery towards equilibrium; a
process called physical ageing. Because of this ageing process, the mechanical properties
of polymer glasses evolve in time [28,29]. A prime example was given by LeGrand [107],
who showed that the failure mode of polycarbonate (PC) couldbe changed from ductile
to brittle by annealing below the glass transition. The influence of physical ageing
on mechanical properties was extensively studied by Struik[28], who introduced the
so-called double logarithmic shift-rateµ, a measure of the rate of the ageing process.
Interestingly, Struik demonstrated that all polymer glasses age in a very similar way,
all displaying a double logarithmic shift factor of order unity in the temperature range
between their secondary and primary glass transition. Uponphysical ageing the yield
stress of a polymer glass, measured at a single strain rate, is also observed to increase in
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time, which is the result of a shift of the yield kinetics overthe strain rate axis to lower
rates, without changes in slope [56, 108, 109]. Since the ageing rate is very similar for
all polymers, implying there is almost no dependence of the ageing process on molecular
structure, the differences observed in yield stress evolution between different polymer
glasses are solely controlled by the yield kinetics, and thus the activation volume. Third,
in case of strain-rate induced embrittlement [110–112], the transition from ductile to
brittle failure is likely related to an increase in yield stress with increasing strain rate.
A high strain rate sensitivity, i.e. a low activation volume, will cause a stronger rise in
yield stress, leading to a stronger increase in the overall stress levels which will make a
polymer glass more prone to this type of embrittlement.

In all three cases mentioned, a high value of the activation volume yields a more
favourable mechanical response. Consequently, the relation of the Eyring activation
volume to molecular structure is of considerable interest in the development of new,
improved materials. Kauzmann and Eyring hypothesized thatthe activation volume “is
of the order of the unit of flow in the polymer” [113]. This vision was adopted by
many, and activation volumes were for example compared to the volume of a Kuhn
segment [60] or the repeat unit volume [104, 114–116]. Although the obtained values
appear to be of the right order of magnitude, the comparison of activation volumes
of several polymer glasses does not yield a satisfactory correlation with any physical
volume [117]. The main conclusion drawn from these exercises is simply that activated
plastic flow apparently comprises several chain segments (cooperative motion). Whether
such a literal interpretation is justified remains questionable.

A remarkable observation was made by Ho et al. [118], who demonstrated that the
activation volume displays an excellent correlation with the entanglement density of
glassy polymers. With an increase in entanglement density,derived from the plateau
modulus measured in the melt, the Eyring activation volume of PS-PPO blends increases
as well, which was explained by more collective elementary relaxation processes for a
highly entangled polymer upon deformation. Data on other glassy polymers fitted the
trend rather well. However, it is surprising that the mechanism of plastic deformation,
related to small segmental mobility of chain segments, correlates with a relatively large
dimension as the entanglement spacing. Furthermore, the correlation between activation
volume and entanglement density might not be due to a direct causal link, but instead both
quantities might each depend on the molecular geometry in a similar fashion.

The entanglement network density is known to be controlled by molecular geometry and
chain stiffness, which are also closely related. An interesting series of papers on this
subject was presented by Lewis Fetters and co-workers [119–122], discussing the role
of the so-called packing lengthp, first proposed by Witten et al. [123], on a polymer
its viscoelastic properties in the melt. It is defined as the ratio of the occupied volume
of a polymer coil to its mean-square end-to-end distance⟨R2⟩0, and can be obtained
experimentally by measuring the unperturbed radius of gyration ⟨R2

g⟩0 using Small Angle
Neutron Scattering (SANS) experiments. [119]. Fetters andcoworkers showed that a
correlation exists between the packing length and the plateau modulusG0

N measured



34 Correlation between Eyring activation volume and molecular architecture

above the glass transition temperature: polymers with highpacking lengths have low
plateau moduli [119], and thus low entanglement densities.A simple relation between
entanglement molecular weightMe and packing length was proposed based on the tube
model [119,120,124], and although these may only be approximate, the obtained relations
describe the observed experimental correlations rather well [120]. The ideas on the tube
model have evolved, and more recent studies, employing primitive path analysis (PPA) on
coarse-grained polymer chains, see for example [125–127],have revealed the underlying
microscopic foundations of the tube model. Using PPA, Everaers et al. reproduced the
observed scaling ofMe with packing length [125]. Interestingly, the packing length can
be related the relative thickness of a polymer chain [120,128].

The goal of this chapter is two fold. First, we investigate the relation between
deformation kinetics and molecular structure, reflected inthe packing length. Data of 23
polymer glasses obtained from experiments conducted over the past two decades in our
laboratory in Eindhoven or, if unavailable complemented with additional experiments,
were collected. Packing length values and entanglement densities are taken from a single
data source [83] or, if not available, calculated from reported or measured plateau moduli
following this. Second, based on insights from the first exercise, we investigate whether
the Eyring activation volume can be regarded as a real or truevolume.

3.2 Background

Before discussing the observed correlation between packing length and Eyring activation
volume, this section emphasizes the relation between yieldkinetics and plasticity-
controlled failure (creep rupture) and the relation between yield kinetics and physical
ageing. As will be shown, in both failure and physical ageing, the yield kinetics and thus
the Eyring activation volume, play a dominant role.

3.2.1 Deformation kinetics and time-dependent failure

Under static or cyclic loads, the application of stress results in an increase in molecular
mobility [95, 96], causing a constant rate of plastic flow [97] that ultimately leads to
failure. It was demonstrated that the product of the plasticflow rate (̇εpl), times the time-
to-failure is constant during steady state creep [105, 129]. Consequently, the time-to-
failure can be predicted assuming a critical level of accumulated plastic strain, since the
stress dependence of the rate of accumulation (plastic flow rate) is equivalent to the rate
dependence of the yield stress [99], there is a clear equivalence between the yield kinetics
and failure kinetics [105,129]. In Figure 3.1, this is schematically illustrated; Figure 3.1a
shows the yield stress as a function of strain rate. As can be observed, and typical for
all polymers, the stress increases linearly with the logarithm of the strain rate. Figure
3.1b schematically shows the applied stress in a constant stress experiment as a function
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of failure time. The slope observed in the rate dependence ofthe yield stress (which is
given bykBT /V ) is, apart from the change in sign, equal to the slope in the right figure,
witnessing that the kinetics of plasticity-controlled failure and yield are equal.
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Figure 3.1: Schematic overview of (a) yield stress as a function of strain rate, and (b) applied
stress versus time-to-failure.

3.2.2 Deformation kinetics and physical ageing

Since glasses are not in thermodynamic equilibrium, they show a slow structural recovery
towards equilibrium, a process called physical ageing. Theageing process has a profound
influence on polymer mechanical properties. Struik and co-workers observed that the
creep compliance of samples aged at different times could becollapsed by horizontal
shifting only. It appeared that the logarithm of this shift factor ae varied linear with
the logarithm of the ageing timete, which led them to introduce the so-called double
logarithmic shift-rateµ [28]:

µ = −d log ae
d log te

. (3.2)

Typically, the yield stress will increase in time because ofphysical ageing, a process
that can be accelerated by annealing treatments at elevatedtemperatures below the glass
transition. For the deformation kinetics, the influence of phyiscal ageing is a log-shift
towards lower strain rates resulting in an increase in yieldstress a a single strain rate.
This is schematically shown in Figure 3.2a.

The increase in yield stress at a given strain rate, can be obtained by multiplying the slope
σ0 = kBT /V by the shift caused by physical ageingae:

∆σy = kBT

V
⋅ log(ae), (3.3)
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Figure 3.2: Schematic overview of (a) the influence of physical ageing onthe yield kinetics, and
(b) the evolution of yield stress in time.

where V is the Eyring activation volume. The evolution of theyield stress in time is
schematically shown in Figure 3.2b. Usually, there is no change in yield stress observed
at short times or low anneal temperatures. This is related tothe fact that the polymer
has already an initial aged state, related to the processingstep [40]. After this point the
yield stress increases in time, with a slopec. This slope can be described by combining
Equation 3.2 and 3.3, and yields:

dσ

d log(te) = c = µ ⋅ kBT

V
. (3.4)

The slopec for several polymers was taken from literature, and plottedin Figure 3.3a as
a function of entanglement density. A clear correlation canbe observed: with an increase
in entanglement density the slopec decreases. Only polyvinylchloride (PVC) appears to
be outside of the trend. It should be noted however, that PVC,whose physical ageing
response was extensively studied in the 1970s [28], is actually a semi-crystalline polymer
(10 wt% crystallinity in commercial, atactic PVC [130]).

As already mentioned, Struik demonstrated that polymer glasses age in a very similar way,
all having double logarithmic shift factors of order unity [28]. To check this statement,
values ofµ for several polymer glasses, obtained by using the following equation:

µ = c

σ0
, (3.5)

are plotted in Figure 3.3b as function of entanglement density (see Table 3.3 in the
Appendix for references). As can be seen, the shift factor indeed appears to be of order
unity for many polymers. For polystyrene (PS) and PVC the value appears to be close
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Figure 3.3: (a) The slope c (see Figure 3.2b) as a function of entanglement density. (b) Shift rate
according to Equation 3.5, as function of entanglement density. For data references,
see Table 3.3 in the Appendix.

to one half, implying for these materials that the ageing rate is slower. This might be
caused by the factthat the shift rates are taken at room temperature, whereas it may show a
temperature dependence: the shift rate goes to zero when approaching the glass transition
(there is no ageing when the material is in equilibrium) and when approaching low
temperature transitions, since below such a secondary transition the molecular mobility
strongly decreases) [28]. From the above results it appearsthat the yield kinetics, and
activation volume specific play, a dominant role in a polymers mechanical behaviour.

3.3 Materials and methods

3.3.1 Materials

Table 3.3 in the appendix lists all polymer glasses, including the specific references used
for each polymer if literature data is used. The literature data is complemented with 9
other glassy polymers: a poly(aryl ether sulfone) (PAES, Solvay Specialty Polymers),
an amorphous poly(aryl ether ketone) (PAEK, Solvay Specialty Polymers), poly(tert-
butyl)styrene (PtBS, P1229, Polymer Source Inc.), poly(α-methyl)styrene (PαMS, P8838,
Polymer Source Inc.), poly(ether imide) (PEI, Ultem 1000, Sabic), a polycarbon-
ate of 4,4’-thiodiphenylene (ThPC, Sabic), a polycarbonate of 1,1-bis-(4-hydroxy-3-
methylphenyl)-cyclohexane (DMBPC, Sabic), a polycarbonate of Bisphenol AP (BAPPC,
Sabic) and a copolymer of Bisphenol A polycarbonate and sebacic acid (PC-SA, Sabic).
All materials were supplied as powder or pellets and when necessary dried under vacuum
at appropriate temperatures, before compression molding.
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3.3.2 DMTA

DMTA analysis was performed on the above mentioned polymers, except PαMS and
PtBS, since molecular characteristics are available from Fetters et al. [83]. For the exper-
iments sheets of 1 mm thick were compression molded at appropriate processing condi-
tions. Rectangular samples measuring approximately 20*5*1 mm (length*width*thickness)
were cut from the sheets. DMTA experiments were performed ona TA Instruments Q800
in tensile mode at an underlying temperature ramp of 3○C/min. A strain amplitude of
approximately 0.1 % was applied at a frequency of 1 Hz. Time, temperature, storage
modulus, loss modulus and loss angle signals were recorded.The plateau modulusG0

N ,
Me/ρ and the network densityνe were derived from the elastic dynamic modulusE′ at
the temperature above the glass transition temperature were a minimum in the loss angle
is observed:

G0

N = E′3 ;
Me

ρ
= RT
G0

N

; νe = G0

N

kBT
. (3.6)

Note that some authors use a pre-factor of4/5 (referred to as the Graessley definition
[131]) in the calculation ofMe, whereas we will use a pre-factor of1 (referred to as the
Ferry definition [132], see also Larson et al. [133]). Consequently, literature values were
recalculated according to the Ferry definition where necessary.

3.3.3 Mechanical testing

For the compression tests thick plates of 5 to 10 mm thick werecompression molded
at appropriate processing conditions. Cylindrical samples measuring 3x3 or 6x6 mm
(diameter x height) were machined from the plates on a turning lathe. Uni-axial
compression tests were performed on a Zwick 1475 tensile tester equipped with a 100kN
load cell, at different strain rates at room temperature (22○C). True strain rate control
was used under the assumption of constant volume, and true strain and true stress signals
were recorded. Assuming constant volume during deformation allows to calculate the
theoretical displacement required to have a constant rate of true strain. This value is
constantly compared to the actual displacement, which is automatically corrected in the
machine software. Friction between sample and steel plateswas reduced by applying
PTFE tape (3M 5480) to the sample and PTFE spray (Griffon TF089) to the plates. For
PAEK tensile tests were performed, since only thin sheets could be molded due to a
low amount of material available. Tests were performed on a Zwick Z010 tensile tester
equipped with a 1 kN load cell, at different strain rates, at room temperature. Tensile
samples were cut from a one mm thick compression molded plate.
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3.4 Results and discussion

For the polymers where no SANS based packing lengths were available, the packing
length is calculated from the molecular weight between entanglementsMe using relations
proposed by Fetters and co-workers [120,121], whereMe was obtained from literature or
from a measurement of the plateau modulus. Strikingly, in some cases the value of the
plateau modulus, and thus the entanglement molecular weight, may show variation when
comparing different experimental methods [134, 135]. As anexample literature values
for Me are listed in Table 3.1 for several polymer glasses to illustrate the range typically
found. The large differences for polymethylmethacrylate (PMMA) are most likely related
to differences in diad and triad percentages, which have an influence onMe [136]. In
further reading, single values are used since for many polymers only a single data source
could be found.

Table 3.1: Literature values forMe.

material Fetters et al. [83] Wu [137] Lin [124] Aharoni [138]
PC 1660 1780 - 2440
PMMA 12500 9200 7710 15760
PS 16600 18700 16875 17500
PSU 2380 2250 - 3530

As an example, in Figure 3.4a and b the storage modulusE′ and loss angle tangenttan(δ)
as a function of temperature for PEI and PAES are shown. The modulus decreases with
increasing temperature up to the glass transition, where the modulus drops and the loss
angle peaks. The loss angle shows a minimum above the glass transition and at this point
the plateau modulus is determined. For example, this results for PEI inG0

N = 1.84 MPa,
which compares well to the value reported by Wu [15]. The DMTAcurves for the other
polymers can be found in the appendix.

To calculate the packing length a rather simple relation, proposed by Fetters et al. [120,
121], was used:

Me

ρ
= CNap

3. (3.7)

Here, the packing length is related to the entanglement molecular weight, and this relation
appears to hold for many species investigated [120]. The constantC was envisaged as
being equal ton2

t , the number of entanglement strands per tube diameter cubed, which
appeared to be a universal constant [124]. As already mentioned in the introduction, the
ideas on the tube diameter have evolved considerably since,see for example the work
of Everaers [125], however, for the practical purpose here,Equation 3.7 is employed as
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Figure 3.4: Storage modulus (solid line) and loss angle (dashed line) asa function of temperature
for (a) PEI and (b) PAES. Markers indicate where the plateau modulus was
determined.

originally defined [120]. With the above relation the packing lengths for the polymers
experimentally characterized in the this work were calculated from the DMTA data.
For other polymers where no packing length was available, but entanglement molecular
weights are reported in literature, we used the same expression. All obtained parameters
for the polymers studied in this work are summarized in Table3.2.

Table 3.2: Obtained parameters from the DMTA experiments.

material G0

N [MPa] Me/ρ [m3/mol] νe [nm−1] p [nm]
PEI 1.84 2.358⋅10−3 0.255 2.053
PAES 1.64 2.882⋅10−3 0.209 2.194
PAEK 2.18 1.716⋅10−3 0.339 1.846
DMBPC 0.87 4.329⋅10−3 0.139 2.514
BAPPC 0.80 4.362⋅10−3 0.138 2.520
PC-SA 1.45 2.737⋅10−3 0.254 2.057
ThPC 2.04 1.638⋅10−3 0.367 1.818

To obtain the yield kinetics stress-strain curves were measured in uni-axial compression
tests at several true strain rates. Typical stress-strain curves are shown in Figure 3.5,
for an applied true strain rate of10−3 s−1 at room temperature (≈ 22○C). Although there
are marked differences, all materials display the typical (intrinsic) stress-strain response
observed in glassy polymers: a visco-elastic response up toyield, followed by a drop in
stress with increasing strain, i.e. strain softening, and the characteristic upswing in stress
again at large strains, i.e. strain hardening. It is interesting to note that polymers with a
more dense entanglement network typically display a more pronounced upswing in stress
at large strain [21]. The strain hardening response is however not purely entropic but
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rather a combined elastic-viscous phenomenon, see for instance [69, 71, 75, 76, 139], and
this thesis, Chapter 2.
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Figure 3.5: (a) and (b) Stress-strain curves obtained in uni-axial compression tests at a
temperature of 22○C and a strain rate of10−3 s−1.

From the stress-strain curves the yield stress was taken as the maximum in stress occurring
before strain softening. Subsequently, the Eyring model (see Equation 3.1), rewritten to
equivalent shear stress, was used to analyse the experimental results:

τ̄ = kBT

Veq
sinh−1 ( ˙̄γ

γ̇∗
0

) , (3.8)

with τ̄ the equivalent shear stress,kB Boltzmann’s constant,T the absolute temperature,
Veq the shear-equivalent activation volume,˙̄γ the equivalent strain rate anḋγ∗

0
a rate

constant. The equivalent shear stress and shear rate are defined as second invariants of the
stress and strain rate tensor respectively, and for uni-axial loading conditions the relations
between the uni-axial stressσ and strain ratėε and the equivalent shear stress and strain
rate are given by:

τ̄ = 1
3

√
3σ ; ˙̄γ = √3ε̇. (3.9)

In Figure 3.6 the results are shown for the polymers considered in this paper. In the
appendix results on PEI, PMMA-PEA and PEEK are shown. With anincrease in strain
rate the yield stress increases as well, which is typical forall polymers. It should be noted
here that the yield kinetics are hardly affected by molecular weight [140]. Solid lines
represent the Eyring model (Equation 3.8), of which the values of the activation volume
were obtained by a least-squares fit method. As can be seen, the Eyring model accurately
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describes the increase of yield stress with strain rate for all polymers considered within
the range of strain rates experimentally covered. No evidence of a secondary process
contributing to the stress response was observed for all polymers in the range of strain
rates considered. Note that the effect of hydrostatic pressure is neglected, which would
result in an additional term in the Eyring model [86, 141] anda slightly different value
for the activation volume. Neglecting this extra term will however not strongly affect the
results obtained here, since the coefficient of pressure dependence is rather small.
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Figure 3.6: (a) and (b): Yield stress as a function of applied strain rate, measured in uni-axial
compression tests. Markers represent experimental data, solid lines are descriptions
with the Eyring model (Equation 3.8). Note that for PAEK the yield stress was
measured in tensile.

The obtained activation volumes, as well as values obtainedfrom literature data, are
plotted in Figure 3.7, as a function of entanglement density(Figure 3.7a) and packing
length (Figure 3.7b). The activation volumes obtained are typical for glassy polymers,
and for the polymers considered here lie in a range of 1 to 5.5 nm3. Although there
is some spread a general trend can be observed: the activation volume appears to
increase with an increase in network density, in agreement with results reported by Ho
et al. [118]. This is equivalent to a decreasing activation volume with increasing packing
length, see Figure 3.7b. Packing length values calculated with Equation 3.7 are plotted
in grey, literature values are in black, and both follow the same trend. At some point
there appears to be a plateau level around 1 nm3, after which an increase is observed.
Whether this increase at large packing lengths is correct remains unclear, since only
one polymer, PtBS, is considered here. Despite its large side group and consequently
large packing length, it has a relatively high activation volume. It would be interesting to
investigate more polymers with large packing lengths. An example of polymers available
in this range of large packings lengths are polymethacrylates, unfortunately having glass
transition temperatures below room temperature, posing challenges regarding mechanical
characterization because lubrication is problematic (between sample and steel plate)
at these low temperatures. Furthermore, polymers in this range typically display
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more pronounced secondary transitions, which strongly affect the deformation kinetics
[84, 101]. Two other polymers that deviate from the general trend are BAPPC and
DMBPC. The exact cause for this is unknown. Note that the activation volume for PEI,
PAEK and PEEK is determined from tensile test data rather than compression tests, which
gives a slightly higher value because of the neglected hydrostatic pressure contribution in
the Eyring model. Furthermore, the plateau modulus and thusthe entanglement density of
PEEK was calculated from molecular characteristics [119, 142], since it crystallizes and
melt properties can not be determined properly close to the glass transition. Nevertheless,
the observed trend is clear and it is remarkable that a positive correlation exists between
activation volume and network density, and equivalently, that the correlation with the
packing length scale is inverse.
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Figure 3.7: Eyring activation volume as a function of (a) entanglement density, and (b) packing
length. Polymers are indicated in the legend, where designation a stands for
amorphous, andt for measured in tensile tests. Grey markers in (b) indicate packing
lengths calculated with Equation 3.7.

The results presented convincingly show a clear correlation between the yield kinetics and
molecular structure, reflected in the packing length. Interestingly, polymers with small
packing length values, and thus large activation volumes, e.g. PC or polyphenylsulfone
(PPSU), are typically regarded as being tough materials. Polymers with large packing
length values display low activation volumes, like for example PS and poly-L-lactic acid
(PLLA), and these polymers have relatively large side groups. Some more insight in how
molecular structure affects the packing length can be gained from rewriting the expression
for the packing length by expressing the mean square end-to-end distance in terms of the
characteristic ratio [143]:

⟨R2⟩0 = C∞Mm−10 l
2

0, (3.10)

whereC∞ is the characteristic ratio,M the molecular weight,m0 the average molecular
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weight per back bone bond andl0 the average length per back bone bond. Rewriting the
expression for the packing length results in:

p = M

ρNa⟨R2⟩0 = v0

C∞l
2

0

= S0

lK
, (3.11)

wherev0 = m0

ρNa
is the volume of a cylinder with cross-sectional areaS0 and lengthlK. In

theory, to decrease the packing lengthS0 should thus be kept small, and an increase in
the Kuhn lengthlK is beneficial. Although The relation betweenp andS0 might not be
exact making this is a rather crude approximation, comparing packing length values with
data on cross-sectional area and Kuhn lengths gives a relatively high degree of scatter, see
Figure 3.8a. However a general trend can be observed, and some polymers also regarded
in this study are highlighted. For the values of cross-sectional area and Kuhn length we
rely on the tabulation made by Aharoni [138], who combined and summarized results of
many authors. Note that the cross-sectional areas in these studies were calculated from
unit cell dimensions, which do not yield the exact cross-sectional area. Alternatively,
Wang [144] computed chain cross-sectional areas usingS0 = pC∞l0, which again is not
exact, and showed thatS0 andp increase with increasingm0, which can be regarded as
a measure for chain bulkiness for polymers with similarl0. Therefore one should regard
the above exercise as a more qualitative one.

Some experimental evidence on the relation between side group size, or chain bulkiness,
and packing length can be found in the results of Gerstl et al.[145] on poly(alkylene
oxide), who reported an increase in the packing length with increasing side group length.
Similarly, Teerenstra et al. [146] reported a decrease of the plateau modulus, indicative
of a increase in packing length [119], with increasing side group size of N-substituted
alternating styrene-maleimide copolymers. In many cases it thus appears that more bulky
chains have larger packing length values. The increase in packing length with side-group
size also implies that the activation volume decreases withan increase in side-group size
or chain cross-sectional area, and this yields an interesting observation.

For the polymers investigated in this study, the relation between the activation volume
and chain cross-sectional area is plotted in Figure 3.8b. Ascan be observed, a correlation
appears to exist: with an increase in chain cross-sectionalarea, the Eyring activation
volume decreases. Intriguingly, this implies that there exists an inverse relation between,
say, the specific volume of a chain (or “volume per length”) and the Eyring activation
volume. This is in contrast to the classical interpretationof the activation volume, and
the definition given by Kauzmann and Eyring [113], stating that it is of the order of the
volume of chain segments involved in plastic flow. The fact that apparently an inverse
relation exists, might be the explanation for the poor correlation obtained when comparing
activation volumes of several polymers to any physical volumes, like for example that
of the Kuhn segment or the repeat unit, as discussed in the introduction. Interestingly,
following Krausz and Eyring [147] in their derivation of theEyring flow theory, it appears
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Figure 3.8: (a) Packing length as a function of cross-sectional area over Kuhn length. (b) Eyring
activation volume of a few polymers as a function of chain cross-sectional area.
Packing length values are taken from [83], values for cross-sectional area are taken
from the work of Aharoni [138]

that what is considered the activation volume is according to them “the volume of the hole
swept out by the motion,” rather than the volume of the flowingsegment.

3.5 Conclusion

The yield kinetics, i.e. the rate dependence of the (yield) stress, play an important role
in many aspects of the mechanical behaviour of polymers. It is therefore interesting to
relate the yield kinetics to structural parameters of a polymer. In this study we have
presented a correlation between the rate dependence of the yield stress, reflected in the
Eyring activation volume, and chain dimensions, reflected in the packing length. It is
observed that with an increase in packing length the activation volume decreases, i.e. a
stronger dependence of the yield stress on strain rate. The packing length can be likened
to the chain thickness, and bulkier polymers display high values of the packing length, but
low activation volumes. This leads to an inverse relation between the specific volume of
the chain and the activation volume. To improve mechanical properties, that is a decrease
of the strain rate dependence of the yield stress or equivalently, an increase in activation
volume, a small packing length is beneficial and it appears that the chain thickness should
be kept small, and an increase in the Kuhn length is beneficial. In that way the long-term
performance in creep rupture for example, which is directlyrelated to the yield kinetics,
can be inferred from the structural parameters of a polymer.
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3.6 Appendix A: List of references

In the table below the references used for each material are listed.

Table 3.3: List of materials and references used.

abbreviation material references used

PSU polysulfone [83,148], Chapter 4
PESU polyethersulfone [148], Chapter 4
PPSU polyphenylsulfone [83,109,148], Chapter 4
PC polycarbonate of bisphenol-A [24,40,83]
DMBPC polycarbonate of 1,1-bis-(4-hydroxy-3- present study

methylphenyl)-cyclohexane
ThPC poly-(4,4’-thiodiphenylene carbonate) present study
BAPPC polycarbonate of bisphenol-AP present study
PC-SA copolymer of PC and sebacic acid present study
PEI polyetherimide [109], present study
PVC polyvinylchloride [136,149]
PLLA poly(L-lactic acid) [70,150]
PET poly(ethylene terephtalate) [83,151]
PS polystyrene [83,118,152]
PtBS poly(p-tert-butyl styrene) [83], present study
PαMS poly(α-methyl styrene) [83], present study
PPE poly(2,6-dimethyl-1,4-phenylene oxide) [83,118]
PS/PPE PS/PPE blend [21,118]
PMMA commercial poly(methyl methacrylate), [83,84]
PMMA-PEA PMMA-ethylacrylate copolymer, 5%EA [153]
PEEK poly(ether ether ketone) [119,142]
PAES poly(aryl ether sulfone) present study
PAEK poly(aryl ether ketone) present study
PX homogeneous blend of PC and a polyester [154]
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3.7 Appendix B: DMTA curves

The figures below show the DMTA traces of the polymers studiedand not appearing in
the main text.
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Figure 3.9: DMTA traces of polymers not appearing in Figure 3.4. Solid lines represent the
storage modulus, dashed lines the loss angle. (a) ThPC, (b) PC-SA, (c) DMBPC, (d)
BAPPC and (e) PAEK.
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3.8 Appendix C: Deformation kinetics miscellaneous poly-
mers

The figures below show stress-strain curves and yield kinetics of PMMA-PEA, and the
yield kinetics of PEEK and PEI.
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Figure 3.10: (a) Stress-strain curves for PMMA-PEA, measured at room temperature. (b) Lower
yield stress as a function of strain rate, solid line is an Eyring fit. Lower yield
stresses are taken, because of the clear contribution of a secondary process to the
upper yield stress (see Figure a).
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Figure 3.11: (a) Yield stress vs. strain rate for amorphous PEEK, measured in tensile tests.
Solid line is an Eyring fit. (b) Yield stress as a function of strain rate for PEI,
experimental data taken from [109]. Solid lines are Eyring fits, taking only the
primary yield process into account. To describe the temperature dependence, an
Arrhenius type of shift is used:̇γ∗0 = γ̇0 exp(−∆U/RT ), with ∆U the activation
energy.



Chapter 4

Predicting embrittlement of glassy
polymers using a hydrostatic stress
criterion

Abstract: In this chapter the ageing-induced embrittlement of three polymer
glasses is investigated using a previously developed hybrid experimental-numerical
method. The evolution of yield stress of unnotched tensile bars upon ageing is
coupled to the evolution of embrittlement of notched tensile bars using a numerical
model combined with a critical hydrostatic stress criterion that determines the onset
of failure. The time-to-embrittlement of notched tensile bars with a different notch
geometry is predicted and in good agreement with the experimentally determined
value. Next to that, the approach is extended to three polysulfone polymers, and
it is shown that the value of the critical hydrostatic stresscorrelates well with the
polymers entanglement density: polymers with a denser entangled network display
higher values, i.e. a higher resistance against incipient cavitation.

Reproduced from: C.C.W.J. Clarijs, V. Leo, M.J.W. Kanters,L.C.A. van Breemen & L.E. Govaert.
J. App. Polym. Sci., 2019, 136(17), 47373
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4.1 Introduction

Amorphous polysulfones are rigid and tough materials that are therefore widely employed
in engineering applications for their outstanding properties. However, in time, the
toughness of polymers can be greatly reduced as a result of tophysical ageing, and a
transition from a ductile to a brittle failure mode, i.e. embrittlement, may be observed
[107]. The understanding of this transition is of great importance for polymer components
used in load-bearing applications where ductile failure isusually preferred. Furthermore,
despite of similarities between the molecular architecture of polysulfones, there are
marked differences in their impact response [17,155,156].

A method eminently suitable to quantify differences in the impact response was demon-
strated by Engels et al. [140]. In this method the evolution of yield stress upon ageing of
unnotched tensile bars is linked directly to the time-dependent embrittlement of notched
tensile bars. The presence of a notch results in severe localisation of deformation with
increasing strain and the resulting gradients in volumetric strains lead to a stronger build-
up of a hydrostatic stress underneath the notch. At some point the hydrostatic stress
reaches a critical level, and a void is created to release thestress. These voids initiate a
craze which ultimately triggers brittle failure [140,157–160]. The build-up of hydrostatic
stress is a local phenomenon and is therefore not directly accessible in experiments.
Narisawa and co-workers where the first to identify this local hydrostatic stress for several
polymers using a numerical analysis employing the slip-line theory [161–163]. Studies
of van Melick et al. [160,164] convincingly demonstrated that the build-up of hydrostatic
stress can also be successfully analyzed in Finite Element (FE) simulations using a
constitutive model that captures a polymers intrinsic deformation response. Similar
results were reported by Gearing and Anand [165].

It is well-known that polymer glasses are typically not in thermodynamic equilibrium
and as a result will display a drive towards equilibrium, i.e. physical ageing. This leads
to a gradual change in mechanical properties over time, as for example an increase in
elastic modulus or yield stress [28]. The typical increase in yield stress upon physical
ageing induces an increase in strain softening, leading to astronger tendency to plastic
strain localization that ultimately leads to embrittlement [18, 166]. Engels et al. [140]
showed that by monitoring both the yield stress evolution and embrittlement upon
annealing that the transition from a ductile to a brittle failure mode corresponds to a
critical thermodynamic state of the material, reflected in acritical value of the evolving
yield stress. Furthermore they showed, using FE simulations, that the increase in yield
stress upon annealing directly translates to an increase inthe maximum value of the
hydrostatic stress behind the notch during impact. This implies that the experimentally
obtained critical yield stress can be directly related to a critical hydrostatic stress
[140]. Interestingly, the critical hydrostatic stress wasshown to be material specific
and was suggested to be related to the entanglement density [15, 18, 160]; where a high
entanglement density is observed to give a higher resistance against voiding, i.e. a higher
value of the critical hydrostatic stress.
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Several constitutive models have been reported in literature to numerically simulate
localization phenomena. Most are based on the work of Hawardand Thackray, who were
the first to recognize two separate contributions to the stress response of a polymeric
material: a viscous contribution of the intermolecular interactions and an entropic
contribution related to the orienting entangled molecularnetwork [60]. Examples of
such constitutive models are the BPA model [53, 54], the Oxford Glass Rubber (OGR)
model [56–58] and the Eindhoven Glassy Polymer (EGP) model [24,27,40,59]. Despite
of differences in their approaches, all these models demonstrate the significance of the
intrinsic material response on plastic strain localization [49–52]. In the most recent
version, the EGP model is able to account for rate- and temperature dependent strain
hardening, achieved by a means of a viscous contribution to the strain hardening stress
besides an entropic contribution [24]. This viscous contribution expresses itself as a
deformation-dependence of the flow stress, as proposed earlier by Wendlandt et al.
[23, 81]. The influence of physical ageing is captured in the EGP model by a state
parameterSa, which uniquely describes the thermodynamic state of the material and
includes strain-induced mechanical rejuvenation [40].

The goal of this chapter is to use the framework presented by Engels et al. [140] to evaluate
ageing-induced embrittlement and the predictability thereof in combination with the latest
version of the EGP model presented by Senden et al. [24]. The polysulfones of interest
are three commercially available systems: polyphenylsulfone (PPSU), polyethersulfone
(PESU) and polysulfone (PSU). EGP model parameters for eachmaterial were derived
from the intrinsic material response, measured in uni-axial compression tests at various
strain rates and temperatures. The annealing-induced embrittlement was investigated in
uni-axial tensile experiments on notched samples. The advantage of uni-axial tensile
testing over Charpy or Izod impact testing is that the boundary conditions are better
defined, which enables more straight forward finite element modelling. Finite element
simulations of the notched tensile test were used to simulate the build up of the local
hydrostatic stress, using the experimentally obtained critical yield stress, reflected in the
value of the state parameter, as a measure for the thermodynamic state of the material.
The obtained critical hydrostatic stresses are compared with literature data on other
amorphous polymers and are in full agreement with the previously reported correlation
with entanglement density. Furthermore, using the hydrostatic stress as a criterion, the
time-to-embrittlement of notched tensile bars with a different notch geometry could be
predicted.
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4.2 Experimental and numerical methods

4.2.1 Materials and sample preparation

Materials used are Radel® PPSU, Udel® PSU and Veradel® PESU kindly supplied as
granules by Solvay Specialty Polymers (Alpharetta, GA, USA). Table 4.1 gives an
overview of the different grades and corresponding molecular weights.

Table 4.1: List of materials used. Data provided by Solvay Specialty Polymers.

material trade name Mw Mn Tg [○C]
PPSU-1

Radel®

24900 12900

220
PPSU-2 26700 13300
PPSU-3 29900 15100
PPSU-4 30800 16200
PSU Udel® 43500 24500 180
PESU Veradel® 26000 17500 220

Tensile bars are injection molded according to ASTM D638 Type I specifications
(dimensions: 100 mm gauge length, 3 mm thickness, 13 mm width) using an Arburg
Allrounder 320S 500-150 using a mold temperature of 150○C. Initially this mold
temperature was used for PESU but subsequent impact tests indicated that the samples
displayed a brittle failure mode. Consequently, the mold temperature was reduced to
55○C to obtain samples with a lower yield stress and a ductile failure mode. Processing
conditions are kept the same for different grades of the samematerial. Notched tensile
bars are obtained by a milling operation at room temperature. Three different notch radii
are used: 0.25 and 0.4 for PPSU; 0.8 mm for PSU and PESU. All notches have an included
angle of 35○ and a depth of 3.5 mm.

For uni-axial compression samples, plates of 1 cm thick werecompression molded at
temperatures of 350 (PSU) to 370 (PPSU and PESU)○C. Granules were allowed to melt in
a mold covered with aluminium foil at atmospheric pressure.Subsequently, the material
was compressed up to 100kN for 2 minutes and the mold was cooled down in a cold press
at 20○C, applying little pressure. Since the molding procedure might result in a surface
layer with different mechanical properties, these sections are removed by reducing the
thickness of the plate symmetrically to 7 mm by a milling operation. Cylindrical samples
measuring 6x6 mm (diameter x height) were subsequently machined from the plates on
a turning lathe. To determine the pressure dependency parameter compression samples
of 4x4 mm, as well as small tensile bars, were milled from the center of another plate to
assure both sample geometries experienced the exact same thermal history.

Annealing treatments were performed using hot air circulating ovens at various annealing
temperatures and annealing times. Prior to testing annealed samples were allowed to cool
down to room temperature.
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4.2.2 Experimental methods

Uni-axial compression tests were performed on a Zwick 1475 tensile tester equipped with
a 100kN load cell at several true strain rates and temperatures (using an MTS temperature
chamber). Friction between sample and steel plates was reduced by applying PTFE tape
(3M 4580) to the sample and PTFE spray (Griffon TF089) to the steel plates. True strain
rate control was used, under the assumption of incompressibility, i.e. a constant rate of
true strain, and true stress and true strain signals were recorded. During the compression
tests no bulging or buckling of the samples was observed indicating that friction is
sufficiently reduced. Tensile tests were performed on a Zwick Z010 tensile tester, at
room temperature, at a strain rate of10−3 s−1. Uni-axial notched tensile experiments were
performed on a servo-hydraulic MTS 831 tensile tester at a deformation rate of 300 mm/s.
Displacement and force signals were recorded. The impact energy was calculated as the
area under the force-displacement curve divided by the cross-sectional area behind the
notch. Results are taken as the mean value of 5 experiments.

4.2.3 Numerical methods

Finite element simulations were performed using the commercial package MSC Marc/Mentat®

where the EGP model is implemented in the HYPELA2 user subroutine. Uni-axial com-
pression simulations were performed using a single, linear, quadrilateral axi-symmetric
element with uni-axial loading conditions. For the impact simulations a quarter of the
notched ASTM tensile bars was meshed in 3D, using iso-parametric, eight node, linear
brick elements. The meshes consisted of 34590, 24180 and 25130 elements for radii
of 0.25, 0.4 and 0.8 respectively. The mesh size near the notch tip for all meshes is
approximately 0.03*0.03*0.075 mm (length*width*height). As an example, the mesh
with a notch radius of 0.25 is displayed in the figure below.

Y
XZ
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X

Z

Y

1A B

Figure 4.1: (a) Drawing of the FE mesh used. Shown is the mesh with a notch radius of 0.25
mm, consisting of 34590 linear brick elements. (b) Zoom-in on the notched part.
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4.3 Modelling

4.3.1 Constitutive model

The EGP model [40] is used in its multi-mode [27], multi-process [84] form with an
extension to incorporate a viscous contribution to strain hardening [24]. For completeness
a summary of the governing equations is given here. In the model the total Cauchy stress
is additively split in a hydrostatic component and a deviatoric component:

σ = σh +σd. (4.1)

The hydrostatic component described with a constant bulk modulusκ and the volume
change ratioJ :

σ
h = κ(J − 1)I. (4.2)

The deviatoric component consists of an elasto-viscoplastic driving stress and an elastic
hardening stress:

σ
d = σs +σr, (4.3)

where the strain hardening stress is described by the Edwards-Vilgis model, for details
see [24, 67]. For the driving stress thermo-rheological complex behaviour is taken into
account: two relaxation processes are assumed to work in parallel, anα-process (related
to the primary glass transition, i.e. main-chain segmentalmotion) and aβ-process (related
to the secondary glassy transition, i.e. partial main-chain or side-chain motion), each with
j andk individual modes respectively. A primary and secondary transition are typically
observed in polysulfones [85]. Furthermore it is assumed that the stress contribution of
each relaxation process can be described by an arbitrary number of discrete visco-elastic
Maxwell modes, i.e. using a spectrum of relaxation times. The expression for the driving
stress then reads:

σs = σs,α +σs,β (4.4)

= n∑
j=1

Gα,jB̃
d

eα,j
+ m∑

k=1

Gβ,kB̃
d

eβ,k
, (4.5)

with B̃
d

ex,i
the deviatoric part of the elastic, isochoric left Cauchy-Green strain tensor and

Gx,i the shear modulus. Note that subscriptx refers to a specific process,i to a specific
mode. Because of kinematic considerations the plastic rateof deformation tensorDp

has to be specified. This is achieved with a non-Newtonian flowrule relatingDp to the
driving stress with a viscosityηx,i:

Dpx,i = σsx,i

2ηx,i(T, τ̄x, p, Sa,x, Ir(B̃)) . (4.6)
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The viscosity is function of the equivalent shear stressτ̄x and absolute temperatureT and
is described by an Eyring type of relation. Furthermore it isextended to take hydrostatic
pressurep into account:

ηx,i = η0x,i(Ir(B̃)) τ̄x/τ0x
sinh(τ̄x/τ0x) exp(

∆Hx(Ir(B̃))
RT

) exp(µxp

τ0x
) exp (Sx) . (4.7)

Here,η0x,i is the initial viscosity,τ0x the characteristic shear stress,∆Hx the activation
enthalpy,R is the universal gas constant andµx is the pressure dependence parameter. The
viscous contribution to the strain hardening response expresses itself by a deformation-
dependent activation enthalpy and initial viscosity, using invariant functions of the total
strainIr(B̃), with B̃ the total isochoric elastic left Cauchy-Green strain tensor [24]. The
characteristic shear stressτ0x , the pressurep and the equivalent shear stressτ̄x are given
by:

τ0x = kBTV ∗x ; p = −1
3

tr (σ) ; τ̄x =
√

1

2
σx ∶ σx, (4.8)

in which kB is Boltzmann constant andV ∗x is the shear equivalent activation volume.
Intrinsic strain softening is captured with the state parameterSx:

Sx = Sa,xRγx(γ̄p). (4.9)

The initial valueSa,x uniquely defines the thermodynamic state of the material. Note that
the state parameter of theβ-process is taken as zero. The softening functionRγx , which is
a function of equivalent plastic strain̄γp, captures the softening kinetics [40] and is given
by:

Rγx(γ̄p) = [1 + (r0,x exp (γ̄p))r1,x
1 + rr1,x

0,x

]
r2,x−1

r1,x

, (4.10)

wherer0,x, r1,x andr2,x are constants. The equivalent plastic strainγ̄p is coupled to the
mode with the highest relaxation time, i.e. theα-mode wherei = 1, and can ben derived
from the corresponding equivalent plastic strain rate according to:

˙̄γp = τ̄α,1
ηα,1

. (4.11)

4.3.2 Material characterization

To obtain all model parameters for the EGP model several characterization steps have to
be performed. The parameters describing the large strain response, viz. the elastic and
the viscous contributions to strain hardening, were obtained in [139], see also this thesis,
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Chapter 2, which are both not affected by the thermodynamic state of the material. Given
the fact that in this chapter strain localisation is investigated, it is evident that the pre-
yield response and post-yield softening are of importance and need to be characterized.
Furthermore, they are affected by the thermodynamic state of the material. First the
softening parameters (point 5) are determined. To do so, thedriving stressσs is isolated
by subtracting the hardening stress from the total stress. The resulting driving stress as
shown in Figure 4.2a for PESU, can be split in an rejuvenated stressσrej and an ageing-
dependent yield drop∆σy. Assuming that at the yield point the equivalent plastic strain
γ̄p starts to evolve and that the softening function equals 1, wecan write:

Rγ (γ̄p) = σs − σrej

∆σy
. (4.12)

The resulting softening characteristic is shown in Figure 4.2b for all three materials.
Solids lines are fits with Equation 4.10, markers represent experimental data and a good fit
is obtained. It should be noted that the softening characteristic is assumed not to depend
on strain rate or temperature, which appears to be valid for the range of strain rates and
temperatures used in this study. Furthermore the parameters are assumed to apply to the
β-process as well, since no data was available in this regime to determine theβ-process
softening characteristic. The obtained softening parameters can be found in Table 4.2.
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Figure 4.2: (a) Resulting driving stress, the rejuvenated and the ageing-dependent yield drop
are indicated. (b) Softening characteristic vs equivalentplastic strain. Markers
represent experimental data, solid lines are fits using Equation 4.10. In both figures
the experimental data was obtained at a temperature of 22○C and a strain rate of10−4

s−1.

Next, the multi-mode relaxation spectrum is determined from the pre-yield response of a
single compression test (point 5). It has been shown that a multi-mode spectrum improves
the pre-yield description which is of utmost importance foruni-axial impact simulations
[27]. The method used relies on the time-stress superposition principle, and more detailed
information can be found in van Breemen et al. [27]. The multi-mode EGP model consists
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Table 4.2: Softening parameters for all three materials.

material r0,x r1,x r2,x
PPSU 0.965 45 -4.3
PSU 0.98 50 -4.0
PESU 0.97 60 -4.5

of an arbitrary number of generalized, non-linear Maxwell elements, that are assumed to
work in parallel and are fully related to theα-process. The constitutive behavior of such a
Maxwell element, in 1D, can be expressed by a Boltzmann integral in its relaxation form:

σs(t) = ∫ t

−∞

E (ψ − ψ′) ε̇(t′)dt′, (4.13)

whereσs(t) is the driving stress at timet, E is the relaxation modulus anḋε is the strain
rate. The stress reduced timeψ and the pending stress reduced timeψ′ can be calculated
by integration of the stress-shift factoraσ(σ) [167,168], which implies that the relaxation
time of the Maxwell elements becomes shorter when a stress isapplied. For a multi-mode
spectrum the relaxation modulus is expressed as:

E(t) = n∑
i=1

Ei exp (− t
λi
) , (4.14)

with λi the relaxation time of modei. Substitution of this equation into the previous
yields:

σs(t) = n∑
i=1

[Eiε̇∫ t

−∞

exp(ψ −ψ′
λi
)dt′] . (4.15)

The multi-mode spectrum is thus characterized by a discretespectrum of relaxation times.
To obtain the relaxation spectrum the driving stress up to yield is isolated from the total
stress, measured in a single compression test, by subtracting the elastic hardening stress
and the above integral is evaluated at every experimental time point for each seperate
relaxation time. The experimental curve is obtained at a temperature of 22○C, at a strain
rate of10−3 s−1 where no influence of theβ-process is observed. The obtained spectrum is
thus fully related to theα-process. The number of relaxation times necessary is somewhat
arbitrary, but in general one relaxation time per decade of time is necessary to obtain an
accurate description. A too low number of modes results in a non-smooth relaxation curve
while a too high number will only result in excessive computation times. The number of
relaxation times, and thus the number of discrete modes, are23, 17 and 19 for PPSU,
PSU and PESU respectively.

The obtained elastic relaxation moduli are converted to shear moduliGα,i, see reference
[27], and the initial viscosities are subsequently calculated usingη∗

0α,i
= λi ⋅ Gα,i.
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The obtained spectrum is still related to an aged material and therefore the calculated
viscosities have to be corrected for the current thermodynamic state of the material.
This is done by equally shifting all viscosities along the time axis by a horizontal shift
only (time-aging time superposition principle), implyingthat all the relaxation times are
equally affected by physical ageing [27,28,169]:

η0α,i
= η∗0α,i

exp (−Sa) . (4.16)

To the obtained spectra the single shear modulus and initialviscosity of theβ-process,
taken from [139], see also this thesis, Chapter 2, are added yielding a total number of
modes of 24, 18 and 20 for PPSU, PSU and PESU respectively. Theobtained spectra for
all three polymers are listed in Appendix A.

In Figure 4.3 the influence of thermal history, achieved by severely annealing some of
the compression samples, on both the relaxation spectra (left column of figures) and the
corresponding intrinsic stress-strain response (right column of figures) of all polymers is
shown. The rejuvenated response, corresponding to the reference spectrum, are indicated
with the down triangles in all figures and are obtained using astate parameter equal to
zero, i.e. no strain softening. To describe the stress strain response of the material with
a different thermodynamic state, the reference spectrum isshifted with the appropriate
value ofSa (solid lines in Figure 4.3, left column of figures). To show that this shift
of the reference spectrum works well, the spectrum of the materials with a different
thermodynamic state are also determined using the method describe above (dashed
lines), and as can be seen these coincide indicating that time-stress superposition is an
adequate approximation for the present purpose. With the shifted reference spectra the
corresponding stress-strain curves are calculated and compared with experimental data;
results are shown on the right-hand side of Figure 4.3. With an increase in annealing
temperature (annealing time is 24 hours) both the yield stress and strain softening
(the decrease in stress after yield) increase whereas the large strain response remains
unaffected by ageing. As can be seen the obtained softening parameters describe the strain
softening response accurately. With an increase in yield stress upon ageing, the value of
the state parameter increases likewise and the shift of the reference spectrum accurately
describes the pre-yield response for PPSU and PESU. For PSU the magnitude of the yield
stress is captured accurately, however, for the severely aged sample physical ageing does
not only result in an increase of the yield stress (and strainsoftening), but also the modulus
is affected. With annealing the modulus displays a strongerincrease than observed in the
other two materials. This mismatch becomes also apparent inthe relaxation spectrum,
where the initial modulus of the aged material (dashed line)is higher than the one of the
shifted reference spectrum (solid line). To capture the increase in modulus in PSU a so-
called vertical shift, which is not uncommon [28, 169], would also be necessary to fit the
experimental pre-yield response of the aged samples. It appeared that this can effectively
be achieved by increasing the value of the firstα-mode shear modulus (Gα,1) from 325
MPa to 520 MPa, to fit the experimental pre-yield data. For allother EGP simulations
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on PSU, this increase in modulus is checked and if needed accounted for by changing the
value of (Gα,1).
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Figure 4.3: Left figures: obtained relaxation spectra. Solid lines indicate shifted reference
spectrum, dashed lines are the actual spectra directly obtained from the stress-
strain curve. Right figures: Uni-axial compression curves for samples with different
thermal histories. Markers represent experimental stress-strain curves, solid lines
are model simulations employing the shifted reference spectra.

The obtained material parameters are further validated by performing uni-axial com-
pression simulations at several strain rates and compare the results to experimental
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data. In Figure 4.4a the compressive stress-strain curves are shown, measured at room
temperature. The EGP model accurately describes the uniaxial compression response
of the three polymers. In comparison, PPSU displays the moststrain hardening, also
indicated by the value of the elastic hardening modulusGr which equals 8 MPa, followed
by PSU (Gr = 5.3 MPa) and PESU (Gr = 4 MPa). Interestingly, the drop in stress
after yield follows the opposite trend (see also Figure 4.2). The balance between strain
hardening and strain softening is believed to be important for the toughness of the
polymer: moderate strain softening and pronounced strain hardening are typical of a tough
material, e.g. polycarbonate, whereas pronounced strain softening and only moderate
strain hardening are typical for a brittle material, e.g. polystyrene [18]. Figure 4.4b
shows the rate-dependence of the yield stress measured in uni-axial compression at room
temperature. Solid lines are EGP simulations. With an increase in strain rate the typical
increase of yield stress is observed and captured accurately by the EGP model.
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Figure 4.4: (a) Stress-strain curves for all polymers, measured at a strain rate of10−3 s−1 at room
temperature. (b) Yield stress versus strain rate measured at room temperature. In
both figures markers represent experimental data, solid lines are model simulations.

4.4 Results and discussion

4.4.1 Quantifying ageing-induced embrittlement

It is well known that the crazing behavior of a polymer is controlled by the entanglement
density [170]. By altering the network density of PS-PPE through variation of the
PS/PPE ratio in the blend, van Melick et al. [160] showed thatthe critical hydrostatic
stress increases with increasing network density. The hydrostatic stresses reported
were obtained with a previous version of the EGP model. To further investigate this
relation, the critical hydrostatic stress for PPSU, PSU andPESU were determined to
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be able to compare the three systems together with literature results. The method
used is based on the coupling of the evolution of yield stressand the evolution of
embrittlement upon progressive ageing as proposed by Engels et al. [140]. For a specific
annealing temperature, the measured time-to-embrittlement can be related to a value of
the evolving yield stress, viz. a value of the state parameter Sa. According to the method,
for each annealing temperature the value of the critical yield stress corresponding to
embrittlement should, within experimental error, be the same. This was confirmed by
Visser et al. [171] , who showed for polyvinylchloride (PVC)that the critical yield stresses
corresponding to the ductile to brittle transition at threedifferent anneal temperatures
showed little variation. In other words, to a good approximation, there is a single critical
thermodynamic state, reflected by a critical value of the state parameter, that marks the
onset of embrittlement.

The evolution of embrittlement (top figures) and yield stress (bottom figures) upon ageing
for PSU and PESU is shown in Figure 4.5. The notch impact energy is calculated from the
area under the force-displacement curve, divided by the cross-sectional area behind the
notch. The high energy levels correspond to ductile failure, manifested by large plastic
deformation of the sample in the form of shear lips; the lowerenergy levels correspond
to brittle failure, characterized by small to negligible plastic deformation and a rough
fracture surface (see Figure 4.10). In full agreement with observations of LeGrand [107]
and Engels et al. [140], the transition from a ductile failure mode to a brittle one occurs
on a shorter time-scale for higher anneal temperatures. This transition is directly related
to an increase in yield stress, shown in the lower figures. With increasing annealing
time the yield stress is observed to increase at all annealing temperatures. The vertical
dashed lines in all figures represent the so-called time-to-embrittlement, taken as the time
where the impact energy is midway between the ductile and brittle value, and are used to
determine a corresponding critical yield stress (horizontal dashed lines). For PSU these
are 76.7, 77.4 and 76.7 MPa for anneal temperatures of 100, 120 and 140○C respectively.
For PESU these where found to be 89.9, 90.5 and 90.7 for annealtemperatures of 100,
120 and 140○C respectively. These values are well within a range of 1 MPa,and in
good agreement with the hypothesis of of a single critical thermodynamic state dictating
the transition from ductile to brittle failure. Additionalevidence for the existence of
a single critical thermodynamic state can be obtained by applying Time-Temperature-
Superposition (TTS), which is shown in Figure 4.6 for PPSU. Using TTS, the data,
both yield and embrittlement can be shifted to a similar reference temperature (in this
case 150○C). Interestingly, both the evolution of yield stress as well as embrittlement
can be shifted to a master curve using the same set of shift factors (depicted in Figure
4.7). An Arrhenius relation between shift factor and the reciprocal of the annealing
temperature is obtained, which directly implies that a single activation energy applies
to both the evolution of yield and embrittlement, in agreement with literature findings on
polycarbonate [140]. The value of the critical yield stressis easily obtained and was found
to be 77.6 MPa for PPSU.

The obtained critical yield stresses are a measure of the thermodynamic state of the
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Figure 4.5: Evolution of embrittlement and the yield stress (measured at a strain rate of10−3 s−1)
upon ageing for (a) PSU and (b) PESU, at a temperature of 22○C. Markers represent
experimental data, solid lines are a guide to the eye. Dashedgrey lines show the
determination of the critical yield stress.

material and are directly related to a unique value of the state parameterSa in the EGP
model [40]. The critical state parameters are obtained withEGP model simulations of
a tensile test, using a single axi-symmetric element with uni-axial boundary conditions.
The value of the state parameter is adapted to match the simulated yield stress to the the
experimentally determined critical yield stress, and hence the critical valueSc

a is obtained.
This resulted in values of 24.9, 24.3, and 27.2 for PPSU-3, PESU and PSU respectively.

The obtained value ofSc
a is used as input for the EGP simulation of the impact experiment.

In Figure 4.8 the result of the impact simulations for the three systems is shown. It
must be noted that there is no failure criterion implementedin the model, implying that
simulations are stopped after a certain amount of time to avoid excessive computation
times. These times were chosen such that they were always well beyond the experimental
point of failure. In the top figures the simulated force-displacement curves are shown.
The marker represents the maximum force measured in the actual impact experiments.
The bottom figures show the build-up of hydrostatic stress asa function of displacement.
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Figure 4.6: (a) Evolution of embrittlement and the yield stress (measured at a strain rate of10−3

s−1) upon ageing for PPSU-3 measured at a temperature of 22○C. In (b) the master
curves are shown for a reference temperature of 150○C, using shift factors shown in
Figure 4.7. Markers represent experimental data, solid lines are a guide to the eye.
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The maximum hydrostatic stress occurring is extracted fromeach node on the symmetry
line directly underneath the notch. Initially, the hydrostatic stress builds up close to
the surface of the notch, however with ongoing (plastic) deformation the maximum in
hydrostatic stress follows the boundary of the plastic deformation zone towards the centre
of the bar. At the plastic zone boundary voiding is initiated, as was nicely demonstrated
experimentally by Narisawa et al. [162], Gearing and Anand [165] and van Melick et
al. [160]. At this point the hydrostatic stress has reached acritical level. The bottom
figures in Figure 4.8 show images of the FE meshes at the point of reaching the critical
hydrostatic stress. To show that the position of the maximumhydrostatic stress before
failure corresponds to the position where voids are initiated, the simulation is compared
to the fracture surface of a notch bar of PPSU-3 (Figure 4.9).As can be seen, the positions
indeed appear to match.
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Figure 4.8: Top: simulated force-displacement curves. The square marker indicates the
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point of reaching the critical value of the hydrostatic stress. Color bands indicate the
magnitude of the hydrostatic stress.

Interestingly, for PPSU-3 the maximum in hydrostatic stress is reached before a maximum
in force. For PSU the maximum in force is reached at the maximum occuring hydrostatic
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Figure 4.9: Simulation compared to the fracture surface of a notched barof PPSU-3. The
simulation results is taken at the point of maximum occuringhydrostatic stress
before failure (diamond marker in Figure 4.8), the grey scale indicates the magnitude
of the hydrostatic stress.

stress, whereas for PESU the maximum in force is already reached before the maximum
hydrostatic stress is reached. First it should be noted thatthe hydrostatic stress reaches
more of a plateau level rather than a sharp maximum. A possible explanation for
the mismatch between the maximum in hydrostatic stress and experimentally observed
maximum force for PPSU-3 is that the crazes that develop after voiding are still capable
of carrying a load leading to a higher force before failure inexperiments. It has been
shown that this effect is more pronounced for high molecularweight materials, whereas
for low molecular weight materials the maximum in hydrostatic stress and maximum in
force appear to coincide [140]. For PESU this obviously doesnot hold and a possible
cause might be related to a rather different fracture surface than seen in PPSU and PSU,
see Figure 4.10. For PESU the cracks have propagated into a large volume behind the
notch whereas PSU and PPSU only show crack propagation in theplane behind the
notch. Another explanation could be the fact that a single critical yield stress, and thus
state parameter is identified, whereas in reality a distribution of yield stress is observed
over the cross-sectional area of the tensile bar, especially for low mold temperatures
[172]. Taking this distribution into account could yield improved simulation results. The
critical value of the hydrostatic stresses obtained are 106.2 and 80.8 MPa for PPSU-3
and PSU respectively, indicated with the diamond markers inthe figure. For PESU the
critical hydrostatic stress would be in that case be 90.4 MPa, however because of the
earlier occurrence of failure the value is taken at the displacement-to-break observed in
experiments and yields in that case 86.6 MPa.

In Figure 4.11 the obtained critical hydrostatic stresses are plotted as a function of
entanglement density, including literature values for PC [140], polymethylmethacrylate
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Figure 4.10: (A) Impact sample showing ductile failure. Other images show the fracture surfaces
of (B) PPSU, (C) PESU and (D) PSU after brittle failure.

(PMMA) [163], polyvinylchloride (PVC) [173], polyethyleneterephthalate (PET) [174],
polyphenyleneoxide (PPO) [175], and PS-PPO blends [160] for comparison. The
entanglement densities of PPSU, PC, PET, PPO, PMMA and PSU are calculated from
densities and molecular weights between entanglements reported by Fetters et al. [83]
using:

νe = ρNa

Me
(4.17)

with ρ the density,Na Avogadro’s constant andMe the molecular weight between
entanglements. The entanglement density of PESU was directly derived from the plateau
modulus measured with a DMTA experiment (νe = G0

N/kBT ). The results in Figure 11
clearly show an increase in the critical hydrostatic stresswith entanglement density which
is in full agreement with literature. It can be concluded that the resistance to voiding
increases with increasing entanglement density. It shouldbe noted that all experiments
and simulations in the current study have been performed at atemperature of 22○C,
i.e. the distance to the glass transition temperatureTg is different for each material.
Comparing the hydrostatic stresses toTg does not yield a satisfactory trend.

Deviations from the general trend could be caused by the factthat the critical hydrostatic
stress depends on the molecular weight of the polymer: Engels et al. [140], but also
LeGrand [107], showed that molecular weight influences embrittlement. For a high
molecular weight, the transition from ductile to a brittle failure mode occurs on a later
in time than for a low molecalar weigth material, which directly implies an increase of
the critical yield stress and thus the critical hydrostaticstress with increasing molecular
weight. A similar observation was made by Pitman et al. [176]and Golden et al. [110]: a
lower molecular weight yielded a lower craze stress. In contrast, the ageing kinetics and
intrinsic deformation response are hardly affected by molecular weight [40,140].
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Figure 4.11: Critical hydrostatic stress as function of entanglement density. Open markers
represent values obtained with FE simulations, closed markers employing slip-line
theory (for references see text).

To show the effect of molecular weight three other material grades of PPSU are examined
in a similar way as PPSU-3. In Figure 4.12a the influence of molecular weight on
embrittlement is shown. As can be seen the time-to-embrittlement increases with
increasing molecular weight. Furthermore it appears that the initial value as well as the
final value of the impact energy increase with increasing molecular weight.
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Figure 4.12: (a) Influence of molecular weight on embrittlement for an anneal temperature of
170○C. Markers represent measured values, solid lines are a guide-to-the-eye. (b)
Influence of molecular weight on critical hydrostatic stress.

From a numerical point of view, since time-to-embrittlement increases with molecular
weight the critical hydrostatic stress should increase likewise due to the increase of the
critical state parameter. Numerical simulations are performed for each molecular weight
with the value of the critical state parameter corresponding to the time-to-embrittlement
of each grade. The results are summarized in Table 4.3. The critical hydrostatic stresses
found where 102.6, 103.8 and 105.8 MPa for PPSU-1, PPSU-2 andPPSU-4 respectively.
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The relation between number averaged molecular weight and critical hydrostatic stress
is depicted in Figure 4.12b. With an increase in molecular weight from ≈12 to ≈16
kg/mol the critical hydrostatic stress increases approximately 3 MPa. The deviating value
of PPSU-4, having the highest molecular weight but a similarcritical stress as PPSU-
3, could be caused by differences in polydispersity. Another reason could be the fact
thatMn is used, whereas Tervoort et al. [177] advocate the use of a corrected value:
φM∗

n . Doing so one corrects for the low molecular weight chains that actually dilute the
system. Unfortunately the molecular weight distributionswere not available to perform
this correction. Considering how well entangled all gradesare, the ratioMw/Me ranges
from 16 to 20, it is unlikely that a change from chain breakageto chain slip or vice-versa
occurs. It might very well be that the critical hydrostatic stress reaches a plateau value at
high molecular weight, similar to what is often observed forthe tensile strength [178] and
fracture [179].

Table 4.3: Time-to-embrittlement (at a reference temperature of 150○C), critical yield stress,
critical state parameter values and critical hydrostatic stresses for the four grades
investigated.

tembrittlement@ 150○C [s] σc
y [MPa] Sc

a [-] σc
H [MPa]

PPSU-1 4.5 ⋅ 104 74.6 23.0 102.6
PPSU-2 9.5 ⋅ 104 75.3 23.2 103.8
PPSU-3 9.5 ⋅ 105 77.4 24.9 106.2
PPSU-4 5.4 ⋅ 105 76.9 24.7 105.8

4.4.2 Predicting embrittlement of notched tensile bars

To further test the validity of a hydrostatic stress criterion, the ageing induced embrit-
tlement of notched tensile bars made from PPSU-3, having a different notch geometry
(notch radius of 0.4 mm), is predicted using the obtained value of the critical hydrostatic
stress for PPSU-3. The hypothesis is that the critical hydrostatic stress does not depend on
notch geometry and that one can thus predict embrittlement using the critical hydrostatic
stress as a criterion for the onset of brittle failure. EGP simulations are performed using
again a mesh of an ASTM tensile bar, now with a notch radius of 0.4 mm. In Figure 4.13
the result for these simulations is shown for several valuesof the state parameter. Again,
an increase in the state parameter yields an increase in the maximum hydrostatic stress.
The grey dashed line represents the critical stress for PPSU-3 (σc

H = 106.2 MPa). It was
found that to reach the critical hydrostatic stress a value of 31.7 for the state parameter
was needed; this value is clearly higher than obtained for a notch radius of 0.25 mm.
Reason for this is the less severe build-up of hydrostatic stress behind the notch in case of
a larger notch radius. This directly implies an increase in the time-to-embrittlement, i.e.
embrittlement occurs on a longer time scale. The value of thestate parameter is used as
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input for a single element tensile simulation to determine the critical yield stress (σc
y = 84.2

MPa). Using Figure 4.6a, this critical yield stress corresponds to a time-to-embrittlement
of 4.85⋅108 seconds (at a reference temperature of 150○C).
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Figure 4.13: Build-up of hydrostatic stress for a notch radius of 0.4 mm for several values of
the state parameter. The grey dashed line represents the critical stress for PPSU-3
(rnotch = 0.25 mm)

.

The obtained time-to-embrittlement is verified with impactexperiments on notched
tensile bars with a notch radius of 0.4 mm, annealed at different temperatures. The
experimental impact energies are again shifted to the reference temperature of 150○C
to construct a master curve. Results are shown in Figure 4.14b. For comparison, the data
obtained for r = 0.25 mm from Figure 4.6b is added (light grey symbols). As expected,
embrittlement of the notched tensile bars with a larger notch radius does indeed occur on
a longer time scale. The ductile and brittle impact energy levels also seem to increase with
increasing notch radius. The experimentally obtained time-to-embrittlement is indicated
with the grey dashed line and was found to be 3.7⋅108 seconds, at a reference temperature
of 150○C; in good agreement with the predicted value. The results confirm that the critical
hydrostatic stress does not depend on notch geometry and proves to be a valid choice in
predicting embrittlement.
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Figure 4.14: (a) Notched impact energy as function of anneal time for PPSU-3 with a notch
radius of 0.4 mm. (b) The mastercurve, for a reference temperature of 150○C.
Markers represent experimental data, dashed black lines are guides to the eye.
The grey and red dashed lines represent the measured and predicted time-to-
embrittlement respectively. The markers in light grey represent data obtained for a
notch radius of 0.25 mm.

4.5 Conclusions

Using a previously developed hybrid experimental-numerical method the ageing-induced
embrittlement of three amorphous polymers was investigated. Coupling the evolution
of yield stress of tensile bars to the evolution of embrittlement of notched tensile bars
upon ageing, the critical hydrostatic stress was determined for PPSU, PESU and PSU.
The obtained values correlate well with entanglement density: a denser network leads to
a higher critical hydrostatic stress i.e. a higher resistance against voiding. Using the
hydrostatic stress as a criterion the time-to-embrittlement of samples with a different
notch geometry could be predicted. Although the critical hydrostatic stress appears to
be material specific, it does depend on molecular weight. This given fact was investigated
for PPSU and with an increase in molecular weight the critical hydrostatic stress, albeit
in only a few MPa, increases as well. All impact experiments and simulations in this
study are performed at a single temperature and deformationrate. The influence of test
temperature and deformation rate will be topic of a future publication.
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4.6 Appendix A: Multi-mode relaxation spectra

The multi-mode spectra for each material determined in thischapter (see Figure 4.3) are
listed in the tables below. Note that the viscosities were determined at a temperature of
23○C and for the unaged reference state, i.e.Sa = 0.

The relaxation spectrum for PPSU:

Table 4.4: Multi-mode relaxation spectrum for PPSU.

PPSU
mode Gx,i [MPa] η∗

0x,i
(23○C) [MPa⋅s]

α,1 291.3 2.749⋅ 1019

α,2 30.98 3.818⋅ 1017

α,3 30.22 4.864⋅ 1016

α,4 25.20 5.294⋅ 1015

α,5 19.96 5.475⋅ 1014

α,6 18.52 6.634⋅ 1013

α,7 16.10 7.530⋅ 1012

α,8 15.45 9.435⋅ 1011

α,9 14.54 1.159⋅ 1011

α,10 14.40 1.499⋅ 1010

α,11 13.31 1.808⋅ 109

α,12 13.57 2.408⋅ 108

α,13 13.47 3.120⋅ 107

α,14 13.27 4.014⋅ 106

α,15 13.41 5.296⋅ 105

α,16 12.51 6.451⋅ 104

α,17 12.55 8.452⋅ 103

α,18 12.13 1.066⋅ 103

α,19 12.30 1.412⋅ 102

α,20 13.44 2.015⋅ 101

α,21 16.86 3.300⋅ 100

α,22 13.08 3.342⋅ 10−1

α,23 15.11 5.040⋅ 10−2

β,1 300 3.011⋅ 10−2
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The relaxation spectrum for PSU:

Table 4.5: Multi-mode relaxation spectrum for PSU.

PSU
mode Gx,i [MPa] η∗

0x,i
(23○C) [MPa⋅s]

α,1 325.2 3.862⋅ 1017

α,2 63.78 1.006⋅ 1016

α,3 23.03 2.759⋅ 1014

α,4 17.29 5.706⋅ 1013

α,5 13.58 1.235⋅ 1013

α,6 13.29 3.329⋅ 1012

α,7 10.34 7.135⋅ 1011

α,8 11.10 2.110⋅ 1011

α,9 5.77 3.025⋅ 1010

α,10 12.33 1.779⋅ 1010

α,11 17.53 1.921⋅ 109

α,12 16.97 4.216⋅ 107

α,13 13.32 7.510⋅ 105

α,14 10.84 1.387⋅ 104

α,15 9.16 2.658⋅ 102

α,16 6.38 4.200⋅ 100

α,17 2.20 3.286⋅ 10−2

β,1 300 3.998⋅ 10−3
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The relaxation spectrum for PESU:

Table 4.6: Multi-mode relaxation spectrum for PESU.

PESU
mode Gx,i [MPa] η∗

0x,i
(23○C) [MPa⋅s]

α,1 396.6 2.224⋅ 1018

α,2 31.56 3.460⋅ 1016

α,3 20.93 4.923⋅ 1015

α,4 25.92 1.308⋅ 1015

α,5 18.03 1.953⋅ 1014

α,6 16.27 3.780⋅ 1013

α,7 13.65 6.804⋅ 1012

α,8 12.13 1.230⋅ 1012

α,9 9.24 2.122⋅ 1011

α,10 12.04 5.929⋅ 1010

α,11 3.83 4.046⋅ 109

α,12 14.92 3.384⋅ 109

α,13 17.00 9.125⋅ 107

α,14 15.62 1.984⋅ 106

α,15 15.60 4.691⋅ 104

α,16 14.13 1.006⋅ 103

α,17 19.97 3.364⋅ 101

α,18 22.13 8.828⋅ 10−1

α,19 20.08 1.896⋅ 10−2

β,1 300 0 1.541⋅ 100





Chapter 5

Predicting plasticity-controlled failure
of glassy polymers: Influence of
stress-induced progressive ageing

Abstract: This chapter focuses on the prediction of long-term failureof glassy
polymers under static or cyclic loading conditions, including the role of stress-
induced progressive ageing. Progressive physical ageing plays a dominant role in a
polymer’s performance under prolonged loading conditions, and to obtain accurate
predictions of failure its effect has to be considered. First, the ageing kinetics, as
influenced by temperature and stress history, are studied extensively. Similar to an
elevated temperature, the application of a stress (below the yield stress) activates
the ageing process, and as a result the yield stress will evolve faster in time.
The activation by stress appears to be limited; at some stress level the activation
stagnates and is followed by rejuvenation. This evolution is captured in a model
by introducing a state parameter, which describes the thermodynamic state of the
material and is directly linked to the yield stress. With theageing kinetics included
in the model, an accurate prediction of the failure time for cyclic loading conditions
is obtained. For static loading conditions however, the effect of physical ageing is
overestimated because of the stagnation of the activation by stress. It appears that
there are marked differences in the stress level where stagnation and subsequent
rejuvenation occur for a cyclic or static load.

Reproduced from: C.C.W.J. Clarijs, M.J.W. Kanters, M.J. van Erp, T.A.P. Engels & L.E. Govaert,
submitted toJ. Pol. Sci. Part B: Pol. Phys., 2019
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5.1 Introduction

Polymers are increasingly used in demanding load bearing applications, with service
life time requirements typically in the order of decades. Itis therefore of utmost
importance to be able to predict the long-term (mechanical)performance. Performing
real-time experiments over the entire service life time of apolymer component is highly
impractical. Consequently, experimental as well as numerical methods are preferred that
predict this performance based on short-term tests only, such that premature failure under
long-term loading can be accurately predicted. Additionally, such methods potentially
support the process of designing new materials with improved long term properties.
Typically, for a polymer under load, several mechanisms areactive that eventually lead to
failure [180,181]: I) plasticity-controlled failure, II)slow crack growth and III) chemical
degradation. In the present study the focus is on predictingthe first failure mechanism,
also referred to as delayed yielding or creep rupture, usinga constitutive model that
accurately describes the polymer’s intrinsic deformationresponse.

The application of a constant load (or stress) to a glassy polymer will, similar to an
increase in temperature, lead to an increase in molecular mobility [95, 96], although
the exact conformational changes related to the increase inmobility are not yet fully
understood. In contrast to temperature however, stress preferentially promotes molecular
mobility in the direction of the stress applied, and it is shown that the increase in molecular
mobility results plastic flow [97]. During a constant strainrate experiment similar events
happen: the overall stress level will increase with increasing deformation, leading to an
increase in molecular mobility and the resulting plastic flow rate. At some point, a steady
state is reached where the plastic flow rate exactly matches the experimentally applied
strain rate; the stress associated with this point is calledthe yield stress. With an increase
in applied strain rate, a higher molecular mobility is required and thus higher stress levels,
which explains the typically observed rate dependence of the yield stress. The resulting
equivalence between the steady state reached in a constant stress experiment and that in a
constant strain rate experiment was first demonstrated by Bauwens-Crowet et al. [99].
They also demonstrated the importance of the yield kineticsin long-term failure. In
combination with models developed to describe the short-term time-dependent response,
a thorough assessment of the yield kinetics enables the prediction of long-term plasticity
controlled failure of polymer glasses, including actual products [100,105,182].

Next to the yield kinetics, another important phenomenon governing the performance of
glassy polymers is physical ageing. Being typically not in thermodynamic equilibrium
below their glass transition temperature, polymer glasseswill strive towards equilibrium
in time, leading to a corresponding evolution of propertiesin time [28,29,183]. Typically,
thermodynamic variables such as free energy and specific volume will decrease [29,183],
whereas relaxation times will increase and mechanical properties will evolve likewise,
e.g. an increase in elastic modulus and yield stress in time.

The rate at which the ageing process proceeds is strongly enhanced by temperature and
stress. The influence of temperature is well-known; conditioning samples at elevated
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temperatures below the glass transition, a thermal treatment usually referred to as
annealing, leads to an increase in yield stress [108, 184]. Because of the elevated
temperature, the molecular mobility increases, leading toaccelerated densification and
increase in modulus and yield stress. Similarly, a combination with application of stress
during annealing will increase molecular mobility even further, and the yield stress will
rise even faster. The accelerating effect of stress on physical ageing was already observed
by Vincent [185], who showed that plastically deformed polyvinyl chloride, unloaded
to zero stress, exhibits no strain softening upon reloading, whereas the same material
unloaded to just below the yield stress, i.e. relaxation, displayed an increased yield
stress and strain softening upon reloading. Other evidencethat an application of stress
(below the yield stress) enhances the physical ageing process can for example be found
in the results of Kramer [186], Gui and Nanzai [187] and Klompen et al. [188]. The
increased relaxation times in annealed samples compared tonon-annealed samples will,
when both are subjected to a load of similar magnitude, lead to a longer time-to-failure
for the annealed samples compared to non-annealed samples [188,189].

A similar effect will also occur during prolonged exposure to an applied stress during the
actual life time of a product, or during the laboratory experiment: a phenomenon known as
progressive ageing [28], and will affect the performance. This process will ultimately give
rise to an apparent asymptotic increase of life time at a certain stress level, a phenomena
usually referred to as an endurance or fatigue limit [188, 190, 191]. Since this endurance
limit is caused by progressive ageing, it is certainly not a material property in itself. Its
value is strongly influenced by thermodynamic state, environmental conditions, loading
conditions, and even the wave shape in cyclic fatigue counts[192]. Besides not being a
material property, the name endurance limit suggests that below this load level no failure
will occur. This is certainly not true in case of polymers, since the limit only concerns
plasticity-controlled failure while the other failure mechanisms, slow crack growth and
degradation, remain unaffected, and hence failure will eventually always occur.

The improvement in life time is principally caused by an increase in yield stress and,
unfortunately, comes at a cost; upon physical ageing strainsoftening increases as well, and
a stronger tendency to strain localisation results [21], ultimately leading to brittle failure
under impact conditions [107, 176, 193]. However, with proper methods this change
in failure mode under impact conditions can be predicted: the increase in yield stress
leads to increases in local hydrostatic stress levels and brittle failure is triggered when the
hydrostatic stress exceeds a critical value [140,148], seealso this thesis, Chapter 4.

A successful way of taking progressive ageing into account for long-term predictions,
using the Eindhoven Glassy Polymer (EGP) constitutive model, was presented by
Klompen et al. [40, 188]. Besides a thorough evaluation of the necessary deformation
kinetics, the ageing kinetics of polycarbonate were characterized by measuring yield
stresses after different anneal treatments. The acceleration by stress was measured
using (only) two different constant loads, and the kineticswere subsequently assumed
to hold for all stresses and temperatures. Within the EGP framework, Klompen et
al. [40] introduced a state parameter that uniquely describes the thermodynamic state of a
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polymer. Implementing a description for the evolution of this state parameter into the EGP
model enabled the prediction of plasticity-controlled failure of tensile bars under influence
of progressive physical ageing, and the endurance limit waspredicted [188]. The same
approach was also used by Janssen et al. [194] for predictions of life time in cyclic
fatigue. However, they reported that the effect of progressive ageing was significantly
underestimated in cyclic fatigue using the same model. Thiswas explained by assuming
that the evolution of yield stress under cyclic loading proceeds much faster compared to
static loading with the same maximum stress, even though theaverage stress experienced
by the polymer is lower. It thus appears that the accelerating effect of stress on physical
ageing under a static or cyclic load is different.

In this chapter we present more evidence for the effect of stress, both static and cyclic,
on the evolution of the mechanical properties of a glassy polymer. An extensive data
set was generated to fully asses the ageing kinetics over a wide range of temperatures and
stress histories. Furthermore, the deformation kinetics are studied for different strain rates
and temperatures. A previously proposed equation describing the evolution of the state
parameter is implemented in the Eindhoven Glassy Polymer model [24, 27], following
the work of Klompen et al. [40]. Subsequently the time-to-failure during both static
and dynamic fatigue as function of load and temperature is predicted and compared with
experiments.

5.2 Background

5.2.1 Physical ageing and mechanical rejuvenation

As mentioned, polymer glasses will strive towards equilibrium in time, which affects
their physical and mechanical properties. Typically, the yield stress of a polymer glass
increases in time. This process, and the effect of stress on it, is illustrated in Figure
5.1a for polycarbonate (PC). At an elevated temperature (80○C), but well below the glass
transition (155○C), the yield stress increases in time (circles). Upon the application of
a stress the ageing process is accelerated and the yield stress increases faster. Note
that the deformations during this process are small, indicating that contribution of strain
hardening is negligible. Both types of data, viz. ageing accelerated by temperature or
by a combination of temperature and stress, can be shifted towards a smooth master
curve as shown in Figure 5.1b, using reduced time approaches: ageing time-temperature
superposition (TTS) [195,196] and ageing time-stress superposition (TSS) [167].

However, the range of stress that can be applied is limited, since it is well known that
the application of stress to a polymer glass results in an increase in molecular mobility
[95,96] causing a plastic flow rate [97]. This plastic flow induces strain softening, which
effectively erases the effects of physical ageing. In Figure 5.2a the evolution of strain
in time for PC is displayed, for an applied load of 50 MPa at room temperature. The
creep response under these conditions was measured numerous times, and each time the
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Figure 5.1: (a) Evolution of the yield stress of PC as a function of annealing time for different
applied stress at 80○C. Markers represent experimental data, solid lines are a guide-
to-the-eye. (b) The master curve constructed from (a) for a reference stress of 0 MPa
and a temperature of 80○C, compared to a master curve obtained from temperature
data only. Experimental data is taken from Klompen et al. [40].

sample was unloaded after different loading time. After unloading the residual strain
was measured and a constant strain rate experiment was performed to measure the yield
stress. The results of these measurements are shown in Figure 5.2b, and it is observed that
initially the residual strain and yield stress remain constant, but in time the residual strain
starts to increase and simultaneously the yield stress decreases. The larger the residual
strain, the lower the resulting yield stress, indicating the occurrence of strain-induced
softening. The experimental results presented in Figures 5.1 and 5.2 suggest that both the
ageing and softening mechanism act at the same time upon the application of stress and
might compete with each other. To be able to accurately describe the long-term (plasticity
controlled) failure of polymers, both should be taken into account, which can be achieved
by use of an appropriate constitutive model.

5.2.2 Constitutive modelling of ageing kinetics

The EGP model [40] is used in its multi-mode [27], multi-process [84] form with an
extension to incorporate a viscous contribution to strain hardening [24]. In this section,
only the relevant governing equations for this study are given. For an overview of all
governing equations see Senden et al. [24]. In the model the plastic rate of deformation
tensorDp is related to the driving stress by a non-Newtonian flow rule with a viscosity
ηx,i, given by:

Dpx,i = σsx,i

2ηx,i(T, τ̄x, p, Sx, Ir(B̃)) , (5.1)

where the subscriptx, i refers to a specific processx and specific modei. The viscosity is
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Figure 5.2: (a) Evolution of strain in time for PC in uniaxial extension under a constant applied
stress. Markers represent the time of unloading (circles),and reloading (diamonds)
in a constant strain rate test to determine the yield stress.(b) Corresponding yield
stresses (squares) and residual strain (diamonds) as a function of time. The time of
failure (tf) is indicated with the black dashed line.

function of the equivalent shear stressτ̄x and absolute temperatureT and is described by
an Eyring type of relation. Furthermore it is extended to take hydrostatic pressurep into
account:

ηx,i = η0x,i(Ir(B̃)) τ̄x/τ0x
sinh(τ̄x/τ0x) exp(

∆Hx(Ir(B̃))
RT

) exp(µxp

τ0x
) exp (Sx) . (5.2)

Here, η0x,i is the initial viscosity,∆Hx the activation enthalpy,R is the universal gas
constant,µx is the pressure dependence parameter andτ0x the characteristic shear stress,
given by:

τ0x = kBT

V ∗x
. (5.3)

Here,kB is the Boltzmann constant andV ∗x the shear equivalent activation volume. The
viscous contribution to the strain hardening response expresses itself by a deformation-
dependent activation enthalpy and initial viscosity, using invariant functions of the total
strainIr(B̃) [24], with B̃ the total isochoric elastic left Cauchy-Green strain tensor. The
pressurep and the equivalent shear stressτ̄x are given by:

p = −1
3

tr (σ) ; τ̄x =
√

1

2
σx ∶ σx. (5.4)

The state parameterSx describes the thermodynamic state of the material and incorporates
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the softening functionRγ , which is a function of the equivalent plastic strainγ̄p [40]:

Rγx(γ̄p) = [1 + (r0,x exp (γ̄p))r1,x
1 + rr1,x

0,x

]
r2,x−1

r1,x

, (5.5)

with r0,x, r1,x and r2,x fit parameters. Next to the state parameterSx, a second state
parameter was introduced, capturing the changes in the activation enthalpy upon physical
ageing [24]. It was shown by Senden et al. [39] that the activation energy needed to
describe the temperature dependent yield stress of aged andmechanically rejuvenated PC
changes. This lead to the introduction of an ageing-dependent activation enthalpy in the
EGP model:

∆Hx(Ir(B̃)) =∆H0,x(Ir(B̃)) + SHx
Rγx(γ̄p), (5.6)

whereSHx
represent the aging-dependent contribution to the activation enthalpy, which is

equal to zero for a fully rejuvenated material. This effectively also changes the role of the
state parameterSx, which captures ageing-induced changes in the viscosityηx,i, implying
they are changes in entropy. Senden et al. [24] redefined the definition ofSx:

Sx = SSx
Rγx(γ̄p). (5.7)

The state parameterSSx
captures all ageing-induced changes in entropy and its value

increases with physical ageing. To be able to capture progressive physical ageing the
incorporation of the ageing kinetics in the model is based onthe work of Klompen et al.
[40]. In their work it was shown that the state parameter displays a logarithmic evolution
in effective ageing time. Since there are two state parameters in the model, a choice has to
be made which one will evolve with ageing. Although there is amarked difference in the
activation enthalpy for a mechanically rejuvenated and an aged material, the differences
in activation enthalpy upon further ageing are indistinguishable within experimental error
(see Section 5.4.2). Therefore it was decided to incorporate an evolution equation for the
state parameterSSx

only, and this evolution is captured with [188]:

SSα
(teff) = c0 + c1 log(teff + ta

t0
) , (5.8)

wheret0 = 1, c0 andc1 are constants,ta is the initial age that the determines the onset
of ageing, andteff is the effective ageing time. Note that the effect of ageing on theβ-
contribution is taken as zero, i.e.SSβ

= 0, and thus only a single, uniquely defined, state
parameter is used. The effective ageing time is determined using a reduced time approach:

teff = ∫ t

0

1

aT (T )aσ(τ̄ , T )dt, (5.9)
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with aT and aσ the shift factors capturing the influence of temperature andstress
respectively. The shift functions in Equation 5.9 are of theArrhenius type for the time-
temperature superposition and of the Eyring type for time-stress superposition [168]:

aT (T ) = exp(∆Ua

R
( 1
T
− 1

Tref
)) (5.10)

aσ(τ̄ , T ) = τ̄/τa
sinh(τ̄/τa) , (5.11)

where∆Ua is the activation energy for ageing,Tref is the reference temperature at which
the ageing kinetics are obtained.τa is the characteristic shear stress for ageing, given by:

τa = kBT

V ∗a
, (5.12)

with V ∗a the shear equivalent activation volume for ageing.

5.3 Experimental and numerical methods

5.3.1 Materials and sample preparation

The material used is Radel® polyphenylsulfone (PPSU), kindly supplied as granules by
Solvay Specialty Polymers (Alpharetta, GA, USA). Tensile bars were injection molded
on an Arburg Allrounder according to ASTM D638 Type I specifications, using a mold
temperature of 150○C. Annealing of the samples was performed in air circulatingovens
for different periods of time at different temperatures. Samples were allowed to cool
down to room temperature, followed by a day of rest prior to testing. Some samples were
subjected to a combined thermal and mechanical treatment, by applying a constant or
cyclic stress at different temperatures for various periods of time, followed by unloading,
a short waiting period and a subsequent tensile test to determine the yield stress (see
Figure 5.3).

Cylindrical samples for compression tests, measuring 6x6 mm (diameter x height),
were machined from 10 mm thick compression molded plates, molded at a temperature
of 370○C. Granules were allowed to melt in a mold covered with aluminium foil at
atmospheric pressure. Subsequently, the material was compressed up to 100 kN for 2
minutes and the mold was cooled down in a cold press at 20○C, applying little pressure.
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Figure 5.3: Schematic representation of the loading protocol used for the thermo-mechancial
treatments. The yield stressσy is indicated with the diamond marker.

5.3.2 Mechanical testing

Tensile tests were performed on a Zwick Z010 tensile tester equipped with a temperature
chamber and a 10 kN load cell. The deformation kinetics were measured at several strain
rates and temperatures. The yield stress evolution was monitored using tensile tests at
a strain rate of10−3 s−1. Static fatigue (creep) experiments were also performed on
a Zwick Z010 tensile tester, under force control. Cyclic fatigue experiments at 1 Hz
were performed on a servo-hydraulic MTS testing system, equipped with a temperature
chamber and a 25 kN load cell. Experiments were performed at various temperatures,
for different (maximum) stress levels, and in case of cyclicloading, various load ratios
(R = σmin/σmax). In each experiment the stress was applied in 10 seconds andthe longest
test duration was105 seconds.

Compression tests were performed on a Zwick 1475 tensile tester equipped with a
temperature chamber and a 100 kN load cell at a strain rate of10−3 s−1, at various
temperatures. Friction between sample and steel plates wasreduced by applying PTFE
tape (3M 4580) to the sample and PTFE spray (Griffon TF089) tothe steel plates. True
strain rate control was used, under the assumption of incompressibility, and true stress
and true strain signals were recorded.

5.3.3 Numerical methods

Finite element simulations were performed using the commercial package MSC Marc/Mentat®

where the EGP model is implemented in the HYPELA2 user subroutine. For computa-
tional time reasons, uni-axial tensile simulations were performed using a single, linear,
quadrilateral axi-symmetric element with uni-axial loading conditions. It has been shown
that geometry only has a minor influence on the calculated failure time by the EGP
model [194].
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5.4 Results and discussion

5.4.1 Stress-activated ageing

To illustrate the effect of stress on physical ageing and rejuvenation, results of the thermo-
mechanical treatments (see Figure 5.3) are shown in Figure 5.4a and b, for a temperature
of 125○C,. Here, the yield stress measured after the thermo-mechanical treatment is
plotted as a function of time under load for several applied stresses. Note that the range
of stresses that can be applied successfully is limited, since too low stresses do not lead
to any observable acceleration of physical ageing within anexperimentally acceptable
time, whereas too high stresses result in strain softening (or rejuvenation) and subsequent
failure already before the sample can be unloaded and a yieldstress can be measured. At
first sight a general trend can be observed: an increase in applied stress magnitude and
increasing time under load leads to an increase of the yield stress, and therefore a shift
to shorter ageing times (Figure 5.4a). In this range of stresses (between 15-30 MPa) the
application of stress clearly results in an acceleration ofthe ageing process. At slightly
higher stress levels however (35-36 MPa), there is still an increase in yield stress with
time, but overall the ageing process is not accelerated morecompared to lower stresses
(Figure 5.4b). Here it appears that the activation and acceleration by stressstagnates.
For even higher stresses applied (37-38 MPa), the yield stress hardly increases anymore
and at some point it even decreases. In this range there is no observable activation of
the ageing process anymore, likely caused by the fact that atthese high loads tertiary
creep is reached during the thermo-mechanical treatment, which leads to a decrease of
the yield stress, or in other words strain softening dominates (see also Figure 5.2). To
summarize, the application of stress clearly activates theageing process in the low stress
range, followed by stagnation at some intermediate stress levels, and strain softening
dominates (rejuvenation) in the high stress ranges.

Next, the yield stresses are manually shifted horizontallyto the lowest applied stress or
reference stress (in this case 15 MPa) using Time-Stress Superposition (TSS) to generate
the master curve presented in Figure 5.5a. The shift factorsaσ required to construct
the master curve are shown in Figure 5.5b. Within a certain range of applied stresses
the shift factors are observed to decrease, i.e. a clear indication that stress activates
physical ageing. At some stress level the shift factors reach a plateau level, indicating that
activation by stress stagnates, which is followed by an increase in shift factors, indicating
rejuvenation is occurring.

The solid black line in Figure 5.5b is a description assumingan Eyring type of shift
factor [168]:

aσ(σ,T ) = σVa

kBT

sinh (σVa

kBT
) (5.13)



Results and discussion 85

10
3

10
4

10
5

10
6

46

48

50

52

54

56

58

60

time under load [s]

yi
el

d 
st

re
ss

 [M
P

a]

 

 

T = 125°C

15MPa
20 MPa
25 MPa
30 MPa

(a) (b)

Figure 5.4: Yield stress measured after the thermo-mechanical treatments versus the time under
load, at 125○C. The applied stresses are listed in the legend, and (a) shows stress
levels ranging from 15 to 30 MPa, and (b) shows stress levels ranging from 30 to 38
MPa. Dashed lines serve as a guide to the eye.
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Figure 5.5: (a) Master curve constructed from the data in Figure 5.4; Yield stress versus effective
ageing time. (b) Corresponding (manually determined) shift factors versus the
applied stress.

with Va the activation volume for ageing. The grey dashed line in Figure 5.5b is a
description with the above expression, but taking into account an extra shift to a reference
stressσref (which in this case is 15 MPa):

aσ,σref(σ,T ) = aσ(σ,T )
aσref(σref, T ) (5.14)

The shift factoraσref required to shift the evolution curve to a reference stress of 0 MPa is
indicated with the double arrow in Figure 5.5b. The shift to areference stress of 0 MPa is
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necessary, since in the absence of stress the shift factoraσ should equal 1.

The results of all the thermo-mechanical treatments are shown in Figure 5.6, on the left
hand side, where the evolution of the ratio of the yield stress to temperature versus the
time under load is shown for several applied loadsσa. The applied stresses used at each
temperature can be found in Table 5.1. At all temperatures the same response as explained
above can be observed: with increasing stress magnitude first the activation of the ageing
process by stress can be seen, followed by stagnation and finally rejuvenation. Again,
the yield stresses are manually shifted horizontally to thelowest applied stress at each
temperature, to form a master curve (middle figure). The shift factorsaσ required to
construct these master curves are shown in Figure 5.7a. Within a certain range of applied
stresses the yield stress indeed increases with increasingstress level and time under load,
i.e. stress activation, followed by stagnation and rejuvenation. Also these phenomena can
be observed from Figure 5.7a; first the shift factors decrease (stress activation), then reach
a plateau level (stagnation), followed by an increase again(rejuvenation).

Figure 5.6: The evolution of the ratio of the yield stress to temperatureversus the time under
load, measured at different temperatures (left hand side),and the master curves
constructed thereof. Data is first shifted manually to the lowest applied stress
(middle), followed by a shift to zero applied stress (right hand side), see text for
a full explanation.

Last, the yield stress evolution curves are shifted a secondtime to a reference stress of 0
MPa, to assure that the shift factoraσ equals one at 0 MPa. This is illustrated in Figure
5.7a, and this shift effectively shifts the curves to the solid black line, which is again a
description according to Equation 5.13. The result of the shift to zero stress is shown
in Figure 5.7b, and, since the curves of different temperatures collapse it is clear that
Equation 5.13 is valid over the entire temperature range experimentally covered. With
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Figure 5.7: Stress dependence of the experimentally obtained shift factors aσ for (a) the
minimum applied stress as a reference and (b) for zero stressas a reference.

Table 5.1: Applied stresses at each temperature, corresponding to themarkers in Figure 5.6.

temperature [○C] ○ ◻ ◇ ▷ ◁ ▽ ● ∎ ◆ ▶
75 30 35 40 45 47.5 50 - - - -
100 20 25 30 35 40 42.5 - - - -
125 15 20 25 30 35 36 37 38 39 40
150 5 10 15 20 25 30 32.5 - - -

this shift to zero stress also the master curves shown in the middle of Figure 5.6 are
shifted again. The final master curves obtained in this way are shown on the right hand
side of Figure 5.6.

Since the observations by Klompen et al. [40] and Janssen et al. [194] suggested that
ageing is more pronounced under a cyclic load, the results ofthe thermo-mechanical
treatments under constant load were complemented with treatments under cyclic load. In
Figure 5.8 the evolution of the yield stress is shown, obtained from thermo-mechanical
treatments at 125 and 150○C, with a sinusoidal load at a frequency of 1 Hz, for two
different load ratiosR = σmin/σmax. The (maximum) stresses applied are listed in Table
5.2. A similar trend is observed as for static loading conditions: with increasing stress
levels and time under load, the yield stress of the material increases, a clear indication of
stress activated ageing. Furthermore, the stagnation point is observed for R = 0.55, but
the decrease of yield stress, i.e. rejuvenation, is not. ForR = 0.1 both stagnation and
rejuvenation are not observed, which might be related to thelower rate of plastic strain
accumulation compared to static loading with the same (maximum) stress. An additional
difficulty is the occurrence of premature failure during thethermo-mechanical treatment
due to fatigue crack growth caused by the oscillating load, which has been shown to
enhance the crack propagation rate [197], limiting the range of stresses and times that can
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be applied.

Figure 5.8: The evolution of the ratio of the yield stress to temperatureversus the time
under load, for a cyclic load with R = 0.1 (open markers) and R =0.55 (closed
markers), measured at different temperatures (left hand side), and the master curves
constructed thereof. Data is first shifted manually to the lowest applied stress
(middle), followed by a shift to zero applied stress (right hand side). The grey
markers represent the data for static loads (R = 1).

Table 5.2: Applied maximum stresses at each temperature, corresponding to the markers in
Figure 5.8.

temperature [○C] ○ ◻ ◇ ▷ ◁ ▽
125 10 20 30 35 40 45
150 5 10 15 20 25 -

Similar to Figure 5.6, the data is shifted manually to the lowest applied stress, providing
the curves in the middle. The required shift factors are analysed and subsequently the
evolution curves are shifted to zero applied stress (right hand side). The shift factors
required to create the master curves for cyclic loading are shown in Figure 5.9a for 125○C
and in Figure 5.9b for 150○C. Also included for comparison are the shift factors for static
loading (R = 1). The black solid lines in Figure 5.9a and b are derived from Equation
5.13 used to describe the results for static loading conditions. Here we assume that the
activation by stress after a certain loading period is simply determined by the stress history
that the material experiences in that period, which leads tothe following expression for
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the effective ageing time:

teff = ∫ tcycle

0

1

aσ(σ(t,R,σa), T )dt′ =
tcycle

aσ(R,σa, T ) (5.15)

The same activation volume for ageingVa is used, only the stress is integrated over one
cycle to obtain the stress history experienced by the material. Remarkably, this leads to
an excellent description of the manually determined shift factors and the master curves
obtained compare quite well to those obtained for static data (indicated with the grey
markers, R = 1). The shift factors for cyclic loading, compared at the same maximum
load, are smaller than for static loading. Remarkably, as was the case for static loading,
the activation by stress ceases at some point, which is most pronounced for dynamic
loading with R = 0.55. For R = 0.1, this point could unfortunately not be reached due
to premature failure of the samples because of fatigue crackgrowth, as explained earlier.
Note also that, for R = 0.1, the shift factors for the high stress applied (40 and 45 MPa,
or σ/T equal to 0.1 and 0.11 respectively) could not be determined accurately, since they
could only be obtained for single annealing times.

0 0.02 0.04 0.06 0.08 0.1 0.12
10

−4

10
−3

10
−2

10
−1

10
0

maximum stress/T [MPa/K]

a σ [−
]

 

 

T = 125°C

R=0.1
R=0.55
static

(a)

0 0.02 0.04 0.06 0.08 0.1 0.12
10

−4

10
−3

10
−2

10
−1

10
0

maximum stress/T [MPa/K]

a σ [−
]

 

 

T = 150°C

R=0.1
static

(b)

Figure 5.9: Stress dependence of the shift factor, for several R values at 125○C (a) and 150○C
(b), corresponding to the master curves in Figure 5.8 (shifted to zero stress).

The fact that both the static and cyclic data can be consistently shifted to the same master
curve indicates that, unlike proposed previously by Janssen et al. [194], the evolution
of yield stress is very much alike for both static and cyclic loading conditions, i.e. the
ageing kinetics of both are the same. It is however interesting to note that stagnation, as
well as rejuvenation, seem to occur at higher (maximum) stress levels for cyclic loading
compared to static loading.
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5.4.2 Parameter identification

The determination of the EGP parameters for PPSU are described in two previous
publications [139,148], see also this thesis, Chapter 2 andChapter 4. The first remaining
parameter to be identified is the ageing-dependent part of the activation enthalpy.
Following Senden et al. [24],SHx

can be obtained from a series of compression tests,
measured at different temperatures. The state parameter can then simply be fitted to the
experimental yield points. The result of this fitting is shown in Figure 5.10, and as can
be seen the EGP model (solid lines) accurately describes theexperimental stress-strain
curves over a large range of temperatures. The values forSHα

andSHβ
were found to be

80 and 0 kJ/mol respectively.
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Figure 5.10: Compressive stress-strain curves of PPSU, measured at different temperatures
(indicated in figure), at a strain rate of10−3 s−1. Markers represent experimental
data, solid lines are simulation results.

The parameters for Equation 5.8 and the activation volume and activation energy for
ageing, are obtained from a relatively simple fitting procedure using the experimental
data presented in the previous section. The activation volume for ageingV ∗a was
straightforwardly obtained from Figure 5.7 and Equation 5.11. To determine the
activation energy, the master curves presented in Figure 5.6 are first shifted to a single
reference temperature, in this case 125○C, using the following equation:

∆σy

T
= ∆Hα

NaV ∗α
( 1
T
− 1

Tref
) (5.16)

where∆σy is the change in yield stress fromT to Tref, ∆Hα is the activation enthalpy
for deformation, which in this case is equal to∆H0,α + SH,α at the yield point,V ∗α
is the activation volume for deformation,Na is Avogadro’s constant,T is the absolute
temperature andTref is the reference temperature to which the curves are shifted. The
change in yield stress∆σy is subtracted from the data for each temperature, effectively
resulting in a vertical shift, and the result of this shift isshown in Figure 5.11a.
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Subsequently, the the data is shifted horizontally using Time-Temperature Superposition
(TTS) to construct one single master curve, shown in Figure 5.11b. The shift factors
aT needed to construct this master curve are presented in Figure 5.11c as a function of
reciprocal temperature. From the slope of line the activation energy for ageing can be
obtained.

10
4

10
6

10
8

10
10

0.11

0.12

0.13

0.14

0.15

0.16

effective time[s]

y
ie
ld
 s
tr
e
s
s
 /
 T
 [
M
P
a
/K
]

T = 125°C

150°C

125°C

100°C

75°C

shift with ∆σ / T

(a)

10
2

10
4

10
6

10
8

10
10

0.11

0.12

0.13

0.14

0.15

0.16

effective time[s]

y
ie
ld
 s
tr
e
s
s
 /
 T
 [
M
P
a
/K
]

T
ref
= 125°C

TTS

(b)

2 2.2 2.4 2.6 2.8 3 3.2

x 10
−3

10
−4

10
−2

10
0

10
2

10
4

10
6

1/T [K
−1

]

a
T

[−
]

∆U
a

/ R

(c)

10
4

10
6

10
8

−12

−10

−8

−6

−4

−2

time under load [s]

S
a

[−
]

T
ref

= 125°C

σ
ref

= 0 MPa

c
1

t
a

(d)

Figure 5.11: (a) Yield stresses as function of effective time, shifted toa single temperature.
(b) Master curve obtained by shifting the curves in (a) to a single reference
temperature. (c) Shift factors necessary to construct the master curve shown in
(c). Dashed line is a fit with Equation 5.10. (d) State parameterSSα

as a function
of time under load. Markers represent yield stress converted to their corresponding
state parameter, solid line is a fit with Equation 5.8.

Next, the measured yield stresses as shown in Figure 5.6 are individually converted to
values of the state parameter by performing tensile simulations with the EGP model,
and fitting the simulated yield stress to the experimental ones. An evolution for the state
parameter is thus obtained, see Figure 5.11d, and subsequently Equation 5.8 is then simply
fitted to the data to obtain the values ofc0, c1 andta. All the parameters are listed in Table
5.3.
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Table 5.3: Parameters describing the evolution ofSSα
at a reference temperature of 125○C.

V ∗a [nm3] c0 [-] c1 [-] ta [s] ∆Ua [kJ/mol]
2.68 -21.9 2.03 2.593⋅105 150

5.4.3 Simulation results

The initial thermodynamic state of the material is capturedin the EGP model by the
state parameter, which is directly linked to the yield stress. The initial value of the state
parameter is determined by fitting the simulated yield stress to the experimental yield
stress at a single strain rate, indicated in Figure 5.12 as the reference point. Subsequently,
as shown in Figure 5.12a the model captures the deformation kinetics accurately in the
range of strain rates and temperatures used. A second set of samples was given a heat
treatment (96 hours at 200○C), which results in an increase in yield stress of about 12
MPa. The results are shown in Figure 5.12b, and again the model captures the deformation
kinetics accurately by changing only the value of the state parameter.
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Figure 5.12: Yield stress versus applied strain rate at different temperatures, for (a) as-molded
samples, withSSα

= −10.91 and (b) annealed samples, withSSα
= 0.38.

The values of the state parameter were obtained by fitting thesimulation to the
experimental yield stress at a reference rate of10−3 s−1. Markers represent
experimental data, solid lines are EGP model simulation results.

These results indicate that the activation enthalpy and activation volume are to a good
approximation independent of the thermodynamic state of the material; in agreement with
observations reported in literature, see [40,108]. This might seem somewhat unexpected,
since Senden et al. [39] showed for polycarbonate that an ageing induced increase in
activation energy exists, although it could only be shown bycomparing rejuvenated
samples with severely aged samples. Here the changes in yield stress are most likely
too small to detect any changes in activation enthalpy upon physical ageing and therefore,
as already mentioned, no evolution is ascribed to it.
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With the obtained parameters, including the state parameter, both static and cyclic loading
simulations are performed for several temperatures. Results are shown in Figure 5.13a
for static loading, and Figure 5.13b for cyclic loading conditions (R = 0.1, f = 1 Hz). If
the effect of ageing is neglected, i.e. no evolution for the state parameterSSα

, the EGP
model predicts the plasticity controlled failure in both loading cases rather well up to
moderate times (indicated with the dashed lines in Figure 5.13). the time-to-failure for
cyclic loading is longer at equal maximum stress due to a lower rate of plastic strain
accumulation, since on average the material is subjected toa lower stress, which is
accurately captured by the model. At longer times however, which is especially evident at
elevated temperatures and for cyclic loading, the failure times are underestimated because
of the occurrence of progressive physical ageing. This causes a decrease in the plastic flow
rate in time, leading to an increase in resistance against deformation and subsequently an
increase in life time.
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Figure 5.13: Applied stress versus time-to-failure at three temperatures for (a) static loading
and (b) cyclic loading conditions with R = 0.1 and f = 1 Hz, Markers represent
measurements, dashed lines are EGP model predictions without ageing, and solid
lines with ageing, i.e. an evolution of the state parameterSSα

. Grey markers
represent slow crack growth failure.

To improve simulation results, the effect of progressive physical ageing is now taken into
account (solid lines). For static loading conditions the increase in lifetime caused by
physical ageing is too strong, leading to failure times thatare dramatically overestimated.
This indicates that the activation by stress is too strong, for which some indications were
already shown in Figure 5.7, where it was shown that the activation by stress is limited
for static loading with high stress levels due to stagnationand subsequent rejuvenation. In
contrast, the activation by stress for cyclic loading conditions is described well, yielding
an accurate prediction of the failure times.

To get some more insight in the difference between model simulation and experiments,
the shift factors obtained from experimental data are compared to simulation results.
To obtain the shift factors from simulation, the thermo-mechanical treatment has been
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simulated for both static and dynamic loading using the sameset of parameters, and the
resulting yield stresses were again manually shifted to form a mastercurve, leading to the
shift factors presented in Figure 5.14. Here, open markers represent experimental data
for static loading, and closed markers data for cyclic loading. Solid line is the simulation
result for static loading, dashed line the one for cyclic loading. As can be seen the model
agrees well with the experiments for relatively low stresses (and corresponding shift
factors) for both load cases. The stress level at which the accelerated ageing stagnates,
corresponds reasonably well with simulation results for cyclic loading. However, for
static loading stagnation and subsequent rejuvenation is predicted at too high stress levels.
This directly leads to an overestimation of ageing in the creep simulations, and thus an
overestimation of the failure times for static loading conditions (see also Figure 5.13a).
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Figure 5.14: Stress dependence of the shift factor for static and dynamic(R = 0.1, f = 1
Hz) loading conditions at 125○C. Markers represent experimentally obtained shift
factors, solid and dashed lines numerically obtained shiftfactors.

The results presented show that the effect of ageing on the yield stress for a static or cyclic
load at low stress levels is similar. The activation by stress is however limited because of
rejuvenation, and this limit appears to be different for a cyclic load compared to a static
load (see also Figure 5.9).

To capture the failure kinetics for static loading conditions, a pragmatic approach could
be to pose a hard limit on the stress activation. The effect ofsuch a limit is illustrated
in Figure 5.15a: above a certain stress level the shift factor is assumed to be constant.
This directly leads to improved predictions of the failure times for static loading (solid
line), as can be seen in Figure 5.15b. The model now accurately captures the plasticity-
controlled failure for static loading. However using the the same limit for cyclic loading
leads to an underestimation of the activation by stress, andsubsequently failure times are
under predicted by the model, see Figure 5.15b, dashed lines. The underestimation of the
activation by stress is also apparent from Figure 5.15a; theposed limit is at lower stress
levels than the experimental shift factors. For accurate predictions of both loading cases,
and most likely as well for other amplitude ratios, a specificlimit for each loading case
has to be posed. This would require a priori knowledge of the effect of stress for each
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amplitude ratio used in cyclic loading, which limits the predictive power of the model.

0 5 10 15 20 25 30 35

10
−4

10
−2

10
0

applied stress [MPa]

a
σ

[−
]

125�C
R = 1

R = 0.1

limit

(a)

10
2

10
3

10
4

10
5

30

35

40

45

50

55

60

time−to−failure [s]

(m
ax

.)
 a

pp
lie

d 
st

re
ss

 [M
P

a]

 

 

T = 125°C

limit to stress activation
static
dynamic; R = 0.1, f = 1Hz
slow crack growth

(b)

Figure 5.15: (a) Similar to Figure 5.14, solid black line represents the limit posed on the
activation by stress. (b) Applied stress as function of time-to-failure for static and
dynamic loading at 125○C. Solid and dashed lines are EGP model predictions with
the limit to the activation by stress. Markers represent experimental data.

The results obtained in this chapter regarding the inability to capture failure for both static
and cyclic loading are in agreement with the results obtained by Klompen et al. [188] and
Janssen et al. [194]. However, Janssen et al. [194] ascribedor assumed the inability
to capture both to be related to a faster evolution of the ageing kinetics under cyclic
loading compared to static loading. In this work their studywas refined and it is shown
that the ageing kinetics are in fact identical, there is onlya difference in stagnation of
the evolution and the following rejuvenation. The questionarises whether the inability
to capture failure under both static and cyclic loading simultaneously is caused by the
description of physical ageing, captured by the state parameter, or the description of strain
softening, linked to the build-up of plastic strain. Additionally, in the model both are
assumed to be fully decoupled, whereas the results here clearly indicate that physical
ageing and rejuvenation are closely related, and thereforethis decoupling might have to
be reconsidered.

5.5 Conclusions

The aim of this chapter was to predict the long-term failure in the plasticity controlled
regime for PPSU using a constitutive model that includes a strain softening description.
The deformation and ageing kinetics were studied extensively and it is shown that
stress, like temperature, has a significant accelerating effect on the physical ageing
process, for both static and cyclic loading. For low appliedstresses, the activation
by stress is described accurately with an Eyring type formulation. For higher applied
stress, it is observed that the activation by stress stagnates, followed by strain softening
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(rejuvenation) for even higher stresses, causing a decrease in yield stress again. Clearly,
an applied stress can both accelerate the ageing process as well as cause mechanical
rejuvenation or strain softening. Implementation of a descriptive equation for the
evolution of the thermodynamic state in the EGP model, allows to predict long-term
failure taking physical ageing into account. Experimentally, progressive ageing during
creep experiments causes an increase in yield stress and therefore failure occurs on longer
time scales. The model accurately captures the effect of progressive ageing for cyclic
loading conditions, whereas for static loading conditionsthe effect of progressive ageing
is overestimated, leading to an overestimation of the life time. The ageing kinetics appear
to be identical for static and cyclic loads and for low stresses the Eyring type description
of the activation by stress works well. At higher stress, thelevel where the activation by
stress stagnates appears to be different for a cyclic or static load and is not captured by
the simulations. A pragmatic solution would be to pose hard limits on the activation by
stress, however this directly implies that for each loadinghistory, a different limit would
be necessary.
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Chapter 6

Predicting performance of polymer
products using a visco-plastic
constitutive model

Abstract: In this chapter the failure of two polymer parts is investigated; T-shaped
fittings and pipes, both used in pressurized water applications. Using the EGP
model in combination with Finite Element simulations, an attempt is made to
predict strain localization and incipient (catastrophic)failure. It appears that the
model is capable of predicting the localization of strain inboth parts accurately.
Different failure criteria to predict catastrophic failure are discussed. For the
pressurized pipes the model predictions are compared to long-term experimental
data, and it appears that moisture uptake during the experiment influences the
mechanical performance, and should thus be taken into account. For the T-fittings,
it appears that processing and heat treatments have a dramatic influence on part
failure. For both geometries, reasonable predictions of the actual failure time or
burst pressure could be made.

Reproduced from: C.C.W.J. Clarijs, R.H.A. Snellen, V. Leo &L.E. Govaert, in preparation,2019
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6.1 Introduction

Polymers are being increasingly used in demanding, load bearing applications, with
service life times typically in the order of decades. An example of such applications,
in case of polysulfones, are fittings and tubing designed forheating, ventilation, and
air conditioning (HVAC) applications. The service life of such components is generally
limited by the polymer’s time-dependent behavior, which ultimately leads to catastrophic
failure [7–9]. Understanding when and how failure will occur is thus of utmost
importance. It is evident that performing real-time experiments on the actual component
over the entire service life time, is highly impractical andcostly. Therefore methods
are required, both numerical and experimental, that predict the long-term performance
based on the short-term behaviour. A powerful method to predict performance is the
combination of Finite Element simulations with a constitutive model that accurately
captures a polymers intrinsic deformation behavior [18].

Several constitutive models have been developed in the pastdecades, and examples are
the BPA model [53, 54], the Oxford Glass Rubber model [56–58]and the Eindhoven
Glassy Polymer (EGP) model [24, 27]. All these models enabled quantitative analysis of
polymer deformation behavior, and showed the intimate relation between the value of the
yield stress and the subsequent intrinsic post yield characteristic, and strain localization
and failure [49, 51, 52, 198, 199]. Proper knowledge of a polymer’s intrinsic deformation
behaviour is thus key in understanding their mechanical behavior.

Besides the intrinsic response, an important aspect is physical ageing; a polymers
propensity to relax towards thermodynamic equilibrium, which dramatically affects its
mechanical properties [28, 29, 183]. Two relevant ageing regimes can be typically
recognized: during processing, where the cooling rate through the glass transition
determines the initial thermodynamic state, and physical ageing during service life,
also referred to as progressive physical ageing [28]. Both have a substantial influence
on mechanical properties, most notably the yield stress. Anadditional complexity is
that elevated temperature [108, 184], as well as stress [40,187], during service have
an accelerating effect on the ageing process. In the EGP model, changes in the
thermodynamic state and thus the yield stress are captured by a state parameterSA

[40]. Knowledge of the intrinsic deformation response and the state parameter enables
quantitative predictions of short- and long-term failure.Examples are the prediction
of ageing-induced embrittlement of polycarbonate [140, 148], as well as predictions of
failure of a simple geometry such as a tensile bar in both static loading [188], as in cyclic
loading [194], but also for an actual product [182].

In case of processing, the dominant factor that determines many mechanical properties
is the thermal history experienced during cooling from the melt, at least for glassy
polymers. Injection speed and holding pressure have limited influence on the mechanical
properties of glassy polymers [182], in contrast to semi-crystalline materials, where flow
and pressure have a dramatic influence on the microstructureand resulting mechanical
properties [200–205]. In case of differences in wall thickness throughout a polymer
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part cooling rates will vary, leading to marked variations of yield stress over the
product. For relatively simple geometries this yield stress, which is directly related to the
thermodynamic state of the material, can be obtained by performing a single tensile test.
However, for more complex products this is not trivial, because of the inhomogeneous
distribution of yield stress throughout the product. A moreappropriate method is the
use of simulations of the injection molding process to obtain the temperature history
experienced by the material during cooling from the melt, which can be coupled to the
thermodynamic state and thus the value of the yield stress [172,182].

To be able to quantitatively predict failure a failure criterion is needed. In case of strain-
localization followed by creep rupture, the failure time can be straightforwardly taken as
the time where strain localization occurs, for example the necking of a tensile bar. In
case of ageing-induced embrittlement of notched tensile bars, it was shown that a critical
hydrostatic stress criterion enables prediction of the time-to-embrittlement, that is the
time where a change from ductile to brittle failure is observed [140, 148], see also this
thesis, Chapter 4. For a complex product however, differentfailure mechanisms may
be present, and may even compete with each other, requiring different failure criteria.
Additional difficulty can be environmental factors, such asthe presence of solvents, which
may lead to a phenomenon called Environmental Stress Cracking (ESC), see for example
[206–208].

Aim of this chapter is to predict (long-term) failure of two parts using FE simulations
in combination with a constitutive model. Geometries of choice are an injection molded
pipe segment (or pressure vessel) and an injection molded T-fitting, typically used in hot
water applications. Reason for this choice is the relatively straight-forward testing of
such geometries using well-established methods such as creep rupture experiments, see
for example ISO1167 for pipe segments. Applying either a constant pressure (pressure
vessels) or a constant pressure rate (T-fittings), EGP modelsimulations are employed
to predict where in the parts strain localization will occur, and several failure criteria
are investigated that allow the prediction of the actual burst pressure or failure time.
The simulation results are compared to experimental results obtained from burst pressure
experiments. To investigate the influence of the thermodynamic state of the polymer on
part failure, two different mold temperatures have been used in processing of the T-fitting,
as well as an annealing treatment on a batch of injection molded parts. For the pressure
vessels, the influence of moisture uptake can not be ignored and is taken into account to
improve simulation results.

6.2 Experimental and numerical methods

6.2.1 Materials and sample preparation

Material used is Radel® polyphenylsulfone (PPSU), kindly supplied by Solvay Specialty
Polymers (Alpharetta, USA). The fittings (see Figure 6.1) were injection molded on a
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Fanuc S-2000i 150A injection molding machine. Barrel temperatures were set between
350 to 375○C; mold temperatures used were 90 and 190○C; the injection time was 2.5
seconds; the packing pressure was set to 1000 bar for 10 seconds. In all cases a cooling
time of approximately 35 seconds was used. The injection sprues were removed from
the samples. One batch of fittings, molded at 90○C, was given a heat treatment in hot
air circulating ovens, set to 200○C, for a time period of 48 hours. To determine the yield
stress, and thus the thermodynamic state of the material, tensile bars were milled from the
fittings.

(a) (b)

Figure 6.1: (a) Image of the injection molded fitting. (b) Zoom-in on one of the fitting ends,
with silicone o-ring installed.

Pressure vessels, with a length of 270 mm, an outer diameter of 40 mm, and a wall
thickness of 3.3 mm, were molded by Wavin M&T (the Netherlands) on a Engel 180T
injection molding machine. Barrel temperatures were set between 350 to 400○C; the mold
temperature was 160○C; the injection time was 2.9 s; the packing pressure was set to 450
bar for 15 s. The cooling time was 30 s. The injection sprues were removed from the
samples.

6.2.2 Burst pressure experiments

Burst pressure tests on the T-fittings were performed at SABIC’s Water Management
Center of Excellence in Bergen op Zoom, the Netherlands. In the experiments, the
pressure is increased linearly in time until rupture, and the pressure at rupture is taken
as the burst pressure. Experiments were performed on a IPT Airless Professional Line
model 1720, equipped with a 200 bar pressure cell and a thermostatically controlled water
bath, set to 25 or 82○C. Tests were performed at pressure rates of 3⋅10−2 bar/s to 3 bar/s,
were the pressure was recorded as a function of time. Before starting the experiments, the
samples were allowed to equilibrate at the test temperaturefor 30 minutes. To facilitate
the burst pressure tests a custom build test jig was used, shown in Figure 6.2a. Two ends
of the fitting were capped, using silicone O-rings (see Figure 6.1) to prevent pressure loss.
A jig was constructed to support the end caps and keep them in place. The other end was
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connected to the equipment with a custom build coupler, using again O-rings as seals.
Figure 6.2b shows the jig with sample placed in the water bath.

(a) (b)

Figure 6.2: (a) Custom build jig for the burst pressure tests. Components are indicated. (b) Jig
with sample installed in the test setup. The metal hose is connected to the burst
pressure equipment.

The burst pressure tests on the pressure vessels were performed by Wavin M&T (the
Netherlands), using Type B geometries (see Figure 6.3), according to EN 921:1994 (now
ISO 1167). Experiments were performed on Regler RPCS equipment, using applied
(constant) pressures in the range of 40 to 130 bar. Experiments were performed at 20,
60 and 95○C in a thermostatically controlled water bath. The time-to-failure was taken at
the point of rupture (loss of pressure). The results of the tests were kindly provided by
Solvay Specialty Polymers (Brussels, Belgium).

6.2.3 Tensile tests

Tensile tests were performed on a Zwick Z010 tensile tester,equipped with a 10kN
force cell. Tests were performed at room temperature, at a strain rate of10−3 s−1.
Displacement and force signals were recorded, and converted to engineering strain and
stress respectively.

6.2.4 Numerical method

Finite element simulations were performed using the commercial package MSC Marc/Mentat®

where the EGP model is implemented in the HYPELA2 user subroutine. For computa-
tional time reasons, uni-axial tensile simulations were performed using a single, linear,
quadrilateral axi-symmetric element with uni-axial loading conditions. For the T-fitting
only a quarter of the geometry was meshed because of symmetryreasons, saving again
computation time. The number of elements were optimized in aconvergence study. A
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Figure 6.3: Schematic of the geometries typically used for burst pressure testing: (a) Type A,
(b) Type B.

pressure rate of 1 bar/s was used, until a pressure of 150 bar was reached. The maximum
equivalent plastic strain obtained was used as a measure, allowing a maximum relative
error of 5% compared to the finest mesh used. This yielded a mesh consisting of 366642
tetrahedral elements, with a minimum of five elements over the wall thickness. The mesh
used is depicted in Figure 6.4a and b respectively. The connector and end-caps were
modelled as fixed displacements.

Figure 6.4: Final mesh of the fitting, consisting of 366642 tetrahedral elements, with zoom-in
(see red area) showing the number of elements over the thickness.

For the pressure vessel a straightforward axi-symmetric mesh was used, shown in Figure
6.5, having a total of 1350 quadrilateral elements. The number of elements over the
thickness is again five, determined using the same method as for the T-fitting. The
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end-caps were modelled as fixed displacements on both ends ofthe tube. The pressure
was applied in 10 seconds, with a time-step of 0.1 second, after which an adaptive time
stepping method was used, allowing a maximum strain per increment of 0.01.

applied pressure

end caps

Figure 6.5: Axisymmetric mesh of the pressure vessel, consisting of 1350 quadrilateral
elements, with zoom-in showing the number of elements over the thickness.

The multi-mode, multi-process EGP model is used in this study, with an extension to
include viscous strain hardening [24, 27]. This extension enables an accurate prediction
of the rate- and temperature dependent strain hardening of glassy polymers [24, 139].
In the EGP model the interrelation between stress and the plastic rate of deformation is
governed by a non-Newtonian flow rule:

Dpx,i = σsx,i

2ηx,i(T, τ̄x, p, Ir(B̃), Sx) (6.1)

where the subscriptx, i refers to a specific processx and a modei. The scalar viscosity is
function of the equivalent shear stressτ̄x, absolute temperatureT , hydrostatic pressurep
and equivalent strainIr(B̃). The thermodynamic state of the material is captured in the
EGP model with the state parameterSx, which is given by [24]:

Sx = SSx
Rγx(γ̄p) (6.2)

whereSSx
captures the ageing-induced changes in entropy and its value increases with

physical ageing, andRγx(γ̄p) is the strain softening function, which is a function of
equivalent plastic strain [40]. To determine the state parameter for an actual polymer part
two methods can be used. The first is to machine a tensile bar from the part and performing
a uniaxial tensile test to determine the yield stress. Usingan EGP model simulation of
the tensile test, the state parameter is changed to match theexperimental yield stress. A
second, more elegant way, as presented by Engels et al. [182]and Verbeeten et al. [172],
would be to use a simulation of the injection molding process. They demonstrated that
the state parameter can be calculated directly from the thermal history during cooling
from the melt. All other EGP parameters can be uniquely determined from a series of
uniaxial compression and tensile experiments. For more detailed information the reader
is referred to the afore mentioned references. The EGP parameters for PPSU are taken
from references [139,148], see also this thesis, Chapters 2and 4.
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6.3 Results

6.3.1 Pressure vessel

The results of the constant pressure experiments on the pressure vessel are shown in
Figure 6.6, where the applied pressure is plotted as a function of the failure time (point
of pressure loss). As expected, with a decrease in applied pressure, failure occurs
on longer time-scales and an increase in temperature results in failure on shorter time
scales, consistent with literature [105]. No change in slope is observed indicating that
failure is plasticity controlled. This was confirmed by visual inspection of the samples.
Remarkably, the slopes of the lines tend to decrease with increasing temperature, whereas
usually the opposite is observed. This could indicate that progressive physical ageing
starts to play a role.
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Figure 6.6: Applied pressure as a function of failure time. Markers represent experimental data,
dashed lines are a guide-to-the-eye.

First, the results of an EGP model simulation of the pressurevessel are investigated, with
an arbitrary value of the state parameter. Since failure is dominated by plasticity, the
parameter of interest is the equivalent plastic strain. Theevolution of the plastic strain in
time is shown in Figure 6.7, for an applied pressure of 130 bar. On the right hand side the
mesh is shown at different time points during the simulation, indicated in the figure. The
plastic strain slowly increases in time, until strain softening becomes dominant and a rapid
acceleration of deformation is observed, which is taken as the point of failure. Monitoring
the mesh reveals that at this point the pressure vessel showslarge plastic deformations,
and thus the plastic strain is a clear indicator of failure.

Next, the true value of the state parameter has to be obtained. Unfortunately, a numerical
tool to calculate the state parameter from thermal history during molding, or an actual
part to machine a tensile bar from, were unavailable. Therefore, given the clear indication
of the failure time (see Figure 6.7), the simulated failure time was matched to the
experimental failure time, by changing the state parameteronly. The result of this is
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Figure 6.7: Evolution of equivalent plastic strain in time, for an arbitrary value of the state
parameter. The right hand side shows the mesh at different points in time during
the simulation. The end caps are schematically shown for clarity.

shown in Figure 6.8a, and as can be seen, a state parameter equal to -13.5 captures the
failure times on short time scales. Interestingly, at longer time scales there is a mismatch
between experimental and simulated failure times. Progressive physical ageing can not be
the cause of this, since failure times will usually increaseupon ageing, ultimately leading
to a so-called endurance limit [188]. On the other hand, however the decrease in failure
time could be related to a decrease in yield stress over time.Since water pressure is used in
the experiments, this effect might be related to moisture uptake, which is common among
polysulfones [209]. A second interesting observation is that the temperature dependence
of the failure kinetics in the experiments and the one predicted by the EGP model deviate
from each other. The EGP model over predicts failure times for the elevated temperatures,
and this appears to be more dramatic at the higher temperature. This observation is in line
with the afore mentioned moisture uptake.

That moisture uptake over time plays a role, is shown in Figure 6.9a, where the moisture
uptake is shown as a function of time for samples submersed inwater. The experimental
data is taken from the manufacturers data sheet [210]. With increasing time, the exposure
to water leads to moisture uptake by the material, until at some point (around 500 hours)
no further increase is observed and the material is saturated. On the right hand side
(Figure 6.9b), the effect of moisture uptake on the yield stress is shown for PPSU. Samples
where submersed in water until saturation, and as can clearly be seen, the moisture uptake
induces a marked decrease of the yield stress, which is lowered by approximately 5 MPa.
The uptake of moisture can thus be regarded as a plasticizingeffect.

The effect of moisture uptake on the yield stress of PPSU is very similar to the well-known
influence of moisture uptake in polyamide-6 (PA6). In PA6 thewater molecules break the
hydrogen bonds between chains and form new hydrogen bonds with the chains [211,
212], whereas in PPSU water molecules bond to the diphenylenesulfone group, which
has a polar character. The moisture uptake in PA6 leads to a depression of the glass
transition temperature, and diminishes mechanical properties, see for example [213–215].
An elegant method to take hygroscopicity into account was presented by Parodi et al.
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Figure 6.8: (a) Applied pressure versus failure time. Markers represent experimental data, solid,
dashed and dash-dotted lines are EGP model simulation results, for different values
of the state parameter. (b) Applied pressure versus failuretime for the different
temperatures. Markers represent experimental data, solidlines are EGP model
simulation results.

0 200 400 600 800 1000 1200 1400
0

0.2

0.4

0.6

0.8

1

1.2

1.4

1.6

t [hrs]

m
oi

st
ur

e 
up

ta
ke

 [%
]

PPSU
thickness = 3.2 mm

(a)

0 0.05 0.1 0.15 0.2
0

10

20

30

40

50

60

70

80

strain [−]

st
re

ss
 [M

P
a]

 

 

T = 22°C, strain rate = 10−3 s−1

dry
conditioned

(b)

Figure 6.9: (a) Moisture uptake in time for PPSU. Experimental data taken from [210]. (b)
Effect of moisture uptake on the tensile stress-strain response.

[215]; they showed that an apparent temperature approach isable to predict plasticity-
controlled failure of conditioned PA6 samples. In the apparent temperature approach the
decrease of the glass transition temperature by moisture uptake is regarded as an apparent
increase in ambient temperature:

T̃ = T + (Tg,dry− Tg,wet) (6.3)

where T̃ is the apparent temperature,T is the ambient temperature,Tg,dry is the glass
transition of the dry material andTg,wet is the glass transition of the conditioned material.
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They showed that by implementing the above experession in the Eyring model, together
with measurements of the glass transition temperature, enabled prediction of the influence
of humidity on plasticity-controlled failure. For PPSU it is expected that moisture uptake
also lowers the glass transition, however since this is far above the boiling temperature
of water (Tg = 220○C), the effect is difficult to verify by experiment. Nevertheless,
we assume that moisture uptake lowers the glass transition and apply the apparent
temperature approach here as well. First, the yield stress of dry and conditioned (fully
saturated) samples is measured at different strain rates, as shown in Figure 6.10a. Here
the yield stress is plotted as a function of strain rate and with an increase in strain rate
the yield stress increase. A similar increase is observed for the conditioned samples,
without changes in slope, although the yield stresses are atlower stress levels. Solid and
dashed lines are EGP model simulation results, where for thedashed lines an apparent
temperature ofT + 17○C was necessary to fit the experimental results. All other model
parameters are kept constant.
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Figure 6.10: (a) Yield stress as a function of strain rate for dry (circular markers) and saturated
samples (square markers). Solid and dashed lines are EGP model results. (b)
Applied pressure versus failure time. Markers represent experimental data, solid
and dashed lines are EGP model simulation results.

The simulations on the pressure vessel are redone, however now with an increase in
temperature of 17○C, as obtained from the above mentioned analysis. Results ofthese
simulations are shown in Figure 6.10b. As expected, the apparent increase in ambient
temperature shifts the failure times to shorter time-scales, and now the experimental
failure times are captured also at longer time-scales. The transition from the dry state
(observed at short failure times) to the saturated state (observed at longer failure times) is
around 500 hours, consistent with the moisture uptake shownin Figure 6.9 (note that this
comparison is only allowed because both samples have similar wall thickness: 3.2 and 3.3
mm). Obviously, to be able to fully predict the failure kinetics, the moisture uptake should
be known at each point in time, which can be achieved by simultaneously solving a set of
equations for moisture uptake (see for example [216]), during an EGP model simulation.
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Such an effort is however beyond the scope of the current study.

Now it is assumed that the moisture uptake is similar for all temperatures, which
effectively means that the simulations at 60○C and 95○C are redone with an increase in
temperature of 17○C. The results of these simulations are indicated with the dashed lines
in Figure 6.11 and now a reasonable prediction is obtained for 60○C. Note that the large
spread in experimental data obscures an accurate evaluation here. For 95○C the model still
over predicts the failure times, which may be caused by the fact that the moisture uptake
over time plasticizes the material, which implies that the activation energy will change.
This change in activation energy is currently not taken intoaccount.
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Figure 6.11: Applied pressure versus failure time. Markers represent experimental data, solid
and dashed lines are EGP model simulation results.

6.3.2 T-fitting

In this section the results on the T-fitting will be discussed. As with the pressure vessels,
the true value of the state parameter has to be obtained. As mentioned, a numerical tool
to calculate the state parameter from thermal history during molding was unavailable.
Therefore, it was chosen to mill tensile bars from the actualpart, followed by a uniaxial
tensile test to determine the yield stress. Three differentthermodynamic states are
considered; a set of samples molded at 90○C, a set molded at 190○C and a set of samples
that received an additional anneal treatment. The result ofthe tensile tests is shown in
Figure 6.12. With an increase in mold temperature from 90 to 190○C an increase in yield
stress is observed of about 2 MPa, and after severely annealing samples at 200○C the
yield stress increases even more, with approximately 10 MPa. Solid lines represent EGP
model simulation results, using a single axi-symmetric element, that were fitted to the
experimental stress-strain curves by only changing the value ofSSα

. The values of the
yield stresses and corresponding state parameters are listed in Table 6.1. Because only
a single element was used to determine the state parameter, strain localization, such as
necking, is absent in the simulations (indicated with the dashed lines). For the purpose of
determining the state parameter this is not necessary.
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Figure 6.12: Stress-strain response of the tensile bars taken from the T-fitting. Markers represent
experimental curves, solid-dashed lines are EGP model simulation results, using a
single axi-symmetric element.

Table 6.1: Measured yield stress and corresponding values of the stateparameter.

thermal history σy [MPa] SSα
[-]

Tmold = 90○C 71.5 -12.5
Tmold = 190○C 73.3 -10.5
annealed: 48h 200○C 81.3 -3.5

With the values of the state parameter obtained above, simulations of the T-fitting are
performed. First, the result for a single simulation will beanalysed, using a state
parameterSSα

equal to -12.5 (corresponding to a mold temperature of 90○C), and an
applied pressure rate of 1 bar/s. In Figures 6.13 and 6.14 theresult of this simulation is
shown: the mesh at different points during the simulation, where the color bands represent
the magnitude of equivalent plastic strain, a parameter chosen to indicate where large
plastic deformation will occur in the part. With increasingdeformation (top to bottom),
plasticity develops first in one corner of the fitting (see inside figures), followed by plastic
deformation on the top (see outside figures), which is not surprising based on the geometry
and imposed boundary conditions. As a first indication of possible failure, the pressure
level where the plastic strain develops is approximately 80bar in the corner, and at the
top of the T-fitting at a pressure of approximately 110 bar. Next, the experimental results
will be discussed in detail.

Figure 6.15 shows a typical result obtained from a single burst pressure experiment, in this
case for an applied pressure rate of 0.1 bar/s at 82○C. The pressure is increased linearly in
time until failure, i.e. a loss of pressure is registered, indicated with the star symbol in the
figure, and this point is taken as the burst pressure.

The results of all tests are shown in Figures 6.16a for 20○C and in Figure 6.16b for 82○C.
Here the burst pressure is plotted as a function of the logarithm of the applied pressure



110 Predicting performance of polymer products using a visco-plastic constitutive model

0 50 100 150
0

20

40

60

80

100

120

140

160

time [s]

p
re

s
s
u
re

 [
b
a
r]

EGP simulation

T = 25°C, p = 1 bar/s

(1)

(2)

(3)

(4)

(5)

Figure 6.13: Applied pressure versus time from an EGP model simulation. The numbers
correspond to the indices in Figure 6.14.

rate, and as can be seen this yields a linear increase in burstpressure with increasing
pressure rate. An increase in temperature leads to decreaseof the burst pressure. A few
interesting observations can furthermore be made: firstly,there is almost no difference
in burst pressure between the samples injection molded at different mold temperatures.
Secondly, for the samples molded at 90○C, two different failure modes were observed.
Some would fail by ductile tearing in the corner of the fittingand some by ductile tearing
on the top of the sample (see Figure 6.17C and D), however thisdid not lead to a difference
in burst pressure. The samples molded at 190○C would all fail by ductile tearing on top
of the sample (Figure 6.17B). Thirdly, at 20○C the annealed samples have a lower burst
pressure than the as-molded samples and at 80○C the burst pressures are only slightly
lower than the as-molded samples. The annealed samples did show a different failure
mode than the as-molded samples (see see Figure 6.17A); as can be seen, they appear to
be more brittle, showing a larger crack almost covering the entire sample. Furthermore,
, if one compares the model simulation (Figure 6.14) with experimental results (Figure
6.17), it is interesting to note that the model predicts large (plastic) deformations in the
exact locations where experimentally failure is observed.

The reason for the first observation might be the fact that thedifference in yield stress
of the samples molded at 90○C and 190○C is only minor (see Figure 6.12). The fact
that two failure modes are observed for the samples molded at90○C shows that there
apparently exists a competition between the location of failure, since at both places plastic
deformation starts to develop (see also the simulation result in Figure 6.14). The annealed
samples display lower burst pressures than the as-molded ones (third observation), which
might be indicative of a transition from a more ductile to a more brittle failure mode.
The large increase in yield stress of the annealed samples, and thus a large increase in
(intrinsic) strain softening, leads to more localization of deformation which may lead to
brittle failure. The results clearly show that processing and/or heat treatments have a
dramatic influence on the mechanical performance of a polymer part.

Next, the EGP model predictons for all pressure rates are discussed, using a critical
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Figure 6.16: Burst pressure as a function of applied pressure rate, for (a) 25○C and (b) 82○C.
Markers represent experimental data, dashed lines are a guide-to-the-eye.

equivalent plastic strain as a failure criterion, as used inthe previous section for the
pressure vessel. For the pressure vessel, a rapid increase in deformation was observed
around a strain level of 0.15 (see Figure 6.7). In Figure 6.18the evolution of plastic strain
as a function of pressure is shown for a simulation at 25○C, at a pressure rate of 1 bar/s. At
each time step of the simulation the maximum value of these parameters was extracted,
and the resulting evolution is shown in the figure for the top region (black solid lines) and
corner region (black dashed lines). The grey dashed line represents the experimental point
of failure. The equivalent plastic strain develops first in the corner region, followed by the
top region. Compared to the pressure vessels, see Figure 6.7there is no rapid evolution
of the equivalent plastic strain buth rather a gradual increase with time.

Results for all pressure rates are shown in Figure 6.19 and compared to experimental
results. Solid lines again represent the top region, dashedlines the corner region, and
state parameter values are indicated in the figure next to thesolid lines, and the same order
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Figure 6.17: Observed failure modes of the fittings. A: annealed samples,large crack forms. B:
samples molded at 190○C, plastic deformation in the corner regions followed by
ductile tearing on top. C: samples molded at 90○C, ductile tearing in the corner.
D: samples molded at 90○C, plastic deformation in the corner regions followed by
ductile tearing on top.
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Figure 6.18: Maximum equivalent plastic strain as a function of pressure, simulated with a
pressure rate of 1 bar/s, at 25○C. The state parameter used corresponds to a mold
temperature of 90○. Black dashed lines are for the corner region, black solid lines
for the top region of the T-fitting. Dashed grey line indicates the experimental point
of failure.

holds for the dashed lines. It is evident from the results in Figure 6.18 that this criterion
will predict failure first to occur in the corner, which will lead to an underestimation of
the experimentally obtained burst pressures. Neglecting this region, and monitoring the
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evolution of equivalent plastic strain in the top region yields reasonable predictions of
the burst pressures for the samples molded at 90○C and 190○C, at both temperatures.
However, the mixed failure mode observed for the samples molded at 90○C is not
predicted. For this mold temperature, some samples would fail by ductile tearing in the
corner of the fitting and some by ductile tearing on the top of the sample (see Figure
6.17C and D), but for both modes failure is observed at the same burst pressure. Clearly,
the equivalent plastic strain appears to only predict part of the failure experimentally
observed and therefore some more investigation is requiredinto a more suited criterion.
For the annealed samples, this failure criterion is clearlynot suitable since it leads to an
over prediction of the burst pressures.
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Figure 6.19: Predicted burst pressure as a function of applied pressure rate, for (a) 25○C and (b)
82○C, using the equivalent plastic strain as failure criterion. Markers represent
experimental data, the black solid and dashed lines represent the EGP model
predictions.

Next, the EGP model simulation (state parameterSSα
equal to -12.5, and an applied

pressure rate of 1 bar/s), already shown in Figure 6.14 and Figure 6.15, is further analysed
by taking two parameters that might be suitable candidates for a failure criterion and
might give more insight in the local stress state. In Figure 6.20 the evolution of the Von
Mises stress and hydrostatic stress are plotted as a function of pressure for both the corner
and top region of the fitting. The evolution of the Von Mises stress follows a similar
trend as the equivalent plastic strain: it first develops in the corner region, and reaches a
plateau value at some point, followed by the top region, where also a plateau is reached
with almost the same maximum, before the stresses exponentially increase. The build-up
of hydrostatic stress is different: at low pressures it has equal values in the corner and
top region, after which it increases more pronounced for thetop region compared to the
corner region. In the corner region again a plateau values isreached, after which the
stress increases rapidly. A critical hydrostatic stress criterion was used in studies aimed
at predicting ageing-induced embrittlement of notched tensile bars under high strain rate
loading [140,148]. These studies showed that brittle failure occured when the hydrostatic
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stress reaches a critical value, brittle failure is observed. For PPSU this critical value was
found to be 102 MPa [148]. The results obtained here show thatthis critical value is not
exceed during the simulation, confirmed by the experiments which show a more ductile
failure mode. Therefore the critical hydrostatic stress does not seem to be a suitable
canditate as failure criterion for this geometry.
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Figure 6.20: Maximum von Mises stress (a), and hydrostatic stress (b) as afunction of pressure,
simulated with a pressure rate of 1 bar/s, at 25○C. The state parameter used
corresponds to a mold temperature of 90○. Black dashed lines are for the corner
region, black solid lines for the top region of the T-fitting.Dashed grey line
indicates the experimental point of failure.

So far only single failure criteria have been investigated,whereas it might very well be
that a combination of parameters is necessary for improved solutions. Comparing the
evolution of plastic strain and hydrostatic stress one can observe that a high plastic strain
corresponds to a low hydrostatic stress and vice versa, and acombination of the two
might produce more satisfactory results. An example of sucha combined failure criterion
can be found in the work of Goijaerts et al. [217], who proposed a modified version of
the Oyane failure criterion [218] to predict ductile fracture in metal blanking and was
shown to produce satisfactory results. Although the criterion was designed for metals,
it incorporates the triaxiality influence, i.e. the hydrostatic stress, but also an equivalent
plastic strain:

∫
εp

[1 +Aσh
σ̄
] εBp dεp = C (6.4)

whereσh is the hydrostatic stress,̄σ the equivalent Von Mises stress,εp the equivalent
plastic strain. The constants A and B here are unknown for plastic materials, and should
be determined from a simple set of experiments. Based on the results discussed above a
mixed failure criterion might improve the quantitative predictions.
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The results obtained here show that the thermodynamic stateas a dramatic influence on
part failure. Although the EGP model predicts strain localisation in the correct regions,
exact quantitative predictions of the burst pressure are difficult. This might be caused
by several reasons. First, because of the design of the mold there is a weld line present
in the part and so far, its presence was neglected. It is located on top of the fitting,
and might have an influence on failure in a sense that it is a weaker point in the part,
a fact that is not taken into account in the simulations. Second, it was assumed that
a single thermodynamic state exists throughout the part, which might not be the case.
An investigation of the injection molding process would be necessary to check this and
would allow for the temperature history experienced in the mold during cooling to be
directly linked to the state parameter [172, 182]. Furthermore, the parts can be checked
for residual stresses, which are not uncommon in polysulfones injection molded using
low mold temperatures.

6.4 Conclusions

In this chapter the failure of two relatively complex parts was investigated. Using the EGP
model in combination with Finite Element simulations, strain localization and incipient
(catastrophic) failure is predicted using appropriate failure criteria. It appears that the
model is capable of predicting the localization of strain inboth parts accurately. For the
pressurized pipes the model predictions are compared to long-term experimental data,
and for short times the model accurately predicts the failure time. On a longer time-
scale it appears that moisture uptake during the experimentinfluences the mechanical
performance, and should thus be taken into account. Insteadof calculating the moisture
content at each moment in time during the Finite Element simulation, which would be
outside the scope of the study, an apparent temperature approach is used. It is assumed
that the uptake of moisture results in a suppression of the glass transition temperature and
a lowering of the yield stress. With the apparent temperature in place the failure times on
a longer time scale at room temperature are accurately predicted. However for elevated
temperatures the assumption that moisture uptake is similar as at room temperature
appears to be invalid. For the T-fittings, it appeared that processing and heat treatments
have a dramatic influence on part failure, as observed duringburst pressure experiments.
The initial age of the material was estimated from tensile experiments performed on
tensile bars machined from the fitting. Subsequently, EGP simulation were performed
and the results showed that the locations of strain localization are accurately predicted.
The predicted pressure levels at which strain localisationoccurs compares reasonably
well to the experimental range of measured burst pressures.Several failure criteria for
exact quantitative predictions are discussed, and given the complexity of failure, selecting
an appropriate one is not trivial.
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Chapter 7

Conclusions and recommendations

7.1 Main conclusions

This thesis focussed on systematically investigating the effects of molecular architecture
and ageing kinetics on the mechanical performance in short-and long-term loading
conditions, using three polysulfones as model systems. Of key importance is the
intrinsic deformation response, which creates a link between thermodynamic state and
macroscopic performance.

To investigate the influence of molecular structure on the intrinsic response and mech-
anical properties, two aspects were investigated. The firstbeing the observed rate-
and temperature-dependent strain hardening in glassy polymers. A recently proposed
extension of the Eindhoven Glassy Polymer model was successfully applied to three
glassy polymers. An equal distribution of elastic and viscous hardening was found to
be necessary to accurately describe the rate- and temperature strain hardening response,
which indicates that both the elastic and viscous contribution increase with an increase in
network density. Investigation of the influence of temperature on the Bauschinger effect
revealed that the elastic contribution has to decrease withincreasing temperature to be
able to accurately predict the observation.

The second aspect is the relation between molecular structure and the Eyring activation
volume, which captures the rate dependence of the yield stress, or yield kinetics.
Experimental data on 23 glassy polymers was used to investigate this aspect and it was
observed that the activation volume decreases, i.e. a stronger dependence of the yield
stress on strain rate, with an increase in entanglement density, or equivalently, with a
decrease in packing length. Rewriting the expression for the packing length shows that it
can be related to the chain thickness, and indeed bulkier polymers display high values
of the packing length, but low activation volumes. This leads to an inverse relation
between the Eyring activation volume and chain cross-sectional area, which appears to
be contradictory to the often used definition of the activation volume.

119
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The relation between intrinsic mechanical response and failure was investigated for
both short- and long-term loading conditions. To be able to predict the ageing-induced
embrittlement of glassy polymers, a hydrostatic stress criterion was used. A critical value
was identified for all three polymers; below this critical level ductile failure is observed,
surpassing it leads to brittle failure. The obtained valuesfor the critical hydrostatic stress,
combined with literature data, show a strong correlation with network density: with an
increase in network density the critical hydrostatic stress increases as well. Furthermore,
the time-to-embrittlement of notched tensile bars with a different notch geometry could
be predicted accurately, indicating that it is a suitable criterion to predict embrittlement.

Regarding long-term loading conditions, the influence of stress-induced progressive
physical ageing has to be taken into account for accurate predictions of failure in creep
rupture (plasticity-controlled failure). It was shown that stress clearly accelerates the
ageing process, leading to an increases yield stress. The effect is however limited since at
some stress level the acceleration stagnates, and is subsequently followed by rejuvenation
at even higher stress levels. Remarkably, the level where acceleration stagnates, appears
to be different for a static or cyclic stress. A descriptive equation for the evolution of
the state parameter, which is a measure for the thermodynamic state of a polymer, was
implemented in the EGP model, based on previous work in our group. This allowed
for an accurate prediction of failure under cyclic loading conditions. For static loading
conditions the failure times were over-predicted, which iscaused by the difference in
stress level where the activation by stress stagnates and rejuvenation starts to dominate.
A pragmatic solution was used to solve this problem, by limiting the activation by stress
for static loading conditions which lead to an accurate prediction of failure times.

Finally, the methods and obtained results were employed to predict failure of two polymer
parts: a pressure vessel and a T-fitting, used in hot water applications. Simulations
with the EGP model showed that the localisation of strain in both parts was successfully
simulated. The simulations results were compared to experimental data and it appeared
that for quantitative predictions of the failure time of thepressure vessels the effect of
moisture has to be taken into account. Doing so leads to accurate predictions at longer
time scales. For the T-fitting, the processing conditions have a dramatic effect on part
failure and for quantitative predictions of the burst pressure a single failure criterion
produces reasonable results, but is clearly not sufficient enough.

Combining the above conclusions, the main findings of this thesis can be summarized as
follows:

1. The use of an advanced constitutive model enables prediction of both short- and
long-term failure of polymers under laboratory conditions, as well as a prediction of the
performance of real products. The model could be successfully applied to different glassy
polymers, taking physical ageing into account.

2. The results obtained give some insight in how molecular structure affects mechanical
properties. In general it is observed that polymers with a higher network density display
more pronounced strain hardening, show higher critical hydrostatic stress levels and a
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higher Eyring activation volume, which are all desirable properties for the design of
tougher polymers.

7.2 Recommendations

Although the framework for predicting and describing the mechanical performance of
glassy polymers presented in this thesis is a powerful tool,some interesting issues were
found which deserve a more thorough investigation. These recommendations are listed
below, in the order of appearance in the thesis.

The first issue regards the modelling of the strain hardeningresponse in the EGP
model, as described in Chapter 2. The description of the viscous contribution, as
proposed by Senden et al. [24], combined with an elastic hardening model, enables an
accurate description of the rate- and temperature dependent strain hardening response.
Furthermore, it enables an excellent description of the Bauschinger effect, however, only
at the temperature where the characterization of the elastic hardening contribution was
carried out (see Figures 2.9) and 2.10). Evidently, this is unwanted and some more
research should be devoted to the influence of temperature onthe Bauschinger effect and
the elastic strain hardening contribution.

While studying the embrittlement of the three sulfones considered in this thesis (see
Chapter 4), a short investigation into the effect of ambienttemperature on embrittlement
was conducted. It was hypothesized that in general a polymerwill display brittle failure
at low temperatures, and upon an increase in temperature a transition to ductile failure
can be observed. This temperature is referred to as the brittle-ductile temperature (TBD).
In case of polystyrene (PS) and polymethylmethacrylate (PMMA) for example, which
are brittle at room temperature, raising the temperature to90 and 60○C respectively,
changes their failure mode from brittle to ductile [219]. InFigure 7.1a this effect on
the absorbed energy during impact is shown. Now, if one wouldtake a sample with
a certain age (thermodynamic state), which would result in brittle failure at a certain
temperature, raising the temperature high enough would, according to Figure 7.1a result
again in ductile failure. This was experimentally verified,and results are shown in
Figure 7.1b. The procedure was as follows: notched samples were annealed at 180○C
and taken out of the oven at several annealing times and allowed to cool down to room
temperature. Subsequently, the samples were mounted in a tensile tester, followed by a
waiting period of 15 minutes to reach the set temperature, and were subsequently tested
at 300 mm/s. The temperatures used ranged from zero to 160○C. As can be seen from the
results, the ductile to brittle transition (time-to-embrittlement) at room temperature occurs
around2 ⋅104 seconds, and for a range of temperatures the time-to-embrittlement does not
change. Furthermore, both the ductile and brittle energy levels appear to decrease with
increasing temperature, which is caused by the temperaturedependence of the (yield)
stress. Remarkably, at higher temperatures the time-to-embrittlement shifts to shorter
time scales, contrary to what was anticipated, and this deserves more investigation.
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Figure 7.1: (a) Schematic representation of the absorbed energy in impact as a function of
temperature. The temperature where a transition from brittle to ductile failure is
observed (TBD) is indicated with the vertical dashed line. (b) Notched impact energy
as a function of annealing time for PPSU. Markers represent the average of five
experiments, dashed lines are a guide-to-the-eye. Vertical dashed line represent the
time-to-embrittlement, as determined in Chapter 4. The anneal temperature was
180○C, the ambient temperatures are indicated in the legend.

In Chapter 5 an extensive experimental data set was presented (see Figures 5.6 and 5.8),
used to study the accelerating effect of temperature and stress on the physical ageing
process. The results have lead to more insight into the effects of physical ageing and
rejuvenation in relation to plasticity-controlled failure. As mentioned, the accelerating
effect of stress is limited; at some stress level the acceleration of the ageing process
stagnates, which is followed by rejuvenation at higher stress levels. There appears to be
a difference in this limit for static and cyclic loading conditions, the first issue that needs
resolving. Based on the experimental observations it was believed that a constitutive
framework, including a strain softening description, could capture the stagnation and
subsequent rejuvenation. This is not the case and thereforea solution needs to be
found, with the requirement that plasticity-controlled failure and the effect of progressive
physical ageing, for any loading condition, can be predicted with a single parameter
set. The second issue, in view of material development, is that the generation of such
an extensive data set requires a lot of material (∼ kilograms), and is next to that time
consuming (∼ months). In Chapter 5 only PPSU was considered, given the complexity
of the effect of (progressive) physical ageing on plasticity-controlled failure. It would
be desirable to be able to predict plasticity-controlled failure of PSU and PESU, and
other materials as well, i.e. extend the study performed in Chapter 5, however using a
less extensive experimental data set that will still capture all features of stress-induced
physical ageing.

A third issue is the observation that combining yield stressdata, generated by annealing
treatments only, with data sets using combined stress-annealing treatments, leads to a
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difference in the activation energy for ageing. The annealing treatments are typically
done at high temperatures, to see the increase in yield stress within a practical time frame.
Using time-temperature superposition (TTS) the obtained yield stresses are shifted to a
master curve, which yield the shift factorsaT . The combined temperature and stress
annealing treatments are typically performed at lower temperatures, and combined TTS
and time-stress superposition (TSS) also yield the shift factorsaT . The result of both
methods is shown in Figure 7.2 for PPSU, where the shift factors aT are plotted as
a function of inverse temperature (aT values taken from [109]). With an increase in
temperature there appears to be a change in slope, which might indicate a change in
activation energy or that an Arrhenius type of shift is not applicable over the entire
temperature range. It would be interesting to perform the stress ageing experiments at
the higher temperatures to verify whether the change in slope is still observed.
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Figure 7.2: Shift factorsaT as a function of inverse temperature, data taken from [109].

In view of predicting long-term failure, the results obtained in Chapter 6 show that
moisture uptake over time has to be taken into account for accurate predictions. The
uptake of moisture results in a drop of the yield stress, which directly implies shorter
failure times. With the apparent temperature approach thiscan be captured, however
at elevated temperatures failure times are still over predicted (see Figure 6.11). The
uptake of moisture can be regarded as a plasticization effect, which results in an increase
of segmental mobility, which directly means that the activation barriers to deformation
change, i.e. the activation energy changes. Then it might also be that in some temperature
range moisture will result in a anti-plasticization effect, i.e. an increase in yield stress.
Some preliminary results that appear to confirm this hypothesis are presented in Figure
7.3. In Figure 7.3a the yield stress as a function of strain rate is shown for dry and
conditioned samples, for three different temperatures. The conditioned samples where
conditioned up to saturation, in this case a moisture content of 0.65% was chosen, and
for each temperature a different relative humidity was usedto ensure similar moisture
contents. This was achieved by measuring the moisture uptake in time at different
temperatures and relative humidities up to saturation. As can be seen the moisture
uptake indeed leads to a plasticization effect, i.e. a loweryield stress is observed for
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the conditioned samples compared to the dry samples. Interestingly, this drop in yield
stress appears toincrease with an increase in temperature, indicated by the arrows on the
left hand side, and indicates a change in activation energy.This becomes more clear by
plotting the yield stresses at a single strain rate as a function of temperature, see Figure
7.3b. As can be seen the slope for dry and conditioned samplesis different, caused by
the change in activation energy. Furthermore, this also implies a cross-over at some
temperature, below which the conditioned samples have a higher yield stress compared to
the dry ones, i.e. an anti-plasticization effect.
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Figure 7.3: (a) Yield stress as a function of strain rate for dry and conditioned PPSU samples.
(b) Yield stress as a function of temperature. In both figuressolid and dashed lines
are a guide-to-the-eyes.

Next to that, the current simulations use an apparent temperature approach for time to
failure predictions of the fully saturated samples. It would be desirable to know the
moisture content at each point in time, which requires simultaneous solving of the EGP
model equations and an evolution equation for the moisture uptake.

Last, it appeared that quantitative predictions of failureof complex parts might require a
combined failure criterion, that takes into account different variables such as plastic strain
and tri-axial stresses. Several of these criteria exist in literature and can be investigated
for validity, however, many of the criteria require some criterion-specific parameters, that
are often unknown and would reduce such an investigation to afitting procedure. More
investigation is required to extract these parameters fromrelatively simple experiments,
to be able to subsequently test the combined failure criteria on actual polymer parts.

7.3 From structure to properties

The results and observations presented in this thesis show that in general polymers with a
higher network density display better mechanical properties. For example, polycarbonate



From structure to properties 125

(PC) and polyphenylsulfone (PPSU) have a high network density, or alternatively a small
packing length, and are typically regarded as tough polymers. In contrast, polymers
like polystyrene (PS) or poly-L-lactic acid (PLLA) show small network densities, and
high packing length values. These polymers are typically regarded as brittle materials.
Although a direct step from polymer chemistry to mechanicalperformance is still difficult,
the results obtained in this thesis give some insight in how molecular structure can be
designed to improve mechanical properties, or to avoid a diminishing of properties, by
looking at the packing length (see also Chapter 3). The network density is controlled by
molecular architecture, which can be reflected in the packing length, and polymers with a
denser network display low values of the packing length. To increase network density the
packing length should decrease, however it is not directly clear what should be changed to
a polymer’s backbone structure to decrease the packing length. Rewriting the expression
for the packing length by expressing the mean square end-to-end distance in terms of the
characteristic ratio [143], which is a rather crude approximation, reveals that the packing
length can described by:

p = M

ρNaC∞Mm−1
0
l2
0

= v0

C∞l
2

0

= S0

lK
(7.1)

whereC∞ is the characteristic ratio,M the molecular weight,m0 the average molecular
weight per back bone bond andl0 the average length per back bone bond.S0 is the
chain cross-sectional area, andlK is the Kuhn length. A decrease in the packing length
can be achieved as it appears by keeping the chain cross-sectional area small, and an
increase in the Kuhn length is beneficial. From this simple analysis it is clear that making
a polymer more bulky, by incorporating large side groups forexample, will lead to high
packing lengths (see also the results of Gerstl et al. [145])and subsequently a low network
density, and therefore diminished mechanical properties.However, in making a polymer
more bulky, the Kuhn length will likely change because of changes in chain stiffness
(reflected in the characteristic ratioC∞) due to local interactions , i.e. both cannot be
controlled totally independently.

Nevertheless, to validate the findings of this thesis, and the above exercise, a potential
interesting series of polysulfones for this purpose is shown in Table 7.1. In this series,
the bisphenol that is linked to the diphenylene sulfone group is altered by addition of an
extra benzene ring, effectively increasingl0. By addition of the benzene rings, the glass
transition temperature increases, shown in the most right column.

Also quaterphenyl-containing structures are possible, see for example [45,220], however
note that, by introducing these bisphenols also order is introduced in the backbone
structure, which may give a tendency to crystallize, eitherduring the initial stages of the
reaction [45] or by cooling from the melt [221]. The idea of trying to increase the Kuhn
length to improve properties is in fact not new, and similar conclusions where also drawn
by Prevorsek and DeBona [222, 223] and also in the work of Roovers and co-workers on
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Table 7.1: Effect of different bisphenols in the repeat unit of polysulfones on the glass transition
temperature.Tg values taken from [45].

bisphenol X = Tg [○C]

hydroquinone 205

4,4’-dihydroxydiphenyl 220

1,4-bis(hydroxyphenhyl)benzene 250

sulfone polymers identical ideas where put forward: “In designing tougher polymers one
should try to increasel0 while limiting m0” [142].

The above exercise gives some insight in how mechanical properties can be improved in
general, and as already mentioned, this is still a difficult task. Next to that, quantitatively
predicting directly from structure a specific property, like for example modulus, or even
a full stress-strain curve is a challenging task. To do so, a combination of computational
and experimental tools are required. For example, it is feasible to extract parameters
such as characteristic ratioC∞ and the mean-square end-to-end distance⟨R2⟩0 from
advanced Monte Carlo algorithms and equilibrium MolecularDynamics simulations (see
for example [48, 125, 224, 225]), provided the structure andinteraction potentials are
established. From these parameters the packing length and entanglement density can
be derived, which can subsequently be used to estimate mechanical properties. Based
on this, small batches of selected materials could be synthesized for further thermal or
mechanical characterization.
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