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CHAPTER 1 

Introduction 

1.1  Silicon-based thin films in solar cells: an overview 

Solar photovoltaics (PV) and wind are widely acknowledged to be capable to guide 

our fossil fuel-dependent society towards one based on renewable energy sources1. 

Within the solar PV market, wafer-type crystalline silicon (c-Si) solar cells have a market 

share > 90%2,3. Silicon also plays a major role in the form of so-called silicon-based thin 

films. For example, hydrogenated* amorphous/microcrystalline† silicon (a-Si:H, c-Si:H), 

polycrystalline silicon (poly-Si), amorphous/microcrystalline silicon oxide 

(a-SiOx/c-SiOx) and silicon nitride (SiNx) thin films, have been or still are of major asset 

in the PV development. This is due to the fact that all these layers can be synthesized 

from earth-abundant elements and result in either semiconducting or insulating 

properties, enabling them to serve as absorber, dielectric or (charge carrier) selective 

contact material. Their implementation into already existing and/or emerging solar cell 

technologies, e.g. thin film silicon (TF Si) solar cells4–6, silicon heterojunction (SHJ) solar 

cells7–9, and poly-Si/SiOx passivating contact-based solar cells10–12, is widely investigated 

and addressed in detail in Chapter 2 of this dissertation.  

 

                                                           
* Silicon thin films can be divided into two categories: hydrogenated amorphous silicon (a-Si:H) and hydrogenated 

microcrystalline silicon (c-Si:H). The term hydrogenated refers to the passivation of non-terminated, silicon 

dangling bonds in the film by atomic hydrogen. 

† Microcrystalline is a common term to highlight the presence of crystals embedded in an amorphous matrix, where 

voids can also be present. Alternatively, the term nanocrystalline is also adopted. In this dissertation, the term 

microcrystalline will be adopted. 
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Figure 1.1: Schematic cross-sectional views of selected thin film silicon and c-Si solar cells where silicon-

based thin films (indicated in bold, together with typical thicknesses) are adopted: (a) a single-junction 

microcrystalline silicon thin film solar cell composed of an intrinsic (i) microcrystalline silicon absorber 

layer (~ 1-2 m), sandwiched between p- and n-doped nanocrystalline silicon oxide thin films 

(~ 10-20 nm). The p-i-n structure is essential to generate an electric field throughout the thickness of the 

cell and eliminates the defective p/n interface which hampers efficient charge carrier transport. 

Front/rear contacts are typically composed of (textured) transparent conductive oxides (front 

~ 0.1-2 m, rear ~ 0.3-5 m) combined with adequate metal contacts; (b) a silicon heterojunction 

(crystalline silicon) solar cell (~ 100-300 m), which employs intrinsic (i) and doped (p- or n-type) 

amorphous silicon thin films (~ 5-10 nm) serving as (chemical/field-effect) passivation layer, and 

providing charge carrier selectivity for their extraction towards the respective contacts; (c) a 

polysilicon/silicon oxide passivating contact-based (crystalline silicon) solar cell, where an ultrathin 

silicon oxide layer (typically ~ 1-3 nm) provides (chemical) passivation and serves as a dopant diffusion 

barrier. The doped (e.g. Phosphorus or Boron) polysilicon layer (~ 20-250 nm) enables charge carrier 

selectivity, provides field-effect passivation, and improves the electrical contact quality. The front/rear 

contacts are typically composed of (textured) transparent conductive oxides (< 100 nm), providing lateral 

conductivity, combined with adequate (locally applied) metal contacts. Due to the high conductivity of 

the doped polysilicon, the transparent conductive oxide can be omitted in polysilicon/silicon oxide 

passivating contact-based solar cells, while also enabling a full-area metal contact. 
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Figure 1.1 shows selected examples of solar cells employing silicon-based thin films. 

A microcrystalline silicon thin film solar cell is shown in Figure 1.1a. Similarly, a-Si:H thin 

film solar cells can be developed which differentiate in terms of light absorption. To 

further enhance the conversion efficiency of TF Si solar cells, multi-junction cell 

configurations are often exploited where complementary absorbers layers, for example 

a-Si:H and c-Si:H, are combined. In c-Si solar cells, the role of silicon-based thin films 

can differ significantly. Two interesting examples of c-Si solar cells are the silicon 

heterojunction (SHJ) solar cell (Figure 1.1b) and the poly-Si/SiOx passivating contact-

based solar cell (Figure 1.1c). Whereas silicon-based thin films act as absorber or charge 

carrier selective (when doped) layer in TF Si solar cells, they are used as dielectric, 

passivation (chemical, field-effect) or charge carrier selective layer in c-Si solar cells. 

     

Figure 1.2: Spectral absorption coefficient (left axis), and penetration depth of incoming photons (right 

axis) for hydrogenated amorphous silicon (a-Si:H), microcrystalline silicon (c-Si:H), and crystalline 

silicon (c-Si). Figure adopted from Bronneberg13. 

a-Si:H, c-Si:H and c-Si absorbers differ in terms of absorption coefficient (Figure 1.2). 

In the wavelength range up to ~ 800 nm (i.e. higher photon energy), a-Si:H thin films 

(typically with a thickness in the order of few hundreds of nanometer), and even c-Si:H 

thin films (~ 1-2 m thick) absorb light better than c-Si (~ 100-300 m thick). Once 

exceeding the ~ 800 nm wavelength range (< 1.5 eV), the absorption coefficient for 

a-Si:H is strongly reduced, while c-Si:H and c-Si have an extended spectral absorption 

range up to ~ 1100 nm. The wavelength dependent penetration depth of the incoming 

photons therefore explains why thicker absorber materials are needed in case of 

crystalline materials in order to achieve efficient light conversion. In a solar cell, light 
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absorption potential is however not the only aspect to consider, also the electrical 

properties of the absorber layer are of importance. 

As highlighted in Figure 1.1, silicon-based thin films can serve to different purposes 

depending on their opto-chemical and electrical properties. Therefore, accurate control 

of the silicon-based material properties is vital. In the most commonly adopted thin film 

silicon deposition method, i.e. H2/SiH4- fed Plasma-Enhanced Chemical Vapor 

Deposition (PECVD), plasma-surface interactions occurring at the surface of the 

growing film are key to control film growth and, therefore, material properties. For 

example, film growth and properties are affected by ion energy (Ei), ion flux (ion) and 

atomic hydrogen flux (H). Photons, in particular (vacuum) ultraviolet radiation, can also 

affect material properties. However, during silicon thin film growth, given the high 

absorption coefficient of the material, their influence is restricted to surface reactions. 

Ions and atomic hydrogen on the other hand can interact with the thin film surface and 

sub-surface regions, i.e. monolayers, depending on the plasma process conditions. Plasma 

properties (e.g. electron density, electron temperature) are to a large extent tuned by 

macroscopic process parameters such as power, pressure, and gas flow rates, which 

consequently alter the impact of plasma-surface interactions. This brief analysis clearly 

indicates how complex it is to control or optimize a plasma process in order to obtain 

the targeted thin film properties needed for the final application. The latter is also 

characterized by specific properties of the substrate, such as its surface nature in terms 

of chemistry and topography. Both will affect the plasma-surface interactions and their 

role in film growth. Hence, the systematic characterization of each plasma process 

parameter and its correlation with film growth and film properties is essential, for 

example when introducing novel concepts aiming at light management techniques. 

Next to PECVD processes, low pressure CVD (LPCVD), in combination with high 

temperature annealing, is often applied for the development of (doped) poly-Si thin films 

employed in passivating contacts. This step is preceded by the ultrathin SiOx film growth, 

often accomplished via wet-chemical oxidation methods such as nitric acid oxidation. 

Variations in oxidation methods and the interplay with subsequent thin film growth 

might therefore alter the key properties, and more importantly, the functionality of a 

passivating contact. Examples of relevant properties are the passivation quality, the 

charge carrier transport mechanisms, and dopant distribution. 
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1.2  Research framework and objectives 

This dissertation addresses the key aspects during silicon-based thin film growth for 

thin film silicon and poly-Si/SiOx passivating contact-based solar cells. The research 

topics that are addressed in the following chapters are schematically represented in Figure 

1.3. A brief overview of the research framework and objectives associated herewith is 

given below.  

 

Figure 1.3: Schematic representation of a partial thin film silicon solar cell (left) and a poly-Si/SiOx 

passivating contact-based solar cell (right) which indicate the main topics of research in conjunction with 

its physical relevance in the cell structure and the respective chapter in which the topic is discussed.  

Silicon-based thin films for solar cells (Chapter 2) 

Silicon-based thin films are employed in both thin film silicon as well as poly-Si/SiOx 

passivating contact-based solar cells. In view of their implementation in each of these 

applications, major preparation, process and material characteristics are discussed. The 

first part is focussed on thin film silicon solar cells and addresses the importance of 

plasma-surface interactions during PECVD growth of (microcrystalline) silicon thin films 

from a microstructural point of view. In relation therewith the impact of surface nature 

and topography on the silicon thin film growth and its nucleation is discussed. The 

second part discusses the concept of passivating contact-based solar cells, i.e. the 

development, the characteristic properties of the silicon-based thin films, particularly 

regarding (doped) poly-Si and ultrathin SiOx films, and their dependence on the 

preparation methods (especially of ultrathin SiOx films) typically employed. 
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Experimental methods and concepts (Chapter 3) 

The experimental methods for the preparation of silicon-based thin films and their 

characterization are introduced. A description of the capacitively coupled plasma 

enhanced chemical vapor deposition (PECVD) method, the low pressure chemical vapor 

deposition method, and the wet-chemical oxidation processes is provided. Next, the key 

diagnostics adopted throughout this work are highlighted, thereby distinguishing 

between material characterization, plasma (-surface interaction) diagnostic methods and 

charge carrier lifetime measurements. 

Plasma-surface interactions during silicon thin film growth (Chapter 4) 

In the field of thin film silicon solar cells, an important contribution to film growth 

comes from the plasma-surface interactions taking place during a H2/SiH4 PECVD 

process. In particular for c-Si:H thin films, dedicated process conditions, known as high 

pressure depletion, are adopted to achieve high growth rate and material quality. Process 

parameters such as power, pressure or the hydrogen dilution, i.e. the H2-to-SiH4 flow rate 

ratio, are regarded as essential in process development. Furthermore, these parameters 

affect material properties such as microstructural composition, crystalline volume 

fraction or hydrogen content. The correlation between plasma-surface interactions and 

material properties is however not fully understood. In this perspective, this thesis 

investigates the role of plasma-surface interactions by independently evaluating the 

impact of the ion energy, the ion flux and the atomic hydrogen flux. The research 

objective focuses on identifying the relevance of ion energy, ion-to-growth flux ratio, and 

atomic hydrogen-to-growth flux ratio across the amorphous-to-microcrystalline silicon 

phase transition region. Efficient microcrystalline silicon solar cells are typically obtained 

in this region, i.e. with a crystalline volume fraction ~ 60-70%14. By investigating relevant 

process conditions, one contributes to the further development of plasma-deposited 

(silicon) thin films. As such, a guideline can be established which points out to specific 

plasma process parameters controlling the required thin film quality. To identify the 

various components of the plasma-surface interactions, direct, local plasma diagnostic 

methods are employed. Essentially, this is achieved through a retarding field energy 

analyzer to determine the ion energy, a capacitive ion probe to derive the ion flux and 

optical emission spectroscopy to measure the atomic hydrogen flux interacting with the 

growth surface. 
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Influence of the surface chemistry and topography on c-Si:H thin film 
growth (Chapter 5) 

The initial growth of a-Si:H and the nucleation of c-Si:H thin films is affected by the 

substrate surface nature and topography. The latter often depend on the cell structure, 

i.e. a p-i-n or n-i-p configuration, where different thin films are implemented prior to the 

silicon absorber. In addition, the role of surface topography is essential in the 

optimization of light management in the cell. Particularly c-Si:H thin film solar cells 

require efficient light trapping/scattering methodologies to reduce the absorber layer 

thickness while maintaining the solar cell performance. The surface topography is usually 

developed by texturing the transparent conductive oxide (TCO) with dedicated (plasma) 

surface treatments, or alternatively via (ultra-violet) nano-imprint lithography (UV-NIL) 

which enables a pre-defined light management scheme prior to the TCO development. 

In general, a trade-off between light trapping potential and absorber layer quality exists, 

since optimized size/shape of surface features results into cracks and voids which 

consequently deteriorate the solar cell performance. Generally speaking, any change in 

substrate surface chemistry or topography requires an in-depth assessment of the growth 

kinetics, the plasma-surface interactions and the resulting thin film material quality, in 

comparison to “standard” flat reference substrates (e.g. Si, SiOx, glass). The research 

objective is focused on correlating c-Si:H thin film growth with varying surface nature 

(glass vs. TCO) and UV-NIL induced surface topographies (periodic vs. random). 

Besides a microstructural characterization, the role of the plasma-surface interactions, i.e. 

ion energy, ion-to-growth flux ratio, and hydrogen-to-growth flux ratio, as established in 

Chapter 4, is reconsidered in relation with the pre-defined topographies which deviate in 

terms of surface area. Such study is highly relevant because it investigates specific 

properties of a film when embedded in a device, as for example in the case of thin film 

solar cells where light management concepts are implemented by adopting rough, instead 

of flat substrates. 

Ultrathin, wet-chemically grown silicon oxide films: microstructural 
properties and their impact on the poly-Si (n+)/SiOx/c-Si passivation 
quality (Chapter 6 & 7) 

   The potential of poly-Si/SiOx passivating contact-based c-Si solar cells has been 

demonstrated in recent years10–12,15. Essentially, the implementation of two silicon-based 

thin film materials is required, namely a (doped) poly-Si and ultrathin SiOx film. The 

poly-Si layer mainly provides field-effect passivation and therefore the charge carrier 

selectivity. Many research efforts have been focussed on its development, thereby 
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optimizing amongst others the dopant density and dopant distribution. The SiOx layer, 

with a typical thickness of 1-3 nm, mainly provides chemical passivation. In addition, it 

serves as dopant diffusion barrier, which also suggests that its thermal stability upon the 

poly-Si development needs to be considered. Although excellent results have been 

reported through the use of wet-chemical oxides such as nitric acid oxidation, a strong 

dependence on the oxidation method can be expected. The research objective evaluates 

two types of wet-chemical oxidation methods, i.e. nitric acid oxidation and deionized 

water oxidation, initially in terms of their microstructural composition and passivation 

quality. Subsequently, the developed SiOx layers are implemented in 

poly-Si (n+)/SiOx/c-Si passivating contact structures. Passivation quality, dopant 

density/distribution, microstructural composition (open/closed, i.e. vacancy-rich or 

vacancy-poor) and thermal stability/interface quality are evaluated to assess the potential 

effect of ultrathin SiOx films on the passivating contact quality. The systematic 

assessment of the properties of ultra-thin oxide layers and of their relation with the 

passivating contact quality can then provide clear guidelines towards the design of 

effective passivating contact structures. 

Conclusions and recommendations (Chapter 8) 

The research described in this dissertation is concluded with an overview of the main 

research objectives and their respective outcomes. A distinction is made between the TF 

Si and poly-Si/SiOx passivating contact-based solar cells. The learnings obtained from 

the research regarding silicon-based thin films for solar cells are translated into 

recommendations for future work. 

The work presented in this dissertation has been performed as part of the 

NanoNextNL program “Efficient generation of sustainable energy”.  NanoNextNL is a 

micro and nanotechnology consortium of the government of the Netherlands and 130 

partners. 
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CHAPTER 2 

Silicon-based thin films for solar cells 

In this chapter key aspects regarding silicon-based thin films and their deposition 

methods are discussed with respect to their application in the field of photovoltaics (PV). 

In parallel, two PV technologies where silicon-based thin films have been adopted, are 

presented: thin film silicon and polysilicon/silicon oxide passivating contact-based solar 

cells.    
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2.1  Thin film silicon: deposition methods and properties 

Thin film silicon, i.e. a-Si:H or c-Si:H, is generally prepared by means of plasma-

enhanced chemical vapor deposition (PECVD). For an introduction to the general 

principles of plasma discharges, often referred to as the fourth state of matter, the author 

would like to direct the reader of this dissertation to the book of Liebermann and 

Lichtenberg1. Among the modes of plasma generation a distinction can be made between 

remote plasma techniques e.g. the expanding thermal plasma (ETP)2–4 or the inductively 

coupled plasma (ICP)5,6, and direct plasma techniques such as the capacitively coupled 

plasma (CCP)7–10. With the former, the plasma generation occurs far from the substrate 

where deposition takes place, while with the latter the plasma is generated in proximity 

of the substrate. PECVD deposition methods are well-established in the semiconductor 

industry, because highly versatile in terms of deposited films, easy up-scalable and 

characterized by high growth rate processes, which makes them of general interest for 

industrial-scale production facilities. Alternatively to plasma-assisted thin film growth, 

hot wire chemical vapor deposition (HWCVD)10–13 can also be applied. In the following 

sections, the principles of PECVD thin film silicon growth and characteristic material 

properties are described. HWCVD is left outside the scope of this dissertation work. 

2.1.1  Plasma-Enhanced Chemical Vapor Deposition of thin 
film silicon 

Thin film silicon PECVD typically adopts a mixture of hydrogen (H2) and silane (SiH4) 

gasses, which undergo chemical reactions inside a vacuum chamber upon the application 

of an external electromagnetic field, for example generated by a radio frequency (RF) or 

very high frequency (VHF) power source. Material properties play a major role for the 

solar cell performance and are tuned by key process parameters, i.e. power, pressure, gas 

flow rates and inter-electrode distance14–17. Thin film growth follows the gas phase 

dissociation of H2 and SiH4 into reactive species, so-called growth precursors, which 

undergo gas phase reactions and react at the film surface. The dominant reactions, i.e. 

with the largest rate constants, describing the H2/SiH4 plasma chemistry in a RF PECVD 

system are listed in Table 2.1 based on dissociation, excitation and ionization reactions 

involving either molecular and atomic hydrogen or silane18–22. SiH3 radicals and atomic 

H, together with SiH3
+ and H3

+ ions, are suggested to be the dominant plasma species 

interacting with the growth surface, as derived from experimental investigations as well 

as simulations18–21,23. 
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Table 2.1: Overview of the main chemical reactions, i.e. dissociation, excitation and ionization, taking 

place in a H2/SiH4 plasma. Following these reactions, (neutral) radicals, ions and electrons are generated 

which lead to thin film growth. Considering that H2 and SiH4 are used as reactive gases, the table below 

represents a selection of reactions involving H2 and/or SiH4 with the highest rate constants18–22. 

Chemical reaction 
Rate constant 

(cm3/s) 
Chemical reaction 

Rate constant 
(cm3/s) 

H2-based 
 

SiH4-based 
 

e- + H2  H2
* + e- 1.3·10-11 e- + SiH4  SiH3 + H + e- 1.6·10-10 

e- + H2  H + H + e- 4.5·10-12 e- + SiH4  SiH2 + 2H + e- 1.9·10-11 

e- + H2  H2
+ + 2e- 2.3·10-11 e- + SiH4  SiH + H2 + H + e- 9.3·10-12 

H2
+ + H2  H3

+ + H 2.1·10-9 H + SiH4  SiH3 + H2 ~2·10-12 

  
e- + SiH4  SiHx

+ + H4-x + 2e- 

(x=2,3) 
~1·10-12 

  H3
+ + SiH4  SiH3

+ + 2H2 ~ 5·10-10 - 2·10-9 

  SiyHx
+ + SiH4  Siy+1Hz

+ + … ~ 1·10-10 - 1·10-11 

Investigations regarding the plasma chemistry and material properties during a- and 

c-Si:H thin film growth have been performed under specific process conditions. The 

best performance, i.e. conversion efficiency, in c-Si:H solar cells is achieved for a 

crystalline volume fraction (Xc) of ~ 60-70% in the absorber layer. This corresponds with 

the a- to c-Si:H phase transition region, where a microstructural evolvement from an 

initially a-Si:H thin film to a film of microcrystalline nature occurs. Plasma properties 

clearly play a major role in affecting the film microstructure, for example in terms of 

crystalline volume fraction and hydrogen content (cH). To illustrate, the onset in 

crystallization is primarily driven by the atomic hydrogen flux (H) interacting with the 

growth surface23–26. An example of the hydrogen flux dependent microstructure 

evolution is shown in Figure 2.125. Besides the crystalline volume fraction, also the 

preferential crystal orientation is varying as a function of the atomic hydrogen-to-growth 

flux (H/growth) ratio (by Abe et al. 25 named H/P, with P meaning the deposited 

precursor flux, i.e. growth flux). A preferential (110) orientation exists with increasing 

H/growth ratio up to the level where etching effects of (110) facets is favored over (111) 

facets, hence reducing the (220)/(111) ratio. The defect density (ND) however remains 

unchanged upon increasing the H/growth ratio. For this particular example, suitable 

conditions for solar cells correspond with a H/growth ratio of ~ 65-70. 
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Figure 2.1: In a H2/SiH4 plasma the a- to c-Si:H phase transition is characterized by the crystalline 

volume fraction (a) as a function of the SiH4 flow rate or, as shown here, the atomic hydrogen-to-growth 

flux (H/growth) ratio (by Abe et al.25 named H/P, with P meaning the deposited precursor flux). The 

increasing atomic hydrogen flux transfers the microstructure from an amorphous to a microcrystalline 

nature. At the same time, the preferential crystal orientation is varying as well (b), whereas the defect 

density ND remains unchanged (c). Figure adopted from Abe et al.25. 

2.1.2  Plasma-surface interactions during silicon thin film 
growth 

On the role of H and Si-based radicals 

When referring to plasma-surface interactions, the interaction of radicals, ions and 

electrons with the thin film growth surface should be considered. As pointed out earlier, 

H and Si-based radicals have a predominant role in the growth of silicon thin films. 

Furthermore, a distinction can be made between surface-reaction processes and growth 

models associated with a-Si:H and c-Si:H growth, an illustration which is given in 

Figure 2.223.   

a-Si:H thin film growth (Figure 2.2a) starts with SiH3 radicals reaching and diffusing 

on the surface. At certain instances, surface-bonded H is abstracted forming SiH4, and 

leaving behind a dangling bond defect. Such defect site can be occupied by another SiH3 

radical and create a Si-Si bond, thus inducing film growth. Besides H-abstraction, two 

SiH3 radicals can also recombine at the surface forming Si2H6. 
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c-Si:H thin film growth (Figure 2.2b, c, d) is explained by means of various growth 

models each associated with specific experimental observations during the growth 

process. All models are based on the fact that crystalline growth is associated with high 

hydrogen-dilution conditions, i.e. the interaction with H and SiH3 radicals at the surface. 

Essentially, they suggest that stress built up in the thin film is attributed to a critical 

H/growth ratio26, which eventually determines the onset of nucleation27. Although not 

included, the role of (hydrogen) ions is acknowledged as it provides an additional means 

to control the microstructural composition. The models that have been reported are the 

following: (1) the surface-diffusion model, (2) the etching model, and (3) the chemical-

annealing model.  

Figure 2.2: The a-Si:H and c-Si:H thin film growth models as suggested in literature: a) surface radical 

diffusion and H-abstraction, b) the surface-diffusion model, c) the etching model, d) the chemical-

annealing model. Figures b-d adopted from Gatz28 (originally adapted from Matsuda23). 

 The surface-diffusion model: assumes the coverage, i.e. saturation of dangling 

bonds, of the surface via surface reactions with H, as well as local heating induced 

by hydrogen recombination reactions. Both aspects enhance the surface diffusion 

of adsorbed radicals, mainly SiH3, and results in the formation of an atomically 

ordered structure by occupying energetically stable surface sites. From this point 
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onwards, crystal growth proceeds and further enhances surface diffusion. The 

model aims at explaining surface temperature dependent growth characteristics 

while remaining constant growth rates. 

 The etching model: atomic hydrogen reaching the film growth surface can break 

weak Si-Si bonds in the amorphous network, and consequently etch away weakly 

bound Si atoms. Incoming growth precursors then occupy these etched sites in 

order to form a stronger Si-Si bond configuration and a more ordered structure. 

The model aims at explaining the reduced growth rate observed during low 

temperature c-Si:H growth under high H2 dilution. 

 The chemical-annealing model: crystal formation is induced by the exposure of an 

amorphous film to a hydrogen plasma. The interaction of hydrogen with the film 

does not etch the film, instead hydrogen diffuses into the subsurface regions giving 

rise to crystallization reactions by restructuring the initially amorphous Si-Si 

network. The model aims at explaining microstructural transitions without reducing 

the film thickness, thus contrasting the etching model. 

An alternative model has also been proposed, namely the nucleation model. It suggests 

a coalescence of initially grown islands induced by SiH3 surface diffusion. The internal 

stress developed in the amorphous incubation layer due to the presence of strained Si–Si 

bonds, followed by atomic hydrogen attacking these bonds, results in the formation of 

the so-called SiH2(Sid) complex on the film growth surface. Such complex acts as a pre-

nucleation site from which c-Si:H growth evolves. 

In view of the major role of atomic hydrogen in c-Si:H thin film growth, its 

significance is further discussed in terms of the H/growth ratio. As observed from Figure 

2.1, microstructural parameters such as the crystalline volume fraction and preferred 

crystal orientation24–26 are directly depending on H/growth due to surface diffusion and 

etching effects induced by H. Furthermore, strong etching effects of a-Si:H thin films 

(i.e. film growth under high SiH4 flow rate conditions) have been reported, whereas 

crystalline thin films, grown at reduced SiH4 flow rate, are only sensitive to preferential 

etching of weak Si-Si bonds in the remaining amorphous network structure. An example 

correlating the a- to- c-Si:H phase transition region with the H etching effect is provided 

in Figure 2.324,29. Whereas the ion energy typically suppresses the crystallization kinetics 

by a strong ion energy transfer, the H can facilitate it. Below a certain H/growth 
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threshold an amorphous phase remains, whereas above, a crystalline volume fraction 

eventually saturating at Xc ~ 80% can be achieved25. 

 

Figure 2.3: The SiH4 etch product flow rate (SiH4,etch), being proportional with H, and the associated 

solar cell’s conversion efficiency are shown as a function of the SiH4 flow rate throughout the a- to c-Si:H 

phase transition region. SiH4,etch is derived from the SiH* emission intensity, monitored by optical 

emission spectroscopy (OES), during exposure of silicon thin films to H2 plasma. Process conditions are 

corresponding with a high pressure depletion regime. The optimum c-Si:H solar cell corresponds with a 

minimum hydrogen etching effect, indicating the crystalline nature of the thin film. When increasing the 

RF input power, the optimum is slightly shifted due to variations in the etching behaviour of the thin 

films. Figure adopted from Dingemans et al.24. 

A general relation between the H and growth has been reported for the high pressure 

depletion (HPD) process regime24, 

𝜅 =
𝛤𝐻

𝛤𝑔𝑟𝑜𝑤𝑡ℎ
=

(𝛷< / 𝐴𝑠𝑢𝑟𝑓𝑎𝑐𝑒) / 𝛾𝑒𝑡𝑐ℎ

𝑅𝑑𝜌𝑆𝑖
    (2.1) 

with H the atomic hydrogen flux (cm-2s-1), growth the silicon growth flux (cm-2s-1), < 

the etch product generation rate (particles s-1), Asurface the total surface area exposed to 

H, etch the etch yield of H atoms impinging on the film, Rd the deposition rate and Si 
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the silicon film density. With HPD one refers to high operating pressure and power, 

thereby balancing between high SiH4 depletion (hence fast growth) and limited ion 

bombardment (discussed in more detail in the following sections). c-Si:H thin film 

growth typically occurs in such HPD (> 0.1 mbar) regime, which enables high growth 

rates (1-3 nm/s) while maintaining good conversion efficiencies14,30,31. A concrete 

example of the relation established in Equation 2.1 is shown in Figure 2.4, which in 

addition highlights its reactor independence when employing HPD conditions24. 

Essentially, a linear relation was reported which distinguishes between a-Si:H, mixed 

a-Si:H/c-Si:H, and c-Si:H -rich phases of silicon thin film growth. It therefore suggests 

the importance of identifying the H during silicon thin film growth. 

 

Figure 2.4: Relation between the atomic hydrogen flux H, and the (silicon) growth flux growth, which 

has been established under high pressure depletion conditions. No reactor dependence was found for the 

deposition chambers located at the Institute of Photovoltaics (IPV, IEK-5) at Forschungszentrum Jülich 

(FZJ, Germany), nor for the deposition chamber used in this work. The H/growth ratio governs the 

transition between a-Si:H growth, mixed-phase growth and c-Si:H growth, as indicated by the dashed 

lines. Figure adapted from Dingemans et al.24. 

On the role of (plasma) ions 

As a first step, c-Si:H growth has been explained based on the dominant radical 

species generated by the RF discharge, being H and SiH3 radicals, interacting with the 

growth surface. The role of ions, generated in the plasma, has been only briefly addressed, 

despite their significant impact on the film microstructure. In what follows their 

contribution to the plasma-surface interactions in terms of ion energy (Ei) and ion flux 

(ion) is discussed, thus providing a more generalized view, besides the role of the atomic 

hydrogen flux and the silicon growth flux. 
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Figure 2.5: Schematic representation of typical process windows for a-Si:H and c-Si:H thin film growth 

based on the ion-to-Si atom arrival ratio (i.e. ion-to-growth flux ratio) and the ion energy. The process 

windows as defined here are derived from a remote PECVD process with external bias, and a VHF 

PECVD process. Threshold values for potential ion bombardment induced effects, i.e. regions for Si 

atom sputtering, bulk Si atom displacement, surface Si atom displacement, and negligible impact, are 

indicated. Figure adopted from Smets et al.38,39. 

During c-Si:H thin film growth, for example obtained in the high pressure depletion 

regime, a balance between high SiH4 depletion and ion bombardment needs to be 

established. The latter is however strongly depending on the process conditions. The ion 

energy is usually increased by increasing the RF power, especially when operating in a 

collisionless plasma, due to the larger plasma sheath potential. By simultaneously 

increasing the pressure, i.e. introducing a collisional plasma sheath, hence lowering the 

effective ion energy, this effect is mitigated32–34. Similar effects hold for the excitation 

frequency of the input power, for instance differentiating between Radio Frequency (RF, 

13.56 MHz) and Very High Frequency (VHF < 300 MHz) power sources, the latter 

which possesses a reduced sheath potential compared to the primer35–37. The relevance 

of ion bombardment in the thin film silicon growth process is illustrated in Figure 2.5. 

Typical process windows for a-Si:H and c-Si:H thin film growth are reflected in relation 

with the ion energy and ion-to-Si atom arrival ratio (i.e. ion-to-growth flux ratio)38,39. 

Films suitable for implementation into solar cells are not marked explicitly, hence only a 

general relation between ion bombardment and microstructure can be identified. 

Typical ion/growth ratios under high pressure depletion (PECVD) conditions vary 

between ~ 0.2 and ~ 0.738,40,41 (see also Figure 2.6).  Furthermore, the a- to c-Si:H phase 

transition is characterized by an enhanced ion/growth ratio, thus indicating a more 
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effective contribution of ions to the film growth process. In parallel to the ion/growth 

ratio, the microstructure of Si thin films also depends on the ion energies. For the 

majority of Si thin films considered here, ion energies are in the range of 1 to 10 eV/atom 

(dashed lines in Figure 2.5). Within this range, material properties such as microstructural 

composition (voids, vacancies, hydrogen content) or crystalline volume fraction, are less 

likely to deteriorate due to plasma ion-surface interactions. Outside this range, 

phenomena such as surface Si atom displacement (> 18 eV), bulk Si atom displacement 

(> 40 eV) or sputtering (> 50 eV) can take place when exceeding their respective 

threshold values. Consequently, material properties might be altered, for example 

inducing amorphization, which translates into a reduced performance when 

implementing such thin films into a solar cell. For ion energies < 18 eV, local thermal 

spikes on the growth surface or in the bulk can occur, which consequently enhance 

surface diffusion. Therefore, among the absorber layer properties that need to be 

optimized, either for obtaining solar-grade amorphous or microcrystalline silicon thin 

films, one of the necessary conditions is to limit the ion energy and/or the ion-to-growth 

flux ratio. 

 

Figure 2.6: Process parameters monitored across the a- to- c-Si:H phase transition region induced by 

the SiH4 flow rate. The ion-to-growth flux ratio increases when shifting to c-Si:H thin films (a), and the 

crystalline volume fraction (Xc) which is enhanced when reducing the SiH4 flow rate, i.e. increasing the 

H2 dilution ratio (b). Figure adapted from Bronneberg et al.41. 

On the relevance of plasma diagnostics 

The importance of plasma-surface interactions during Si thin film growth has been 

pointed out in the sections above. Consequently, plasma and plasma-surface diagnostic 
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tools are essential in their investigation during thin film silicon PECVD and selected 

examples are here reported. 

Vacuum ultraviolet laser absorption spectroscopy (VUVLAS) can be applied to 

identify the role of atomic hydrogen during c-Si:H thin film growth (see Figure 2.1). This 

approach has led to a correlation between the atomic hydrogen-to-growth flux ratio and 

material properties such as the crystalline volume fraction and preferred crystal 

orientation25,42. Associated herewith, optical emission spectroscopy (OES) is often 

considered to identify the a- to c-Si:H phase transition region. More recently, it was 

however demonstrated to also enable an estimate of the atomic hydrogen flux (discussed 

in more detail in Chapter 3) which is believed to strongly determine the Si thin film 

growth24,29. 

Horvath and Gallagher43, as well as Nunomura19, successfully implemented threshold 

ionization mass spectrometry (TIMS) in a VHF plasma and identified the dominant role 

of polysilicon hydride (SixHy
+) ions as well as Hx and SiHx radicals. An overall ion 

contribution to thin film growth in the range of 8-30% was determined together with ion 

energies in the order of 3-40 eV. The implementation of the TIMS technique is however 

complex and requires dedicated deposition chambers. More recently, a direct (easy-to-

implement) measurement method using a capacitive probe (discussed in more detail in 

Chapter 3) was applied in our group during a RF (H2/SiH4) plasma to determine ion 

across the a- to c-Si:H phase transition region41,44. With this alternative method it was 

shown that a ion/growth ratio ~ 0.3 (Figure 2.6) corresponds with the phase transition 

region where solar-grade material (i.e. Xc ~ 60%) is typically obtained, whereas highly 

crystalline thin films require an enhanced ion/growth ratio of ~ 0.6, which is in line with 

earlier statements. At the same time, identifying ion energy distributions in depositing 

plasmas is desired, preferably enabled by implementing local characterization techniques.  

2.1.3  Silicon thin films: the microstructure 

a-Si:H was first introduced by Sterling and Swann45 in 1965 by employing a RF glow 

discharge of SiH4. With this development, an alternative for c-Si growth was provided. 

At the same time the potential of P and B doping46 was investigated, which resulted into 

the first a-Si:H solar cells in 196947. 

a-Si:H thin films differ from c-Si wafers by being a direct band gap semiconductor 

with a mobility band gap ~ 1.7-1.8 eV compared to ~ 1.1 eV (and indirect mobility band 

gap). The difference is attributed to the weak, strained bonds and dangling bond defects 
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that are introduced during processing. The microstructure of an a-Si:H thin film is 

composed of a random network lacking long range order in contrast with the periodic, 

ordered network in c-Si (Figure 2.7a/b). A larger defect density, acting as traps for 

electrons and holes generated by photon absorption, is therefore associated with a-Si:H 

and limits the free carrier mobility (10-20 cm2 V-1s-1 compared to 500 cm2 V-1s-1 for c-Si)48. 

The presence of hydrogen can partially passivate these unsaturated bonds, i.e. reduce the 

defect density, but other limitations remain. Specifically, the so-called Staebler-Wronski 

effect49, i.e. a light induced degradation (LID) effect, which degrades the solar cell’s 

electrical properties when irradiated by sunlight, is observed. Although the amount of 

LID can be reduced by optimizing process conditions, hence altering the a-Si:H 

microstructure, it is still the major limiting factor for a-Si:H-based solar cells.  

 

Figure 2.7: Schematic representation of the atomic structure of crystalline silicon (a), hydrogenated 

amorphous silicon (b) and hydrogenated microcrystalline silicon (c). In order to distinguish between long 

and short range order in the microstructure, squares are used to visualize differences among the Si-based 

materials, in particular for cases (b) and (c). 

Complementary to a-Si:H, Veprek and Marecek50 introduced c-Si:H in 1968 by 

diluting SiH4 in H2. Due to its complex microstructure, it however took until the 1990s 

before first solar cells were developed and research efforts increased51–53. c-Si:H is 

composed of crystalline grains embedded in an amorphous matrix, while also containing 

cracks and voids (Figure 2.7c). The a-Si:H matrix enclosing the c-Si:H grains mainly acts 

as passivation material for the crystalline grain boundaries. Despite having a mobility 

band gap close to c-Si, c-Si:H-based solar cells require relatively thick absorber layers 
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(~ 1-2 m) compared to a-Si:H solar cells which only require a few hundreds of 

nanometers. An important advantage of c-Si:H is the material stability, i.e. a reduced or 

even absent Staebler-Wronski effect, due to the crystalline nature of the thin film. 

Furthermore, the complementarity with a-Si:H allowed to develop the so-called 

micromorph solar cell, which is a tandem-junction solar cell combining essentially an 

a-Si:H cell (top) with a c-Si:H cell (bottom). This enabled an improved conversion 

efficiency compared to the single junction cells*. 

 

Figure 2.8: Schematic illustration of the silicon-based thin films employed in TF Si solar cells. From right 

to left the transition from an amorphous to a highly crystalline microstructure is shown. The onset of 

crystallization is referred to as incubation zone, typically ranging from zero to several tens of nanometer, 

depending on the process conditions. The evolution of the crystalline grains proceeds in a columnar 

fashion with thicknesses up to several hundreds of nanometer, whereas voids can be present in between 

both amorphous and microcrystalline regions. The commonly targeted microstructure with a 

Xc ~ 60-70% is indicated as a reference. Figure adapted from Vetterl et al.54. 

A schematic illustrating the microstructure of silicon thin films as a function of the 

hydrogen dilution, a characteristic parameter for c-Si:H thin film growth, is given in 

Figure 2.8 (adapted from Vetterl et al.54). By enhancing the hydrogen dilution, the 

deposited thin film can be transformed from amorphous into microcrystalline nature due 

to an earlier onset of nucleation. The latter is attributed to stress building up in the 

incubation zone, which initially is amorphous in nature and typically ranges from zero to 

tens of nanometers in thickness. At a critical stress level, crystallites nucleate and continue 

growing in a columnar fashion with the resulting material being of mixed phase. In the 

                                                           
* By optimizing the microstructure of the thin film silicon absorber layers together with other relevant solar cell 

properties, for example the front and back contacts, the currently achieved world record efficiencies159 are: 10.2% 

and 11.9% for a single junction a-Si:H and c-Si:H solar cell respectively, and 12.7% for a tandem-junction solar 

cell. 
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initial stages of c-Si:H growth, voids are typically present besides the crystallites, which 

alter the microstructure depending on the surface nature and topography. 

 

Figure 2.9: IR absorbance spectra of silicon-based thin films employed in TF Si solar cells57. The 

transition from pure a-Si:H thin films, i.e. high SiH4 flow rate, to c-Si:H thin films obtained under low 

SiH4 flow rate, is characterized by changing IR-active Si-Hx stretching modes. An example of individual 

stretching modes for a c-Si:H thin film is shown in the inset. The variations in microstructure due the 

presence of vacancies and voids associated with the crystalline and/or amorphous nature are reflected by 

each of the stretching modes. A transition from low wavenumber dominated to higher wavenumber 

dominated stretching modes can be observed with decreasing SiH4 flow rate. 

The microstructure of silicon thin films across the phase transition region is not only 

evaluated in terms of crystalline volume fraction but it is also monitored through IR-

active silicon hydride (Si-Hx) stretching modes. The latter was found to provide a good 

indication of achieving solar-grade material by determining which hydrogen bonding 

configurations exist in the silicon thin film, and by identifying the presence of various 

types of vacancies (for example mono-, di- or tri-vacancies) and voids30,55,56. Figure 2.9 

provides an example of both a-Si:H and c-Si:H thin films for which the microstructural 

nature can be identified and characterized by IR spectroscopy. Details on the distribution 

of silicon hydride stretching modes in silicon thin films are provided in Chapters 3 and 

4. Essentially, a-Si:H (for example deposited at high SiH4 flow rate) is dominated by 

absorption peaks at lower wavenumbers whereas the more complex microstructure of 

c-Si:H leads to a wider and mixed distribution of absorption peaks (as also reflected in 

the inset of Figure 2.9). 
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2.1.4  The influence of substrate surface nature and topography 
on thin film silicon growth 

Silicon thin film growth is not only depending on the process conditions and related 

plasma-surface interactions taking place at the growth surface. In a solar cell, silicon thin 

films are deposited on substrates with various surface natures and topographies, which 

also influence the microstructural development. Frame I shows some relevant examples 

in this respect based on the various cell structures and materials commonly applied in the 

field of TF Si solar cells. Essentially, the design and development of a solar cell structure 

includes optimization of light management, i.e. light trapping and scattering, in the solar 

cell by introducing dedicated methodologies58–65. This is of utmost importance for 

c-Si:H solar cells in order to minimize the absorber layer thickness while still achieving 

efficient light absorption. Regarding the initial growth phase of silicon thin films, aspects 

such as the crystallinity and surface free energy of the substrate underneath are reported 

to affect66–72 the nucleation of c-Si:H growth. As an example, Figure 2.10 illustrates the 

impact on Xc throughout the a- to c-Si:H phase transition region when comparing thin 

film silicon growth on aluminum-doped ZnO and glass. 
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Frame I: structural aspects of thin film silicon solar cells 

 

Cell structures for thin film silicon solar cells can be divided into p-i-n and n-i-p types 

depending on the sequence of deposition steps. P-i-n configurations are limited to transparent 

substrates, e.g. glass, because illumination occurs from the substrate side, whereas n-i-p 

configurations can be deposited on transparent as well as opaque materials, e.g. stainless steel 

and plastic. The p-i-n or n-i-p stack essentially represents the core of the thin film silicon solar 

cell, as charge generation and extraction is determined in this region of the cell. In order to 

minimize charge losses, the p-layer is typically designed at the front side of the cell because 

of the limited hole mobility in the absorber layer. The p-layer is often referred to as window 

layer, and should minimize light absorption while providing good conductivity, i.e. low series 

resistance, for charge extraction. A similar conductivity requirement holds for the n-layer. 

Although depending on process conditions, microstructural composition or doping type (i, n 

or p), the conductivity can vary from 10-11 S·cm-1 (for no or low doping concentration) to 

10 S·cm-1 (for high doping concentration)46,73,74. Front contacts are often TCOs, e.g. 

indium-tin-oxide (ITO), zinc oxide (ZnO) or aluminum-doped zinc oxide (AZO), whereas 

back contacts are usually combinations of a TCO with a metal back reflector such as Ag or 

Al.  

Light management techniques58–65, particularly for c-Si:H solar cells, are key to minimize 

the absorber layer thickness without compromising with light absorption. Several approaches 

concerning light trapping, scattering and reflection of incoming light, aiming to enhance the 

optical path length in the cell, are reported: (1) The implementation of a rough/textured TCO 

as front contact which induces light scattering at the interface with the p-layer. Wet-chemical 

etching or plasma exposures are used to tune the topography. A correlation between the 

optimal structural, electrical and optical properties of the TCO exists; (2) The implementation 

of ultra-violet (UV) nano-imprint lithography (NIL) to induce a pre-defined surface 

topography on for example glass. This enables the decoupling of the structural (light 

trapping/scattering) component from the optical and electrical components defined by the 
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TCO; (3) The implementation of an intermediate reflector layer (IRL) located in between the 

top and bottom cell in a dual junction, thereby reflecting the shorter wavelenghts back into 

the top cell, while scattering the longer wavelenghts into the bottom cell. This enhances the 

light absorption and provides a current matching between top and bottom cell which 

contributes to the maximum current flowing through the cell; (4) The implementation of a 

back reflector which reflects all light back into the solar cell if not absorbed at first pass. 

 

Moreover, the introduction of surface topography in the cell structure is often 

responsible for the development of cracks and voids for example in the absorber layer 

(Figure 2.11). This is partially attributed to the fact that nucleation is more likely to occur 

on top of a mountain, i.e. (sharp) surface features, whereas a porous, void-rich 

microstructure develops at the bottom valleys59,70,76,77. The origin of these cracks has been 

attributed to shadowing effects of the surface morphology and a reduced adatom surface 

diffusion. Such regions of porous nature are prone to moisture ingress and oxidation 

which deteriorate the solar cell performance by acting as local current loss paths. In order 

to reduce the presence of cracks and voids in for example c-Si:H growth, a smoothening 

treatment of the V-shaped topography of the TCO resulting in a U-shaped topography 

is often applied58,78,79. Alternatively to modifying the TCO, a substrate induced 

topography, for example by means of nano-imprint lithography, has been proposed. This 

enables a larger flexibility in terms of the topographical design and decouples the 

electrical/optical optimization of the TCO from its role in the light trapping/scattering. 

Less defective regions in the absorber can be obtained by distributing surface features 

over a larger area and with a defined shape/size31,60,64,80–82. As such, not only the optical 

path length can be controlled but also the microstructural development of the subsequent 

silicon thin films is improved. 
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Figure 2.11: TEM cross-section images of a c-Si:H p-i-n solar cell with (a) a V-shaped surface 

topography as present in an untreated low-pressure CVD deposited ZnO, and (b) a U-shaped surface 

topography obtained by surface treatment with for example a plasma. Cracks (black arrow) are present 

throughout the whole absorber layer when having V-shaped textures, whereas U-shaped textures limit or 

even eliminate the crack formation. Figure adapted from Meillaud et al.77. 

The outcomes derived from literature regarding the role of surface nature and 

topography clearly indicate that a direct correlation with the microstructural development 

of silicon thin films exists. Despite the ability to adapt and design surface topographies, 

optimizing the deposition process for each specific substrate surface nature and 

topography is still required. In this respect, the role of plasma-surface interactions, which 

strongly determine the thin film growth process, has only vaguely been suggested to 

depend on the substrate surface chemistry and topography. As their level of importance 

is generally acknowledged in the thin film growth process, it is therefore worthwhile to 

also investigate this aspect besides the characterization of the microstructure of the 

silicon-based thin film or the solar cell as a whole. 

2.2  Passivating contact-based crystalline silicon solar cells 

2.2.1  From diffused junctions to passivating contacts 

The first concepts of crystalline silicon-based solar cells were described in 194183, 

although only in 1954 a first solar cell with reasonable conversion efficiency ~ 6% was 

obtained84. These c-Si solar cells made use of a diffused pn-junction, i.e. a homojunction 

cell concept, where intentional n-type doping of the p-type c-Si wafer surface region is 

performed in order to develop the pn-junction. In this way charge extraction takes place 
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at opposite polarity contacts of the solar cell. Examples of c-Si solar cells employing 

(locally) diffused regions are illustrated in Figure 2.1285. The continuous developments 

and improvements of c-Si solar cells over the years have focused on aspects such as the 

bulk wafer quality and thickness, metal contact, light management, front/rear surface 

passivation schemes (i.e. improving the surface/interface quality to effectively suppress 

recombination losses), and new cell designs such as the interdigitated back contact (IBC) 

cells65,86–90. These altogether have contributed to a dominant role of c-Si solar cells in the 

PV market87,91.  

  

Figure 2.12: Schematic cross-sections of the Al back surface field (Al-BSF) cell concept (a) and the 

passivated emitter and rear cell (PERC) concept (b). Both approaches rely on p-type c-Si as light-

absorbing material. At the front side, a n+ emitter is present which is obtained by phosphorus diffusion 

into the textured c-Si surface. It provides both electron-selectivity as well as good lateral conductivity 

towards the metal contacts. An a-SiNx:H anti-reflection coating (ARC) is applied on the front side of the 

cell, which also provides surface passivation, i.e. reducing the electron-hole recombination at the c-Si 

surface. The Al-BSF and PERC cells differentiate themselves from the rear side. The Al-BSF cell employs 

a full area Al back contact (screen-printed) which creates an alloy with the Si due to a high temperature 

step, known as firing. The p+ doped region which is obtained as such forms a hole-selective contact in a 

rather simple way, although the full-area metal contact on the rear side is associated with recombination 

losses that put a limit on the efficiency that can be realized with this solar cell architecture. The PERC 

cell concept can be considered as a follow-up to the Al-BSF cell with the rear surface employing an 

Al2O3/SiNx thin film stack providing surface passivation while avoiding the formation of a full-area metal 

contact. In order to form the (hole-selective) contact, the passivation needs to be opened locally while 

simultaneously inducing locally diffused regions in the Si making it p+ -type to limit recombination losses. 

A common denominator in the development of c-Si solar cells is the prominent role 

of silicon-based thin films. Silicon oxide (SiOx) and silicon nitride (SiNx) thin films serve 

as passivation and anti-reflection layer92–95, whereas intrinsic or doped silicon thin films 

provide passivation and/or carrier selectivity. In recent developments, aluminum oxide 

(Al2O3) thin films, often complementing or replacing SiOx thin films96–98, have also found 

their way into various types of solar cells due to their potential as passivating material. 

Various dielectric layers therefore make it possible to reduce the recombination losses at 
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the c-Si surface. This becomes of added value when local point contacts, which introduce 

(local) defective areas, hence translating into recombination losses and high contact 

resistivity, are implemented. Locally enhanced doping levels underneath the contact area 

are needed to compensate for this effect. Furthermore, process complexity is enhanced 

and lateral charge carrier transport becomes critical. 

Novel concepts employing so-called passivating contacts provide an alternative 

solution, as they aim at combining passivation quality with carrier-selective behavior. 

With carrier selectivity one refers to the charge separation which is required to efficiently 

extract charge carriers at each of the contacts in the solar cell, i.e. providing high 

conductivity to electrons (holes), while simultaneously blocking holes (electrons) 

preferably without any charge carrier recombination losses. 

A well-known example is the intrinsic a-Si:H thin film, which together with its doped 

counterpart can be used to form a heterojunction contact. Following its development in 

the 1970s and 1980s, the major breakthrough was achieved by Panasonic with the 

heterojunction with intrinsic thin layer (HIT, more generally referred to as SHJ, i.e. silicon 

heterojunction) cell design which relies on both intrinsic and doped a-Si:H thin films99. 

The excellent surface passivation quality of intrinsic a-Si:H thin films, in SHJ cell designs 

often also referred to as buffer layer, resulted in reduced interface defect densities at the 

c-Si surface, whereas the doped a-Si:H layers, in the past often referred to as emitter or 

front/back surface field layer, provide field-effect passivation and enable charge carrier 

selectivity. Compared to diffused junction cell designs, SHJ solar cells use TCOs on front 

and rear side instead of applying local point contact metallization (an example which is 

shown in Figure 1.2b of Chapter 1). This enables high (lateral) conductivity and 

transparency, as well as the ability to use low temperature processes in contrast with for 

example the contact firing steps or thermal oxidation to develop SiOx passivation layers, 

typical for Al-BSF or PERC solar cells. The success of the SHJ concept is reflected in 

the current world record efficiency solar cells, achieving 25.1% for a both-side contacted 

SHJ solar cell based on a-Si:H, TCO and Cu metal contacts, and even exceeding 26% 

when shifting to IBC cell designs65,89,100†.  

Inspired by the successful SHJ concept, novel passivating contact-based concepts to 

further improve solar cell conversion efficiencies have gained considerable interest in 

                                                           
† The overall SHJ solar cell world record efficiency recently reported is 26.6%89,159. Compared to the “standard” cell 

structure, it includes additional improvements regarding parasitic absorption losses and reflection losses at the front 

side by shifting to an IBC cell design. No front TCO is applied, but only an a-Si:H thin film with dual layer dielectric 

anti-reflection coating exists at the front. 
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recent years. Promising examples are the tunnel oxide passivated contact (TOPCon)101–

104 and the polysilicon on oxide (POLO) contact105,106. In essence, both approaches rely 

on the combination of an ultrathin SiOx (typically < 5 nm, and being a wide band gap 

material) and a (doped) poly-Si thin film. Due to the use of a silicon-based buffer, namely 

SiOx, analogy with the SHJ concept exists, therefore also providing similar functionalities 

to a-Si:H while even being thinner. The motivation for applying poly-Si/SiOx structures 

in solar cells stems from the successful implementation of semi-insulating polycrystalline 

silicon (SIPOS), which demonstrated excellent c-Si surface passivation in heterojunction 

bipolar transistors already in the 1980s107. Its potential use in solar cells was shown shortly 

after by Yablonovitch et al.108 who obtained a high open-circuit voltage (Voc) of 720 mV 

and predicted a potential conversion efficiency of 24%. Despite the promising surface 

passivation quality, this concept did however not lead to a major breakthrough as 

majority carrier transport remained limited109. It was only in recent years that a “revival” 

of the poly-Si/SiOx concept took place after reconsidering its implementation in 

passivating contact-based solar cells. Since then, a continuous development in the field 

of poly-Si as well as SiOx thin films has been initiated. An advantage of replacing a-Si:H 

by poly-Si is the reduced parasitic absorption losses (from 1.0-1.5 mA/cm2 to 

0.5 mA/cm2 for every 10 nm of silicon thin film)110 and the improved thermal stability, 

which both limit the further development of SHJ solar cells. Another benefit of the 

TOPCon/POLO concept is the use of a full-area (back) contact which provides good 

lateral current transport, and in addition simplifies the processing steps. To date, this has 

resulted in a world record conversion efficiency of 25.7%90. 

Besides the developments of Si-based passivating contact solar cells, metal oxide-

based carrier selective passivating contacts have also attracted significant attention in 

recent years in search of further simplifying the cell structure, while also boosting the 

solar cell performance. Examples of hole- or electron-selective passivating contact 

materials are described by Stradins et al102 and more recently by Melskens et al.111 who 

discussed on the principles, materials and prospects of passivating contacts in general. 

2.2.2  Recombination loss mechanisms 

2.2.2.1  Surface recombination 

The c-Si wafer surface is typically rich in defect states, so-called dangling bonds, due 

to the abrupt termination of the crystal lattice leaving behind under-coordinated Si atoms. 

As a result, significant electron/hole recombination losses occur at these recombination 

centers which are present within the Si band gap. Consequently, not only the carrier 
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lifetime, but also the solar cell open-circuit voltage is limited. The characteristic parameter 

used to describe these effects is the interface defect density (Dit). In order to minimize 

Dit, passivation by atomic hydrogen or via the growth of thin dielectric or semiconducting 

films, for example silicon-based thin films, is commonly applied. When referring to 

passivation, two types of passivation schemes can essentially be distinguished: chemical 

passivation and field-effect passivation. An illustration of both passivation mechanisms 

is given in Figure 2.13 in comparison with a bare c-Si surface. 

  

Figure 2.13: Schematic representation of (a) a bare unpassivated c-Si surface, (b) field effect passivation, 

(c) chemical passivation, and (d) combination of chemical and field-effect passivation. Figure adapted 

from Demaurex112. 

Chemical passivation reduces the interface defect density, and thus the number of 

charge recombination centers, by passivating (i.e. terminating) the unsaturated dangling 

bond defects. Known examples are the c-Si/a-Si:H interface in SHJ solar cells or the 

c-Si/SiOx interface in poly-Si/SiOx passivating contact-based solar cells92,113–116.  

Field-effect passivation aims at reducing the effective minority carrier density at the 

interface by shielding the charge carriers via a built-in electric field close to the c-Si 

interface, while the defect density remains the same. Common ways to achieve the field-

effect include the introduction of doping at the c-Si interface, the addition of a doped 

passivation layer such as a-Si:H or poly-Si, or introducing a fixed charge at the interface, 

e.g. by means of Al2O3 or SiNx thin films92,96,117,118. 
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2.2.2.2  Bulk recombination 

When aiming for optimal conversion efficiencies in solar cells, not only surface 

recombination, but also bulk recombination limits the minority carrier lifetime, once 

charge carrier generation (electron-hole pairs) in the absorber material takes place. Bulk 

recombination loss mechanisms can be separated into radiative recombination119, Auger 

recombination120, and Shockley-Read-Hall (SRH) recombination121,122 mechanisms. A 

schematic illustration is provided in Figure 2.14. These mechanisms differentiate 

themselves from the perspective that when an electron recombines with a hole, the excess 

energy is released and transferred to either a photon, another charge carrier or a phonon, 

i.e. a lattice vibration. 

 

Figure 2.14: Schematic illustration of the charge carrier generation and potential bulk recombination 

mechanisms taking place in a c-Si absorber: radiative (or direct) recombination, Auger recombination 

(involving a third charge carrier, either an electron or a hole, as recombination partner), and Shockley-

Read-Hall recombination (due to defects or impurities within the Si band gap). 

Radiative recombination 

Radiative recombination typically occurs in low defect density and direct band gap 

materials. Following the direct recombination of an electron from the conduction band 

with a hole from the valence band, a photon with an energy corresponding with the band 

gap is emitted. The photon can then be re-absorbed in the bulk and therefore does not 

necessarily lead to recombination losses. Alternatively, it can induce further 

recombination and thus additional photon generation, or it can result in emission. 

Indirect band gap materials are less prone to this mechanism as phonons need to be 

involved to provide additional energy transfer. Often this mechanism is also referred to 

as a three-particle effect. 
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Auger recombination 

Auger recombination is a three-particle process which mainly occurs when high carrier 

concentrations are involved. Following the direct recombination of an electron from the 

conduction band with a hole from the valence band, the released energy is transferred to 

another electron (in the conduction band) or a hole (in the valence band). The “third” 

particle is excited to a higher energy state within the same energy band, after which it 

relaxes back to the valence or conduction band edge. The excess energy in the latter step 

is then transferred to phonons in the bulk material. 

Shockley-Read-Hall recombination 

SRH recombination is a loss mechanism involving impurities in the bulk material and 

is often referred to as trap-assisted recombination. The impurities can be either dopant 

or impurity atoms, or defect states such as missing atoms in the crystal lattice. 

Consequently, localized energy trap states exist in the band gap of the bulk material and 

act as recombination center. When an electron and hole recombine according to the SRH 

mechanism, the excess energy is released through a photon. 

The effective charge carrier lifetime 

With the recombination mechanisms being introduced in more detail, the effective 

lifetime eff can be defined as follows, 

1
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=

1

𝜏bulk
+

1

𝜏surf
=

1

𝜏SRH
+

1

𝜏Aug
+

1

𝜏rad
+

1

𝜏surf
   (2.2) 

where eff is the effective lifetime, bulk the bulk recombination lifetime, surf the surface 

recombination lifetime, SRH the SRH recombination lifetime,Aug the Auger 

recombination lifetime,rad the radiative recombination lifetime. The effective lifetime is 

generally derived from photoconductance measurements. For sufficiently large bulk 

recombination lifetimes, the effective lifetime is mainly determined by the surface 

recombination lifetime.  

2.2.3  Key aspects of passivating contacts 

2.2.3.1  Developing a passivating contact 

Various types of solar cells employing a passivating contact have been briefly 

introduced in Section 2.2.1. In Figure 2.15, the band diagrams of three different 

approaches towards the development of a carrier-selective contact, under illumination, 



Silicon-based thin films for solar cells 35 

 

 

are illustrated. One approach employs heavy surface doping (n+ or p+) of the c-Si absorber 

which induces band bending and enables carrier selectivity (towards electrons or holes 

respectively), as applied in for example diffused junction solar cells such as Al-BSF cells 

(Figure 2.15a). The carrier selectivity relies on asymmetric current transport allowing only 

one type of charge carrier while blocking the other. In absence of surface doping, the 

only carrier selectivity that can be achieved stems from the higher conductivity of 

electrons compared to holes. Furthermore, the direct contact of c-Si with a metal leads 

to Fermi level pinning at the metal interface as no quasi-Fermi level splitting exists in the 

metal itself in contrast with the c-Si absorber. A drawback of introducing high doping 

levels is the enhanced Auger recombination. The large c-Si/metal interface defect density 

therefore asks for an alternative approach. One way is to reduce the contacting area by 

moving towards point contacts, which simultaneously increases the travel distance for 

charge carriers before being collected, e.g. PERC cells (Figure 2.12). Alternatively, one 

can introduce passivation schemes to reduce the interface defect density while 

maintaining the carrier selectivity. Generally speaking, a balance between passivation 

(often represented by the current recombination parameter) and contact resistance needs 

to be established123–125 for the contact to function well. Metal-insulator-semiconductor 

contacts have been developed therefore, which insert a thin dielectric or semiconducting 

material such as SiOx or a-Si:H at the c-Si interface, thus introducing a wider bandgap 

material (in comparison to c-Si) in between the semiconductor and the metal in order to 

reduce the interface state density. Its properties should however still allow for charge 

carrier transport. 

When combined with (doped) a-Si:H or poly-Si thin films to induce carrier selectivity, 

the band diagram is altered, i.e. band bending occurs (Figure 2.15b,c), while the quasi-

Fermi levels are not expected to change within the ultrathin passivation layer. The valence 

or conduction band offset with respect to the c-Si is kept sufficiently small in order to 

minimize the potential barrier towards majority carrier transport. For contacts relying on 

ultrathin SiOx layers, the selectivity is further driven by a lower tunnelling barrier for 

electrons than for holes due to asymmetric band offsets126. At the same time, charge 

carrier transport is often believed to be driven by pinhole transport as well in case of 

thicker oxide layers where tunnelling becomes inefficient. 
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Figure 2.15: Schematic band diagrams of three types of (electron) carrier selective, passivating contacts: 

(a) a conventional diffused junction contact made by n+-type c-Si surface doping, (b) a SHJ solar cell based 

on intrinsic and doped a-Si:H thin films, and (c) a poly-Si/SiOx-based contact, i.e. consisting of an 

ultrathin oxide and a (partially) crystalline n+-type Si film. Similar band diagrams exist for hole-selective 

contacts. All band diagrams refer to the situation under illumination and are not drawn to scale but only 

indicative.  

2.2.3.2  Characteristics of poly-Si/SiOx passivating contact-based 
solar cells 

From the structural point of view, the classical (a-Si:H) SHJ-based and the 

poly-Si/SiOx passivating contact-based solar cells are very similar. Both are 

heterojunction cell concepts and operate through the combination of an intrinsic and a 

doped carrier selective layer. The implemented thin films are all Si-based, thereby mainly 

differentiating in terms of properties such as the amorphous/polycrystalline nature, the 

inclusion of doping, and being hydrogen- or oxygen-rich. Since both SHJ and 

poly-Si/SiOx passivating contact-based solar cells significantly contribute to the field of 

passivating contacts, their main characteristics are listed below: 

 Chemical passivation: reduces the interface defect density by hydrogenation 

and creates an abrupt c-Si interface; mainly provided by intrinsic layers, i.e. an 

ultrathin SiOx film (optical band gap ~ 9 eV for stoichiometric SiO2
127, 

thickness typically < 5 nm) or a thin a-Si:H film (optical band gap ~ 1.7-1.8 eV, 

thickness typically few nanometers); often supported by post-deposition anneal 

treatments, capping layer deposition or plasma treatments to provide additional 

hydrogenation; 
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 Field-effect passivation: induces band bending by means of a doped poly-Si 

or doped a-Si:H thin film; provides carrier selectivity if both majority carrier 

conductivity as well as the majority-to-minority carrier conductivity ratio is 

high;  

 Dopant diffusion barrier: considered to be critical in the performance of 

poly-Si/SiOx passivating contact-based solar cells; provided by the ultrathin 

SiOx film and limiting Auger recombination in the c-Si, depending on the 

microstructural properties of the SiOx layer; 

 Charge carrier transport: occurs through the SiOx in poly-Si/SiOx passivating 

contact-based solar cells either via tunnelling (direct or trap-assisted), via 

pinholes (induced by high temperature anneal), or via a combination hereof; 

mechanisms are still under discussion and likely depend on microstructural 

properties and layer thickness; in SHJ solar cells, both drift/diffusion of charge 

carriers, mainly depending on the c-Si/a-Si:H interface defect density, and 

tunnelling, determined by the conduction/valence band offsets and the 

localized state density in the a-Si:H, takes place; 

 Parasitic absorption: associated with losses in the Si-based passivation layers; 

restricts the use of poly-Si/SiOx passivating contact-based structures to the rear 

side of the cell; 

 Thermal stability: enhanced for poly-Si/SiOx -based structures, therefore 

being compatible with conventional metal contact schemes (such as contact 

firing); SHJ solar cells are restricted to lower thermal budget and ask for 

alternative contact metallization (such as screen/stencil printing);  

 Contact resistance: reduced for SiOx/poly-Si (n+)/TCO stacks compared to 

for example a-Si:H(i)/a-Si:H (n)/TCO stacks; 

 1-dimensional charge carrier transport: full-area passivation/contact metals 

in poly-Si/SiOx passivating contact-based cells instead of using local point 

contacts; no limitation on lateral conductivity; 

2.2.4  Silicon-based thin film growth: methods and 
characteristics 

Although SHJ and poly-Si/SiOx passivating contact-based solar cells show similarities, 

this dissertation mainly focuses on the latter. In the following sections, the main aspects 

concerning poly-Si and particularly ultrathin SiOx film development, which is strongly 

depending on the applied growth methods and material properties, is further reviewed. 
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As an alternative to PECVD processes for Si-based thin film growth, Low Pressure 

Chemical Vapour Deposition (LPCVD) can also be used for poly-Si thin film 

development. A brief description of the LPCVD method is given in Chapter 3 (Frame 

III), whereas the characteristics of (doped) poly-Si thin film growth are discussed in the 

following section. Next, the role of the ultrathin SiOx film is discussed. Regularly applied 

oxidation methods, i.e. plasma oxidation, thermal oxidation or wet-chemical oxidation, 

and their characteristics towards passivation, are briefly described in Frame II.  

2.2.4.1  Growth characteristics of (doped) poly-Si thin films 

The development of doped poly-Si thin films typically proceeds through a sequence 

of process steps. First, a (hydrogenated) amorphous silicon thin film is grown either 

through LPCVD, followed by an ion implantation step to induce doping128,129, or through 

PECVD, which employs in situ doping (via B2H6 or PH3)101,104 during the process. Next, 

the thin film is exposed to a high temperature anneal step (typically > 700 °C) which 

initiates the solid phase crystallization. H effusion takes place and nucleation sets on both 

at the interface as well as in the bulk130,131. Depending on the deposition method and 

thermal treatment, a poly-Si thin film with defined material properties is obtained. The 

thermal exposure is not only required to transform the a-Si(:H) film into a polycrystalline 

film, but simultaneously activates the B or P dopants in the poly-Si film which provides 

the contact with its carrier selectivity. Last, a hydrogenation step is often included to 

enhance the (chemical) passivation quality101,132.  

Although the presence of the SiOx layer is key in achieving a good passivating contact, 

the high temperature anneal step included in the poly-Si thin film development might 

either deteriorate or enhance the passivating contact quality, depending on the ultrathin 

oxide thickness. On the one hand, for oxides with thicknesses below 2 nm, a reduced 

thermal stability might induce local oxide disruptions or pinholes which compete with 

the tunnelling carrier transport, hence deteriorating the passivating contact quality. On 

the other hand, for oxides in the range of 2-5 nm, the thermal (in)stability is not 

necessarily a drawback, but instead can be used to intentionally induce pinholes. As such 

it has been reported to potentially even enhance the contact quality, when accurately 

controlling the pinhole size/density induced by the temperature treatment105,106,133. This 

shows that a close interplay exists between the poly-Si process development and the 

preceding SiOx growth. The doping density and its distribution throughout the 

poly-Si/SiOx/c-Si structure therefore becomes of importance, as annealing (time and/or 

temperature) might alter these properties significantly110,134–136. In Figure 2.16, the effect 

of the anneal temperature on the dopant distribution is illustrated for both a thermal and 
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nitric acid grown (NAOS) oxide-based poly-Si/SiOx structure. As can be observed, both 

oxide types can be distinguished based on a different thermal response, resulting either 

into a deep diffusion into the c-Si absorber or a shallow diffusion limited to the c-Si 

surface region. Such variations can be partially associated with the oxide’s microstructure 

remaining intact or being disrupted. Whereas shallow dopant diffusion is not found to 

be detrimental for the passivating contact quality, deeper dopant diffusion into the c-Si 

absorber might lead to enhanced Auger and surface recombination. Furthermore, dopant 

atoms tend to cluster at the poly-Si/SiOx or SiOx/c-Si interface135. By decreasing the SiOx 

thickness, the diffusivity of dopants might however be enhanced, which makes ultrathin 

SiOx films (< 2 nm) less sensitive to this effect.  

 

Figure 2.16: Phosphorus doping profiles of 70 nm poly-Si grown on top of (a) a thermal oxide, and (b) 

a wet-chemically grown (nitric acid oxidation) oxide, following different anneal temperatures of 830 °C 

(squares), 850 °C (triangles) and 870 °C (circles). Figure adopted from Stodolny et al.134. 

Parameters such as the dopant density, dopant distribution, poly-Si thickness, and 

annealing conditions need to be carefully optimized in the poly-Si thin film development, 

thereby also taking into account the SiOx buffer layer, as its intrinsic properties are 

expected to have direct impact on the potential passivating contact quality. 
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Frame II: Methods and characteristics of ultrathin silicon oxide film growth 

Ultrathin SiOx films (typically 1-3 nm) are expected to possess different material properties 

compared to their bulk counterparts. In view of providing surface passivation, understanding 

key differences in the growth process is key to assess their potential implementation in 

passivating contacts. 

Thermal oxidation of silicon139,140 is a commonly applied method to obtain high quality 

(stoichiometric) SiO2 thin films. The growth develops under high temperature (> 800 °C) in 

a furnace and might degrade the bulk lifetime of c-Si. Good c-Si surface passivation is usually 

only achieved when combined with an Al metal contact, Al2O3 or SiNx capping layer, and 

subsequent anneal step. Furthermore, it requires relatively thick SiOx films (tens to hundreds 

of nanometers) and relies on the (combined) effect of chemical and/or field-effect 

passivation (i.e. the presence of a positive, fixed charge density)140. When moving towards 

ultrathin SiOx films, thermal oxidation becomes less suitable due to the initially high Dit upon 

the onset of oxidation, i.e. in the first few nanometers. Furthermore, the compatibility of 

thermal oxidation with other industrial process steps is limited and therefore restricts the 

material selection, for example regarding contact formation. 

Rapid thermal oxidation (RTO)141 is closely related to thermal oxidation. High temperatures 

are still involved but the processing time is reduced through the use of halogen lamps which 

enable high heating rates. It however comes at the expense of a loss in film uniformity and 

passivation which is good but not meeting the level of thermal oxidation. For ultrathin SiOx 

films it has recently been demonstrated to potentially perform better than plasma oxidation 

or wet-chemical oxidation141. 

Plasma oxidation142,143 provides a low-temperature alternative for thermal oxidation. Direct, 

remote or atmospheric pressure PECVD, or plasma-assisted atomic layer deposition144 at low 

temperatures (< 400 °C) can be applied for SiOx thin film growth. Although thick SiOx films 

can achieve passivation quality comparable to thermal oxidation due to a combined chemical 

and field-effect passivation (attributed to a positive fixed charge density), the impact of 

plasma-surface interactions, plasma radiation, or high growth rates, often limits its suitability 

towards ultrathin SiOx growth. 

Wet-chemical oxidation is the method used more often in the field of passivating 

contacts101,143,145,146. In particular nitric acid oxidation of silicon (NAOS)147,148, with a saturating 

thickness of ~ 1.4 nm, has been explored. Both room temperature and high temperature 

(boiling at 120 °C) nitric acid oxidation have been shown with good passivation149. Even 

though the passivation quality often remains poor in the as-deposited state, it can also be 

improved upon annealing143. An alternative wet-chemical oxidation method is deionized 

water oxidation (at 80 °C)137,150. When applied to c-Si, it has been shown to result in a reduced 
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Dit, often suggested to be attributed to a more stoichiometric SiOx microstructure following 

the slow, layer-by-layer growth process. Instead, NAOS oxides develop in a chemically more 

reactive manner, which leads to an increased micro-roughness being reflected by a higher Dit. 

Alternative SiOx growth methods recently considered, are the ozone (O3)-based oxidation 

methods such as UV/O3 and ozonated deionized water (DIW-O3) oxidation138,151. Besides 

being cost-effective, the microstructure of these oxides has been suggested to be denser than 

NAOS or thermal oxides, and being composed of higher order oxidation states¸ i.e. being 

stoichiometric. The larger density of reactive oxygen species in the oxidation process is 

considered to be responsible. Furthermore, the thermal stability of both UV/O3 and DIW-O3 

oxides can be enhanced compared to NAOS oxides. Although Dit distributions have not been 

reported for both these oxides, the stoichiometric nature suggests a rather low defect density. 

Being a rather fast oxidation process, one must however accurately control the oxide growth 

in order to fulfil the requirements for a passivating contact. 

2.2.4.2  Growth characteristics of ultrathin SiOx films 

Due to the wide range of oxidation methods (briefly discussed in Frame II in view of 

its application in passivating contacts), the properties of ultrathin SiOx films can differ 

significantly, and consequently translate into varying passivation quality and other aspects 

such as its role as dopant diffusion barrier. A representative parameter that is often used 

to judge the passivation quality of (SiOx) thin films when grown on c-Si, is the interface 

defect density (Dit). An example hereof for differently grown ultrathin SiOx films is given 

in Figure 2.17137. Thermally oxidized silicon is used as a reference with a Dit ~ 1010 cm-2 

eV-1, which approaches the Dit of a H-terminated c-Si surface, however concerning a SiOx 

thickness of ~ 100 nm. The commonly applied NAOS oxide (HNO3 130 °C) shows a 

rather high Dit and suggests the presence of extrinsic defect states, i.e. the absence of a 

U-shaped Dit(E) distribution. The alternative deionized water (DIW) grown oxides 

enable relatively low Dit levels, with the Dit(E) distribution being mainly determined by 

intrinsic defects, which differentiates them from other wet-chemical oxidation methods. 

Another factor that potentially influences the passivation quality is the density of the 

ultrathin SiOx film. Wet-chemically grown oxides are suggested to be less dense, thus 

likely having a more open, vacancy-rich structure than thermal oxides and therefore 

provide less passivation138. 
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Figure 2.17: Interface defect density distributions for ultrathin oxides (1-2 nm) obtained by means of 

surface photovoltage measurements. Various oxidation methods applied on polished c-Si are shown for 

comparison. Thermally oxidized SiOx (indicated by 1) is used as a reference with a Dit ~ 1010 cm-2 eV-1 

(for a SiOx thickness ~ 100 nm). The commonly applied NAOS grown oxides (indicated by 4) show a 

rather high Dit although slightly better than common c-Si wafer cleaning approaches (5, 6, 7). The 

distribution is not U-shaped, which indicates the presence of extrinsic defect states likely attributed to 

the aggressive oxidation reactions leading to a surface micro-roughness development. The alternative 

DIW grown oxides (3) suggest a stronger potential in terms of Dit levels as they are about one order of 

magnitude lower. The U-shape distribution is representative of intrinsic defects, attributed to the slow, 

layer-by-layer growth, resulting into a stoichiometric oxide with lower Dit compared to other wet-chemical 

oxidation methods. Figure adopted from Angermann137. 

In passivating contacts where various aspects such as the microstructure, thermal 

stability, dopant diffusion barrier performance, etc. are of importance, evaluating the 

ultrathin SiOx properties is essential in assessing its suitability for passivating contacts. 

Few examples are available which demonstrate the potential benefit of inserting an 

ultrathin SiOx at the c-Si interface, e.g. SHJ solar cells where various wet-chemical surface 

treatments are compared152 or (n-type) c-Si solar cells employing B emitters146. Structures 

employing DIW oxides prior to a-Si:H deposition showed the best interface quality 
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compared to for example RCA treated c-Si, which is in line with the findings from 

Angermann et al.137. 

 

Figure 2.18: Phosphorus concentration as a function of the depth in a poly-Si/c-Si and poly-Si/SiOx/c-Si 

stack. The influence of the ultrathin (thermal) oxide on the diffusion of dopants can clearly be observed 

by the deeper tail in absence of the ultrathin SiOx film. Figure adopted from Yan et al.153. 

The importance of the SiOx layer prior to poly-Si growth is also demonstrated in 

Figure 2.18 for a diffused junction solar cell153. Although a thermal oxide film (~ 1.2 nm) 

is considered, the dopant distribution in a poly-Si/c-Si structure is considerably changed 

upon the introduction of the ultrathin oxide layer. Not only its presence but also the 

structural properties and composition, for example in terms of stoichiometry and density, 

might directly impact its performance as a dopant diffusion barrier (see also Figure 

2.16b,c). Additional suggestions in this respect have been made by Moldovan et al.138, 

who attributed improvements in poly-Si/SiOx passivating contacts to the use of high 

density (although not measured) and stoichiometric SiOx growth. Specifically, improved 

passivation quality was reported for an UV/ozone-based oxidation method compared to 

nitric acid oxidation. In addition, the improved thermal stability, i.e. less oxide 

disruptions, towards the high temperature poly-Si anneal step was indicated to depend 

on these microstructural properties (Figure 2.19)138. The translation of such properties 

into the understanding of which charge carrier transport mechanism is taking place, is 

however still under debate. Tunneling (for SiOx < 2 nm), (un)intentionally induced 

pinholes (or locally reduced SiOx thickness, even for SiOx > 2 nm), or a combination 

thereof are often suggested101,105,106,126,154,155. 
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Figure 2.19: Cross-section of a-Si/SiOx/c-Si passivating contact structures following a high temperature 

(900 °C) anneal step to activate (and drive in) dopants. Differences in thermal stability result in a disrupted 

NAOS oxide (a), whereas a UV/ozone grown oxide remains uniform (b). Figures adopted from 

Moldovan et al.138. 

In view of the passivating contacts developed from poly-Si/SiOx structures, an 

additional aspect to consider regarding ultrathin SiOx films, is the potential presence of a 

fixed charge density. For dielectrics in general, its role has been studied, for example for 

SiO2 and SiNx
92,95,118,156, as well as Al2O3

96,157,158 thin films, possessing positive and 

negative fixed charge densities respectively. Its significance for ultrathin SiOx films 

(< 5 nm) is however less obvious. For some wet-chemically grown oxides (1-2 nm) 

differences have been reported (Figure 2.20)137, and which are attributed to the interface 

defect density and the developed micro-roughness. In particular when considering the 

DIW and NAOS oxides, the surface Fermi level can vary considerably. The success of 

NAOS oxides in passivating contacts might therefore also partially benefit from the 

presence of a positive fixed charge density, thus providing some additional field-effect 

passivation. DIW oxides, as well as ozone-based oxidation processes, are suggested to 

grow in a layer-by-layer fashion, and likely without introducing a fixed charge density. 

Although this has generally not been considered in the development of passivating 

contacts, it is an additional aspect to consider in its evaluation. 
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Figure 2.20: Surface Fermi level position as measured by the surface photovoltage method for various 

wet-chemical oxidation methods. Both p- and n-type c-Si (111) have been investigated following the 

oxidation process. Most oxidation methods result in a positive fixed charge density, i.e. positive Efs, 

including the commonly applied NAOS oxides. The promising DIW oxides do not have a fixed charge 

density. Different charge density therefore might lead to passivating contacts with varying performance 

as the chemical and field-effect passivation of the ultrathin oxide is strongly dependent on the oxidation 

method as illustrated here. Figure adopted from Angermann137.  
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CHAPTER 3 

Experimental methods and concepts 

In this chapter the experimental methods for the deposition of silicon-based thin films and 

their characterization are introduced. First, a description of the capacitively coupled plasma 

enhanced chemical vapor deposition (PECVD) method, the low pressure chemical vapor 

deposition (LPCVD) method, and the wet-chemical oxidation processes is provided. Next, the 

characterization techniques are highlighted, thereby distinguishing between material 

characterization, plasma(-surface interaction) diagnostic methods and charge lifetime 

measurements.  
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3.1  Deposition methods 

3.1.1  Plasma-enhanced chemical vapor deposition 

Silicon-based thin films are commonly developed through plasma-enhanced chemical 

vapor deposition (PECVD) methods employing hydrogen (H2) and silane (SiH4) source 

gasses. The thin film growth originates from gas-phase (chemical) reactions, i.e. 

ionization, dissociation and excitation (see Chapter 2), induced by applying an electrical 

field between two electrodes, which generate the plasma species including growth 

precursors, i.e. positive/negative ions, electrons and neutrals (radicals). For general 

principles of plasmas, please refer to Liebermann and Lichtenberg1. A benefit of plasma-

assisted growth is the lower substrate temperature that can be employed compared to 

“standard” CVD. Among PECVD methods, various configurations exist to couple the 

applied power into the plasma. In this research the parallel plate capacitively coupled 

plasma (CCP) reactor is of particular interest. The plasma is generated in between two 

parallel electrodes, one which is grounded and on which the substrate is mounted, and 

one which is powered by a radio frequency (RF) source. A schematic representation and 

photograph of the CCP-PECVD system is presented in Figure 3.1.  

       

Figure 3.1: Schematic representation (a) and photograph (b) of the in-house developed radio frequency 

plasma-enhanced chemical vapor deposition system applied for the deposition of intrinsic a- and c-Si:H 

thin films and the characterization of plasma(-surface interaction) parameters by dedicated diagnostic 

tools. 

The RF PECVD system was developed in-house in the scope of evaluating the role 

of plasma-surface interactions in silicon-based thin film growth. More details are 

described in the next paragraphs. Its design was established in cooperation with and 

based on the intrinsic c-Si:H thin film deposition chamber located at the Institute of 

Photovoltaics (IPV, IEK-5) at Forschungszentrum (FZ) Jülich (Germany). There it was 
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part of a larger cluster tool which proved to be successful for the development of thin 

film silicon solar cells2–5, but which was less suitable for advanced diagnostics. With the 

dedicated development of our reactor, the process conditions could be mimicked quite 

well6 and more importantly allowed for the implementation of in situ plasma diagnostic 

methods. As such, further understanding of both plasma properties and their correlation 

with the material/solar cell properties under defined process conditions could be 

established. 

The adopted RF PECVD system is oriented to intrinsic silicon thin film growth and 

consists of a single deposition chamber connected to a loadlock chamber, which makes 

it possible to (un)load samples without breaking the vacuum of the deposition chamber. 

The deposition chamber is equipped with two parallel electrodes of which the inter-

electrode distance is variable (0-5 cm with millimeter resolution) and in between which 

the plasma is generated. The top electrode (square geometry, ~ 170 cm2) is grounded and 

functions as substrate holder. This implies that samples are mounted “upside down”, 

aiming at reduced probability of dust, potentially formed in the plasma under certain 

conditions, to be incorporated during thin film growth. The temperature of the top 

electrode can be tuned up to 350 °C and is controlled by a water-cooled resistive heating 

system. To ensure a uniform heat transport, a helium backflow is applied during the pre-

heating of the substrate holder prior to the deposition process. The bottom electrode 

(circular geometry, ~ 150 cm2) has a showerhead configuration and is connected to a RF 

driven power supply (13.56 MHz, 0-200 W) and a L-network type matching unit, i.e. two 

capacitors which can be controlled in manual or automatic mode and an inductor. The 

matching unit allows matching of the electrode impedance to 50 Ω such that the reflected 

power is reduced to a minimum, or in other words a maximum power in-coupling is 

achieved. The process gases, H2 and SiH4, can be injected through the bottom 

showerhead electrode in order to achieve an optimum gas mixture or alternatively via a 

background injection. Prior to SiH4 injection, the targeted operating pressure during film 

deposition is already set using H2 injection. The addition of SiH4 as a final step has been 

shown to improve the stability of the plasma generated upon the application of the RF 

power7,8. In order to actively control the reactor pressure during deposition, a throttle 

valve located in between the reactor and a rotary-vane pre-pump, is manually controlled. 

A turbo-molecular pump which is backed by the pre-pump enables base pressures down 

to 10-7 mbar.  

Typical process conditions applied throughout this research are listed in Table 3.1. A 

Low Power-Low Pressure regime was adopted to study the role of plasma-surface 
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interactions in the development of c-Si:H thin films (Chapter 4), thereby particularly 

focusing on the a-Si:H to c-Si:H phase-transition region. This regime was related to 

process conditions for which high efficiency single junction c-Si:H solar cells have been 

reported10,11. Furthermore, the approach is complementary and extends the studies 

carried out earlier in a High Power-High Pressure regime2,9. The latter is however applied 

in Chapter 5 to investigate thin film silicon growth in correlation with nano-imprint 

lithography textured glass substrates. In Chapter 6, a-Si:H thin films were adopted as 

(final) capping layer in c-Si/SiOx/a-Si:H stacks to evaluate the microstructural properties 

and passivation quality of ultrathin, wet-chemically grown SiOx films. High Power-High 

Pressure process conditions were chosen as they resulted in H-rich a-Si:H thin films while 

also providing reasonable (chemical) passivation. 

Table 3.1: Brief overview of the process conditions relevant for the scope of this dissertation, referred 

to as Low Power-Low Pressure and High Power-High Pressure regime. 

 Low Power-

Low Pressure 

High Power-

High Pressure 

Power 30 W 80 W 

Pressure 0.6 mbar 14 mbar 

Substrate temperature 200 °C 200 °C 

H2 gas flow rate 50 sccm 360 sccm 

SiH4 gas flow rate 0-5 sccm 0-7 sccm 

Inter-electrode distance 3 cm 1 cm 

3.1.2  Low pressure chemical vapor deposition 

The development of silicon thin films is not restricted to PECVD growth only. 

Alternatively, Low Pressure Chemical Vapor Deposition (LPCVD) is often applied 

depending on its application. The basic principles are briefly discussed in Frame III.  

In this research LPCVD was applied for the development of poly-Si thin films 

employed in the passivating contact structures which are discussed in Chapter 7. The 

growth of initially a-Si(:H) thin films and the development of doped poly-Si thin films 

was carried at TU Delft. Suitable process conditions, i.e. leading to good passivation 

quality, were adopted from poly-Si development studies aiming at its implementation in 

IBC c-Si solar cells12,13. The poly-Si growth in this research was carried out after the c-Si 

wafer oxidation processes. Details of the LPCVD system and dedicated experimental 

conditions of doped poly-Si growth are given below. 
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A Tempress LPCVD tube furnace, operated at a temperature of 580 °C and a pressure 

of 0.2 mbar, was used for the a-Si(:H) thin film growth by using a SiH4 gas flow rate of 

45 sccm. To release stress in the deposited thin film, an annealing step at 600 °C for 1 

hour was performed afterwards. An a-Si(:H) thickness of 250 nm was targeted. Following 

the annealing step, an intrinsic thin film, mainly amorphous in nature, was obtained.  

To create a passivating contact structure, additional doping in the film was required. 

This was achieved through ion implantation using a Varian Implanter E500HP system. 

In the scope of this work, only n+-type passivating contact structures were evaluated using 

a single recipe, focused on P-doping only. Ion implantation energy and dose were kept 

fixed at 20 keV and 6·1015 cm-2 respectively. 

The last step was to activate and allow the diffusion of the dopants in the a-Si(:H) thin 

film by applying a high temperature anneal step at 950 °C for 5 minutes. A Tempress 

tube furnace with a N2 atmosphere was used therefore with a heating/cooling ramp rate 

of 10 °C/minute. During the high temperature step, the a-Si(:H) thin film was 

transformed into a poly-Si thin film, reported to have a crystallinity ~ 90%13.  
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Frame III: Basic principles of low pressure chemical vapor deposition 

Low pressure chemical vapor deposition (LPCVD) is a well-established deposition method, besides 

PECVD, applicable to a wide range of materials, a.o. dielectric thin films (e.g. SiNx)14, semiconductor 

materials (e.g. poly-Si)13,15,16 and TCO’s (e.g. AZO)11,17,18. An advantage of LPCVD is the uniformity 

and the good control on surface morphology which is, particularly for light trapping purposes, highly 

relevant in the development of solar cells. 

When poly-Si thin film growth, as applied in passivating contact-based solar cells, proceeds via 

LPCVD as a first step, the thin film initially remains amorphous and only after a post-anneal step 

turns into a polycrystalline structure. Although LPCVD shares the same basic principles of PECVD, 

the substrate temperatures are typically higher (> 400 °C) in order to provide sufficient thermal energy 

to the chemical reactions taking place mainly at the substrate surface15,19. This differentiates it from 

PECVD, which employs low temperature processes (< 200 °C) that enable the use of temperature-

sensitive substrates, and provides thermal energy via the generation of a plasma instead. LPCVD 

growth is therefore mainly kinetically limited whereas PECVD is rather diffusion limited. Deposition 

rates can be increased by operating at higher substrate temperatures, although this might come at the 

expense of obtaining films being already (slightly) crystalline in nature upon deposition15. Eventually, 

with increasing temperature, gas phase reactions become important as desorption might occur. The 

latter however depends on the operating pressure. Essentially, the ratio between the velocity of mass 

transport and the velocity of surface reactions is pressure dependent, with the primer being 

significantly reduced when lowering the pressure, as applied in LPCVD growth. Consequently, thin 

film growth is not limited by (unwanted) gas phase reactions but governed by surface reactions instead, 

which therefore enhances film homogeneity and uniformity.  
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3.1.3  Wet-chemical oxidation methods 

Ultrathin SiOx films (< 2.5 nm) were developed for application in Poly-Si/SiOx 

passivating contact-based solar cells. Among the various oxidation methods as briefly 

discussed in Frame II (Chapter 2), the research of Chapters 6 and 7 was restricted to two 

wet-chemical oxidation methods, namely nitric acid (HNO3) oxidation, referred to as 

NAOS oxide, and deionized water oxidation, referred to as DIW oxide. A third type of 

ultrathin SiOx growth, developed at TU Delft based on a different, two-step nitric acid 

oxidation process, was included as well as it served as a reference for our in-house wet-

chemical oxides when implemented in poly-Si (n+)/SiOx/c-Si structures. Planar, n-type, 

FZ silicon (100) wafers were used with a wafer thickness of 280 m and a resistivity of 

1-5 Ω·cm. As lifetime measurements were used to evaluate the test structures, 

symmetrical growth, i.e. on both sides, on c-Si was considered in all cases. The oxidation 

methods employed throughout this research are described below: 

Oxidation method 1:  

The wafers were cleaned by immersion in hydrofluoric acid (HF, 1%) aqueous solution 

for 1 minute, followed by rinsing in ultrapure deionized water (with a resistivity of 

18 MΩ·cm). Oxidation was initiated using nitric acid (HNO3, 65 wt-%) at room 

temperature (25 °C) with exposure times varying from 5 seconds up to 1 hour. 

Corresponding thicknesses varied in the range of ~ 1.0-1.5 nm. After oxidation, the 

process was terminated by rinsing in deionized water and blow-drying with nitrogen. In 

Chapter 6 one refers to this oxide as NAOS oxide. In Chapter 7 it is referred to as NAOS 

room-temperature (RT) oxide to distinguish from the NAOS high-temperature (HT) 

oxide (described below in “Oxidation method 3”). 

Oxidation method 2:  

The wafers were cleaned by immersion in hydrofluoric acid (HF, 1%) aqueous solution 

for 1 minute. Oxidation was initiated in ultrapure deionized water (~ 18 MΩ·cm) at an 

elevated temperature of 80 °C (hot-plate controlled) with exposure times varying from 

5 seconds up to 2 hours. Corresponding thicknesses varied in the range of ~ 0.5-3 nm. 

The oxidation process was terminated by blow-drying with nitrogen. In Chapter 6 and 7 

one refers to this oxide as DIW oxide. 

Oxidation method 3:  

The wafers were cleaned by immersion in hydrofluoric acid (HF, 0.55%) aqueous 

solution for 4 minutes, followed by rinsing in ultrapure deionized water (~ 18 MΩ·cm). 

Oxidation was initiated by following a sequence: immersion in nitric acid (HNO3, 
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99 wt-%, 25 °C) for 10 minutes, rinsing in deionized water (25 °C) for 5 minutes, second 

immersion step in nitric acid solution (HNO3, 68 wt-%, 110 °C) for 10 minutes, and 

rinsing in deionized water for 10 minutes. In Chapter 7 one refers to this oxide as NAOS 

high-temperature (HT) oxide. This oxidation method was developed at TU Delft and 

used as (proven) reference. 

3.2  Characterization methods 

3.2.1  Material characterization 

Table 3.2: Overview of the material characterization methods applied in this research to investigate the 

properties of silicon-based thin film growth. The basic principle, relevant information to be derived and 

the thin films to which the technique is applied, are indicated. 

Method Basic principle Information derived Thin film Reference 

Profilometry Height difference Thickness c-Si:H 20 

Spectroscopic 
Ellipsometry 

Light polarization 
change 

Thickness, refractive 
index, absorption 

coefficient, dielectric 
function 

a-Si:H, 
SiOx 

21 

Raman spectroscopy 
Inelastic scattering of 

light 

Chemical structure, 
crystalline volume 

fraction 

a-Si:H, 

c-Si:H 
22,23 

Fourier Transform 
Infrared Spectroscopy 

Light absorption 
Chemical structure, 
hydrogen content 

a-Si:H, 

c-Si:H 
24–26 

Rutherford 
Backscattering 
Spectrometry / 
Elastic Recoil 

Detection 

Backscattering of high 
energy ions 

Chemical composition, 
atomic areal density 

a-Si:H, 

c-Si:H 
27,28 

Transmission 
Electron Microscopy 

Electron transmission / 
diffraction / scattering 

Interface quality, 
thickness, 

microstructure 

c-Si:H, 
poly-Si, 

SiOx 

29 

Atomic Force 
Microscopy 

Varying resonance 
frequency upon 

interactions 

Surface roughness, 
grain size 

a-Si:H, 

c-Si:H 
30 

X-ray Photoelectron 
Spectroscopy 

Binding energy / 
number of electrons 

upon X-ray irradiation 

Elemental composition, 
chemical/oxidation 

state 
SiOx 31 

Surface Wettability 
Analysis 

Intermolecular 
interactions 

Contact angle SiOx 32 

Electrochemical 
Capacitance-Voltage 

Capacitance change 
upon voltage variation 

Doping concentration 
/ distribution 

Poly-Si, 
SiOx, c-Si 

33 
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An overview of the material characterization methods and the relevant information to 

be derived are listed in Table 3.2 in view of the scope of this research. More detailed 

explanations of these techniques are provided in the following sections. 

Spectroscopic ellipsometry 

Spectroscopic ellipsometry (SE)21 measures the change in light polarization upon 

transmission/reflection on a sample surface. A linearly polarized incident light beam, 

consisting of both s- and p-polarized light corresponding with the oscillation direction 

perpendicular to the plane of incidence and oscillations parallel to the plane of incidence 

respectively, is reflected by a sample surface. The resulting light beam is elliptically 

polarized due to changes in amplitude, i.e. intensity, and phase of the s- and p-

components. The changes in amplitude and phase are typically given by Ψ and Δ 

respectively which enables the determination of thin film properties such as thickness or 

optical constants, e.g. the refractive index, by applying an optical model. 

In this research, a UV-VIS ellipsometer (Woollam M-2000U rotating compensator 

ellipsometer) is used for ex situ characterization of the silicon-based thin films. The angle 

of incidence is varied from 60-80° using a gonio stage, a spectral range of 245-1000 nm 

is included, and a resolution of 1.6 nm applies. CompleteEASE software is used to model 

the measurement data and extract thin film properties. Film growth is generally 

performed on c-Si substrates as they provide high signal intensity at the detector upon 

reflection. 

For the analysis of a-Si:H thin films (as studied in Chapters 4, 5 and 6) the Cody-

Lorentz34 model is used to determine the thickness and refractive index. c-Si:H thin 

films cannot be evaluated in a similar way due to their mixed phase nature and therefore 

requires a dedicated model. In absence hereof, profilometry20 is used instead for thickness 

evaluation. SE however still makes it possible to distinguish between the ellipsometric 

data (2, imaginary part of dielectric function) of a-Si:H, c-Si:H and c-Si materials (Figure 

3.2) and relate them to optical properties associated with the material microstructure.  
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Figure 3.2: Comparison of the (imaginary) dielectric constant 2as function of the photon energy 

(representing the wavelength) for materials with different microstructure, i.e. bulk c-Si and, c-Si:H and 

a-Si:H thin films. Clear differences can be observed for the optical properties depending on the 

microstructure/composition of the material. 

A native oxide model is applied to determine the thickness of the ultrathin SiOx films 

developed by wet-chemical oxidation (in Chapters 6 and 7), thus assuming a constant 

refractive index. Prior to oxidation, following an HF cleaning step to remove the native 

oxide from the c-Si wafer, an oxide thickness (often referred to as micro-roughness) of 

~ 0.5 nm is typically present.  

Raman spectroscopy 

The interaction of (monochromatic) light with matter results in scattering, mainly 

elastic (Rayleigh) scattering which does not involve energy transfer. In Raman 

spectroscopy22, light in the visible wavelength range is used to excite a lattice vibration, 

i.e. a phonon. These are inelastic processes referred to as Stokes (phonon creation) and 

anti-Stokes (phonon annihilation). In a solid, a small part of the energy of an incoming 

photon can be used to excite a lattice vibration whereas the remaining energy escapes as 

a photon with an energy that is slightly smaller than the incoming photon energy. This 

difference is known as the Raman shift. In a crystalline solid, the momentum 

conservation law selects only phonons with zero momentum, because the momentum of 

the photon is negligibly small.  

In c-Si, only the optical phonon with an energy of 64 meV has zero momentum and 

therefore leads to a sharp peak at a Raman shift of 520 cm-1 (Figure 3.3a). For a-Si:H thin 

films, the momentum selection rule is relaxed and a variety of phonon modes and 

energies are allowed (Figure 3.3b). The phonon modes are obtained by deconvolution 
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and are referred to as: Transverse Optical (TO, ~ 480 cm-1), Longitudinal Optical (LO, 

~ 410 cm-1), Longitudinal Acoustic (LA, ~ 310 cm-1) and Transverse Acoustic (TA, 

~ 150 cm-1) mode. The TO mode, representative of the Si-Si stretching mode which is 

typical for a-Si:H, is used to determine the crystalline volume fraction, Xc in a c-Si:H 

thin film. Although the latter is a mixed phase material of c-Si and a-Si:H, its Raman 

spectrum (Figure 3.3c) is not simply the sum of both c-Si and a-Si:H spectra, since the 

Raman spectrum does differentiate between large and small crystalline grain sizes. 

Therefore, in c-Si:H thin films both grain sizes (varying from micro- to nano-size), as 

well as the cross-sections for phonon excitation differ considerably from c-Si and a-Si:H 

thin films. 

 

Figure 3.3: Raman spectra normalized for the maximum peak intensity of (a) c-Si, (b) a-Si:H, and (c) 

c-Si:H. For the a-Si:H Raman spectrum, the deconvolution into various phonon modes is illustrated35,36. 

The Raman scattering set-up applied throughout this work is an In-via Renishaw 

system equipped with a green laser (514.5 nm, Ar+ ion laser) and having a resolution of 

1.6 cm-1. 

The crystalline volume fraction 

The crystalline volume fraction Xc of c-Si:H thin films is extracted according to the 

method of Smit et al.37. It assumes that the a-Si:H matrix in which the crystalline grains 

of the c-Si:H thin film are embedded is similar to a pure a-Si:H thin film. By scaling the 

Raman spectrum of an a-Si:H reference thin film to the spectrum of a c-Si:H thin film, 

followed by a subtraction hereof, the crystalline contribution as well as the distinction 

between large (~ 520 cm-1) and small (~ 505 cm-1) nanocrystalline grains can be obtained. 

Xc is defined as follows, 

 𝑋c =
𝐼c

𝐼c+0.8∙𝛼∙𝐼a
 (3.1) 
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in which Ic is the integrated intensity of the crystalline part of the c-Si:H thin film, Ia is 

the integrated intensity of the a-Si:H part, 0.8 is a factor accounting for the difference in 

phonon excitation cross-sections of c-Si and a-Si:H regarding the TO phonon mode (and 

which depends on the crystallite size)38–40, and α is the scaling factor. 

Fourier Transform Infrared spectroscopy 

Fourier Transform Infrared (FT-IR) spectroscopy provides a direct characterization 

of the thin film microstructure as it represents the vibrational modes that are stimulated 

by the absorption of infrared light. It typically relies on the principle of a Michelson 

interferometer. In this research a Bruker Tensor 27 with a resolution of 4 cm-1 is used. 

Absorbance spectra, with a total measurement range of 400-7000 cm-1 enable the 

identification of the structural composition. Two ranges are of particular interest for 

silicon-based thin films, namely the Si-Hx stretching modes (SMs) in the range 1800-2300 

cm-1, which provide information on the presence of voids and vacancies, and the Si-H 

rocking-wagging mode around 640 cm-1, which enables the determination of the total 

hydrogen content (cH) in the thin film. 

 

Figure 3.4: Partial Fourier-Transform Infrared absorption spectrum in the range 1800-2300 cm-1 of a 

c-Si:H thin film and the deconvolution of the Si-Hx absorption into different stretching modes, i.e. 

extreme low, low, medium, high and narrow high stretching modes24,41. The latter are absent in this 

example. 

When considering the microstructure of a-Si:H and c-Si:H thin films, the Si-Hx SMs 

can be classified in various types24,41. The bulk a-Si:H contribution is characterized by 

low stretching modes (LSM) (1980-2010 cm-1) and high stretching modes (HSM) 

(2070-2100 cm-1). For c-Si:H thin films, the HSM broadens by two additional modes at 

~ 2120 cm-1 and 2150 cm-1. For highly crystalline films, three narrow HSMs (NHSM) 
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(2083, 2103, 2137 cm-1) representing mono-, di- and tri-hydrides on crystalline surfaces 

associated with bulk grain boundaries are present. Furthermore, medium SM (MSM) 

(~ 2050 cm-1), assigned to multi-vacancies, and extreme LSMs (ELSM) of which the 

assignment is still unclear, are included as well. By evaluating the absorbance spectra, a 

correlation between the material properties and solar cell performance has been 

suggested25. An important parameter in this respect is the microstructure parameter R*, 

defined as, 

𝑅∗ =
𝐼HSM

𝐼LSM+𝐼HSM
              (3.2) 

with IHSM and ILSM the integrated absorption strength of the high and low stretching 

mode, respectively. A low R* reflects a denser, more ordered a-Si:H (vacancy-rich), 

whereas a high R* corresponds with a porous, more disordered a-Si:H (void-rich). Device 

grade a-Si:H has typical values of R* < 0.124. When moving to the analysis of c-Si:H thin 

films, the interpretation becomes more complex as crystalline grains, and thus additional 

SMs, are introduced into the thin film. An example of a FT-IR absorption spectrum for 

c-Si:H is given in Figure 3.4. 

The hydrogen content of a silicon-based thin film can be obtained by numerical 

integration of the Si–H rocking–wagging mode (640 cm-1) in the absorption spectrum. It 

therefore includes all H bonded to Si in the thin film. The method has been demonstrated 

by Kroll et al.26 for both a- and c-Si:H thin films and evolves from the general equation 

defining the bond density Nx for a given mode of absorption, 

𝑁x = 𝐴x𝐼x = 𝐴x ∫ 𝜔−1𝛼(𝜔)𝑑𝜔                          (3.3) 

where is the absorption profile as a function of the frequency  and Ax is the 

proportionality constant. For the Si-H wagging mode a proportionality constant 

A640 = 1.6·1019 cm-2
 is applied. The total atomic density of the silicon thin films is 

assumed to be N = NH+NSi = 5·1022 cm-2. The total hydrogen content is then defined 

as, 

𝑐H =
𝑁H

𝑁Si+𝑁H
                                                   (3.4) 
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Rutherford Backscattering Spectrometry / Elastic Recoil Detection 

Rutherford Backscattering Spectrometry (RBS)27 is suitable for the determination of 

the atomic composition and atomic areal density, concerning with elements other than 

H. In order to obtain an energy spectrum, samples are exposed to a 2 MeV 4He+ ion 

beam. Only those ions that are elastically backscattered from atoms in the sample towards 

the detector are taken into account. The number and energy of these backscattered ions 

are used to identify the mass of the scattering centers (i.e. atoms) residing in the thin film 

and the collision depth. Laws of conservation of energy and momentum, together with 

Rutherford scattering cross sections, are applied therefore. 

The atomic composition of materials regarding the presence of light elements, 

particularly H, is studied by Elastic Recoil Detection (ERD)28. Heavy ions (typically 

similar to those in the thin film) with an energy in the MeV range are used to bombard 

the sample of interest. Only those (light) particles that recoil are detected, whereas an 

absorber foil, placed in front of the detector, stops the heavy ions and therefore 

minimizes the background signal. The mass of the scattering center and collision depth 

can be determined by analyzing the energy of these recoiled particles. Hence, when 

combined with RBS, both atomic composition and depth profile of all the atoms in a 

thin film can be derived.  

Measurements in this research have been performed by AccTec B.V. (The 

Netherlands). 

Transmission Electron Microscopy 

Transmission Electron Microscopy (TEM, JEOL JEM ARM 200F operated at 

200 kV) has been carried out at the TU/e TEM facility located at the High Tech Campus 

(Solliance Thin Film Solar Research). TEM is applied to study the growth and 

crystallization kinetics of silicon-based thin films in relation with the substrate surface 

chemistry and topography29. In particular, cross-sectional bright-field TEM (BFTEM) is 

applied for this purpose. Thin lamellas (~ 50-100 nm) of the samples under investigation 

are prepared using focused ion beam (FIB) lift-out. Before preparation a SiOx/Pt layer 

stack is deposited on the area of interest by ion beam induced deposition (IBID) to 

protect the sample during FIB preparation. For detailed imaging High Resolution 

Scanning TEM (HRSTEM) in High-Angle Annular Dark Field (HAADF) mode is used. 
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Atomic Force Microscopy 

Atomic force microscopy (AFM) relies on a cantilever equipped with a scanning tip 

which oscillates close to its resonance frequency30. As soon as it approaches the sample 

surface, it experiences a repulsive force resulting in a deflection of the cantilever. A 

piezoelectric feedback system guarantees that a constant force exists between the tip and 

surface. Consequently, the laser spot, which is aligned onto the cantilever and of which 

the reflection is detected by photodiodes, undergoes a variation upon changes in the 

surface topography. Since these deflections are related with the cantilever-to-surface 

distance, the surface topography can be monitored. Typical measurements concern 

surface topography, grain size and density, and film uniformity analysis. In this work a 

NT-MDT Solver P47 SPM operated in semi-contact mode is used for thin film 

evaluation. Gold tips with a radius of 10 nm are used for high-resolution (512 x 512 

pixels) surface scans. Tilted sample surfaces are corrected for by performing a (second-

order) background correction. Data analysis focuses mainly on determination of the root 

mean square (RMS) roughness and peak-to-valley height differences. 

X-ray Photoelectron Spectroscopy 

The elemental composition, chemical state, and electronic state of the elements that 

exist within a thin film are measured through X-ray Photoelectron Spectroscopy (XPS)31. 

In XPS, samples are exposed to X-rays resulting in the escape of electrons from the top 

10 nm of the sample. Both the binding energy and the number of electrons are detected. 

In this research, a Thermo Fisher Scientific K-Alpha XPS system with a monochromatic 

Al K X-ray source (h=1286.6 eV) is used. The resolution of these measurements is 

0.1 eV with a spot size of 400 m. The photo-electron take-off angle, defined as the angle 

between the detector and surface parallel directions, is fixed at 60°. Measurements are 

particularly focused on the Si 2p and O 1s core levels as they are of relevance in the 

evaluation of the oxidation methods discussed in Chapters 6 and 7. Spectral analysis 

(Thermo Scientific Avantage data system) is performed by applying a Shirley background 

subtraction and a peak deconvolution employing a mixed Gaussian-Lorentzian function 

in a least-square curve-fitting program. 

Surface Wettability Analysis 

Surface wettability32 analysis is performed by means of water contact angle 

measurements (KSV Instruments) executed in air at room temperature. Droplets with a 

controlled volume of 1.5 l are placed on top of the sample surface by means of an 
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automated micro-syringe system. The hydrophobic or hydrophilic nature of the surface, 

i.e. surface wettability, is identified by fitting the recorded 2-dimensional contact angles 

on both sides of the droplet. Data analysis is performed with Attension Theta (KSV 

Instruments) software. 

Electrochemical Capacitance-Voltage analysis 

Electrochemical Capacitance-Voltage (ECV) analysis enables the identification of the 

active carrier concentration profile in a semiconductor film33. It forms a depletion region 

by creating an electrolyte-semiconductor Schottky contact and behaves like a capacitor. 

Information about the doping profile is derived from the capacitance measurement, 

which depends on the presence of ionized donors and electrically active defects or traps. 

To obtain a depth profile, the semiconductor is electrolytically etched between 

subsequent capacitance measurements. 

For the poly-Si (n+)/SiOx/c-Si stacks employed in Chapter 7, ECV analysis has been 

carried out at ECN part of TNO. 

3.2.2  Plasma and plasma-surface interaction diagnostic 
methods 

Table 3.3: Overview of the plasma diagnostics applied in this research to investigate the role of plasma(-

surface interaction) parameters during silicon thin film growth in a RF PECVD system. The basic 

principle, relevant information to be derived, and the plasma process it has been applied to, are indicated.  

Method Basic principle 
Information 

derived 
Plasma process Reference 

Retarding Field 
Energy Analyzer 

Ion current detection 
as function of bias 

voltage 

Ion energy 
(distribution) 

H2, H2/SiH4 42–45 

Capacitively 
Coupled Ion 

Probe 

Ion current detection 
as function of bias 

voltage 
Ion flux H2, H2/SiH4 46,47 

Optical Emission 
Spectroscopy 

Photon emission 
detection upon 
electron-impact 

reactions 

Atomic hydrogen 
flux 

H2, H2/SiH4 48–52 
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Table 3.3 summarizes the plasma diagnostic methods, the basic principle the technique 

relies on, and the plasma process to which it has been applied in this research. A more 

detailed description of the techniques is provided in the following sections. 

Retarding Field Energy Analyzer 

 

Figure 3.5: Schematic representation of the retarding field energy analyzer employed for the 

determination of the ion energy distribution in capacitively coupled H2 or H2/SiH4 plasmas. The ions, 

generated in the plasma (not shown here), are accelerated throughout the plasma sheath and enter the 

analyzer perpendicularly as indicated by the red arrows.  

The ion energy distribution (IED) of plasma-assisted processes can be directly 

measured by using a retarding field energy analyzer (RFEA). In this research, a 

commercially available Semion RFEA, provided by Impedans Ltd, was used. A detailed 

description of its main principle is given by Gahan et al.42–44 and Hayden et al.45. Figure 3.5 

shows a schematic representation. Basically, the RFEA consists of an array of holes 

(800 m in diameter), distributed over an area of 1 cm2, therefore maintaining a 

measurable ion flux. Inside the analyzer, 3 grids (G1, G2 and G3, all having 18m holes 

and 50% transmission) and a collector plate (C) are present. Grid G1 functions as 

sampling area reducer, minimizing the disturbance of the sheath electric field. It possesses 

the same potential as the analyzer caging. The second grid G2 is biased negatively to 

- 60 V DC, with respect to G1, repelling the electrons that are initially entering the 

analyzer. The ion discrimination is achieved by applying a sweep (retarding) potential 

(from -40 V to 70 V) to the third grid G3. Only ions with sufficient energy can surpass 

the potential barrier and reach the collector plate C. At the collector C, which is biased 

at -60 V, an ion current is measured as a function of the retarding potential, therefore 

resulting in an ion current-voltage (I-V) characteristic which consequently can be 

converted into an IED function (Figure 3.6). The obtained I-V characteristic can only be 

free of distortions when the ion mean free path is larger than the analyzer dimension 
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(0.6 mm), but this has been validated for the H2(/SiH4) plasmas described in this 

research. 

The compact analyzer design eliminates the need for differential pumping, which is 

typically required for the conventional ion energy analyzers and which therefore makes 

the implementation into existing reactors more complex. In this work, the RFEA has 

been embedded in the top electrode of the RF PECVD system which generally acts as 

the substrate holder. As such, the IED function could be obtained locally, in a depositing 

H2/SiH4, which made it possible to establish a correlation with the material properties. 

 

Figure 3.6: Example of a measured ion current-voltage characteristic and the derived ion energy 

distribution in a H2/SiH4 plasma. 

Capacitively coupled ion probe 

A capacitively coupled ion probe is used to perform local ion flux measurements 

(schematics in Figure 3.7). The measurement principle is reported in detail by Braithwaite 

et al.46. The probe acts as a planar Langmuir probe and allows for the measurement of a 

I-V characteristic. A defined voltage signal is applied in order to bias the probe surface 

such that its operation in a depositing plasma is enabled.  
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Figure 3.7: Schematic representation of the capacitive probe and its electric scheme. 

In this research, an in-house built probe is used, which differs from the conventional 

approach through the applied probe bias voltage, being a periodic, pulse-shaped bias 

voltage (Figure 3.8)47. The shape of the voltage signal is characterized by a short pulse 

combined with a longer ramp. During the short pulse, charge accumulation on the probe 

surface is prevented which results in a constant sheath potential during the ion flux 

measurements. During the longer, linear voltage ramp, an external capacitor C (1.5 nF), 

connected in series with the probe surface, is charged with a rate determined by the ion 

current. The bias voltage applied to the probe surface with area A (~ 2 cm2) is dependent 

on the voltage drop across the external capacitor and has been defined as follows, 

𝐶
𝑑𝑉

𝑑𝑡
= 𝑒𝐴(𝛤ion − 𝛤e)                                           (3.5) 

with dV/dt the derivative of the voltage across the external capacitor C, e the elementary 

charge (1.6·1019 C), ion the ion flux and e the electron flux. At constant bias conditions, 

the current is only determined by ions, which makes it possible to determine ion 

according to, 

𝐶
𝑑𝑉

𝑑𝑡
= 𝑒𝐴𝛤ion                                                  (3.6) 

In Chapter 4, the method is applied under low power-low pressure conditions for 

depositing H2/SiH4 plasmas. The tolerance towards film deposition on the probe surface 

and its reliability has been checked by performing pure H2 plasma measurements in 

between every H2/SiH4 step, an approach that has been proven elsewhere9,47. The effect 
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of film deposition on the probe surface has therefore been excluded in the evaluation of 

the ion flux measurements. 

 

Figure 3.8: Example of the pulse-shaped bias signal applied to the probe surface (solid line) and the 

resulting voltage signal monitored by means of an oscilloscope (dashed line). Figure from Petcu et al. 47. 

Optical Emission Spectroscopy 

Optical emission spectra are like a fingerprint of a plasma, e.g. the H2/SiH4 plasma, as 

they provide insights into the plasma chemistry (see Chapter 2 for a detailed overview) 

and plasma characteristics such as electron temperature and density48–50. Optical emission 

spectroscopy (OES) enables a way to monitor and identify the gas phase reactions as a 

function of the process parameters such as power, pressure or gas flow rates. Alterations 

in the emission spectra can thus be expected among processes due to the specific reaction 

rate constants. Essentially, photons emitted by the plasma are coupled into a 

spectrometer by using a lens and/or optical fiber system which can be focused on either 

the bulk plasma or close to the substrate surface. All photon emission originates from 

electron impact, i.e. excitation, reactions followed by photon emission thereby transiting 

from an excited state to a lower energy or ground state. For the H2/SiH4 plasma, Si* (at 

289 and 255 nm) and SiH* (at 414 nm) emission is associated with dissociation of SiH4, 

whereas Hα (at 656 nm) and Hβ (at 490 nm) emission of the Balmer series is attributed to 

dissociation of H2. An example of H2 and H2/SiH4 plasma emission is presented in Figure 

3.9a. 

In the development of silicon thin films through PECVD, the transition from a-Si:H 

to c-Si:H film nature is often controlled by the hydrogen dilution, i.e. the H2/SiH4 flow 

rate ratio. Figure 3.9b shows an example hereof, by correlating the SiH* emission intensity 

induced by exposing a thin film which is grown throughout the a-Si:H to c-Si:H phase 

transition region (determined by the SiH4 flow rate), to a H2 plasma. Essentially, this 
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corresponds with a varying dilution ratio. Due to different etching rates of amorphous 

and crystalline materials, the SiH* emission intensity directly relates to the thin film 

microstructure, with a-Si:H being etching more strongly. 

 

Figure 3.9: (a) Emission spectrum of a hydrogen/silane plasma (red line) and a hydrogen plasma (black 

line). The emission lines of interest are indicated by Hα, Hβ and Si* and the band emission of SiH*53. (b) 

Example of the a-Si:H to c-Si:H phase transition region characterized by the SiH* emission upon etching 

the thin films with a H2 plasma52. 

In this research, focused on the understanding of plasma-surface interactions during 

PECVD growth of silicon-based thin films, a line-of-sight collection of the SiH* emission 

through an Avantes optical emission spectrometer is applied (370-450 nm range, 0.5 nm 

resolution, 2000 ms integration time). The focus area is located close to the substrate 

surface. Prior to monitoring the plasma emission, the background emission spectra are 

recorded and subtracted.   

The atomic hydrogen flux 

The atomic hydrogen flux (ΓH, cm-2s-1) can be derived indirectly from the SiH* 

emission. The latter is obtained by monitoring the emission as close as possible to the 

substrate surface in order to eliminate bulk plasma contributions. In order to correlate 

the a- to c-Si:H phase transition with the SiH* emission, a sequence of film depositions 

(~ 150 nm) at a specific 𝛷SiH4
, followed by a 1 minute H2 plasma etching step of the 

as-deposited film, has been performed (Figure 3.9b). By varying 𝛷SiH4
 throughout the 

phase transition region, the microstructure dependent etching effect can be monitored. 

To calculate ΓH, the emission spectrum (for example the red spectrum in Figure 3.9a) is 

baseline corrected and the SiH* emission intensity is converted into an equivalent SiH4 
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etch flow rate (𝛷SiH4,𝑒𝑡𝑐ℎ
), in sccm) according to the procedure described by 

Dingemans et al.51,52. The resulting ΓH towards the film surface is defined as, 

𝛤𝐻 = (𝛷< / 𝐴𝑠𝑢𝑟𝑓𝑎𝑐𝑒) / 𝛾𝑒𝑡𝑐ℎ                                     (3.7) 

with 𝛷<the etch product generation rate (sccm), defined as the SiH4 etch flow rate for 

highly crystalline films, etch the etch yield of H atoms impinging on the film (assumed 

constant ~ 0.01), and Asurface the surface area exposed to the ΓH. Next, H is related to 

the Si growth precursor flux (Γgrowth, cm-2s-1) via, 

             
𝛤𝐻

𝛤𝑔𝑟𝑜𝑤𝑡ℎ
=

(𝛷< / 𝐴𝑠𝑢𝑟𝑓𝑎𝑐𝑒) / 𝛾𝑒𝑡𝑐ℎ

𝑅𝑑𝜌𝑆𝑖
                                     (3.8) 

The atomic hydrogen to Si growth precursor flux ratio can be used as a parameter in 

the silicon-based thin film growth process which assesses the role of atomic 

hydrogen51,54. 

3.2.3  Lifetime testing 

Photoconductance decay 

The passivation quality of thin films on c-Si can be evaluated by injection level 

dependent minority carrier lifetime measurements, i.e. determining the average time it 

takes a minority charge-carrier in silicon to recombine. In this research the 

photoconductance decay method using a Sinton WCT120 lifetime tester is applied55. The 

injection level (Δn) equals the excess free carrier density in the semiconductor structure 

with respect to the free carrier density in equilibrium. With this approach, it is possible 

to distinguish between different recombination mechanisms at various injection levels, 

typically in a range of 1013-1017 cm-3. Depending on the injection level, different 

recombination mechanisms dominate, thereby limiting the total average minority carrier 

lifetime. 

The lifetime tester relies on the following principle. Light pulses are induced by a 

Xenon flash lamp towards a c-Si sample which is placed on the sensor region (diameter 

of ~ 4 cm) of the measurement stage. A coil in an RF bridge circuit is located underneath 

the sample stage and inductively couples to the impedance of the sample, therefore 

enabling contactless measurements of the photoconductance (decay). The 
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photoconductance depends on the excess minority charge-carrier density (Δn=Δp), the 

electron and hole mobilities (n and p) and the thickness of the wafer (W) according to: 

𝜎L = 𝑞Δ𝑛(𝜇𝑛 + 𝜇𝑝)𝑊                                            (3.9) 

Furthermore, a reference photodiode is connected to enable light intensity-dependent 

measurements. The photodiode is calibrated such that a photocurrent of 38 mA/cm2 

corresponds to 1 sun illumination for a 380 m thick wafer assuming an optical constant 

equal to unity. The latter is however dependent on the surface texture, anti-reflection 

coating properties such as thickness and refractive index, or the presence of passivation 

layers. For bare, flat c-Si wafers and those passivated with thin silicon-based films, a value 

of 0.7 is typically used as optical constant. 

Depending on the effective lifetime (eff), different modes need to be used to 

determine the injection level dependent effective minority carrier lifetime of a sample. 

For eff > 100 s, the Quasi Transient (QT) mode and short (< 10 s) flash lamp settings 

are applied, while for eff < 100 s the Quasi Steady State (QSS) mode, often included in 

the Generalized Mode, and long (~ 2.3 ms) flash lamp settings are applied55,56. 

Quasi Transient mode 

The Quasi Transient mode is suitable for long minority carrier lifetimes (eff > 100 s) 

employing a short light pulse (< 10 s). The effective minority carrier lifetime is given by, 

𝜏eff = −Δ𝑛 (
𝑑(Δ𝑛)

𝑑𝑡
)⁄                                                       (3.10) 

The light intensity as determined from the photodiode is irrelevant for the effective 

lifetime determination. As such, the results are independent of the optical properties of 

the thin film. 

Quasi Steady State or Generalized mode 

The Generalized Mode reconciles the Quasi Transient and Quasi Steady State modes 

and is applicable for short minority carrier lifetimes (eff < 100 s) as well as long minority 

carrier lifetimes. In the case of short lifetimes, a long, slowly decaying light pulse (decay 

constant ~ 2.3 ms) is used, so the light pulse can be considered as constant compared to 

the lifetime. In this analysis, the effective lifetime can be expressed in terms of the 

minority carrier density and generation rate (G), 
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 𝜏eff = −Δ𝑛 (𝐺 −
𝑑(Δ𝑛)

𝑑𝑡
)⁄                                              (3.11) 

In the transient regime (G=0), Equation 3.11 reduces to Equation 3.10, while in the 

QSS regime (d(Δn)/dt = 0), the effective lifetime is given by, 

 𝜏eff = −Δ𝑛 𝐺⁄                                                       (3.12) 

For low lifetimes (eff < 100 s), the generalized mode gives a slightly better lifetime 

determination than the QSS mode, especially for lifetimes approaching this upper limit. 

Generalized mode is therefore used instead of the QSS mode for lifetime values below 

100 s. For lifetimes in excess of 100 s, the transient mode combined with a short light 

pulse is chosen, as no input data (optical constant) for the reference photodiode is 

required in the evaluation. Measuring the same sample by both methods (Quasi transient 

and generalized) can be used to accurately determine the optical constant. 
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CHAPTER 4 

Plasma-surface interaction during low 
pressure microcrystalline silicon thin 
film growth* 

Abstract 

The role of plasma-surface interactions during microcrystalline silicon thin film growth has been 

studied under low power-low pressure conditions, and a correlation between the plasma-surface 

interactions and material properties has been provided. The atomic hydrogen flux, inferred by optical 

emission spectroscopy measurements, has been investigated. The hydrogen-to-silicon growth flux 

resulted in a ratio of 25:140 for the amorphous-to-mixed phase transition, whereas it increased to 40:170 

for the mixed phase-to-microcrystalline phase transition. The ion contribution to the plasma-surface 

interaction has also been investigated. For this purpose, a capacitive probe has been implemented locally 

for direct measurement of the ion flux. For the amorphous-to-microcrystalline phase transition the ion-

to-silicon growth flux ratio has been determined to increase from 0.15 to 1, two orders of magnitude 

smaller than the atomic hydrogen-to-silicon growth flux ratio. The ion energy has been measured with a 

retarding field energy analyzer, which allowed determination of the ion-energy distribution as a function 

of the silane flow rate. Average ion energies of 15-20 eV have been found for a decreasing silane flow 

rate, thereby indicating the limited energy transfer to the surface. The main effect caused by the ion arrival 

at the surface is a locally induced thermal spike enhancing the radical surface diffusion. No prominent 

detrimental effect, i.e. Si surface or bulk displacement requiring energies greater than 18 eV and 40 eV 

respectively, or sputtering occurring above 50 eV, has been observed. 

                                                           
* Published as: J. Palmans, W.M.M. Kessels and M. Creatore, J. Phys. D: Appl. Phys. 47, 224003 (2014) 
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4.1  Introduction 

Hydrogenated microcrystalline silicon (c-Si:H) thin films are widely implemented as 

bottom cell absorber material in so-called micromorph tandem solar cells1–5: the 

combination of the c-Si:H cell with a top cell consisting of hydrogenated amorphous 

silicon (a-Si:H) allows a decrease of the spectral mismatch and the light-induced 

degradation, known as the Staebler-Wronski effect6. Due to the low indirect bandgap 

(Eg = 1.1 eV) of c-Si:H, typical film thicknesses of ~ 1-2 m are required for sufficient 

light absorption. Therefore, process up-scaling demands large area processing (> 1 m2) 

in combination with high deposition rates (> 0.8 nm s-1). To fulfil these requirements 

plasma-enhanced chemical vapour deposition (PECVD) has been often addressed as 

suitable for both a-Si:H and c-Si:H thin film processing. In both processes highly diluted 

silane (SiH4) in hydrogen (H2) is supplied, with the a-Si:H to c-Si:H phase transition 

being determined by the SiH4 flow rate (𝛷SiH4
) while maintaining parameters such as H2 

flow rate, power and pressure. Achieving optimal solar cell performance requires an 

active control of previously addressed parameters, directly affecting the material quality7. 

Although alternative processes such as hot wire (HW) CVD8–10 and expanding thermal 

plasma (ETP) CVD11–13 have shown potential towards c-Si:H thin film growth, these 

have not yet been implemented at the industrial scale.  

Typically, c-Si:H solar cells have shown their best performance near the a-Si:H to 

c-Si:H phase transition, corresponding to crystalline volume fractions (Xc) of 

~ 60-70%3,5,14. Often the input power of PECVD reactors is generated at radio-

frequency (RF, 13.56 MHz) or even very high frequency (VHF, 27-300 MHz)15–19. 

Combined with high SiH4 depletion, generally achieved by increasing input power and 

pressure, a shift from low pressure (< 0.1 mbar) to a high power-high pressure regime 

takes place, in which deposition rates of 2-3 nm s-1 are obtained while preserving device-

grade material quality. Promising results have been achieved as such, leading to a certified 

world record tandem solar cell efficiency of 12.3%20. For single-junction c-Si:H solar 

cells a world record efficiency of 10.69% has recently been reported by Hänni et al.21 

under low power-low pressure conditions. 

Despite the strong dependence of film quality and solar cell performance on the 

deposition conditions, an in-depth understanding of the plasma properties, in particular 

the plasma-surface interaction, is of key importance for further development of c-Si:H 

solar cells and for plasma-assisted processes in general. The plasma-surface interaction, 

affected by the deposition conditions, can be mainly identified with the atomic hydrogen 
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flux (H), the ion bombardment effect and silicon-based radical flux interacting with the 

growth surface. 

H has already been demonstrated to play a key role in the growth mechanism of high 

quality c-Si:H thin films22–27. The H radicals can cover the surface and passivate dangling 

bonds, or they can break weak Si bonds leading to a restructured Si-Si network27–29. 

Locally induced surface heating can lead to enhanced surface diffusion and 

recombination of H, producing H2
18. For H detection several techniques have been 

implemented, among which threshold ionized mass spectrometry (TIMS)30,31 and 

vacuum ultraviolet laser absorption spectroscopy (VUVLAS)24,32 have extensively been 

applied. Recently, indirect measurement through optical emission spectroscopy22,23 has 

been proven to be suitable for identifying the phase transition by etch product detection 

during a H2 plasma step alternated with a silicon thin film growth step. No reactor 

dependence has been observed for this approach when operating under different 

conditions in terms of pressure, power, excitation frequency or electrode distance. 

Furthermore, the results of the etching induced emission have shown a clear correlation 

with solar cell performance, the optimum solar cell efficiency being associated with the 

onset of the phase transition from c-Si:H to mixed phase. Next to the ability of OES to 

identify the phase transition19,33–35, this new approach has enabled the quantification of 

H. When combined with the silicon growth flux (growth), derived from the Si density 

(Si) and deposition rate (Rd), the a-Si:H-mixed phase and mixed phase-c-Si:H transitions 

are identified. Typical H/growth values in the order of ~ 100 for the c-Si:H to mixed 

phase transition23–26 have been reported, mainly under high power-high pressure 

conditions. 

Besides H, ion bombardment can considerably affect the growth development. In 

general, the ion bombardment effects have been interpreted in terms of its flux (ion) 

reaching the growing layer and its energy (Ei), inducing surface or bulk modification 

processes. To illustrate the need for a controlled ion bombardment selected examples 

have been provided here. Ion bombardment may induce film amorphization and an 

increased porosity26,36 related to H or ion implantation in the subsurface zone. Typical 

energies required for such effects to occur have been quantified as of the order of 

18-40 eV. Bulk properties such as grain size, crystalline volume fraction and electron 

mobility also depend on the impact energy, with ion energies of at least 40 eV being 

reported as significant before inducing bulk atom displacement. On the other hand, when 

properly controlled, it turns into an advantage as recently shown by Bronneberg et al.13 
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for the ETP-CVD grown c-Si:H. By applying a substrate bias voltage, the ion 

bombardment is added during film deposition (up to 40-70 eV) whereas it was absent in 

the pristine ETP conditions (< 1 eV). Overall, the average ion energy per Si atom 

resulting in good material quality has been reported in the range of 1-10 eV/atom, 

therefore depending not only on the ion energy or ion flux individually but on their 

combined effect13,37. The possible detrimental nature of ion bombardment during 

H2/SiH4 plasmas can be suppressed by operating under increased pressure and/or 

frequency due to the introduction of a collisional plasma sheath and a reduced sheath 

potential, respectively16,36,38,39. Typical diagnostics applied for ion bombardment studies 

employ TIMS or a combined mass spectrometry/ion energy analyzer approach, assisting 

in the identification of ion and radical species. However, these approaches have been 

based on indirect correlations with the material properties due to the detection position 

with respect to the substrate. The implementation of these techniques can, therefore, be 

obstructed by the complexity of the deposition reactors. Despite this, Horvath and 

Gallagher30 reported a ion ~ 1013 cm-2s-1 at a pressure of 2 mbar representing 8% of 

growth for a-Si:H and up to 30% for c-Si:H. The contribution of both radicals and ions 

has also been studied by Hamers et al.40 demonstrating ion contributions up to 70% for 

c-Si:H growth achieved at very high frequencies and low pressures (0.6-2.0 mbar)41. For 

the operating system discussed in this work, under high pressure conditions, the relative 

importance of ion with respect to growth has been identified to be in the range of 30-60% 

when shifting from a-Si:H to c-Si:H films18. The importance of both H and ions has 

been supported by simulations complementary to experiments under high operating 

pressures26. By increasing 𝛷𝑆𝑖𝐻4
 a reduced ion and H (in the order of ~ 1014 cm-2s-1 resp. 

~ 1016 cm-2s-1) due to fast reactions in the gas phase have been observed. A 100-fold 

larger contribution of H with respect to ions was found during silicon thin film growth, 

as well as a reduced energy transfer of both H and ions to the surface. Nunomura et 

al.25,42,43 demonstrated the dominance of lower order polysilanes (H, SiH3 and Si2H6) in 

the H2/SiH4 process together with ions possessing energies (for pure H2 plasmas) in a 

range of 3-40 eV when operated at low-to-high pressure regimes (6·10-3 to 13.3 mbar) 

and VHF (60 MHz) input powers. Similar energies from a few eV up to tens of eV have 

been reported by Smets and Kondo37  for a multi-hole-cathode VHF system operated 

under high pressure, although the energies have been derived from the peak-to-peak 

potential being only an average. Concerning direct measurements of the plasma-surface 

interaction, literature studies have been limited until now. Furthermore, the 
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implementation of direct methods, e.g. a retarding field energy analyzer (RFEA) for Ei 

measurements, generally has been limited to non-depositing H2 or Ar plasmas44–46. 

In this study, c-Si:H thin films have been deposited in a RF PECVD plasma reactor 

similar to the one present at Forschungszentrum (FZ) Jülich (IEK-5), Germany47–49. The 

operating conditions have been restricted to low power and pressure, being reported to 

result in a record cell efficiency50, but still near typical high power-high pressure regimes 

applied for c-Si:H solar cells, therefore providing complementary information on both 

material and plasma-surface interaction properties. The a-Si:H to c-Si:H phase transition, 

determined by 𝛷𝑆𝑖𝐻4
, has been identified through characterization of structural 

properties, i.e. crystalline volume fraction and infrared absorption bands. The plasma-

surface interaction has been studied by simple, direct methods (implemented locally) in 

depositing H2/SiH4 plasmas providing information such as ion energy and flux. Optical 

emission spectroscopy focusing on the SiH* emission (414.3 nm) has been applied during 

separate deposition and etching steps pointing out the importance of H interaction (and 

H) with respect to growth. Under high power-high pressure conditions this approach has 

been introduced for various operating systems, showing reactor independence. In this 

study, the approach has been extended to a low power-low pressure regime. In terms of 

ion bombardment the applicability of direct methods has recently been demonstrated 

under high power-high pressure conditions by Bronneberg et al.18 through the use of an 

in-house built capacitive probe51,52 providing results on ion arriving at the growth 

surface. The applicability of this probe is here extended to low power-low pressure 

conditions. Additional information on the ion bombardment effect in terms of Ei has 

been achieved by employing a RFEA in depositing H2/SiH4 plasmas demonstrating its 

potential. Ion energy distributions (IEDs) generally have been derived from complex 

approaches as described before or have been limited to average ion energies. By applying 

a RFEA, indications on the IED during film growth and their possible impact have been 

explored. The obtained information on the plasma-surface interaction has subsequently 

been correlated with the material quality, confirming the role of ion bombardment during 

c-Si:H thin film growth. Therefore, direct methods providing local information on the 

plasma-surface interaction are applied to quantify the role of atomic hydrogen and ion 

(bombardment) during the development of c-Si:H. 
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4.2  Experimental 

4.2.1  PECVD set-up 

The deposition system employed a parallel plate capacitively coupled plasma, 

represented schematically in Figure 4.1. The design was based on the intrinsic a-Si:H and 

c-Si:H thin film deposition chamber located at FZ Jülich (IEK-5), where it is part of a 

larger cluster tool developed for solar cell research5,47–49. The plasma has been generated 

between a powered lower electrode, with showerhead configuration, and a grounded 

upper electrode, which is also acting as substrate holder. During processing, the upper 

electrode (area of ~ 170 cm2) has been heated to 200 °C. The lower electrode (area of 

~ 150 cm2) has been coupled to a RF (13.56 MHz) source and an L-network type (with 

two capacitors and a coil) matching unit. In this work the input power has been 

maintained at 94 mW/cm2. The inter-electrode distance has been kept constant at 3 cm. 

The process gases were H2 (with a flow rate of 50 standard cubic centimetre per minute, 

sccm), injected through the showerhead configuration, and SiH4 (ranging from 0 to 

5 sccm) which has been injected as background gas. The depositions and measurements 

have been performed at a pressure of 0.6 mbar, controlled through a butterfly valve. 

4.2.2  Material characterization 

Depositions of a-Si:H and c-Si:H thin films have been performed on crystalline 

silicon (c-Si, n-type, (100) crystal orientation) and glass (Corning 7059) simultaneously. 

Film thicknesses have been kept constant to 150 nm, determined with a step profiler 

(Tencor Alpha-Step IQ, 10-20 nm resolution). The crystalline volume fraction (Xc) of 

the films on glass has been determined by micro-Raman spectroscopy (In-via Renishaw, 

514.5 nm Ar+ ion laser) according to the procedure described by Smit et al.53 in order to 

identify the a- to c-Si:H phase transition. Optimum a- and c-Si:H phase compositions 

of the films and optimum solar cell performance have been associated with Xc ~ 60%, 

typically achieved close to the edge of the phase transition5. Film quality has been 

evaluated additionally by Fourier Transform Infrared spectroscopy (FT-IR, Bruker 

Tensor 27) measurements based on the presence of Si-Hx stretching modes (SMs) in the 

absorbance spectra (1800-2300 cm-1) as introduced by Smets et al.54,55. Depending on Xc, 

these SMs can be divided into the low SM (LSM) (1980-2010 cm-1) and high SM (HSM) 

(2070-2100 cm-1), both associated with the bulk a-Si:H tissue. For c-Si:H films the HSM 

broadens by two additional modes ~ 2120 and 2150 cm-1. Highly crystalline films typically 

show three narrow HSMs (NHSM) (2083, 2103, 2137 cm-1) representing mono-, di- and 
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trihydrides on crystalline surfaces associated with bulk grain boundaries. The final 

contributions are the medium SM (MSM) (~ 2050 cm-1), assigned to multi-vacancies, and 

the extreme LSMs (ELSM) which assignments are still under discussion. When 

correlating the FT-IR spectra of single layers with solar cell devices, the optimum 

performance has been associated with FT-IR spectra lacking the NHSMs reflecting less 

dense films with a high Xc, that consequently are susceptible to post-deposition 

oxidation. The absence of the NHSMs is indicative for good passivation of the crystalline 

grains by the surrounding a-Si:H tissue. Despite these findings, using solely FT-IR cannot 

guarantee efficient solar cell performance as contrasting results have been reported by 

Bugnon et al.56. Therefore, FT-IR characterization can only be employed as an initial step, 

requiring additional steps before proceeding towards device implementation. In addition 

to the structural composition, the hydrogen content (cH) was obtained by numerical 

integration of the Si–H rocking–wagging mode at 640 cm-1 as its validity has been 

demonstrated by Kroll et al.57 for both a- and c-Si:H films. The proportionality constant 

(A=1.6·1019 cm-2) and the atomic density of pure Si (N=5·1022 cm-3) proposed herein 

have been applied for this analysis. Film density analysis, in terms of Si and H content, 

has been performed by, respectively, Rutherford Backscattering Spectroscopy (RBS) and 

Elastic Recoil Detection (ERD) by using 2 MeV 4He+ ions. The growth fluxes (growth, 

the number of deposited Si atoms per cm2 per second) have been determined from the 

Si density (Si, the number of atoms per cm3), measured by RBS, and the deposition rate 

(Rd, nm/s), determined by means of a step profiler and the deposition time. 

4.2.3  Plasma-surface interaction 

H (the number of hydrogen atoms per cm2 per second) has been determined 

indirectly by a line-of-sight collection of the SiH* (414.3 nm) plasma emission through 

an Avantes optical emission spectrometer (OES, 370-450 nm range, 0.5 nm resolution, 

2000 ms integration time). The SiH* emission has been monitored during film deposition 

(~ 125 nm thick) and subsequently during a 2 minute H2 plasma etching step of the as-

deposited film. The applied process conditions are as described before, whereas during 

the etching step the silane flow is absent, keeping all other parameters constant. To 

calculate the H, the emission spectrum is baseline corrected, followed by a conversion 

of the emission intensity to an equivalent SiH4 etch flow rate (𝛷𝑆𝑖𝐻4,𝑒𝑡𝑐ℎ
, in sccm) 

according to the procedure described by Dingemans et al.22,23. The H towards the film 

surface has been defined as, 
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𝛤𝐻 = (𝛷< / 𝐴𝑠𝑢𝑟𝑓𝑎𝑐𝑒) / 𝛾𝑒𝑡𝑐ℎ                                     (4.1) 

with 𝛷< the etch product generation rate (sccm), defined as the SiH4 etch flow rate for 

highly-crystalline films, etch the etch yield of H atoms impinging on the film and Asurface 

the total surface area (~ 320 cm2) exposed to the H, limited to the two electrodes. In 

order to relate H to the material properties, a correlation with growth as introduced by 

Dingemans et al.23 is required, 

𝛤𝐻

𝛤𝑔𝑟𝑜𝑤𝑡ℎ
=

(𝛷< / 𝐴𝑠𝑢𝑟𝑓𝑎𝑐𝑒) / 𝛾𝑒𝑡𝑐ℎ

𝑅𝑑𝜌𝑆𝑖
                                (4.2) 

By means of a capacitive probe built into the substrate holder (Figure 4.1), ion 

measurements have been performed, providing local information on the plasma-surface 

interaction. The measurement principle has been reported in detail by Petcu et al.51 

explaining the applied pulse-shaped bias voltage and the restrictions of the probe 

compatibility with depositing plasmas. Furthermore, this approach has been applied in 

our deposition system under high pressure conditions, demonstrating the suitability of 

the technique for H2/SiH4 plasmas even at higher Rd
18. In this study measurements have 

been performed under H2/SiH4 process conditions covering the phase transition region. 

The ion arriving at the probe surface with area A (~ 2 cm2) is dependent on the voltage 

drop across an external capacitor C (1.5 nF) and has been defined as, 

𝐶
𝑑𝑉

𝑑𝑇
= 𝑒𝐴𝛤ion        (4.3) 

with dV/dt the derivative of the voltage drop across the external capacitor C and e the 

elementary charge (1.6·1019 C). The tolerance towards film deposition on the probe 

surface has been checked by performing pure H2 plasma measurements in between every 

H2/SiH4 step18,51. Together with the limited deposition rates of 0.42-1.44 Å s-1 in this 

work, the effect of film deposition on the ion measurements can be excluded. 
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Figure 4.1: Schematic representation of the capacitively coupled parallel plate set-up employed for a-Si:H 

and c-Si:H thin film deposition. The design is based on the deposition chamber as present at FZ Jülich 

(IEK-5) where it is part of a cluster tool utilized for thin-film silicon solar cell development. On the left- 

and right-hand sides of the set-up a schematic representation of the retarding field energy analyzer and 

the capacitive ion probe is shown, together with its integration into a substrate holder, allowing for easy 

implementation into the set-up. 

The IED has been directly measured by using an Impedans Semion RFEA, embedded 

in the grounded upper electrode (Figure 4.1). Operating conditions and probe position 

correspond to the above mentioned settings, allowing the application of this technique 

in depositing H2/SiH4 plasmas at low pressure at the grounded growth surface. A detailed 

description of the RFEA principle is given elsewhere by Gahan et al.45,58,59 and Hayden et 

al.60. Briefly, the analyzer consists of an array of 800 m holes, distributed over an area 

of 1 cm2, maintaining a measurable ion. Inside the analyzer 3 grids (G1, G2 and G3, all 

having 18 mm holes and 50% transmission) and a collector plate (C) are present. G1 

functions as sampling area reducer, minimizing the disturbance of the sheath electric 

field. It possesses the same potential as the analyzer caging. The second grid G2 is biased 

negatively to -60 V DC, with respect to G1, repelling the electrons entering the analyzer. 

The ion discrimination is achieved by applying a sweep potential (from -40 V to 70 V) to 

grid G3. Only ions with sufficient energy can surpass the potential barrier and reach C. 

At C, biased at -60 V, an ion current is measured as function of the applied sweep 

potential, therefore resulting in a current-voltage (I-V) characteristic which is converted 
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into an IED function. The obtained I-V characteristic can only be free of distortions 

when the ion mean free path is larger than the analyzer dimension (0.6 mm), but this has 

been validated for the highly diluted, collisional H2/SiH4 plasmas described in this study. 

4.3  Results and discussion 

4.3.1  Material analysis of the a-Si:H to c-Si:H phase transition 

The phase transition from a-Si:H (Xc = 0%) to c-Si:H (Xc ~ 60%) films has been 

determined by decreasing the SiH4 concentration from 9% to 1%, as shown in Figure 

4.2, when comparing films deposited with similar thickness (~ 150 nm). The transition 

is driven by a changing structural composition of the films induced by the interaction of 

plasma radicals (e.g. H, SiH3) and ions (e.g. SiH3
+) during the growth process. In order to 

correlate the material properties with the plasma-surface interaction, initially a 

characterization of the film composition, in terms of H bonding configuration and H 

content, across the phase transition is required. The transition towards c-Si:H films starts 

occurring at 𝛷𝑆𝑖𝐻4
= 1 sccm.  

 

Figure 4.2: Crystalline volume fraction Xc (%) as determined by Raman spectroscopy as function of the 

silane flow rate 𝛷𝑆𝑖𝐻4
 (sccm). The dashed line is a guide to the eye. 

FT-IR spectra as function of 𝛷𝑆𝑖𝐻4
 are shown in Figure 4.3a. The Si-Hx stretching 

modes associated with the structural composition of the films have been fitted according 

to the example given in the inset of Figure 4.3a following the procedure described by 

Smets et al.54. The results for the LSM and HSM have been shown in Figure 4.3b.  
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Figure 4.3: (a) FT-IR absorbance spectra (a.u.), normalized by thickness, of the a-Si:H and c-Si:H thin 

films as function of 𝛷𝑆𝑖𝐻4
 (sccm). In the inset the deconvolution into stretching modes as introduced by 

Smets et al.54,55 is illustrated for a c-Si:H film. (b) LSM and HSM representing the structural composition 

of the a-Si:H contribution in the films throughout the transition regime, and microstructure parameter 

R*. (c) ELSM and MSM, which are associated with the c-Si:H contribution of the films. 

In agreement with literature, the phase transition has been identified by a changing 

distribution of LSM and HSM. For dense a-Si:H films the LSM is dominating over the 

HSM. When approaching the c-Si:H nature, NHSMs are generally present. The lack of 

these SMs in our films has suggested the presence of “good” a-Si:H tissue although 

successful implementation into devices cannot be guaranteed a priori56. The film 
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microstructure has also been evaluated by means of the R* parameter, defined as the ratio 

between the HSM and the sum of the LSM and HSM. Generally an R* value greater than 

unity indicates a low film density and high defect density. The a-Si:H films have reached 

values of R*  < 0.1 (Figure 4.3b), corresponding to “good” film quality in terms of film 

and defect density. The a-Si:H films have been dominated by (di)vacancies whereas for 

c-Si:H films, mono-, di- and trihydrides bonded to the surface of nano-sized voids have 

become more abundant with respect to (di)vacancies. With increasing crystallinity, R* has 

been increasing as well, indicating a larger void content with respect to (di)vacancies. 

However, no NHSM has been observed in any of the spectra suggesting good passivation 

properties by the a-Si:H tissue surrounding the grains. Therefore, in the transition regime 

the bulk Xc has to be ~ 60% combined with a “high quality” a-Si:H contribution. Both 

requirements have to be fulfilled for achieving device-grade material. Furthermore, from 

the obtained results (Figure 4.3c) the ELSM and MSM seem to be correlated, and 

additionally have been enhanced with decreasing Xc, while absent from a-Si:H films. A 

correlation of the ELSM with the Si-Hx bonding in multi-vacancies which become more 

abundant for low crystallinity films, has been observed as well. While a-Si:H films have 

been dominated by (di)vacancies, the transition towards microcrystalline films has been 

driven by a mixture of mono-, di- and multi-vacancies until a nano-sized void dominated 

structure has been obtained for highly crystalline Si thin films. However, achieving the 

optimal c-Si:H films has required SiH4 flow rates of 1-1.2 sccm, based on the distribution 

of the SMs and the Xc.  

 

Figure 4.4: cH (%) of the Si thin films as function of 𝛷𝑆𝑖𝐻4
 (sccm) determined by FT-IR absorption 

spectroscopy and ERD measurements. 
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Furthermore, a study of cH based on the FT-IR absorbance spectra, coupled with ERD 

measurements, has shown a correlation between the material structure and the phase 

transition, as reported in Figure 4.4. cH has increased to ~ 14 at.-%, when crossing the 

phase transition. Quantitatively, FT-IR analysis has indicated a cH ~ 5 at.-% at a 𝛷𝑆𝑖𝐻4
 of 

1-1.2 sccm, i.e. at the onset of the phase transition. The ERD measurements have been 

showing an increasing cH throughout the transition, varying from ~ 9.5 at.-% for highly 

crystalline films up to ~ 17 at.-% for a-Si:H films, although a drop has been observed for 

higher SiH4 flow rates, corresponding to better a-Si:H quality57,61. The offset between 

ERD and FT-IR data has been ascribed to the proportionality constant 

(A = 1.6·1019 cm-2) and the atomic density of pure Si (N = 5·1022 cm-3) assumed in the 

calculation of the H content with FT-IR, which have been kept constant for the various 

material compositions57. It can be argued that the detection of trapped molecular 

hydrogen (in for example micro-voids) by ERD explains the consistently higher cH, 

whereas FT-IR has only been sensitive to H bonded to Si. 

In conclusion, a change from (di)vacancy dominated films (for a-Si:H down to a 𝛷𝑆𝑖𝐻4  

of 3 sccm), to a multi-vacancy dominated material at the onset of the mixed phase 

(~ 2 sccm), eventually going to a nano-sized void dominated c-Si:H film (< 1.2 sccm), 

has been observed. 

4.3.2  Plasma-surface interaction 

4.3.2.1  Atomic hydrogen flux 

The 𝛷𝑆𝑖𝐻4,𝑒𝑡𝑐ℎ
 (not shown here) has been determined by OES as a function of 𝛷𝑆𝑖𝐻4

, 

pointing out the transition from highly crystalline to mixed phase, and from mixed phase 

to amorphous Si films. The overall trend is in agreement with the results of Dingemans 

et al.23, despite different experimental conditions. The validity of the approach under 

alternative conditions has been based on the agreement between the etching results and 

Raman spectroscopy22 in terms of phase transition appearance. An enhanced etch rate 

with decreasing crystallinity has been associated with a change in film composition, as 

has also been observed from the SMs and R* in Figure 4.3b and an associated larger cH 

(Figure 4.4). For the highly crystalline or pure amorphous films, saturation has been 

observed as the film composition becomes constant. From the plateau region at the 

highly crystalline side, 𝛷< has been determined to vary from 0.7 to 0.95 sccm by 

increasing the applied power from 80 to 120W, therefore demonstrating the condition 

dependent behavior23 within the high power-high pressure regime. Since 𝛷< has been 
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implemented in the H determination (Equation 4.1), variations in the results are 

expected based on the selection of process conditions. Under low power-low pressure 

conditions in this work, a 𝛷< of 0.29 sccm has been measured indicating a lower etching 

rate at low power in agreement with the above observations. In order to quantify H, an 

appropriate assumption for etch is required. Since there is a dependence of etch on factors 

such as the phase composition, substrate temperature, H-recombination probability, and 

ion bombardment31,32,62,63, initially a general relation between etchH and growth 

(Equation 4.2) has been developed, demonstrating a linear correlation separating the 

highly crystalline to mixed phase transition, and the mixed phase to amorphous 

transition23. The correlation for the various operating systems tested at FZ Jülich 

(IEK-5), together with experimental data obtained in our deposition chamber, is 

summarized in Figure 4.5. 

 

Figure 4.5: Phase diagram (after Dingemans et al. 23) showing the measured atomic hydrogen flux, γetchH, 

as a function of the silicon growth flux, growth. Closed circles are representative for films at the border 

of the highly crystalline to mixed phase transition, whereas open squares represent films at the border 

between mixed phase and amorphous phase. The dashed lines indicate the phase transitions for the high 

power-high pressure regimes at which a constant γetchH / growth ratio is achieved. The results obtained 

at Eindhoven University of Technology are indicated in red (high power-high pressure) and green (low 

power-low pressure) respectively. 

When similar high power-high pressure conditions are applied, no reactor dependence 

has been observed. By shifting to the low power-low pressure conditions this relationship 

does not hold anymore. Both transition regions have been shifted to low growth and low 

H in which the deposition rate is reduced more than the interacting H. However, the 

fact that the general trend has been based on an extrapolation of data obtained solely 
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under high power-high pressure conditions cannot exclude a different trend being 

applicable for different operating conditions. To support this hypothesis a more elaborate 

study under similar low power-low pressure conditions is required. Despite the 

dependence of etch on parameters such as the ion bombardment, a value of 0.01 has been 

reported for the high power-high pressure case, resulting in a H ranging from 6·1016 to 

2·1017 cm-2s-1. The resulting H/growth ratio therefore varies from 40 to 26 for the highly 

crystalline to mixed phase and mixed phase to amorphous transitions, respectively. When 

performing the etching experiment in a Si coated reactor, etch has to be adjusted since 

the surface loss probability increases31,32. The estimated etching probability proposed by 

Kae-Nune et al.31 and Strahm et al.64 for a Si surface has been ~ 0.03 therefore lowering 

the resulting H. For the low power-low pressure conditions, assuming a similar γetch as 

indicated above, H is expected to vary from 3.5·1016 cm-2s-1 up to 7.0·1016 cm-2s-1. 

Compared to growth in the order of (2.1-2.5)·1014 cm-2s-1 as reported in Figure 4.6(a), the 

primary role of H accounting for up to 2 orders of magnitude higher fluxes has been 

confirmed. The resulting H/growth flux ratio decreases from ~ 170 to ~ 140 when 

crossing the highly crystalline to mixed phase and mixed phase to amorphous transitions, 

respectively. The large contribution of H with respect to the film growth precursor, Si, 

has also been reported by Nunomura and Kondo25 where the H/growth ratio has been 

found to increase up to a factor 400 for low total gas flow rates. Therefore, the estimation 

provided above has been reasonable despite the assumption on etch. Compared to high 

pressure conditions, where typical flux ratios of 50-100 have been reported23,25, the role 

of H has taken an even more dominant position. When the larger etch = 0.03 is assumed, 

H would drop by a factor of 3 ((1.2-2.3)·1016 cm-2s-1), and consequently H/growth ratios 

have been reduced to ~ 60 and ~ 50 for the highly crystalline and amorphous transitions, 

respectively. Since the operating conditions have been very different from those of 

Dingemans et al.23, the obtained ratios cannot be compared directly. However, it is 

concluded that the H/growth ratio has been enhanced considerably when moving from 

the a-Si:H to the c-Si:H transition zone, illustrating the importance of H during the 

growth process with respect to the film development. This is despite the requirement for 

an accurate estimation of etch in which the operating and system conditions are taken 

into account, since inappropriate assumptions have a large impact on H/growth ratios as 

demonstrated by the factor 3 difference that might occur as such. 
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4.3.2.2  Ion flux 

Next to the evaluation of H, the ion arriving at the growing film has been determined 

by means of a capacitive probe, as illustrated in Figure 4.6a together with growth. By 

increasing 𝛷𝑆𝑖𝐻4
 from 0 to 5 sccm, thereby crossing the phase transition, opposite trends 

are observed for the contribution of Si atoms and ions to the growth, represented by 

growth and ion. The increasing growth is associated with enhanced SiH4 depletion due to 

the longer gas residence time at higher 𝛷𝑆𝑖𝐻4
. Consequently, Rd is linearly increasing with 

𝛷𝑆𝑖𝐻4
, whereas the film density remains constant (Si = 4.02·1022 at/cm3), thus resulting 

in an overall increase. 

 

Figure 4.6: (a) ion as determined by a capacitive probe, and growth calculated from the Si density (RBS) 

and deposition rate (step profiler), (b) ion / growth, as function of 𝛷𝑆𝑖𝐻4
. 

The reduced ion as a function of 𝛷𝑆𝑖𝐻4
 is associated with the presence of larger ionic 

species, mainly SiyHn
+ (y = 1-3), whereas Hm

+ (m = 1-3) with mainly H3
+ formed by ion-

molecule reactions dominates the plasma for low 𝛷𝑆𝑖𝐻4
. This is in contradiction with the 

report of Horvath and Gallagher30, lacking a significant effect of SiH4 addition on the ion 
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current, although studied under high pressure conditions. The Hm
+ ions have high 

reaction rates with SiH4 molecules through reactions like H3
++SiH4 → SiH3

++2H2 (rate 

coefficient k = 5.2·10-10 cm3/s)65 and H2
++SiH4 → SiH3

++H2+H (rate coefficient 

k = 6.23·10-10 cm3/s)66; therefore, the dominating plasma species are expected to 

undergo transitions due to ion polymerization reactions such as electron impact 

ionization43,65–67. Furthermore, the plasma sheath is assumed to be collisional, based on 

ion-neutral mean free path calculations, i.e. mfp = 1/ng ≈ 0.9 mm, with σ the ion-neutral 

charge-exchange collision cross-section and ng the neutral gas density, and a sheath 

thickness sm ≈ 4 mm (calculated by means of the Child law68 by using Te ~ 2 eV and 

ne ~ 4·108 cm-3 derived from H2 plasma Langmuir probe measurements not reported 

here) is achieved, typical for RF discharges69–71. The ion transit time i, i.e. the time ions 

need to cross the plasma sheath68, is reduced considerably due to the random scattering 

throughout the plasma sheath. Typical ratios of i/RF , with RF the RF period, vary from 

3 to 10 depending on the dominance of H3
+, respectively SiH3

+ ions, in the plasma. The 

ion scattering effect is enhanced for higher mass species, thereby increasing the ion transit 

time and consequently reducing the overall ion. The reported sheath thickness matches 

with literature studies in other capacitive plasmas and is not expected to undergo changes, 

since pressure, power and excitation frequency are kept constant. Electron densities at 

similar pressures are typically of the order of 108-109 cm-3 joined by electron temperatures 

of 2-3 eV43,65. Returning to ion and growth, no specific effect on the phase transition is 

observed. However, by determining the ion/growth ratio, as shown in Figure 4.6b, a 

gradual change between highly crystalline and amorphous films is identified, suggesting 

that a larger number of ions may assist the crystallization process starting from an a-Si:H 

incubation layer. For higher pressure conditions ion/growth has been found to drop from 

0.6 to 0.3 when moving from highly crystalline to pure amorphous conditions18, whereas 

at low pressure conditions the contribution to film growth is more abundant for highly 

crystalline films, with ion/growth ~ 1, consequently reducing to 0.4 or even less for a-Si:H 

films. The transition from H3
+ to SiH3

+ dominated plasmas reported by Nunomura and 

Kondo43,65 when moving from low (~ 0.1 mbar) to high (> 1 mbar) pressures together 

with the observations of Bronneberg et al.18 (at p = 14 mbar), suggest the dissociative 

recombination of these silicon-based ions with electrons, resulting in an additional H. 

Its contribution, however, is limited to less than 1% compared to the main H, therefore 

strengthening the role of H during c-Si:H thin film growth compared to ion-related 

contributions. 
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4.3.2.3  Ion energy  

Besides the ion reaching the growth surface, the energetic impact of the ions on the 

growth surface is of main importance37. In order to achieve control of the plasma process 

in terms of Ei, RFEA measurements are performed under depositing plasma conditions 

complementary to the material and ion studies. As the RFEA is generally applied for 

non-depositing plasmas, the addition of SiH4 yields additional information in relation to 

the film growth process. A recent example of RFEA implementation in such plasmas has 

been reported by Verkerk et al.72 in VHF PECVD processes.  

 

Figure 4.7: (a) Ion energy distribution (IED) measured by means of a RFEA, (b) Peak positions 

(representing ion energy), average position and peak area ratio as function of 𝛷𝑆𝑖𝐻4
 derived from the 

deconvoluted IED function into two peaks (P1, P2) ascribed to H2/SiH4 plasma species. The area ratio 

P1/P2 is normalized by its maximum for simplicity. The dashed lines are a guide to the eye. 

With increasing 𝛷𝑆𝑖𝐻4 , a shift in the IED (Figure 4.7a), thereby reducing the mean Ei 

from ~ 20 eV to ~ 15 eV, is observed (Figure 4.7b). The weighted average Ei is 

determined by deconvoluting the IED into a symmetric high energy peak, and a low 

energy shoulder ascribed to ion collisions in the sheath region. The high energy peak, 
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referred to P2, is characteristic of the ions crossing the plasma sheath with the highest 

energy, the maximum being determined by the plasma potential. P1 is characteristic for 

the induced collisions in the plasma, as already introduced in previous paragraph, 

therefore ruling out the bombarding effect more and more. This attribution in terms of 

an enhanced collision rate has also been proposed by Wank et al.73 for pure a-Si:H films 

deposited in an ETP-CVD configuration with supporting substrate bias voltage. 

Since the plasma sheath is collisional, a higher 𝛷𝑆𝑖𝐻4
 results in a reduced ion as shown 

in Figure 4.5a, which is also represented by the reduced IED area. No definitive peak 

assignment is proposed for the IED obtained by RFEA measurements, as the method is 

not ion mass resolved. This additional information requires techniques such as energy 

filtered mass spectrometry65. The shape of the IED is not bimodal, despite the applied 

RF power, but it is composed of a broad range of ion energies. This trend can be 

predicted by considering i/RF, which is larger than unity. Only for i/RF << 1 the ions 

can pass the sheath within less than one RF cycle resulting in a bimodal distribution.  

Following the characterization of ion energies in H2/SiH4 plasmas, a more detailed study 

is performed on the phase transition. The mean Ei shows a reduction with increasing 

𝛷𝑆𝑖𝐻4
 due to an enhanced ion collision effect in the plasma sheath72. As the IED can be 

deconvoluted into two peaks, the ratio of the P1 and P2 areas, illustrated in Figure 4.7b 

together with the peak positions (i.e. average Ei), can be applied to identify the a-Si:H to 

c-Si:H phase transition. For highly crystalline films the area ratio is constant until the 

onset towards mixed phase material. This can be associated with the limited amount of 

SiH4 addition into the H2 dominated plasma, therefore no considerable effect on the ion 

energy is induced. A further increase is observed towards a-Si:H films, indicating an 

enhancement of the collision rate upon silane addition. Since the degree of dissociation 

is higher, larger ions with mainly SiH3
+ become more important in the plasma process 

with respect to H3
+. This is in agreement with the lower ion, lower Ei and consequently 

the amorphous character of the deposited films. Furthermore, the etching of Si is also 

enhanced for higher SiH4 flow rates as was observed by the etch product generation rate 

of Figure 4.4 assisting in the amorphous film growth. In the transition region this ratio is 

~ 0.6 with a maximum ion energy of 30 eV resulting in an Ei per deposited Si atom of 

~ 18 eV. For highly crystalline films the maximum Ei per deposited Si atom is estimated 

to be ~ 36 eV whereas this reduces to 3-4 eV per Si atom for the “good” a-Si:H films. 

Since the energy transfer is limited in all cases, the effects on the growth surface are 

restricted to a locally induced thermal spike, enhancing the surface diffusion. The impact 

energy is insufficient for achieving Si surface atom displacement, bulk atom displacement 
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or even sputtering, typically requiring energies > 18 eV, 40 eV and 50 eV, respectively37. 

Only for the extreme low 𝛷𝑆𝑖𝐻4
 a limited Si surface atom displacement could be induced. 

The structural properties are therefore mainly affected by H dominating over ion, 

thereby leading to the conclusion that the contribution of ions to the growing film is 

limited. Its role may be enhanced by working at high pressure conditions joined by high 

excitation frequencies, since both parameters have an influence on the plasma sheath 

thickness and the collisional character of the plasma sheath. 

4.4  Conclusions 

The plasma-surface interaction processes play a significant role during the growth of 

a-Si:H and c-Si:H thin films. Characterization of the main plasma properties, i.e. ion flux, 

ion energy and atomic hydrogen flux, by means of direct, local measurements in 

depositing plasma conditions has allowed quantifying the role of each parameter with 

respect to the SiH4 flow induced phase transition. First of all, H has been demonstrated 

to be of key importance by considering its contribution to c-Si:H with respect to a-Si:H 

films. Typical ratios of H/growth = 40-170 for microcrystalline and slightly lower values 

of 25-140 for amorphous films have been found, confirming the dominant role of H in 

the growth process of Si thin films. Second, the ion bombardment effect, defined by ion 

and Ei, has been correlated with the material properties. A ion/growth ratio of 1 or even 

down to 0.15 has been determined when crossing the crystalline to amorphous phase 

transition region, limiting its role during film growth compared to the larger H/growth 

ratio. As ion energies are limited to less than 18 eV per Si atom in the transition region, 

mainly a locally induced thermal spike resulting in enhanced radical surface diffusion is 

preferred. No detrimental effect, i.e. sputtering or bulk atom displacement, and only a 

limited surface atom displacement is induced by the ion bombardment, thus only 

assisting in the film development. Since the role of H and ion bombardment has been 

demonstrated for low pressure conditions, this information can be extrapolated to high 

power-high pressure regimes, where the Ei is reduced further due to the collisional 

character of the plasma sheath. As such the role of the plasma-surface interaction in film 

development has been studied in more detail. 
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CHAPTER 5 

Nucleation of microcrystalline silicon: 
on the effect of the substrate surface 
nature and nano-imprint topography* 

Abstract 

The nucleation of microcrystalline silicon thin films has been investigated for various substrate natures 

and topographies. An earlier nucleation onset on aluminum-doped zinc oxide compared to glass 

substrates has been revealed, associated with a microstructure enhancement and reduced surface energy. 

Both aspects resulted in a larger crystallite density, following classical nucleation theory. Additionally, the 

nucleation onset was (plasma deposition) condition-dependent. Therefore, surface chemistry and its 

interplay with the plasma have been proposed as key factors affecting nucleation and growth. As such, 

preliminary proof of the substrate nature’s role in microcrystalline silicon growth has been provided. 

Subsequently, the impact of nano-imprint lithography prepared surfaces on the initial microcrystalline 

silicon growth has been explored. Strong topographies, with a 5-fold surface area enhancement, led to a 

reduction in crystalline volume fraction of ~ 20%. However, no correlation between topography and 

microstructure has been found. Instead, the suppressed crystallization has been partially ascribed to a 

reduced growth flux, limited surface diffusion and increased incubation layer thickness, originating from 

the surface area enhancement when transiting from flat to nanostructured surfaces. Furthermore, 

fundamental plasma parameters have been reviewed in relation with surface topography. Strong 

topographies are not expected to affect the ion-to-growth flux ratio. However, the reduced ion flux (due 

to increasing surface area) further limited the already weak ion energy transfer to surface processes. 

Additionally, the atomic hydrogen flux, i.e. the driving force for microcrystalline growth, has been found 

to decrease by a factor of 10 when transiting from flat to nanostructured topography. This resulted in an 

almost 6-fold reduction of the hydrogen-to-growth flux ratio, a much stronger effect than the ion-to-

growth flux ratio. Since previous studies regarding crystalline growth stated the necessity for enhanced 

ion- and atomic hydrogen-to-growth flux ratios, reduction of the latter is suggested to be the main cause 

of suppressed crystallization kinetics.  

                                                                 
*Published as: J. Palmans, T. Faraz, M. A. Verheijen, W.M.M. Kessels and M. Creatore, J. Phys. D 49, 055205 

(2016) 
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5.1  Introduction 

Hydrogenated amorphous and microcrystalline silicon (a-Si:H and c-Si:H, 

respectively) are generally combined as top and bottom cell in tandem-junction thin film 

(TF) solar cells1–5. Due to their bandgap values of ~ 1.8 eV (a-Si:H) and ~ 1.1 eV (c-Si:H) 

respectively, efficient light conversion by absorption of a broad wavelength range 

(400-1100 nm) is achieved in a tandem cell, compared to single junction solar cells. 

Furthermore, adopting c-Si as absorber, the light-induced degradation (LID) 

phenomenon, i.e. Staebler-Wronski effect, typical for a-Si:H6, is found to decrease. 

However, due to the low absorption coefficient and indirect bandgap of c-Si:H, relatively 

thick absorber layers (~ 1-2 m) are required, compared to its a-Si:H counterpart 

(~ 300-400 nm). 

To keep up its competitiveness with crystalline silicon-based solar cells, a cost 

reduction and/or enhanced solar cell efficiency is desired. On one hand, the use of 

inexpensive substrate materials such as glass, polymers or metals, in combination with 

large area/high rate processing, is preferred7,8. However, the substrate nature in terms of 

chemistry and topography may strongly influence the c-Si:H growth process, in 

particular its nucleation phase. Therefore it requires a thorough understanding. In 

association with the substrate nature, the nucleation of c-Si:H as well as the initial growth 

of a-Si:H thin films has been mainly attributed to the substrate chemistry, thereby 

considering e.g. crystallinity, conductivity, surface free energy9–19, and the impact of 

plasma-surface interactions13,20. On the other hand, optimized light trapping schemes 

result in enhanced light absorption by manipulating the optical path length of the 

incoming light21–23. The latter allows a reduced absorber thickness, therefore yielding less 

recombination losses. Also topography can play a role, as in the case of crack and void 

development during the absorber layer growth15,19,20,24. Despite similarities in terms of 

substrate nature among various types of TF Si solar cells, a wide range of possibilities for 

topography development and control opens up, regarding light trapping. Generally, 

transparent conductive oxides (TCOs), either as-deposited or upon post-deposition 

treatments, e.g. wet-chemical etching or plasma exposure, enable the development of 

topographies well suited for light trapping purposes. However, optimization of light 

trapping structures is always carefully performed in terms of feature size and shape in 

view of the targeted a- or c-Si:H absorber layer growth20,24–26. 

Despite control of light trapping through topography manipulation, a proper TCO 

design involves also optical (transmission) and electrical (conductivity) performance. The 
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ability to optimize simultaneously all three parameters is however challenging, as the 

optimization of one often limits the performance of another26,27. Innovative solutions in 

terms of materials and processing have been explored among which ultra-violet (UV) 

nano-imprint lithography (NIL) has recently demonstrated strong potential28–35. The NIL 

technology enables nano-scale patterning of large-area substrates, e.g. glass, by imprinting 

a mask with the desired topography into a polymer lacquer. The lacquer is generally spin-

coated onto the substrate. The flexibility of NIL in terms of feature shape, height or 

width, opens up new routes for well-controlled light trapping properties being a key 

factor in solar cells. Furthermore, the easy up-scaling of NIL becomes important towards 

industrialization being driven by both low production cost and high throughput35,36. Since 

NIL, applied prior to TCO deposition, can virtually induce any desired topography, 

additional post-deposition processing is eliminated. By implementing the NIL lacquer, 

the structural, light trapping component can be decoupled from its optical and electrical 

counterpart. Thereby, less restrictions towards TCO optimization are imposed. 

Additionally, anti-reflection properties can improve by a combination of a refractive 

index gradient associated with the “mixing” of materials at the glass/NIL/TCO interface 

and an optimized thickness of this “mixed” material. The benefits of NIL are therefore 

mainly attributed to a high level of light trapping control21 by simply tuning the shape 

and size of topographies. Consequently, this allows for a reduced absorber thickness.  

The application of strong surface topographies with steep feature edges, although 

providing enhanced light trapping potential, is known to induce severe disadvantages, 

even without the use of NIL24. Sharp features, mainly the valleys at the bottom in 

between neighboring features, can lead to cracks and voids which develop in the initial 

growth phase and propagate throughout the absorber layer20,24,37. In particular for 

random topographies, these porous regions which are prone to oxidation38, act as local 

current loss paths limiting solar cell efficiency. To overcome these issues, mild, preferably 

periodic surface topographies are generally chosen, although these may be less effective 

in terms of light trapping abilities.  

An alternative for achieving high quality material is the application of modified 

absorber layer growth processes resulting in optimal solar cell performances. Typically, 

low deposition rate processing favors high quality film growth, i.e. improved H 

passivation quality, reduced defect density and increased film density, even on rougher 

substrates10,25,39,40. However, from the perspective of cost reduction, a trade-off between 

high rate processing and optimal light trapping needs to be reached. Therefore, the 

combination of both, especially with respect to novel NIL induced topographies 
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comprising a wide variety of random and periodic structures, has to be explored in more 

detail from the perspective of c-Si:H growth. The latter is highly dependent on, for 

example, the hydrogen-to-silane (H2/SiH4) dilution ratio3. Consequently, no general 

validation based on individual conclusions can be drawn41,42, supporting the urgency 

towards understanding growth processes in relation with novel concepts such as NIL 

induced topographies10,39. 

In this paper the initial growth, or nucleation phase, of a- and c-Si:H is studied in 

correlation with the substrate nature and NIL induced topography. The NIL 

topographies in this work have been developed by OM&T B.V. (now Morphotonics 

B.V.) for single junction c-Si:H solar cells. Previous publications based on these cells 

have not discussed the absorber layer growth but mainly focused on light trapping 

abilities36,43–46. In this manuscript, the influence of the substrate on the absorber layer 

growth is investigated by means of a detailed characterization of the initial growth 

(absorber thickness < 100 nm) with Raman spectroscopy, atomic force microscopy 

(AFM) and transmission electron microscopy (TEM). Finally, besides a microstructure 

analysis, the role of plasma-surface interactions in terms of ion flux (Γion), ion energy (Ei) 

and atomic hydrogen flux (ΓH), is discussed in relation with the NIL induced substrate 

topographies based on our previously published work47. 

5.2  Experimental 

5.2.1  PECVD set-up 

Film deposition took place in a parallel plate capacitively coupled plasma (CCP) 

reactor. A schematic representation has been published previously47. The design was 

based on the intrinsic a-Si:H and c-Si:H thin film deposition chamber located at the 

Institute of Photovoltaics (IPV) at Forschungszentrum (FZ) Jülich (Germany), being part 

of a larger cluster tool developed for solar cell research3,48–50. The plasma has been 

generated in between a powered bottom electrode, with showerhead configuration, and 

a grounded upper electrode acting as substrate holder. During processing the upper 

electrode has been heated up to 200 °C. The bottom electrode has been coupled to a 

radio frequency (RF, 13.56 MHz) power source and a manually controlled L-network 

type matching unit. The input power has been maintained at 0.41 W/cm2 whereas the 

inter-electrode distance has been kept constant at 1 cm. The process gases were H2 (with 

a flow rate,  of 360 standard cubic centimeter per minute, sccm), and SiH4 (ranging 

from 1-5 sccm) both injected through the showerhead electrode. The depositions have 
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been performed at a pressure of 14 mbar, and therefore the operating conditions can be 

defined as the so-called “high power-high pressure” regime. 

5.2.2  Sample preparation 

The substrates used throughout this study have been either glass (Corning 7059 and 

Eagle) or stacks composed of NIL processed glass, aluminium-doped zinc oxide (AZO) 

and/or boron doped a-Si:H as p-layer. The NIL substrates have been provided by 

OM&T B.V. (now Morphotonics B.V.) and concerned three types of topography, 

referred to as cups, random and pyramids (Figure 5.1). 

 

Figure 5.1: Overview of applied structures for microcrystalline silicon growth studies using the following 

NIL substrate topographies: a) inverted cups with period of 800 nm and feature height of 250-260 nm, 

b) random texture with feature height of 350-1400 nm, and c) upward pyramids with period of 800 nm 

and feature height of 130-170 nm. Note that the layers/features are not drawn to scale. 

A brief overview of the topographical properties is given in Table 5.1 where the surface 

area enhancement factor has been derived by geometrical approximation of the surface 

topography in 3 dimensions (assuming conical or cylindrical shapes) with respect to a flat 

reference. 
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Table 5.1: Characteristic properties of the various NIL substrates. Feature orientation, periodicity, height 

and surface area enhancement factor are defined with respect to a flat reference. 

 Cups Random Pyramids 

Feature orientation Downwards Upwards Upwards 

Period (nm) 800 - 800 

Feature height 

(nm) 
250-260 350-1400 130-170 

RMS roughness 

(nm) 
~ 102 ~ 118 ~ 53 

Surface area 

enhancement factor 
1.5±0.3 4.7±1 1.8±0.4 

AZO layers of ~ 550 nm have been deposited on top of these NIL substrates by 

means of magnetron sputtering performed at ECN part of TNO. Besides a slight 

thickness reduction on the random topography, no NIL dependent AZO growth in 

terms of grain size or crystal orientation has been observed (as confirmed by SEM and 

XRD measurements, not shown here). Subsequently, the B-doped a-Si:H p-layer has 

been deposited by means of RF PECVD. As a last step, intrinsic absorbers with thickness 

< 100 nm, being either amorphous or microcrystalline, have been deposited on these 

samples in a single run, therefore, directly representing the topographical or substrate’s 

nature impact. 

5.2.3  Material characterization 

The crystalline volume fraction (Xc) of the films has been determined by micro Raman 

spectroscopy (In-via Renishaw, 514.5 nm Ar+ ion laser) according to the procedure 

described by Smit et al.51, preceded by a background correction, in order to identify the 

a- to c-Si:H phase transition. It must be noted that studies have been focused on the 

initial growth < 100 nm, in order to monitor the nucleation differences between various 

substrate natures or topographies. Generally, optimum solar cell performance is 

associated with Xc ~ 60-70%, typically achieved close to the a- to c-Si:H phase transition 

edge. However, this concerns fully developed films (~ 1-2 m) which are not investigated 

here3.  

In addition to Xc, film quality has been evaluated by means of Raman spectroscopy, 

instead of the common FTIR absorption spectroscopy, in terms of microstructure 

analysis based on the presence of Si-Hx stretching modes (SMs). The use of Raman 

spectroscopy is driven by the fact that the substrates employed in this study are not IR 

transparent, and because of the IR and Raman active nature of the SiHx vibrational modes 
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(i.e.  both dipole moment and polarizability changes occur). Raman spectra have therefore 

been evaluated in analogy with the IR absorption spectra (for the range 1800-2300 cm-1) 

as introduced by Smets et al.52,53. Depending on Xc, these SMs can be divided into the 

low stretching mode (LSM) (1980-2010 cm-1) and high stretching mode (HSM) 

(2070-2100 cm-1), both associated with the bulk a-Si:H tissue. For c-Si:H films the HSM 

broadens by two additional modes ~ 2120 and 2150 cm-1. Highly crystalline films 

typically show three narrow HSMs (NHSM) (2083, 2103, 2137 cm-1) representing mono-, 

di- and trihydrides on crystalline surfaces associated with bulk grain boundaries. The final 

contributions are the medium SM (MSM) (~ 2050 cm-1), assigned to multi-vacancies, and 

the extreme LSM (ELSM) of which the assignment is still under discussion. Optimum 

cell performance was associated with spectra lacking the NHSMs as their presence 

reflects less dense films with high Xc that are susceptible to post-deposition oxidation. 

The absence of NHSMs is therefore indicative of good crystal surface passivation. Next 

to individual SM analysis, the microstructure parameter, R*, can be derived. R* is defined 

as follows, 

𝑅∗ =
𝐻𝑆𝑀

𝐿𝑆𝑀+𝐻𝑆𝑀
                                                 (5.1) 

A lower R* therefore reflects a denser, vacancy-dominated a-Si:H. However, for 

c-Si:H its interpretation becomes more complex as crystallites, and therefore additional 

SMs, are introduced into the film. 

Next to Raman spectroscopy, evolutions in surface topography and grain size/density 

have been measured through atomic force microscopy (AFM, NT-MDT Solver P47 

SPM) in semi-contact mode using tips with a radius of 10 nm. In order to provide reliable 

comparisons, scan areas of 5 m x 5 m have been studied. 

Transmission Electron Microscopy (TEM, JEM ARM 200F operated at 200 kV) has 

been applied to study the initial growth phase in terms of incubation layer thickness and 

crystal development. Cross-sectional TEM samples have been prepared using focused 

ion beam (FIB) lift-out. Before preparation a stack of SiOx and Pt layers was deposited 

on the area of interest by ion beam induced deposition (IBID) to protect the sample 

during FIB preparation. 

5.2.4  Atomic hydrogen flux 

TF Si growth is governed by reactive species, i.e. ions, electrons and radicals, generated 

in the plasma, which interact with the film-growing surface. Besides Si containing ions 
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and radicals contributing directly to the TF Si growth, the a- to c-Si:H phase transition 

is mainly governed by the atomic hydrogen (H) interaction with the film-growing surface. 

In particular, the atomic hydrogen flux (ΓH, cm-2s-1) to Si growth precursor flux (Γgrowth, 

cm-2s-1) ratio is generally acknowledged as a critical parameter in the crystallization 

process. It basically represents a balance between film growth (by Si growth precursors) 

and etching effects (by H) which are directly correlated with the material properties. 

Therefore, ΓH has been determined, albeit indirectly, from the SiH* (414.3 nm) plasma 

emission intensity monitored through an Avantes optical emission spectrometer (OES, 

370-450 nm range, 0.5 nm resolution, 2000 ms integration time). The detailed procedure 

has been described previously by Dingemans et al.54,55. Essentially, the methodology is 

based on monitoring the variation in SiH* emission during a sequence of film deposition 

steps (each step existing of ~ 150 nm) at a specific alternated by a 1 minute H2 plasma 

etching step of the as-deposited film. By covering the full a- to c-Si:H phase transition, 

controlled by 𝛷𝑆𝑖𝐻4
, the etching behavior of TF Si by H has been monitored for every 

process condition. These process conditions have been chosen as described before, 

whereas during the H2 plasma etching step, no SiH4 gas has been introduced into the 

chamber, while keeping all other parameters constant. As such, the role of H etching 

during plasma processing has been mimicked. 

In order to detect the quantity of SiH* emission as a function of the substrate 

topography, the spectrometer was focused through lenses as close as possible to the 

substrate surface in order to eliminate bulk plasma contributions. The measurement 

sensitivity in SiH* emission originating from the bulk plasma and from the substrate 

surface has been verified by the increased intensity for the non-focused (bulk), compared 

to the focused (surface) configuration. Furthermore, both a flat and a randomly textured 

substrate have been studied as they represent the extreme cases in terms of topography 

and surface area. The sensitivity of the SiH* emission towards different surface 

topographies has also been verified by monitoring the emission throughout the phase 

transition region demonstrating a clear 𝛷𝑆𝑖𝐻4
dependence among the different substrates. 

To calculate ΓH, the emission spectrum has been background corrected, followed by 

a conversion of the emission intensity to an equivalent SiH4 etch flow rate (𝛷𝑆𝑖𝐻4,𝑒𝑡𝑐ℎ
, in 

sccm)54,55. The ΓH towards the film surface has been defined as, 

 𝛤𝐻 = (𝛷< / 𝐴𝑠𝑢𝑟𝑓𝑎𝑐𝑒) / 𝛾𝑒𝑡𝑐ℎ                                      (5.2) 
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with 𝛷<the etch product generation rate (sccm), defined as the SiH4 etch flow rate for 

highly-crystalline films (derived from the plateau region), etch the etch yield of H atoms 

impinging on the film (assumed constant ~ 0.01), and Asurface the considered surface area 

as exposed to the ΓH. 

5.3  Results and discussion 

5.3.1  Substrate-dependent a-Si:H and c-Si:H growth 

5.3.1.1  Substrate nature-dependent nucleation 

TF Si growth characteristics strongly depend on the substrate nature and topography. 

Therefore, a preliminary study has been performed by comparing the initial growth 

(< 100 nm) of a- and c-Si:H on flat glass (dielectric) and glass/AZO (semiconductor) 

substrates. By implementing sputter-deposited AZO, no intentional topography has been 

induced (negligible RMS roughness of ~ 2-3 nm, derived by AFM). The substrate nature 

and associated plasma-surface interactions are therefore expected to influence the initial 

TF Si growth. In order to verify their role, the evolution of Xc on both glass and AZO 

substrates has been compared (Figure 5.2a). 

The early nucleation onset on AZO indeed confirms the existence of a substrate nature-

dependence. Additionally, the evolution appears to be (deposition) condition-dependent, 

which allows to distinguish three regimes: regime 1, corresponding to SiH4 flow rates 

(𝛷𝑆𝑖𝐻4
) > 3.5 sccm, resulting in a-Si:H growth (Xc = 0%); regime 2 (2 sccm < 𝛷𝑆𝑖𝐻4

< 3.5 

sccm), and regime 3, with 𝛷𝑆𝑖𝐻4  < 2 sccm, exhibiting a strong microcrystalline character 

(Xc > 60%). It is only in regime 2 that a suppressed crystallization on glass is observed 

as compared to AZO substrates, characterized by a broader phase transition region. 

Regimes 1 and 3 do not show a difference in Xc for the two substrates. The observation 

of a higher nucleation probability in regime 2 on AZO, as compared to glass, is supported 

by a larger RMS roughness, a reduced so-called conglomerate size and an increased 

conglomerate density as observed from AFM (Figure 5.3). The term conglomerate has 

been introduced here to describe the thin-film microstructure. It represents either 

amorphous clusters or crystalline grains in respectively a-Si:H and c-Si:H thin-films. In 

search for the mechanism behind the substrate dependence, research in the field of poly-

crystalline (poly) Si14,18,19, regarding post-deposition anneal crystallization kinetics of a-

Si:H, is recalled here, since similar substrate-dependent observations have been reported. 

A lower activation energy barrier for nucleation as well as an improved pristine a-Si:H 
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microstructure leading to an early crystallization onset were observed for layers on AZO 

compared to glass or amorphous SiNx substrates21,22. Furthermore, enhanced growth 

radical diffusion was found to reduce the nano-sized void density of layers on AZO, 

altogether promoting the crystallization process. 

 

Figure 5.2: Dependence of microcrystalline silicon growth characteristics on substrate nature, i.e. 

presence or absence of AZO, as a function of silane flow rate. The dependence throughout the 

a- to c-Si:H phase transition is presented in terms of (a) crystalline volume fraction, and (b) 

microstructure parameter (R*). The different process regimes that have been defined are indicated. 

Dashed lines are a guide to the eye. 
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Figure 5.3: Atomic force microscopy images (5x5 m2) of microcrystalline silicon films deposited in the 

phase transition region at a silane flow rate of 2.6 sccm on (a) glass, and (b) glass/AZO substrates. 

In this work, in order to investigate the impact of the substrate on the microstructure 

evolution, both a- and c-Si:H thin-films have been characterized in terms of the 

microstructure parameter R* (Figure 5.2b) to discern between void -and vacancy-rich 

films56. For the AZO substrates, an improved microstructure, i.e. lower R* as compared 

to glass, has only been confirmed for the a-Si:H growth regime 1, since a vacancy-

dominated and therefore denser film has been obtained. When shifting towards regimes 

2 and 3, the incorporation of crystallites complicates the evaluation of R*. Yet, it can be 

observed that the presence of crystallites is accompanied by a gradual increase in R*, 

indicating a vacancy- to- void-rich transition. This was supported by a detailed SM 

analysis (Figure 5.4). Specifically, the ELSM and MSM (representing multi-vacancies) are 

strongly related to the appearance of crystallites with the highest MSM and ELSM 

intensities occurring at Xc ~ 55-65% and ~ 65-80%, respectively. Furthermore, they are 

closely related to the Xc evolution which also agrees with our earlier study47, under low 

power-low pressure conditions, therefore confirming the general validity of the SM 

analysis. The negligible differences in both Xc and R* for regime 3 (Xc > 60%) can be 

attributed to a suppressed (down to a few nm) incubation layer thickness, the latter being 

typical for c-Si:H growth. On the basis of above considerations, one can conclude that, 

as in the case of poly-Si, the enhanced microstructure (low R*) on AZO promotes an 

earlier onset of crystallization. Additionally, the crystallization has been found to be 

plasma process-condition dependent, thereby pointing out the importance of the 

interplay between the plasma and the substrate chemistry34,44,45. 
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Figure 5.4: Extreme low (a) and medium (b) stretching mode (ELSM and MSM, respectively) 

contribution as a function of silane flow rate for the a- to c-Si:H phase transition. Data is given for the 

case of glass and AZO substrate chemistry. Dashed lines are a guide to the eye. 

To further support the importance of the substrate chemistry in the crystallization 

process, contact angle measurements of glass and AZO substrates, prior to Si TF growth, 

have been performed in air. Here, the contact angle is used as indicator of crystallite 

nucleation effects. A strongly enhanced contact angle, i.e. reduced surface free energy, 

was found for AZO, being indicative of a more hydrophobic surface nature. According 

to the classical nucleation theory58, this hydrophobic character can lead to a higher nuclei 

density in the initial growth stage. This is in agreement with our AFM measurements as 

shown in Figure 5.3. Whether the hydrophobic nature alone promotes nucleation, or 

whether other surface chemistry factors assist in the early nucleation onset on AZO, 

requires further investigations. For example, a transition from a hydrophobic into a 

hydrophilic state59,60, or a chemical reduction of the AZO layer by H in-diffusion61 are 

possible upon the presence of a plasma, which acts as a source of UV photons, radicals, 

ions and electrons62.  

Despite the preliminary character of these observations, it can be concluded that the 

substrate chemistry plays a critical role in the nucleation of c-Si:H. 
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5.3.1.2  Nano-imprint induced topography dependent nucleation 

The initial c-Si:H growth dependence on the substrate nature has been confirmed and 

discussed, however, up to now in the absence of surface topography. In this section the 

role of topography in the initial c-Si:H growth stage is discussed in detail for the NIL 

induced topographies. In order to develop an understanding of the c-Si:H nucleation on 

nano-imprint topographies, the impact of topography on both Xc and R* has been 

explored. 

            

Figure 5.5: Dependence of microcrystalline silicon growth characteristics on substrate topography going 

from as-deposited AZO roughness (flat) to NIL induced roughness (periodic or random), as a function 

of silane flow rate; development of (a) crystalline volume fraction, and (b) microstructure parameter (R*) 

for the a- to c-Si:H phase transition. The different process regimes that have been defined are indicated. 

Dashed lines are a guide to the eye. 

In Figure 5.5a the effect of topography on Xc has been illustrated for 2 periodic (cups 

and pyramids) and 1 randomly textured substrate (Table 5.1) with respect to a flat 

reference. Upon an increase in RMS roughness (flat < pyramids < cups < random), a 

broadening of the a- to c-Si:H phase transition, as well as an absolute decrease in Xc up 

to 20% has been found for the various NIL substrates. Similar reductions in Xc have 
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recently been reported by Kim et al.42 and Python et al.24,38, who furthermore reported on 

variations in nucleation density, geometrical effects and the impact of combined plasma 

treatments. However, in both cases only random topographies have been considered. 

Furthermore, the Xc development (Figure 5.5a) throughout the a- to- c-Si:H transition 

appears to be topography-independent, i.e. a similar dependence of Xc on the SiH4 flow 

rate can be observed for all substrates. The enhancement of Xc, in particular at the onset 

of nucleation (when going from 𝛷𝑆𝑖𝐻4
= 4 sccm to 𝛷𝑆𝑖𝐻4

= 2 sccm), has been partially 

ascribed to a reduced growth flux15,24. The latter is a direct consequence of the surface 

area enhancement associated with an increasing RMS roughness: a flat AZO reference 

corresponds to a surface area enhancement factor of 1. This factor increases to 

1.5±0.3 (cups), 1.8±0.4 (pyramids) and 4.7±0.9 (random), as derived by a geometrical 

approximation of the NIL-defined surface features. Furthermore, additional contact 

angle measurements (not shown here) revealed that a random topography results in a 

~ 20° higher contact angle than a flat substrate (prior to any plasma exposure step which 

might alter the surface chemistry/energy)60. Despite this difference on the macroscopic 

scale, it does, however, not directly imply a difference in surface energy on the 

microscopic scale63. The diffusion of growth radicals is therefore expected to be directly 

driven by the surface topography and not by a topography induced surface energy 

variation. Additionally, growth radical diffusion has been reported to favor the 

occupation of valleys, by preferential saturation of dangling bonds, over sticking to the 

top or edges of surface features64. This allows us to conclude that strong topographies 

generally would lead to a-Si:H-rich valleys as surface migration out of these valleys is 

unlikely. The overall reduced surface diffusion associated with enhanced surface 

topographies therefore results in lateral non-uniformities in the growth process. This has 

been confirmed by cross-sectional TEM analysis (Figure 5.6), when comparing flat and 

randomly textured substrates in the phase transition region (at 2.6 sccm).  
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Figure 5.6: Cross-sectional bright-field transmission electron microscopy images on samples prepared 

by means of focused ion beam lift-out. The dependence of the microcrystalline silicon growth 

characteristics (at a silane flow rate of 2.6 sccm) on the substrate topography in the phase transition region 

has been compared for the flat, as-deposited AZO substrate and the NIL induced randomly textured 

substrate. Images are provided for (a) flat glass/AZO substrate, (b) NIL induced randomly textured 

glass/AZO substrate, and (c) NIL induced randomly textured glass/AZO substrate with additional 

p-type a-Si:H layer. Magnified images are included to clarify the presence of the crystallites. 

Already in the initial growth phase an increased incubation layer thickness from 

~ 12 nm on flat (Figure 5.6a) to ~ 20 nm on random (without p-layer) substrates (Figure 

5.6b) is observed. The reduced Xc with increasing topography has therefore been directly 

associated to a delayed nucleation. Basically, the nucleation delay is a direct consequence 

of the due to topography reduced surface diffusion. At its turn, it implies a poor a-Si:H 

microstructure development. As such, the incubation layer, and particularly its 

microstructure, needs to evolve first until crystallization becomes favorable.  

In addition to the topographical impact on nucleation kinetics, a changing surface 

chemistry can further alter the incubation layer thickness and subsequent crystallization, 

even in the presence of strong topographies. To illustrate this surface chemistry effect, 

the presence of an a-Si:H p-layer on a substrate with random topography has been 

evaluated by TEM in Figure 5.6c. A reduced incubation layer thickness of ~ 8 nm 

compared to the random topography without p-layer (~ 20 nm) has been demonstrated. 

This latter observation could be attributed to surface oxidation (SiOx formation) of the 

p-layer (visual from the bright line in the inset in Figure 5.6c) from which it is known to 

enhance the nucleation process compared to AZO15. Therefore, even in the presence of 

strong topographies, it is the surface chemistry which can further influence the 

crystallization process. Despite this difference, no evidence of a linear nuclei density 

variation (constant at about 13-15 nuclei per m) could be found. The main difference 
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consists of a more uniform crystallite distribution on flat surface areas, whereas inside 

valleys no or only few crystallites developed as discussed before. 

Additional analysis of the topographical impact on the crystallization has been 

performed by evaluating the layer microstructure. Since a well-controlled Xc is desirable, 

as best solar cell performances relate with Xc ~ 60-70%, an optimum R* has to be 

achieved as well. In Figure 5.5b the R* evolution has been reported throughout the phase 

transition region illustrating a strong condition-dependence. Basically, the R* trend can 

be separated into 3 regimes. For regime 1 (high 𝛷𝑆𝑖𝐻4
> 3.5 sccm), resulting in amorphous 

growth, a wide microstructure variation is present as function of the topography with the 

smoother substrate possessing the lowest R* (decrease from 0.45 to 0.22), representative 

of a reduced void content and, therefore, enhanced film density. An R* < 0.2 is defined 

as “good”, which also points out the optimization required upon the introduction of 

surface topographies. The increasing R*, as observed for the NIL substrates, is associated 

with the limited surface diffusion and preferential adsorption of growth radicals into 

valleys, as indicated earlier. The result is a porous, low quality material which also explains 

the thicker incubation layer required prior to crystallite nucleation. The use of NIL 

topography therefore points towards the requirement of absorber layer optimization. 

Besides the impact of topography on a-Si:H layer morphology, strong variations in 

morphology have also been demonstrated for highly crystalline films in regime 3, i.e. low 

𝛷𝑆𝑖𝐻4
 (< 2 sccm). In this case, an opposite R* trend has been found compared to the 

amorphous regime. The introduction of voids became more relevant for highly Xc films 

with the smoothest topography. This can be attributed to the developing crystalline grains 

which have been growing in size and increasing in density upon surface smoothening. 

The increasing crystallinity, associated with reduced topographies and therefore reduced 

incubation layer thicknesses, gives rise to a void-rich material as the a-Si:H density 

surrounding the grains is reduced, subsequently suppressing its passivation quality. For 

the strong topographies, the initial a-Si:H growth in regime 3 is not differing too much 

from that in regime 1. Therefore, its microstructure is less affected by the crystallite 

development resulting in a lower R* on enhanced topographies. Finally, regime 2, being 

of main interest due to the occurring phase transition, is analyzed. Although Xc varied 

considerably throughout the a- to- c-Si:H phase transition, up to 20% for c-Si:H growth 

conditions upon increased topography, and even going from c- to- a-Si:H growth upon 

varying process conditions, the R* evolution experienced a limited topography 

dependence. Therefore, the presence of NIL topography has not been considered as 

detrimental for the microstructure development itself. However, it did affect the 
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incubation layer thickness and consequently resulted in a broad Xc window throughout 

the phase transition region. These conclusions therefore point out that nano-imprinted 

topographies can be chosen based on their light trapping potential, whereas Xc and R* 

can be independently controlled by the process.  

However, TF Si growth properties are not only governed by physical parameters, e.g. 

surface diffusion, as discussed up to now. Instead the material properties are also directly 

influenced by the plasma-surface interactions, i.e. ions and H reaching the substrate. 

Therefore, in the next section our results can be further analyzed and discussed in terms 

of plasma-surface interaction properties such as Ei, ion and . 

5.3.2  Plasma-surface interactions with non-flat substrates 

5.3.2.1  The role of ion flux and energy 

Under high power-high pressure conditions as applied in-here, plasma parameters like 

ion and Ei deserve careful analysis, in particular when concerning non-flat substrates. 

Since the high power-high pressure regime is associated with a high plasma collision 

density, no detrimental ion bombardment effect is expected. However,  as reported in 

our earlier works47,57, already a minimal change in ion/growth ratio (i.e. from ~ 0.3 to 

~ 0.6) is sufficient to induce the crystallization process. Additionally, the Ei transfer to 

the surface has been found to be limited to < 12 eV per deposited Si atom, such that only 

a thermal spike can enhance locally the surface diffusion57. Note however that these 

results concern flat surfaces. 

By including the role of ions in the NIL topography discussion, the microstructure 

evolution can be further explained as follows. The NIL induced topography not only 

limits the surface diffusion and growth to some extent, but it also reduces the overall effect 

of plasma-surface interactions. Taking into account the surface area enhancement factor†, 

both ion and growth will be reduced considerably. On one hand, the exposed surface area 

has been increased up to a factor of ~ 1.5-5 (from periodic to random topography), 

therefore simultaneously reducing ion with the same factor. On the other hand, the 

reduction in growth can go up to a factor of ~ 1.5-1.7 for random topographies24, and 

will decrease for smoother, periodic topographies. Consequently, both ion and growth 

                                                                 
† The surface area enhancement factor describes the increase in surface area, within the presence of topography, 
compared to a flat reference. In-here, either a periodic or random topography has been considered. The shape of 
surface features has been approximated by simple geometry, e.g. by considering them as cones or pyramids. This 
resulted in surface area enhancement factors of 1.5±0.3 (cups), 1.8±0.4 (pyramids) and 4.7±0.9 (random). 
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are expected to be reduced in the presence of strong topographies, with a maximum 

reduction in the ion/growth ratio up to a factor of ~ 3. Due to this reduction, a 

suppression of c-Si:H growth can be expected as soon as the surface area is increased, 

e.g. by nanostructured substrates. Here, random and flat topographies have been 

considered as the extreme cases. The lowest and highest Xc can therefore be expected on 

random and flat topographies, respectively. Periodic topographies can be considered as 

intermediate cases, based on the estimated surface area enhancement factor. The 

ion/growth ratio will therefore be in-between those for the random and flat topography. 

This, indeed, corresponds with our findings in terms of Xc which shows a gradual 

decrease when transiting from flat to random topographies. Furthermore, the limited Ei 

transfer associated with the high power-high pressure regime, combined with the reduced 

ion/growth ratio has led to an even lower surface energy transfer. Since a larger Ei transfer 

is required throughout the phase transition, the reduced density of low energy ions 

suppresses the crystallization process or, in other words, favors a-Si:H growth. The 

introduction of a surface topography therefore evokes an even less prominent role of 

ions which is directly reflected by Xc. 

5.3.2.2  The atomic hydrogen flux: smooth vs. rough surfaces 

A last aspect that is critical in c-Si:H growth and which has not been addressed yet is 

the role of H which generally drives the growth and crystallization process as its 

contribution can exceed that of ions up to two orders of magnitude47. Therefore, next to 

the role of ions which demonstrated a tendency towards suppressed c-Si:H growth, the 

interaction of H during TF Si growth has been examined in relation with the 

microstructure characterization. The approach developed by Dingemans et al.55, which 

provides insight into H based on the monitored SiH* emission intensity, has been 

applied. Furthermore, 𝛷𝑆𝑖𝐻4,𝑒𝑡𝑐ℎ
 has been defined throughout the phase transition region. 

The results of 𝛷𝑆𝑖𝐻4,𝑒𝑡𝑐ℎ
 have been shown in Figure 5.7 for both flat and randomly 

textured substrates as they represent the most extreme topographies.  
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Figure 5.7: Etch flow rate (sccm) for the a- to c-Si:H phase transition obtained by H2 plasma exposure 

following the deposition of Si thin-films under various silane flow rate dependent conditions. Flat and 

randomly textured substrates are compared to investigate the etching effect. 

First, the larger input power compared to literature resulted in a higher 𝛷𝑆𝑖𝐻4,𝑒𝑡𝑐ℎ
 due 

to a larger dissociation rate of H2 and increasing electron density55. Second, by comparing 

flat and random substrates, the nucleation onset has not been found to be very different. 

Instead, it has been in agreement with the evolution of Xc. More importantly, no 

significant difference in H-induced etching has been observed among the substrates over 

the full range studied. However, the SiH* intensities did reveal differences between flat 

and random topography for low 𝛷𝑆𝑖𝐻4
 (microcrystalline growth), whereas towards higher 

𝛷𝑆𝑖𝐻4
 (a-Si:H growth) these differences became negligible. The latter points out that a 

substrate-dependent etching effect exists that vanishes towards a-Si:H growth conditions 

despite the large difference in surface area. In other words, the etching effect is reduced 

when considering stronger topography compared to a flat reference, most likely due to a 

selective etching effect. Additionally, as a function of 𝛷𝑆𝑖𝐻4
, an enforced etching effect 

for a-Si:H compared to c-Si:H growth conditions has been found, as expected from the 

H etching models. Under c-Si:H growth conditions a tendency towards lower 𝛷𝑆𝑖𝐻4,𝑒𝑡𝑐ℎ
 

has been observed therefore. Consequently, a similar etch flow rate, 𝛷<, (derived from 

the plateau region at low 𝛷𝑆𝑖𝐻4
) has been assumed for both substrates. Applying this in 

Equation 5.2, combined with the surface area enhancement factor of 4.7 for the random 

substrate, leads us to conclude that this surface area enhancement primarily affects H. 

Quantitatively, the substrate areas were respectively 2 cm2 (flat) and 9.4 cm2 (random), 

resulting in H values of 3.1·1019 cm-2s-1 and 3.3·1018 cm-2s-1, respectively, when assuming 

𝛷<= 1.4sccm and etch = 0.01. The assumption on 𝛷<could slightly deviate between 
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the 2 samples, however, its influence would remain limited compared to the surface area 

enhancement factor. Upon the use of strong topographies, i.e. large surface areas, H can 

therefore be reduced up to a factor of ~ 10 and consequently reducing the /growth 

ratio up to a factor of ~ 6. This decrease is much stronger than the decrease in the 

ion/growth ratio, and furthermore it exceeds the ion/growth ratio by two orders of 

magnitude, therefore leading to a suppression of the crystal development. In the case of 

the periodic topographies, the surface area enhancement factor is reduced considerably 

to ~ 1.5-2, leading to a slightly larger H in the intermediate regime. Therefore, the 

difference in Xc has been reduced considerably and falls in between the extreme cases of 

flat and randomly textured substrates. Overall, by correlating the plasma-surface 

interactions with the material properties, the reduced Xc obtained at NIL substrates has 

been attributed to a combination of a reduced growth, a reduced ion and Ei, and a reduced 

H, altogether suggesting a suppression of the crystallization process as observed in-here.  

5.4  Conclusions 

The initial growth of c-Si:H has been analyzed through Raman spectroscopy in terms 

of Xc and R*. A strong, condition-dependent impact of substrate nature and topography 

has been demonstrated. In particular, the presence of AZO has been found to promote 

crystallite nucleation compared to glass. This early nucleation onset has been attributed 

to a microstructure enhancement, i.e. a densification of the initial a-Si:H layer, similarly 

to work devoted to poly-Si development. Furthermore, the importance of the surface 

chemistry has been supported by AFM analysis indicating a larger grain density on AZO. 

Complementary, contact angle measurements suggested a reduced surface free energy on 

AZO substrates as compared to glass, which according to classical nucleation theory can 

enhance the crystallization. Since the nucleation has also been found to be plasma 

deposition condition-dependent, the interplay between the plasma process and the 

substrate chemistry has been proposed as the growth determining factor in c-Si:H 

development. 

Regarding substrates with NIL induced topographies, a reduced Xc has been obtained 

under c-Si:H growth conditions upon a surface topography enhancement, i.e. increasing 

surface area. Throughout the phase transition region, the R* evolution experienced a 

strong plasma deposition condition-dependence. However, when focused on c-Si:H 

growth conditions, its variation was limited despite a strongly reduced absolute Xc of 

~ 20% among the various topographies. This demonstrated the relatively low importance 
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of R*, enabling topographical optimization based on light-trapping ability, whereas the 

microstructure and Xc can be independently controlled. The suppressed crystallization 

kinetics has been attributed to a reduced growth flux and limited growth radical surface 

diffusion. Together with preferential adsorption of growth radicals in valleys, this resulted 

in an a-Si:H dominated growth. Only upon incubation layer development the onset for 

crystallization occurs. Since TF Si growth is directly influenced by the plasma deposition 

conditions, the impact of topography on the plasma-surface interactions has been 

considered as an alternative point of view to explain the suppressed crystallization 

kinetics. Upon enhanced surface areas, associated with the NIL substrates, not only the 

ion/growth ratio has been reduced up to a factor of ~ 3 for the (strongest) random 

topography, also the Ei transferred to the surface has been reduced. Both parameters 

however experience particular threshold values which need to be exceeded in order to 

enable crystallization. Furthermore, H, being critical in c-Si:H growth, and its ratio H 

/growth dominating over the ion/growth ratio, was studied for the flat and random 

topography. In absence of any 𝛷< variations (~ 1.4 sccm), it has been concluded that H 

is directly governed by the surface area enhancement upon the presence of topography. 

Consequently, an absolute reduction of H interacting with the surface has been derived, 

resulting in a reduction of the /growth ratio up to a factor of ~ 6. Since a stronger 

involvement of H in c-Si:H than a-Si:H growth is required, the reduction of the 

/growth ratio points out a suppressed crystallization process to be expected. 

In conclusion, next to a reduced growth precursor flux and a limited surface diffusion 

effect associated with a stronger surface topography, a globally reduced effect of the 

plasma-surface interactions has been acknowledged as the main cause of suppressed 

c-Si:H growth kinetics. 
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CHAPTER 6 

Microstructural properties and surface 
passivation quality of ultrathin silicon 
oxides for poly-Si/SiOx/c-Si passivating 
contacts* 

Abstract 

Carrier transport-selective passivating contacts, particularly those combining P- or B- doped 

polycrystalline silicon and ultrathin silicon oxides, have recently proven to lead to highly efficient 

crystalline silicon solar cells. These contacts rely on the field-effect passivation and carrier transport 

selectivity provided by the doped poly-Si, whereas the ultrathin oxide enables current transport, acts as a 

dopant diffusion barrier, and provides chemical passivation. Despite the development of solar cells with 

conversion efficiencies exceeding 25%, the influence of the chemical and microstructural composition of 

the oxide layer on the surface passivation quality has not been thoroughly investigated. These 

considerations motivate the present work, where ultrathin oxides, grown by two wet-chemical oxidation 

methods, i.e. nitric acid oxidation and deionized water oxidation, are compared with each other. It is 

concluded that the chemical composition and passivation properties of the oxide strongly depend on the 

oxidation method and time. Over time deionized water grown oxides are characterized by a higher Si 

oxidation state composition, whereas in nitric acid grown oxides a mixture of lower and higher Si 

oxidation states is observed. At the same time, X-ray photoelectron spectroscopy measurements point 

out to less counts for the Si 2p (in the range 102-104 eV) as well as of the O 1s oxidation state, when 

analyzing the deionized water grown oxide with respect to the nitric acid grown oxide of similar thickness. 

This suggests the presence of a more open, vacancy-rich microstructure for the former oxide. In addition, 

the crystalline silicon surface passivation is found to be markedly better for deionized water grown oxides 

when compared to nitric acid grown oxides, a difference that becomes even more evident when the 

oxides are capped with a hydrogen-rich amorphous silicon layer. This observation demonstrates that the 

chemical passivation quality is strongly dependent on the chemical and microstructural composition of 

the oxide, as well as its ability to facilitate (atomic) hydrogen diffusion towards the c-Si interface. This 

investigation demonstrates the importance of gaining further insights into the properties of ultrathin 

silicon oxide layers, particularly with respect to their implementation in passivating contacts for crystalline 

silicon solar cells. 

                                                           
*Contributing authors: J. Palmans, J. Melskens, S. Karwal, W.M.M. Kessels and M. Creatore 
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6.1  Introduction 

In the development of high-efficiency solar cells, both novel and “rediscovered” 

concepts, benefitting from recent technological insights, contribute to improvement in 

cell designs for example employing full-area contacts. A recent development which has 

gained considerable interest in the field of crystalline silicon (c-Si) solar cells is based on 

carrier transport-selective passivating contacts1. A well-known example is the 

heterojunction solar cell, employing a-Si:H passivation layers2. In addition, two other 

concepts have been demonstrated in recent years, both relying on the combination of an 

ultrathin dielectric, typically silicon oxide (SiOx), and a doped polycrystalline silicon 

(poly-Si) layer. The first concept relates to lightly diffused junction solar cells3,4 employing 

a metal-insulator-semiconductor contact. Since an efficiency value of 21% is reported, 

further efforts are still required4. The second concept, recently referred to as tunnel oxide 

passivating contact (TOPCon)5–9 or polysilicon on oxide (POLO)10,11, has proven its 

potential with  solar cell conversion efficiencies > 25%12–14. First demonstrations of these 

concepts already date back to the 1980s when so-called semi-insulating poly-crystalline 

silicon (SIPOS) technologies15–17 were applied in bipolar transistors due to their good 

passivation quality. Its applicability to solar cells was demonstrated shortly after by 

Yablonovich et al.18 who achieved open-circuit voltages of 720 mV and suggested a 

potential conversion efficiency of 24%.  

In recent years, passivating contact based solar cells have been developed further, 

thereby mainly focusing on the optimization of the doped poly-Si thin film8,9,19,20. As a 

result, both low contact resistivity and excellent field-effect passivation, i.e. inducing 

charge carrier selectivity, have been obtained which has translated into promising solar 

cell conversion efficiencies in research environments. The ultrathin oxide layer has 

however not been so widely explored in the framework of ultrathin oxide passivating 

contact based solar cells. Three major aspects can generally be distinguished in this 

respect. The first one concerns with the charge carrier transport mechanism. Charge 

carrier selective, direct or trap-assisted tunneling for ultrathin oxide thicknesses below 

~ 2.5 nm21–23 and/or transport through (intentionally high temperature-induced) oxide 

pinholes24–26 have been proposed as potential current paths. The second aspect relates to 

the dopant diffusion barrier performance which can potentially block minority carrier 

transport9. The third major aspect is associated with the chemical passivation of c-Si 

surfaces, which depends on the oxidation method, oxidation time, and post-oxidation 

treatment27–29. 
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Although the charge carrier transport needs to be well controlled to fabricate a 

successful contact, there is in general no consensus on the exact role and requirements 

of the ultrathin oxide regarding above-mentioned aspects. In view of future 

developments in the field of passivating contacts - especially those based on ultrathin 

silicon oxides - further guidance is therefore needed. Since the passivating contact quality 

is determined by a poly-Si/SiOx/c-Si layer stack, this study aims at gaining a deeper 

understanding of the relation between the ultrathin oxide’s chemical passivation quality 

and its material properties. The impact on a poly-Si/SiOx stack will be evaluated 

separately in Chapter 7. 

Throughout the years, investigations of oxidation processes on c-Si have shown that 

the c-Si/SiOx (interface) properties strongly depend on the oxidation method. 

Characterizing the oxide (interface) properties is thus critical in assessing the (chemical) 

passivation quality being one of the major aspects in the poly-Si/SiOx -based passivating 

contacts. The interface defect density (Dit) is typically used to evaluate the oxidation 

method dependent (chemical) passivation quality, and can vary from ~ 1010 to 

~ 1013 cm-2eV-1, with the lowest Dit representing the best interface quality28. Thermal 

oxidation22,27 generally leads to good passivation, i.e. a reduced interface defect density, 

but it requires relatively thick layers and often involves high-temperature process steps 

which might limit the choice of materials used in solar cells. For ultrathin oxide growth, 

this method becomes unsuitable as the initial stages of oxidation lead to a high interface 

defect density. Alternatively, plasma oxidation27,29,30 also shows limited potential as it is 

strongly reactor-dependent. Moreover, it often results in poor chemical passivation 

quality, which has been ascribed to ion bombardment and plasma radiation effects. Wet-

chemical oxidation on the contrary, e.g. by means of nitric acid (HNO3)28,29,31,32 or 

deionized water28,33, and ozone-based (O3) oxidation processes28,34, proceeds via low-

temperature processes which potentially provide a low interface defect density for 

ultrathin oxide layers, therefore making them promising candidates for implementation 

into passivating contacts. The excellent passivating contact based solar cells that have 

been recently reported5,6, successfully employ a nitric acid oxidation process. They do 

however face limitations in terms of thermal stability during subsequent poly-Si 

development34. Alternatively, an O3 -based oxidation process34 has been proposed to 

mitigate this aspect, resulting into an improved passivating contact quality. The enhanced 

thermal stability has been attributed to the oxide stoichiometry, i.e. the presence of mainly 

higher Si oxidation states, and a larger oxide mass density, i.e. a more closed 

microstructure which is rich in oxygen, as well as a reduced charge carrier trap state 
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density. From a passivating contact point of view, the need for a dense (i.e. closed), 

stoichiometric oxide microstructure has recently been demonstrated not to be a stringent 

criterion, as good passivating contact performance has been achieved with ultrathin 

oxides containing (annealing-induced) pinholes11,25. Deionized water oxidation (DIW 

oxide), which has a potentially lower interface defect density than nitric acid oxidation 

(NAOS oxide)28, has not been explored yet in this context, although it has been shown 

to improve the passivation quality in the heterojunction solar cell concept employing 

a-Si:H35. Altogether, this suggests that the interface quality can vary considerably among 

oxidation methods and that the passivating contact quality likely depends on the 

structural composition of the oxide. The goal of this work is therefore to investigate the 

correlation between ultrathin oxide properties and the chemical passivation quality in 

order to obtain a better view on the oxide’s requirements. 

The oxide material properties and chemical passivation quality are studied by 

comparing two wet-chemical oxidation methods: (room-temperature) nitric acid 

oxidation and deionized water oxidation (at 80 °C). A comparison of both NAOS oxide 

and DIW oxide growth properties is presented in terms of their thickness development, 

structural properties based on the presence of Si oxidation states, and potential towards 

c-Si surface passivation. To evaluate the impact of the SiOx microstructural properties on 

the chemical passivation quality, both SiOx layers with and without H-rich a-Si:H capping 

layer are investigated. The material a-Si:H is chosen as a capping layer since it is widely 

known to be an excellent surface passivation layer for c-Si in heterojunction solar cells2. 

Thickness, structural composition, surface wettability, and surface passivation quality of 

the oxides are compared by means of Spectroscopic Ellipsometry (SE), X-ray 

Photoelectron Spectroscopy (XPS), contact angle, and Quasi-Steady State 

Photoconductance (QSSPC) measurements. As such, the influence of the ultrathin 

oxide’s microstructural properties on the c-Si surface passivation quality is systematically 

analyzed in view of their implementation into passivating contacts. 

6.2  Experimental 

6.2.1  Sample preparation 

The cleaning, oxidation, and further processing of c-Si samples was performed 

according to the process flow described below and resulted in a test structure as 

schematically shown in Figure 6.1. Planar, n-type, FZ silicon (100) wafers were used with 

a wafer thickness of 280 m and a resistivity of 1-5 ·cm. First, wafers were immersed 
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in hydrofluoric acid (HF, 1%) aqueous solution for one minute, followed by rinsing in 

ultrapure deionized water with a resistivity of 18 M·cm. The oxidation process was 

initiated sequentially by immersing the c-Si in one of the two wet-chemical solutions, i.e. 

nitric acid or deionized water. For lifetime measurements, symmetrical samples were 

prepared. Details of the oxidation methods are listed accordingly: 

 Oxidation in nitric acid (HNO3, 65 wt-%), referred to as nitric acid oxidation 

of silicon (NAOS), at room temperature (25 °C) with exposure times varying 

from 5 seconds up to 1 hour. Corresponding thicknesses vary in the range of 

~ 1.0-1.5 nm. After oxidation, the process was terminated by rinsing in 

deionized water. 

 Oxidation in ultrapure deionized water, referred to as DIW, at an elevated 

temperature of 80 °C (hot-plate controlled) with exposure times varying from 

5 seconds up to 2 hours. Corresponding thicknesses varied in the range of 

~ 0.5-3.1 nm. 

 

Figure 6.1: Schematic representation of the investigated device structures which can be split into two 

types as employed in this work, i.e. symmetric c-Si/SiOx structures where the oxide growth conditions are 

varied, and symmetric c-Si/SiOx/a-Si:H structures with the purpose to evaluate the influence of the 

oxide’s structural properties on the H diffusion from a capping layer. 

Intrinsic a-Si:H capping layers of 12 nm thickness were deposited by plasma-enhanced 

chemical vapor deposition (PECVD) on a selected number of oxidized c-Si samples by 

employing a parallel plate capacitively coupled plasma (CCP) reactor. The reactor layout 

that was used for these depositions has been described elsewhere36. A hydrogen/silane 

(H2/SiH4) plasma was generated in between a powered bottom electrode with 

showerhead configuration and a grounded upper electrode acting as a substrate holder. 

An operating pressure of 14 mbar and an input power of 0.25 W/cm2 provided by a radio 

frequency (RF, 13.56 MHz) power source, coupled to the bottom electrode via a manually 

controlled L-network type matching unit, were applied. The inter-electrode distance was 

kept constant at 1 cm whereas the substrate temperature was maintained at 200 °C during 
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processing. H2 with a flow rate 𝛷 = 360 sccm and SiH4 with a flow rate 𝛷 = 5.5 sccm 

were both injected through the showerhead electrode as process gases. The applied 

process conditions are known as high power-high pressure conditions and they have been 

applied as such in thin-film silicon solar cells37. The a-Si:H process conditions were tested 

towards their application as surface passivation layers in c-Si solar cells without the 

ultrathin oxide interlayer. Since the base process for a-Si:H growth (~ 12 nm) 

demonstrated c-Si surface passivation with lifetimes (at injection level of 1·1015 cm-3) of 

0.5-1.0 ms in the as-deposited state and up to 1-2 ms after annealing, while exhibiting a 

relatively high atomic hydrogen concentration of 20 %, it was applied as a capping layer 

in this study without further optimization in terms of minority carrier lifetime. The a-Si:H 

material properties make it a useful probe to study the influence of the oxide interlayer’s 

structural properties on the c-Si surface passivation. 

In order to activate the surface passivation of the a-Si:H capping layer, a rapid thermal 

anneal (RTA, Jipelec) was performed following the a-Si:H deposition. In this work, the 

RTA was operated in a nitrogen (N2) atmosphere at 300 °C for 5 minutes, as these 

conditions were optimized for stacks containing the NAOS interlayer. 

6.2.2  Sample characterization 

Variable angle spectroscopic ellipsometry38 (SE) measurements were performed by 

using a J.A. Woollam Co. Inc. M-2000D spectrometer with an XLS-100 light source 

(1.2-6.5 eV) to determine the oxide and a-Si:H layer thickness and optical parameters. A 

native oxide model was employed to determine the thickness of the oxides and to enable 

a qualitative comparison between the oxidation methods. After HF treatment and prior 

to oxidation, an apparent oxide thickness of ~ 0.5 nm was measured. Such a low 

thickness value is not always regarded as an effective oxide thickness, but is often referred 

to as surface micro-roughness instead. For simplicity, the term “oxide thickness” is 

applied throughout this work. The reduced reliability of the refractive index, generally 

derived from alternative models such as the Cauchy model, was eliminated by the use of 

the native oxide model for these ultrathin oxide layers. The a-Si:H capping layer was fitted 

with a Cody-Lorentz39 oscillator model in order to derive its thickness and optical 

properties. In case of c-Si/SiOx/a-Si:H stacks, the oxide thickness, measured prior to 

a-Si:H deposition, was included as a constant during fitting of the a-Si:H layer. For 

simplicity, no additional interfacial layers or surface roughness were considered. 

The oxide’s chemical composition was further analyzed through X-ray Photoelectron 

Spectroscopy (XPS)40 with a Thermo Fisher Scientific K-Alpha system using a 
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monochromatic Al K X-ray source (h1286.6 eV). The photo-electron take-off 

angle, defined as the angle between the detector and surface parallel directions, was fixed 

at 60°. Spectral analysis was performed after applying a Shirley background subtraction 

and a peak deconvolution employing a Gaussian-Lorentzian function in a least-square 

curve-fitting program (Thermo Scientific Avantage data system). Measurements of the Si 

2p and O 1s core level were performed for the various oxidation methods and times. The 

resolution of these measurements was 0.1 eV with a spot size of 400 m. All 

measurements were performed on freshly prepared samples to guarantee reproducible 

results. Since the XPS analysis was focused on the SiOx interlayer, its composition was 

analyzed by considering the different oxidation states (Si1+, Si2+, Si3+ and Si4+) of the Si 

2p orbital. The energy range between 106 and 96 eV was evaluated therefore. The c-Si 

substrate gave rise to a single peak composed of a doublet (Si 2p3/2 and Si 2p1/2) due to 

spin-orbit coupling and is present at the low energy side. When approaching 

stoichiometric SiOx, the peaks with the highest binding energy (Eb), i.e. higher Si 

oxidation states, become increasingly dominant. Peak fitting positions for the 

deconvoluted spectra are listed in Table 6.141,42.  

Table 6.1: Binding energies Eb of the deconvoluted Si 2p spectra related to the different oxidation states 

(Si1+, Si2+, Si3+, Si4+) of the Si 2p orbital are listed. Binding energies employed in this work are fitted with 

an accuracy of ~ 5%. 
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Wettability43 analysis was performed by means of water contact angle measurements 

(KSV Instruments) executed in air. The hydrophobic or hydrophilic nature of the surface, 

i.e. surface wettability, was identified for the described oxidation methods, thus providing 

a direct measure of the chemical surface termination. Data analysis was performed with 

the Attension Theta (KSV Instruments) software. 

The passivation quality of the SiOx and SiOx/a-Si:H stacks was evaluated from the 

injection-dependent minority carrier lifetime obtained through Sinton44 WCT-120 

Photoconductance decay measurements, executed in generalized mode. 
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6.3  Results and discussion 

6.3.1  Characterization of ultrathin, wet-chemical oxides 

Prior to investigating the chemical passivation quality and the role of atomic hydrogen, 

a better understanding of both oxidation processes is required. Therefore, we first focus 

on the oxide thickness evolution, chemical composition and surface energy. 

The impact of the oxidation time on the SiOx thickness is shown in Figure 6.2. Prior 

to oxidation and upon HF dipping, an apparent oxide thickness of ~ 0.5 nm was 

determined as starting point. A limited thickness variation leveling off at ~ 1-1.5 nm is 

observed for NAOS oxide upon increasing exposure times following a steep initial 

thickness increase. The DIW oxides undergo a more gradual evolution covering a 

thickness range of ~ 0.5-3 nm. It is expected that the difference in oxide thickness 

evolution between NAOS oxide growth and DIW oxide growth therefore leads to 

differences in ultrathin oxide properties28,45. 

 

Figure 6.2: Evolution of the oxide thickness over time on HF dipped crystalline silicon wafers for two 

different oxidation methods, i.e. nitric acid oxidation (a), and deionized water oxidation (b). Error bars 

(thickness ± 0.1 nm) are excluded for simplicity as they do not alter the general trend. 

XPS studies are carried out to characterize the chemical composition of the ultrathin 

oxides. The individual oxidation states in the Si 2p spectrum are provided in Figure 6.3a 

for NAOS oxide and Figure 6.3c for DIW oxide. The impact of the thickness evolution 

on the structural properties of the NAOS and DIW oxide is shown in Figure 6.3b and 

Figure 6.3d, respectively. Despite the limited thickness variations, these ultrathin oxides 

show a relative decrease in the sub-oxide content monitored by the lower Si1+ oxidation 

state, whereas an enhancement of higher Si oxidation states (Si2+, Si3+) is found for 

increasing oxide thicknesses. When comparing the XPS data of NAOS oxides with DIW 
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oxides of similar thickness (~ 1-1.5 nm), it can be observed that NAOS oxides remain 

sub-stoichiometric as characterized by a mixture of lower and higher Si oxidation states, 

whereas the DIW oxide microstructures are rich in higher Si oxidation states, mainly 

including the Si4+ oxidation state (Figure 6.3f and Table 6.2). However, the DIW oxides 

of similar thickness to NAOS oxides (~ 1.2 nm) are characterized by a lower number of 

counts for the Si 2p peak in the range of 102-104 eV (i.e. corresponding to the higher Si 

oxidation states) than the NAOS oxides (cfr. Figure 6.3a-d). This comparison, 

accompanied by the observation that also a smaller amount of O 1s counts is detected 

for the DIW oxide with respect to the NAOS oxide (Figure 6.3e), suggests a more open, 

vacancy-rich microstructure for the DIW oxide. When thinking in terms of passivating 

contacts, DIW oxides containing higher Si oxidation states could be beneficial for the 

chemical passivation of the c-Si surface, as sub-stoichiometric interfacial oxides have been 

shown to act as charge recombination centers and therefore contribute to the interface 

defect density28. The importance of the chemical composition has recently also been 

suggested by employing O3-based processes34 instead of nitric acid oxidation, although 

the importance of the open/closed microstructure (i.e. vacancy-rich or vacancy-poor) 

suggested above has not been investigated in detail. Altogether, these findings suggest 

that differences in performance can be expected when implementing these oxides in a 

passivating contact structure. 
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Figure 6.3: X-ray photoelectron spectroscopy measurements of ultrathin oxides showing (a) a 

deconvoluted nitric acid oxidized silicon (NAOS oxide) measurement spectrum showing the metallic 

silicon contribution (Si1/2, Si3/2) and the various Si oxidation states (Si1+, Si2+, Si3+ and Si4+), (b) the 

evolution of nitric acid oxide spectra with increasing thickness after normalization to the silicon 

(oxidation state 0)  peak intensity, (c) a deconvoluted deionized water oxidized silicon (DIW oxide) 

measurement spectrum showing the metallic silicon contribution (Si1/2, Si3/2) and the various Si oxidation 

states (Si1+, Si2+, Si3+ and Si4+), (d) the evolution of deionized water oxide spectra with increasing thickness 

after normalization to the silicon (oxidation state 0) peak intensity, (e) the O 1s peak for both NAOS 

oxide and DIW oxide with a thickness of ~ 1.2 ± 0.1 nm, and (f) the ratio of the Si4+ oxidation state to 

the total oxidation state intensity for NAOS oxide and DIW oxide as an indicator of the oxide chemical 

composition. 
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With microstructural differences being expected for NAOS and DIW oxides, the 

surface chemistry is evaluated by means of wettability measurements. As reference, an 

HF dipped c-Si wafer is also analyzed. After HF dipping, the c-Si surface becomes 

hydrophobic as a consequence of native oxide removal and the subsequent formation of 

a H-terminated surface. Such surface is characterized by a large water contact angle ~ 80°, 

as shown in Figure 6.4. After oxidation of the c-Si surface, the wettability analysis points 

towards a more hydrophilic surface termination (Figure 6.4 and Table 6.2). Specifically 

for the NAOS oxide a strong decrease in the water contact angle is observed due to the 

oxidation which continues upon extended exposure. In the case of DIW oxide, a 

considerably smaller reduction in the water contact angle value is measured for the 

studied oxidation times. This indicates that the DIW oxide surface remains more 

hydrophobic compared to the NAOS oxide which approaches a hydrophilic surface 

nature. As layer-by-layer oxide growth is suggested for DIW oxides46, it is argued that the 

DIW oxide develops such that a significant amount of H-terminated surface sites remain 

during the oxidation process, resulting in a more hydrophobic surface nature, whereas 

NAOS oxides are characterized by a larger amount of OH-terminated surface sites. This 

result supports the suggestion that the DIW oxide has a more open, vacancy-rich 

microstructure than the NAOS oxide, despite the abundance of higher Si oxidation states 

upon extended oxidation times. 

 

Figure 6.4: Overview of the surface wettability of c-Si by comparing the water contact angles after 

treatments by (from left to right): HF, nitric acid oxidation (1 and 10 minutes), and deionized water 

oxidation (1 and 10 minutes). Respective thicknesses (± 0.1 nm) are indicated for comparison. 
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6.3.2  Chemical passivation quality of ultrathin, wet-chemical  
oxides 

Next, the influence of the oxide’s microstructure on the chemical passivation quality 

is evaluated. The thickness-dependent evolution of the minority carrier lifetime is shown 

in Figure 6.5 and Table 6.2 for both oxides. For NAOS oxide (Figure 6.5a), a slightly 

reduced chemical passivation effect is found with increasing thickness, although overall 

the minority carrier lifetimes barely exceed 3 s. The poor passivation quality can be 

attributed to a high interface defect density and micro-roughness due to a fast oxidation 

process. Oxidation in deionized water, considered as a slower layer-by-layer oxidation 

process, results in better lifetime performance, as is shown in Figure 6.5b, particularly for 

short oxidation times with initial lifetimes of ~ 150 s. However, upon continued 

deionized water oxidation towards a thickness exceeding ~ 1 nm, a steep reduction in 

minority carrier lifetime occurs, which levels off for increasing thickness. The reduced 

minority carrier lifetime with oxidation time is not fully understood. A possible 

explanation is the restructuring of the c-Si interface being initially H-terminated, but 

gradually changing upon oxidation due to exchange reactions of H bonding sites with –

O or –OH, or even inducing defects such as Si dangling bonds28,47–49. The open, vacancy-

rich microstructure of the DIW oxides potentially also facilitates the migration of 

hydrogen throughout its microstructure. In comparison to NAOS oxides of similar 

thickness (~ 1.3 nm), the passivation quality of DIW oxides is considerably better with 

lifetimes of ~ 50-100 s compared to ~ 3 s, which can likely be associated with the 

hydrogen present in the oxides and at the interface. Another potential difference to keep 

in mind is the presence of a (positive) fixed charge density, which has been suggested to 

be likely for NAOS oxides, but not for DIW oxides28. Although not investigated in here, 

a fixed charge density could alter the interface charge states of the c-Si and therefore 

impact the minority carrier lifetime as well. 
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Figure 6.5: Chemical passivation quality characterized by the minority carrier lifetime for as-grown (a) 

NAOS oxides, and (b) DIW oxides. Dashed lines serve as a guide to the eye. 

Within the oxide thickness range considered in this work, the minority carrier lifetimes 

of DIW oxides are generally found to be higher than those of NAOS oxides, which 

suggests a better surface passivation provided by the DIW oxides. The improved 

passivation quality of DIW oxides can be attributed to the presence of higher Si oxidation 

states as reported earlier in this work, and which supports the findings of Moldovan et 

al.34 for an O3 -based process. In general, oxide thin films with less sub-oxides can directly 

contribute to the improved surface passivation as less charge recombination centers are 

present. Furthermore, the interface defect density, associated with the sub-oxide content, 

is expected to be lower for DIW oxidation than for nitric acid oxidation28,49. This can 

explain the difference in chemical passivation quality of the as-grown oxide layers and its 

time dependent evolution. Whether such differences have an influence on the 

performance of poly-Si/SiOx/c-Si passivating contacts, however remains to be evaluated. 

Table 6.2: Overview of ultrathin oxide properties, i.e. thickness, Si oxidation state ratio, contact angle 

and minority carrier lifetime. Error bars are not included here (but typically are: thickness ± 0.1 nm, 

intensity ratio ± 0.1, contact angle ± 5°, lifetime ± 5%, based on measurement accuracy and 

reproducibility). 

Oxidation 
method 

Thickness 
(nm) 

Si oxidation 
state ratio 

𝑺𝒊𝟒+/∑𝑺𝒊𝒙+ 

Contact 
angle (°) 

Minority 
carrier 
lifetime 

c-Si/SiOx (s) 

Minority carrier 
lifetime 

c-Si/SiOx/a-Si:H 

as-grown (s) 

Minority carrier 
lifetime 

c-Si/SiOx/a-Si:H 

annealed (s) 

NAOS 1.24 0.59 29 3.2 4.1 369 

NAOS 1.30 0.64 7 3.2 4.0 275 

NAOS 1.47 0.82 - 3.1 3.7 234 

DIW 0.65 0.60 74 142 722 1442 

DIW 1.23 1.00 45 82 174 888 

DIW 2.29 0.95 - 28 30 276 
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6.3.3  Influence of H-rich a-Si:H capping layers on the  
chemical passivation quality of ultrathin silicon oxide 
films 

Since the surface passivation of c-Si is known to be enhanced for example by 

employing a-Si:H as a source of H, the role of H in the chemical passivation by means of 

ultrathin oxides is considered in more detail in relation with the oxide chemical 

composition, i.e. comparing NAOS and DIW oxides. An a-Si:H capping layer is deposited 

on top of the ultrathin, wet-chemical oxides discussed so far. The a-Si:H material 

deposited by RF PECVD of H2/SiH4 is of porous nature and contains ~ 20 at.-% of H 

in the layer. Note that this type of high-deposition rate a-Si:H is intentionally chosen as 

a capping layer, since there is a relatively large nano-size void density in this material 

besides a large H content50. More specifically, porous a-Si:H can yield an improved 

minority carrier lifetime through H diffusion, both in the as-grown state and even more 

clearly after annealing, which has been explained as a consequence of the migration of 

open volume deficiencies51,52. During the H2/SiH4 plasma exposure, a large atomic 

hydrogen flux of ~ 3·1019 cm-2s-1 is also interacting with the substrate surface as 

demonstrated in our earlier work53. The hydrogen, both generated by the plasma and 

trapped in the layer, can diffuse towards the c-Si/SiOx interface and consequently 

contribute to the chemical passivation, in addition to the passivation provided by the 

SiOx itself. The impact of the oxide chemical composition on H diffusion is however not 

well understood for ultrathin oxide layers (< 2 nm) and usually studied for thicker oxides 

in the order of tens of nanometer up to several micron. On one hand, the diffusion of H 

in SiO2 has been reported to be fast: from 10-6 cm2s-1 at room temperature to 

10-5-10-4 cm2s-1 at 200 °C and above54. In comparison, the H diffusion in a-Si:H is 

typically much slower at 10-14-10-7 cm2s-1 at 250-300 °C55,56. On the other hand, it has 

been suggested that a SiOx layer has the potential to act as a barrier towards H diffusion, 

as illustrated by the reduced H content of a poly-Si layer capped with a silicon oxide layer 

compared to the same poly-Si layer without a capping layer after exposure to monatomic 

hydrogen57. Both Nickel57 and Tuttle54 stated that H diffusion in SiOx is dependent on 

the oxide thickness and its chemical composition, in particular for oxides with open 

structures. Furthermore, the presence of deep traps and pinholes has been suggested to 

affect the H transport. Therefore, by comparing ultrathin SiOx layers with different 

structural properties, observed differences in the chemical passivation quality can likely 

be attributed to differences in the H transport. 
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Figure 6.6: Chemical passivation quality characterized by the minority carrier lifetime for NAOS oxides 

(a) and DIW oxides (b), capped with an intrinsic hydrogenated amorphous silicon thin film in the as-

grown state (purple), capped with an intrinsic hydrogenated amorphous silicon thin film and after 

annealing in N2 at 300 °C for 5 minutes (red). 

In comparison to the bare oxide, a-Si:H capped NAOS oxide experiences only a 

limited improvement in the minority carrier lifetime as shown in Figure 6.6a and Table 

6.2. This limitation can most likely be attributed to the properties of the NAOS oxide. 

On one hand, they contain a significant amount of interface defect states and trap 

states57,58, which is reflected by their significant sub-oxide content and the poor 

passivation quality. On the other hand, NAOS oxides are often suggested to have a 

relatively dense microstructure, if one can already apply this term to such ultrathin 

oxides32. Consequently, capping NAOS oxide with a-Si:H does not lead to a considerable 

improvement in chemical passivation quality, as H diffusion from the a-Si:H layer 

towards the c-Si/SiOx interface is limited. The highest minority carrier lifetime is however 

associated with the thinnest oxide, suggesting that H diffusion is more effective in thinner 

layers. In comparison, the DIW oxides have shown a much higher minority carrier 

lifetime when capped with a-Si:H, in particular for short oxidation times (Figure 6.6b and 

Table 6.2). The higher minority carrier lifetime is suggested to be due to the presence of 

mainly higher Si oxidation states in combination with the open, vacancy-rich 

microstructure of the DIW oxide, hence not acting as a barrier but enabling a more 

efficient diffusion of hydrogen from the a-Si:H layer towards the c-Si/SiOx interface. It 

supports the findings of Nickel and Tuttle54,57 and suggests the existence of a general 

relation between H diffusion and oxide properties, also towards ultrathin SiOx layers. 

Typically, the passivation by a-Si:H and SiOx can be improved by a thermal activation 

step27,59. One way to achieve this is a post-deposition annealing step, which in this work 

has been carried out by means of RTA at 300 °C in a N2 atmosphere to gain further 
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insights into the influence of the oxide properties on the chemical passivation quality. At 

the applied annealing temperature, it has been argued that a large structural change of the 

a-Si:H in terms of clustering of open volume deficiencies and accumulation of H in those 

open volume deficiencies is induced51,60. Under these conditions, H can directly 

contribute to the chemical passivation of the c-Si/SiOx interface. The c-Si/SiOx/a-Si:H 

stacks have been compared after annealing for both NAOS and DIW oxides, which 

reveals a considerable improvement in the chemical passivation quality for both oxides 

(Table 6.2 and Figure 6.6a and 6.6b). This improvement is attributed to thermally 

enhanced H diffusion from the a-Si:H capping layer and a restructuring of the c-Si/SiOx 

interface which could enable a reduction of the interface defect density and trap states. 

For short oxidation times, there is a relatively large difference in passivation quality 

between NAOS and DIW oxide associated with their chemical composition, i.e. Si 

oxidation states. However, after a more extended oxidation time, the lifetime reduces 

considerably and becomes comparable as both oxides evolve towards a similar 

microstructural composition. This also indicates that the influence of H diffusion 

through the SiOx becomes similar once the oxide is sufficiently thick (> 1.5 nm). 

Apparently the differences in the microstructural properties of the oxides impact the 

passivation quality more strongly for thinner oxides in which H diffusion evolves more 

efficiently. For example, for a relatively thin oxide of ~ 1.2 nm, a significantly higher 

lifetime is found for the DIW oxide in comparison to NAOS oxide. Since the DIW oxide 

is composed of higher Si oxidation states and presumably has a more open, vacancy-rich 

microstructure, this result suggests that differences in the microstructural composition 

of the oxide directly relate to the chemical passivation quality. 

6.4  Conclusions 

The influence of the ultrathin silicon oxide properties on the c-Si surface passivation 

quality has been investigated for the application as poly-Si/SiOx/c-Si passivating contact. 

Ultrathin silicon oxides grown by means of nitric acid and deionized water oxidation have 

been compared in terms of their chemical composition, i.e. Si oxidation states, and 

wettability, to evaluate the impact on the chemical passivation quality of the c-Si surface. 

It has been demonstrated that DIW oxides are considerably different from NAOS oxides 

in terms of microstructure and the chemical c-Si surface passivation, particularly in the 

initial stages of oxidation when the oxide layer is still very thin. A more gradual oxidation 

process and thickness evolution has been observed for DIW oxides compared to NAOS 

oxides. The DIW oxide has been characterized by the presence of higher Si oxidation 
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states for thin layers in the range of 1-1.5 nm, whereas NAOS oxide has been 

characterized by a mixture of higher and lower Si oxidation states. Furthermore, it 

appeared that DIW oxides have a more open, vacancy-rich microstructure and possibly 

a reduced interface defect density, which altogether provides a better chemical 

passivation of the c-Si surface in comparison to NAOS oxides. The difference between 

these two oxide types became more explicit after capping the oxides with a H-rich a-Si:H 

layer. Upon annealing, both DIW oxides and NAOS oxides showed an improved 

chemical passivation quality. However, the DIW oxides led to a significantly higher 

lifetime, as enabled by a more efficient H transport into this type of oxide. Based on these 

passivation results, it has become clear that obtaining a deeper understanding of the 

microstructural material properties of ultrathin oxides and their respective chemical 

passivation quality is very important in view of their adoption in passivating contacts such 

as poly-Si/SiOx/c-Si based structures. 
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CHAPTER 7 

Influence of ultrathin, wet-chemically 
grown silicon oxide properties on poly-
Si (n+)/SiOx/c-Si passivation quality* 

Abstract 

The passivation quality of poly-Si (n+)/SiOx/c-Si structures is evaluated with respect to their 

application in crystalline silicon solar cells, particularly passivating contacts. Ultrathin, wet-chemically 

grown oxides are synthesized either by nitric acid oxidation (NAOS RT oxide) or deionized water 

oxidation (DIW oxide). Various oxidation times, hence oxide thicknesses, are considered as both types 

of oxides are known to result in significantly different microstructure and (chemical) passivation quality. 

In this work, carrier-selective, symmetric test structures are fabricated by combining the ultrathin oxide 

with a phosphorus-doped polycrystalline silicon (poly-Si (n+)) layer, developed by means of LPCVD, ion 

implantation and high temperature annealing steps to assess the potential impact of the oxide properties 

on the passivating contact performance. The effect of the oxidation method and time on the poly-Si 

(n+)/SiOx/c-Si structures is evaluated by means of minority carrier lifetime measurements. The 

passivation quality, i.e. chemical and field-effect passivation, provided by the NAOS RT oxide -based 

structure is considerably better than the DIW oxide -based structure (~ 6 ms vs. ~ 0.5 ms). This result is 

in contrast with our previous studies, which indicate that DIW oxide leads to a better chemical passivation 

than NAOS oxides, due to the open, vacancy-rich microstructure of DIW oxide which promotes H 

diffusion. At the same time, in the present work, it is found that the DIW oxide microstructure lacks 

dopant diffusion barrier properties in poly-Si (n+)/SiOx/c-Si structures, overall leading to a lower 

(chemical and field-effect) passivation quality than NAOS oxide. In the latter case, an abrupt reduction 

in the dopant concentration at the poly-Si (n+)/c-Si interface is found for the NAOS RT oxide -based 

structure. Furthermore, the c-Si interface with the NAOS RT oxide appears smooth, whereas it is locally 

rough with the DIW oxide. The latter is likely attributed to an induced roughness upon oxidation or due 

to a reduced thermal stability during the poly-Si growth. Such differences directly affect the 

minority/majority charge-carrier transport in poly-Si (n+)/SiOx/c-Si structures. This research therefore 

allows to conclude that the understanding of the microstructural properties of ultrathin oxides, i.e. 

whether it concerns an open/closed (i.e. vacancy-rich or vacancy-poor) microstructure, silicon oxidation 

states in SiOx, and the interface quality, are all relevant aspects that need to be evaluated when developing 

a poly-Si (n+)/SiOx -based passivating contact. 

                                                           
*Contributing authors: J. Palmans, J. Melskens, M.A. Verheijen, W.M.M. Kessels and M. Creatore 
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7.1  Introduction 

Passivating contacts have gained considerable interest in the field of crystalline silicon 

(c-Si) solar cells in recent years1–10. The heterojunction solar cell based on a-Si:H 

passivation layers7,11 is a well-known example which recently led to a record conversion 

efficiency up to 26.6%. Other examples relying on silicon-based thin films concern with 

the lightly diffused junction solar cells12,13 employing a metal-insulator-semiconductor 

contact, and the so-called tunnel oxide passivating contact (TOPCon)14–18, sometimes 

referred to as polysilicon on oxide (POLO)9,19 contact. The latter concepts, based on a 

combination of an ultrathin dielectric layer, typically silicon oxide (SiOx), and a doped 

polycrystalline silicon (poly-Si) layer, have demonstrated their potential with achieved 

solar cell conversion efficiencies up to 26.1%20–22.  

The successful development of poly-Si/SiOx -based passivating contact structures for 

c-Si solar cells has mainly been driven by the doped poly-Si process17,18,23,24 development 

aiming at fabricating high-efficiency solar cells. Aspects such as the charge carrier 

selectivity of the contact which is defined by its doping level/profile, the contact 

resistivity which enables an efficient charge carrier transport, and the formation of abrupt 

interfaces with the oxide underneath and the metal contact above, have been of main 

concern. In-depth investigations regarding the ultrathin SiOx layer have been quite 

limited instead, despite the fact that its significance in a passivating contact structure 

remained unclear. 

The influence of oxidation methods on the structural composition of an oxide, as well 

as differences in interface defect density levels, have mainly been reported in other fields 

of research25–28. Particularly for the development of ultrathin SiOx layers (< 2 nm), 

methods such as thermal oxidation29,30 and plasma oxidation30–32 have been facing 

limitations resulting in relatively high interface defect density. Alternatively, low-

temperature, wet-chemically grown oxides, e.g. by means of nitric acid (HNO3)28,31,33,34 or 

deionized water28,35 oxidation, and ozone-based (O3) oxidation processes28,36, have been 

suggested in view of their potentially lower interface defect density and/or improved 

oxide growth microstructure. The excellent poly-Si/SiOx passivating contact -based solar 

cells that have been reported recently9,14,15, successfully combine such wet-chemical 

oxidation processes with a doped poly-Si layer, despite the initially higher interface defect 

density of for example nitric acid oxidized silicon (NAOS oxide)25. Additional supply of 

hydrogen, for example via a remote plasma step37 following the poly-Si growth process 

or through the addition of a capping layer38, has been demonstrated to enhance the 
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passivation quality. Furthermore, deionized water grown oxides (DIW oxide), potentially 

providing a lower interface defect density than for example NAOS oxides28, has only 

been illustrated to enhance the minority carrier lifetime in a heterojunction solar cell39 

when implemented as interlayer, while its general use in passivating contact structures so 

far has been limited.  

In view of the development of poly-Si (n+)/SiOx/c-Si passivating structures, 

establishing a correlation between the structural composition and the (chemical) 

passivation quality of various oxidation methods is an essential step. In Chapter 6 it was 

demonstrated that DIW oxides can be distinguished from NAOS oxides by the presence 

of higher Si oxidation states and a more open, vacancy-rich microstructure which 

together led to improved passivation, whereas NAOS oxides were composed of mixed 

(high and low) Si oxidation states translating into poor passivation. Furthermore, the 

open microstructure facilitated hydrogen diffusion, hence improved the c-Si surface 

passivation, by the effective application of a H-rich a-Si:H capping layer. It can be argued 

that such microstructural differences might also alter the dopant diffusion barrier 

performance18. A poor barrier performance would induce recombination losses, 

particularly interface recombination attributed to large charge-carrier concentrations and 

Auger recombination due to dopant diffusion into the c-Si, and degrades the charge 

carrier selectivity. In relation herewith, it is expected that the ultrathin SiOx film 

properties affect charge carrier transport in poly-Si/SiOx passivating contact structures. 

Although a general consensus on the dominating charge-carrier transport mechanism has 

not been established yet, both direct or trap-assisted tunneling37,40 (mainly for oxides 

< 2 nm), and transport through local oxide disruptions or pinholes41–43 (mainly for oxides 

> 2 nm) are often suggested. The thickness and thermal stability of the ultrathin oxide 

therefore play a critical role in assessing the likelihood of such mechanisms, especially 

when (intentionally) inducing pinholes. 

In this research, the aim is to gain a deeper understanding of the influence of the 

ultrathin oxide’s material properties on the poly-Si (n+)/SiOx/c-Si passivation quality. 

Specifically, two wet-chemically grown ultrathin oxides, employing (room-temperature) 

nitric acid oxidation and deionized water oxidation are evaluated in a 

poly-Si (n+)/SiOx/c-Si passivating structure. Since the microstructural composition of the 

SiOx has direct impact on the passivation quality, poly-Si (n+)/SiOx/c-Si structures with 

various SiOx thicknesses are evaluated for both oxide types. As such, their performance 

in terms of passivation quality and dopant diffusion barrier performance can be linked 

to the individual oxide properties while maintaining the poly-Si film growth conditions. 
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Furthermore, the interface quality of the ultrathin oxides is evaluated for the poly-Si 

(n+)/SiOx/c-Si structures in order to associate the passivation quality with the thermal 

stability and the microstructural differences among the oxides. 

7.2  Experimental 

7.2.1  Sample preparation 

Symmetric test structures were developed for this study as is schematically shown in 

Figure 7.1. A more detailed description of the process steps is given below, thereby 

differentiating between the room temperature grown NAOS oxide (NAOS RT) and DIW 

oxide growth as developed in Chapter 6, and the high temperature grown NAOS oxide 

reference (NAOS HT) as developed by Yang et al.44. All processes in this study were 

performed on planar, n-type, FZ (100) c-Si wafers with a thickness of 280 m and a 

resistivity of 1-5 ·cm. For the NAOS RT and DIW oxidation process, a detailed 

description of the various process steps was already given in Chapter 6. The initial 

cleaning steps as well as the oxidation method of the c-Si wafer preceding the NAOS HT 

process was slightly different from the NAOS RT and DIW oxidation process. In the 

case of NAOS HT oxide growth, the c-Si wafer was immersed in hydrofluoric acid (HF, 

0.55%) aqueous solution for 4 minutes to remove the native oxide, followed by rinsing 

in ultrapure deionized water. Next, the wafer was oxidized in the following way: 

immersion in nitric acid solution (HNO3, 99 wt-%, 25 °C) for 10 minutes, rinsing in 

deionized water (25 °C) for 5 minutes, second immersion step in nitric acid solution 

(HNO3, 68 wt-%, 110 °C) for 10 minutes, and rinsing in deionized water for 10 minutes.  

 

Figure 7.1: Schematic representation of the investigated test structures containing the ultrathin oxide 

(NAOS RT/HT oxide or DIW oxide) and the P-doped poly-Si (n+) layer.  

In order to obtain a passivating contact structure, a phosphorus (P) -doped poly-Si 

layer was applied. The process was adopted from Yang et al.44, who implemented this 

type of poly-Si in an Interdigitated Back Contact (IBC) solar cell. An intrinsic, hydrogen-
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free amorphous silicon (a-Si) layer with a thickness of 250 nm was deposited by means 

of Low Pressure Chemical Vapor Deposition (LPCVD) at 580 °C on all three oxide types 

investigated here. To release stress after a-Si deposition, an annealing step of 1 hour at 

600 °C was performed. P-doping of the a-Si layer, making it n+ type, was obtained through 

ion implantation aiming at a doping level ~ 1·1020 cm-3. The implantation energy and 

dose were kept fixed at 20 keV and 6·1015 cm-2, respectively. Finally, a post-annealing 

step of the P-doped a-Si was performed at 950 °C for 5 minutes in N2 atmosphere to 

activate and drive-in the dopants. During this process step, the a-Si layer was transformed 

into a poly-Si layer with a crystallinity of ~ 90% and grain sizes in the range of 

10-100 nm44. 

7.2.2  Sample characterization 

The passivation quality of the symmetric poly-Si (n+)/SiOx/c-Si stacks was evaluated 

from the injection-dependent minority carrier lifetime obtained through Sinton45 

WCT-120 Photoconductance decay measurements, executed in transient mode. Minority 

carrier lifetime () values were extracted at an injection level of 1·1015 cm-3.  

Transmission electron microscopy (TEM, JEM ARM 200F operated at 200 kV) was 

applied to study the film stack regarding layer thickness and crystallinity and the SiOx/c-Si 

and poly-Si/SiOx interfaces in terms of roughness. Cross-sectional TEM samples were 

prepared using focused ion beam (FIB) lift-out. A stack of SiOx and Pt layers was 

deposited on the area of interest by ion beam induced deposition (IBID) to protect the 

sample during FIB preparation. Bright Field TEM (BFTEM) and for more detailed 

imaging, High Resolution Scanning TEM (HRSTEM) in High-Angle Annular Dark Field 

(HAADF) mode, was applied. 

The P dopant profile in the poly-Si (n+)/SiOx/c-Si stacks was determined through 

electrochemical capacitance-voltage (ECV) analysis (carried out at ECN part of TNO) to 

assess the impact of the ultrathin oxide properties on the dopant diffusion into the c-Si.  

7.3  Results and Discussion 

7.3.1  Passivation quality of poly-Si (n+)/SiOx/c-Si structures 

The minority carrier lifetime of three types of passivating structures based on the 

combination of a wet-chemically grown ultrathin SiOx film, i.e. NAOS RT, NAOS HT 

or DIW oxide, which provides chemical passivation, and a doped poly-Si (n+), which 
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provides field-effect passivation, are compared in Figure 7.2. The oxidation time is varied 

for both the NAOS RT and the DIW oxide. NAOS HT oxide acts as a reference.  

From the data in Figure 7.2, it can be concluded that neither the nitric acid oxidation 

temperature and/or the concentration of the oxidizing solution, nor the oxidation time 

are critical in the optimization of the minority carrier lifetime of a poly-Si/SiOx/c-Si 

contact structure. More specifically, the results suggest that the one-step NAOS RT oxide 

performs equally well, if not better (~ 6 ms), than the two-step NAOS HT oxide 

(~ 5 ms) when combined with poly-Si (n+). Despite differences between the NAOS RT 

and NAOS HT oxidation process, this result suggests that process conditions such as 

oxidation temperature or concentration of the chemical solution are not necessarily 

limiting the passivating quality of poly-Si/SiOx/c-Si structures. Instead, the wet-chemical 

process environment, i.e. contamination, is expected to be as important as indicated 

recently for NAOS oxide growth at various temperatures but reflecting similar 

performance16. In case of DIW oxidation, it can be hypothesized that the SiOx/c-Si 

interface quality also depends on the resistivity (i.e. purity in terms of ions) of the DIW 

solution, although no such evidence is readily available. 

 

Figure 7.2: Minority carrier lifetime of poly-Si (n+)/SiOx/c-Si passivating contact structures with different 

wet-chemically grown, ultrathin SiOx films and variable oxidation time/thickness. NAOS HT oxide is 

obtained in a two-step oxidation process each existing of 10 minutes of immersion. For the NAOS RT 

and the DIW oxide, a single step immersion of the c-Si in the oxidizing solution is carried out with 

immersion times varying from 1 minute up to 60 minutes. 

Furthermore, these results demonstrate that poly-Si/SiOx/c-Si structures employing 

NAOS RT oxides perform significantly better than DIW oxides (~ 6 ms vs ~ 0.5 ms), 

independent of their oxidation time/oxide thickness. In contrast with the results 
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described in Chapter 6 where DIW oxides showed more potential than NAOS oxides in 

terms of (chemical) passivation, the results in Figure 7.2 indicate that the DIW oxides as 

developed in here are not suitable candidates for poly-Si/SiOx/c-Si passivating contact 

structures. Therefore, it can be concluded that optimizing an ultrathin oxide in terms of 

its chemical passivation is not sufficient to guarantee a good passivating contact. Other 

factors, such as the dopant diffusion barrier quality and the interface quality, should also 

be investigated. 

7.3.2  Dopant diffusion barrier quality of poly-Si (n+)/SiOx/c-Si 
 structures 

For passivating contacts to be effective, the ultrathin oxide layer does not only need 

to provide surface passivation, but it also needs to act as an effective barrier towards 

dopant diffusion into the c-Si. Shallow diffusion into the c-Si and therefore limited Auger 

recombination due to a low dopant concentration (see section 2.2.2 of Chapter 2), is still 

tolerable, as well as the presence of sufficient dopants at the interface which is suggested 

to reduce the minority carrier recombination24,44. However, this requires a well-controlled 

process flow as an excessive dopant density in the interface region or a deep dopant 

diffusion into the c-Si can deteriorate the passivating contact quality significantly due to 

Auger recombination, SRH recombination at inactive dopants, and limited 

hydrogenation, i.e. chemical passivation. Besides dopant diffusion, it was argued in 

Chapter 6 that hydrogen diffusion through the ultrathin oxide could contribute to the 

chemical passivation quality to an extent depending on the microstructural properties of 

the oxide layer. Hence, differences in passivation due to the structure of NAOS and DIW 

oxides could be expected. The benefit of additional hydrogen supplied to the poly-Si 

(n+)/SiOx/c-Si structure was also acknowledged elsewhere1,38,46 for example by means of 

a remote plasma hydrogen passivation step following the poly-Si growth process or 

through the use of a capping layer such as SiNx:H.  

In view of understanding the dopant diffusion barrier quality of the oxide layers, the 

phosphorus doping profile through the poly-Si (n+)/SiOx/c-Si stacks is evaluated by 

means of ECV measurements. Three oxides of similar thickness, i.e. NAOS HT, NAOS 

RT and DIW oxide, are considered. Based on the TEM analysis (discussed in Section 

7.3.3), a thickness of ~ 1.7 ± 0.2 nm is estimated for the NAOS RT and DIW oxide. The 

poly-Si (n+) thickness is similar for all test structures and in close agreement with the 

250 nm targeted.  
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Figure 7.3: Phosphorus doping profiles of poly-Si (n+)/SiOx/c-Si passivating contact structures for 

different wet-chemically grown oxides, i.e. DIW oxide, NAOS RT oxide, and NAOS HT oxide. The 

interface region is indicated by the dashed line assuming a poly-Si layer thickness of 250 nm. 

The resulting P doping profiles are shown in Figure 7.3. A fairly uniform distribution 

(dopant concentration ~ 1020 cm-3) throughout the entire poly-Si (n+) is found for all 

three oxides. Close to the poly-Si/c-Si interface region, the P doping profile for the DIW 

oxide differs significantly from the NAOS oxides. The doping profile indicates that a 

significant amount of P diffusion up to a depth of ~ 150 nm into the c-Si occurs (at a 

phosphorus concentration of ~ 1018 cm-3). For the NAOS RT and NAOS HT oxide, the 

dopant concentration experiences an abrupt reduction at the poly-Si/c-Si interface. This 

demonstrates that DIW oxides are not acting as an effective dopant diffusion barrier 

under the process conditions dealt with in this work. Therefore, increased charge carrier 

recombination at the interface takes place, whereas Auger recombination in the lowly-

doped c-Si1,23 becomes only significant for deep dopant diffusion into the c-Si. Both 

majority and minority charge carrier transport can occur throughout the ultrathin oxide 

which yields recombination losses, even though the SiOx tunneling barrier is higher for 

holes than it is for electrons40. Furthermore, it illustrates that DIW oxides (with a more 

open, vacancy-rich microstructure) are more prone to diffusion of dopants towards the 

poly-Si/c-Si interface, when compared to NAOS oxides. In case of DIW oxides a reduced 

thermal stability can be expected, which might induce pinholes42,43 due to local oxide 

lattice disruptions following the high temperature annealing needed to drive in and 

activate dopants47, or follow from the initially more open microstructure upon oxidation. 

The open microstructure or the presence of pinholes could facilitate both majority and 

minority charge carrier transport, hence recombination, and degrade the passivating 

contact quality. NAOS oxides on the other hand, which are stated to have a relatively 

high mass density, similar to thermal oxides36,48, act as a better dopant diffusion barrier 
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following the high-temperature anneal, i.e. the in-diffusion of P is effectively 

suppressed18. The varying dopant distributions among the poly-Si (n+)/SiOx/c-Si 

structures confirm the importance of the ultrathin oxide film as a dopant diffusion barrier 

in a passivating contact structure. It is expected that differences in doping 

profiles/distributions due to varying oxide properties alter the band bending at the poly-

Si/c-Si interface. Consequently, the field-effect passivation and thus the minority carrier 

lifetime are affected. 

7.3.3  TEM analysis of poly-Si (n+)/SiOx/c-Si structures 

The interface quality of poly-Si (n+)/SiOx/c-Si structures employing NAOS RT and 

DIW oxide is further evaluated by cross-sectional TEM imaging (Figure 7.4). The 

individual layers can be clearly distinguished and the poly-Si thickness is confirmed to be 

~ 250 nm. The crystalline structure of the poly-Si is clearly visible when employing 

BFTEM analysis, both in the case of NAOS RT oxide (Figure 7.4a) and DIW oxide 

(Figure 7.4b). A crystallinity of ~ 90% has been reported by Yang et al.44 for this particular 

poly-Si thin film when grown on the NAOS HT oxide. Due to differences in the 

composition of the oxide interlayer, small deviations hereof could occur, although no 

direct indications can be extracted from the BFTEM images. A more detailed view on 

the interface quality is provided in Figures 7.4c and 7.4d for the NAOS RT and DIW 

oxide, respectively, by employing HRSTEM in HAADF mode. A smooth interface with 

uniform oxide growth is found for the NAOS RT oxide which illustrates that this type 

of oxide is compatible with the high temperature anneal step (950 °C) during the poly-Si 

growth process. No signs of local oxide disruptions or pinholes could be observed from 

TEM analysis. The DIW oxide on the other hand shows a clear interface roughness 

development. This can either be attributed to the more open, vacancy-rich oxide 

microstructure compared to the NAOS RT oxide, and therefore a distinctly lower 

thermal stability, or to the presence of an initially rough interface following oxidation. 

The latter is plausible as the DIW oxide appears to uniformly grow on the roughened 

surface as no indications of epitaxial regrowth of the poly-Si on the c-Si have been found. 

Since no TEM analysis has been performed prior to the high-temperature annealing of 

the poly-Si, both contributions cannot be strictly separated. However, based on the 

minority carrier lifetimes reported in Chapter 6, the interface roughness is not expected 

to limit the chemical passivation quality of the DIW oxides. The limited performance of 

the DIW oxide -based passivation structure is, instead, most likely associated with its 

open (vacancy-rich) microstructure or the presence of pinholes. Both possibilities might 
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not only enable dopant diffusion, but can also affect charge-carrier transport. In 

particular pinhole transport is often suggested to co-exist with direct or trap-assisted 

tunneling42,43,49,50. The areal pinhole density has recently been suggested to be of critical 

influence, with an optimum of ~ 106-108 cm-2 and pinhole diameter of ~ 2-5 nm51.  

 

Figure 7.4: Cross-sectional Bright Field TEM (BFTEM) (a, b) and High Resolution Scanning TEM 

(HRSTEM) in High Angle Annular Dark Field (HAADF) mode (c, d) image analysis of 

poly-Si (n+)/SiOx/c-Si passivating contact structures for different wet-chemical grown oxides, i.e. NAOS 

RT oxide (a, c) and DIW oxide (b, d), with a thickness of 1.7 ± 0.2 nm.  

Considering the oxide thickness of ~ 1.7 nm in this work, and the fact that the 

presence of pinholes cannot be inferred by TEM analysis, the results presented here 

suggest that the poor dopant diffusion performance of the DIW oxide, associated with 

its open, vacancy-rich microstructure, is likely limiting the passivation quality compared 

to the NAOS oxide -based structures despite the presence of more, higher order Si 

oxidation states. This conclusion also agrees with a recent work on an ozone (O3) -based 

oxidation process with which it was demonstrated that better poly-Si/SiOx/c-Si 

passivation quality could be obtained compared to a NAOS oxide -based structure. The 
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improvement was attributed to a combination of oxide stoichiometry, i.e. the presence of 

higher Si oxidation states, and a high mass density (which was however not determined)36.  

Maintaining a uniform oxide interlayer following oxidation and poly-Si development 

can be considered as a key requirement in order to achieve high minority carrier lifetimes 

and low recombination current density18, however not without acting as an effective 

dopant diffusion barrier which is expected to be only achievable through a more closed, 

vacancy-poor microstructure and smooth interface.  

7.4  Conclusions 

Carrier-selective passivating poly-Si (n+)/SiOx/c-Si structures employing an ultrathin 

silicon oxide (< 2 nm) and a P-doped poly-Si layer were evaluated for various types of 

oxide interlayer, i.e. NAOS HT oxide, NAOS RT oxide and DIW oxide. The different 

microstructural composition and passivation quality of the single NAOS RT and DIW 

oxide layers are demonstrated to result in significantly different passivation quality. The 

minority carrier lifetime, determined by the combination of chemical and field-effect 

passivation, is determined to be in the order of ~ 6 ms for the NAOS RT oxide-based 

structure compared to ~ 0.5 ms for the DIW oxide-based structure, with limited effect 

of the oxide thickness. This difference is attributed to the poor dopant diffusion barrier 

performance of the DIW oxide as observed from a deeper P in-diffusion into the c-Si 

(~ 150 nm within which the dopant concentration is reduced from ~ 1020 cm-3 to 

~ 1018 cm-3) which might lead to enhanced Auger recombination. In contrast, the NAOS 

RT and the NAOS HT oxides reveal an abrupt reduction in the dopant concentration at 

the poly-Si/c-Si interface. The more open, vacancy-rich microstructure of the DIW oxide 

therefore appears to be a limiting factor in the passivating contact quality due to the weak 

dopant diffusion barrier performance. Finally, BFTEM and HRSTEM analysis 

demonstrates that the interface of the NAOS RT oxide remains smooth upon high-

temperature annealing, whereas the DIW oxide interface appears locally rough. Although 

the origin of the interface roughness cannot be identified based on the available results, 

both oxides are confirmed to be uniformly grown. This strengthens the conclusion that 

the performance of the DIW oxide -based passivating structure is mainly hampered by 

its ineffective role as a dopant diffusion barrier compared to the NAOS oxide -based 

structure. These results therefore underline that the microstructural properties of 

ultrathin SiOx films, i.e. open/closed (vacancy-rich or vacancy-poor) microstructure, the 

presence of higher/lower Si oxidation states and uniform growth, play a critical role in 
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assessing the passivating contact quality. Understanding the interplay of these aspects is 

therefore essential in the development passivating contacts. 
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CHAPTER 8 

Conclusions and Outlook 

8.1  Conclusions 

Silicon-based thin films are adopted in several PV technologies, and this dissertation 

addressed two of them, namely thin film silicon and poly-Si (n+)/SiOx passivating 

contact-based solar cells. The research described in this dissertation has shed light on 

selected aspects in silicon-based thin film growth. These aspects are: the role of plasma-

surface interactions in thin film silicon growth; the microstructural changes in silicon thin 

films during its growth on substrates characterized by different chemistry and 

topography; the characterization of the microstructural and passivation properties of 

ultrathin silicon oxides grown by wet-chemical oxidation methods and their impact on 

the poly-Si (n+)/SiOx passivation quality. In detail:  

In Chapter 4, the relevance of plasma-surface interactions during H2/SiH4 -fed 

PECVD growth of silicon thin film absorbers was investigated by means of (plasma and 

thin film) characterization methods. In particular the a-Si:H to c-Si:H phase transition 

region was of interest since good microcrystalline silicon solar cells are typically 

characterized by a crystalline volume fraction of ~ 60-70%. The following conclusions 

were drawn: 

 The implementation of plasma diagnostic methods was essential to characterize 

H2/SiH4-fed PECVD processes. An in-house built capacitive ion probe 

allowed the quantification of the ion flux reaching the growing film surface by 

accurately controlling the probe surface bias voltage. A commercially available 

retarding field energy analyzer enabled the characterization of the ion energy 

distribution reaching the film surface. Optical emission spectroscopy was 

employed to infer the atomic hydrogen flux by monitoring specific emission 

wavelengths in the plasma. All these plasma diagnostic methods provide a 

relatively simple toolset which enables process characterization during film 

growth. 
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 The atomic hydrogen-to-growth flux ratio, driving the phase transition from 

amorphous to microcrystalline, was quantified. Specifically, the amorphous 

silicon thin film growth was associated with a ratio of 25-140, which was further 

increased to 40-170 when transiting to microcrystalline silicon thin film growth 

conditions. At the same time, a simultaneously increasing ion-to-growth flux 

ratio, from 0.15 to 1, was measured. The achieved results point out to the role 

of ions, besides that of atomic hydrogen, in contributing to microstructural 

changes in the deposited layers. Finally, the threshold in ion energy to avoid 

any detrimental effects on the film structure, was identified, i.e. below 18 eV. 

At these low ion energies, only surface diffusion and (mild) Si surface atom 

displacement were found to participate to film growth. The quantification of 

the atomic-to-growth flux ratio, the ion-to-growth flux ratio and the ion energy 

represents a step forward in understanding the influence of plasma parameters 

on the phase transition in thin film silicon. In particular, this thesis completes 

the characterization of the process window corresponding to the above-

mentioned transition and defines specific plasma parameter ranges towards 

phase transition, independently of the adopted plasma reactor configuration.  

In Chapter 5, the impact of the substrate surface chemistry and topography on the 

(microcrystalline) silicon thin film growth was investigated. Both surface chemistry and 

topography are found to affect the plasma process, as they influence the growth kinetics 

such as crystallite nucleation, therefore impacting film growth. The results, summarized 

here below, find their impact when implementing silicon thin films in devices, such as 

cost-effective flexible solar cells which make use of light trapping concepts via textured 

substrates. The results led to the following conclusions:  

 Microcrystalline silicon thin film growth and the related phase transition, are 

characterized by a strong process condition-dependent onset of nucleation, 

when grown on glass and aluminum-doped zinc oxide (AZO). Particularly, an 

earlier onset of crystallite nucleation was observed on AZO. Various aspects 

could be attributed to this. The amorphous silicon grown on AZO has a lower 

microstructure parameter than when grown on glass (i.e. R* ~ 0.2 on AZO vs. 

R* ~ 0.4 on glass), suggesting a higher film mass density in the former case. 

This can contribute to decrease the activation energy barrier for nucleation of 

crystals when the film is deposited on AZO. Moreover, the surface free energy 

is in the case of AZO lower than on glass, which according to classical 
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nucleation theory results in an increased nuclei density. 

 The growth of microcrystalline silicon thin films on nano-imprint lithography 

textured substrates, shows a direct correlation between the crystalline volume 

fraction Xc and/or microstructure parameter R*, and the RMS surface 

roughness of the substrate prior to silicon thin film growth. Under similar 

process conditions, Xc was reduced by ~ 20% when comparing the growth on 

a flat (AZO) reference with the growth on the randomly textured (NIL/AZO) 

substrate. This difference is ascribed to a reduced growth flux due to an 

enhanced surface area (~ 4.7 times larger). Furthermore, limited growth radical 

surface diffusion and a preferential adsorption of growth radicals in valleys (i.e. 

at the bottom of surface features), were held responsible for the suppressed 

crystallization kinetics upon the presence of topography, consequently favoring 

amorphous silicon growth. 

 Upon the presence of surface topography, the effective contribution of plasma-

surface interactions was expected to be reduced, hence suppressing c-Si:H thin 

film growth. Essentially, the effective ion energy transfer to the surface was 

reduced upon a surface area enhancement, due to the fact that the ion-to-

growth flux ratio remained constant. In addition, it was estimated that a 6-fold 

lower atomic hydrogen-to-growth flux ratio (for the random topography 

compared to the flat reference) applies. Since both ion- and atomic hydrogen-

to-growth flux needed to be significantly involved for crystallization to occur, 

the reduction hereof for strong surface topographies explains why 

microcrystalline silicon growth was suppressed initially.  

In Chapter 6, ultrathin (< 2 nm), wet-chemically grown silicon oxide films, were 

evaluated in terms of their chemical and microstructural composition, and their 

respective impact on the (chemical) passivation quality. This research line finds its route 

in the concept of poly-Si (n+)/SiOx passivating contact-based crystalline silicon solar 

cells. Chapter 7 complements the previous investigation, by implementing the ultrathin 

silicon oxide films in poly-Si (n+)/SiOx -based test structures to assess their suitability 

towards passivating contact-based solar cells. The following conclusions were drawn: 

 Ultrathin silicon oxide film properties were strongly dependent on the wet-

chemical oxidation method (nitric acid oxidation vs. deionized water 

oxidation). Not only the thickness evolution with increased oxidation time, but 

particularly the microstructural composition and passivation quality differed 
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significantly. Each of the ultrathin oxides could be characterized in terms of 

lower and higher Si 2p oxidation states, and on open or closed microstructure 

(i.e. vacancy-rich or vacancy-poor/dense, respectively). In particular, it was 

found that the deionized water grown oxides were dominated by higher Si 2p 

oxidation states, and this resulted into improved surface passivation quality 

despite their vacancy-rich microstructure. Such finding indicates that oxide 

passivation quality is not necessarily associated with the film density. 

Furthermore, capping such ultrathin oxides with hydrogenated amorphous 

silicon, provided further insights into their ability to promote (atomic) 

hydrogen transport towards the c-Si interface. These findings lead to the 

conclusion that chemical passivation is promoted by an ultrathin oxide film 

with open microstructure. 

 The overall passivation quality, i.e. combining chemical and field-effect 

passivation, of poly-Si (n+)/SiOx/c-Si structures, showed a significant 

dependence on the selected oxide film. Minority carrier lifetimes of ~ 6 ms and 

~ 0.5 ms for the nitric acid and deionized water oxidation process, respectively, 

were measured. The silicon oxide passivation quality, the dopant 

density/distribution throughout the layer stack, and the thermal stability (i.e. 

interface quality) were evaluated. Despite the fact that deionized water grown 

oxides provided better chemical passivation quality than nitric acid grown 

oxides, opposite results were observed for the poly-Si (n+)/SiOx/c-Si structures. 

This is explained in terms of a poor dopant diffusion barrier performance, in 

the case of the deionized water oxide, characterized by a porous microstructure. 

Instead, the nitric acid oxide-based structures revealed an abrupt reduction of 

the dopant concentration at the poly-Si/c-Si interface. Therefore, it was 

suggested that an open, vacancy-rich oxide microstructure is deleterious for the 

overall passivating contact quality. 
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8.2  Outlook 

Based on the results and insights obtained in this work, some suggestions for future 

research are provided: 

 Plasma-surface interactions, i.e. the interplay between the film growth surface 

and, reactive radicals, ions (often regarded as the ion bombardment effect) and 

photons, are characteristic for any plasma-assisted deposition method, going 

from direct to indirect (or remote) plasmas. In direct plasma methods, close 

contact between the plasma discharge and the growth surface exists, whereas 

in indirect plasmas the plasma discharge is physically separated from the film 

growth surface. Their role in the thin film development and the impact on 

material properties such as the microstructure or crystal orientation, therefore 

depends on the extent to which plasma-surface interactions take place. The 

characterization of radical and ion fluxes, or ion energy distributions is 

therefore key in the further development of (novel and existing) thin film 

materials.  In process environments where ion bombardment effects are limited 

or even absent, for instance in indirect plasma deposition methods, a controlled 

enhancement of such interactions could provide additional means to control 

or alter thin film growth, or even turn it into a tool to (selectively) etch away 

atoms/molecules from an already deposited thin film. For example, an external 

substrate bias (with varying waveforms, frequencies, etc.) could be supplied 

which makes it possible to change fundamental process parameters such as the 

plasma sheath potential. Establishing and assessing a set of plasma process 

parameters, allows to steer the thin film development and material properties 

towards the desired application.  

 In the field of thin film (silicon) solar cells, material properties such as the 

microstructural composition, are often suggested to directly correlate with the 

solar cell characteristics. Thin film properties are however directly linked with 

the plasma process parameters and the resulting plasma-surface interactions 

taking place. For example, silicon thin film microstructures can be tuned going 

from fully amorphous to microcrystalline (with low or high crystalline volume 

fraction). Hence, when targeting pre-defined material properties, in situ 

monitoring of the plasma process and its interaction with the film growth 

surface is essential to enable good process control and maintain process 

stability. A combination of diagnostics is therefore recommended to assess the 
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ion and radical fluxes, ion energy distributions, and characteristics such as 

electron temperature or density. Diagnostics that can provide this information 

are optical emission spectroscopy, capacitive ion probes, ion energy analyzers 

and Langmuir probes. In recent years some of those tools have been further 

developed and, if not yet available, have been even commercialized with proven 

performance towards depositing plasmas. Multiple probe regions are often 

included to monitor film uniformity. Combined with in situ film 

characterization methods, for example surface infrared absorption 

spectroscopy for microstructural evaluation, it is believed that plasma processes 

can be better controlled and reproduced in order to meet the (research or 

industrial level) requirements. 

 The quality of a passivating contact structure, for example the 

poly-Si (n+)/SiOx/c-Si stack, depends not only on the properties of each 

individual layer but also on the interplay among them when implemented in a 

test structure or application. Although good passivating contact-based solar 

cells have been achieved based on doped poly-Si and ultrathin SiOx films, 

further insights into the role of the SiOx layer are still desired. For example in 

terms of the charge carrier transport in poly-Si (n+)/SiOx -based passivating 

contacts, different views exist concerning the dominant mechanism, i.e. 

tunneling or pinhole transport. Whether this is solely attributed to 

microstructural properties of the initially grown SiOx, or how thickness comes 

into play, remains unclear. Furthermore, hard requirements in terms of the 

microstructural properties, e.g. open (i.e. vacancy-rich) or closed (i.e. vacancy-

poor) microstructure, or the presence of high/low Si 2p oxidation states are 

still lacking and are mainly based on comparing different passivating contact 

structures. Considering the wide range of deposition methods being available 

for SiOx thin film growth, a detailed assessment of these properties is 

mandatory. Such an assessment should however not be restricted to poly-Si 

(n+)/SiOx -based passivating contacts only, but insights could be extended to 

other (passivating) materials in order to proceed in the further development of 

c-Si solar cells. 



Summary 

Silicon-based thin films for solar cells: 
from plasma-surface interactions to 
passivating contacts 

Solar photovoltaics (PV) are used to convert sunlight into electricity and within one 

or two decades they are expected to contribute with a significant share to the global 

electricity production (presently limited to less than 15%). PV therefore contributes to 

the capability of gradually transforming the fossil fuel-driven energy supply to a 

renewable energy supply. Although the solar PV market is currently dominated by wafer-

type crystalline silicon (c-Si) solar cells (> 90 %), several types of solar cells exist or are 

presently being researched. The majority of the current solar cells employ inorganic thin 

films to serve a multitude of functionalities in the device. A popular class of inorganic 

thin films are silicon-based, all synthesized from earth-abundant elements. Consequently, 

a broad range of properties can be achieved: films can be semiconducting or insulating, 

enable its use as absorber layer, or serve as dielectric or (charge carrier) selective contact 

material. 

In this dissertation, silicon-based thin films are investigated for two types of solar cells: 

thin film silicon solar cells, where (thin film) silicon particularly serves as absorber layer, 

and the emerging passivating contact-based wafer-type solar cells. In the latter, the 

silicon-based films serve as dopant diffusion barrier, enable charge carrier selective 

current transport and/or provide (chemical and field-effect) passivation.  

In thin film silicon solar cells, vapor phase (amongst others plasma-assisted) 

deposition methods are typically employed which make it possible to tune the film 

composition from hydrogenated amorphous silicon (a-Si:H) to microcrystalline silicon 

(c-Si:H), for example by varying the ratio of (H2/SiH4) gas flow rates. Similarly, 

polycrystalline silicon (poly-Si) thin films can be deposited at high substrate temperature 

or by post-deposition thermal treatment following a-Si(:H) growth. Films exhibiting a 

wide range of properties in terms of optical bandgap, absorption coefficient and 
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microstructure, are then synthesized. For charge carrier selective passivating contact-

based solar cells, doped poly-Si and ultrathin silicon oxide (SiOx) films are typically 

combined. In this concept, band alignment, interface quality and dopant distribution are 

of major importance in relation with the deposition-dependent bulk thin film properties. 

The focus of this dissertation is on the growth mechanisms of silicon-based thin films. 

Specifically, plasma-surface interactions in selected experimental windows (i.e. conditions 

leading to better thin film solar cell performance), are investigated in terms of ion energy, 

ion flux and atomic hydrogen flux. All these parameters affect the final film properties, 

for example the a-Si:H or c-Si:H nature. In order to assess these parameters, dedicated 

plasma diagnostic tools, i.e. a retarding field energy analyzer, a capacitive ion probe and 

optical emission spectroscopy, have been adopted. The a- to c-Si:H phase transition, 

which can be monitored by characterizing the microstructure and crystalline volume 

fraction of the thin film, has been found to occur under an enhanced ion-to-growth flux 

ratio (from 0.15 to 1), as well as a strongly enhanced atomic hydrogen-to-growth flux 

ratio (from 25:140 to 40:170 for the amorphous and microcrystalline phase, respectively). 

Ion energies have been found to be rather low (15-20 eV). Furthermore, the onset of 

crystallite nucleation, leading to a c-Si:H thin film, has been investigated. On the one 

hand, the surface chemistry of an aluminum-doped zinc oxide (AZO) coated glass 

substrate has been found to promote the onset of nucleation compared to a bare glass 

substrate, mainly attributed to a microstructure enhancement and reduced surface energy. 

On the other hand, it has been found that the nucleation is inhibited upon the 

introduction of surface topography, for example induced by nano-imprint lithography to 

enable control of the light management. For topographies with up to a 5-fold surface 

area enhancement, this has led to a reduction in crystalline volume fraction of ~ 20%. 

The latter has been attributed to a reduced contribution of the plasma-surface 

interactions, in particular of the atomic hydrogen-to-growth flux ratio (up to 6-fold 

reduction compared to interactions with a flat surface), whereas the ion-to-growth flux 

ratio is less affected. For crystalline growth to occur, enhanced ion- and atomic hydrogen-

to-growth flux ratios are however required, implying that a reduction hereof is likely the 

main cause of the suppressed crystallization process. 

For carrier transport selective passivating contacts, particularly employing 

poly-Si (n+)/SiOx -based structures, the key properties of ultrathin (typically 1-3 nm), wet-

chemically grown SiOx films have not been fully understood so far. In this dissertation, 

the relevance hereof in a poly-Si (n+)/SiOx -based passivating structure has been 

evaluated in two steps. First, the chemical and microstructural composition, and the 
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passivation quality of nitric acid oxidation (NAOS oxide) and deionized water oxidation 

(DIW oxide) have been compared. Next, their potential impact on a passivating contact 

has been assessed by employing a phosphorous doped poly-Si thin film which provides 

both charge carrier selectivity and passivation. Based on surface wettability analysis and 

X-ray photoelectron spectroscopy it has been concluded that the microstructure of DIW 

oxides is characterized by higher Si (Si4+) oxidation states which translates into a better 

c-Si surface passivation, compared to NAOS oxides of similar thickness. The latter is 

composed of a mixture of low and high Si (from Si1+ to Si4+) oxidation states. At the 

same time, both the Si 2p and the O 1s intensity is significantly lower for DIW oxides, 

which therefore suggests the presence of a more open, vacancy-rich microstructure. The 

effective application of a hydrogen-rich amorphous silicon capping layer, which enables 

enhanced c-Si surface passivation when employing DIW oxides, further supports this 

view. When implemented into symmetrical poly-Si (n+)/SiOx/c-Si structures, a 

significantly higher minority carrier lifetime, i.e. passivation quality, has been obtained 

however for the NAOS oxide-based structures (~ 6 ms vs. ~ 0.5 ms for the DIW oxide), 

in contrast with the passivation provided by the individual oxides. The open, vacancy-

rich microstructure of the DIW oxide, corroborated by a poor dopant diffusion barrier 

performance, is suggested to be a possible limiting factor in poly-Si (n+)/SiOx/c-Si 

structures, as this is absent for NAOS oxides which show an abrupt reduction in the 

dopant concentration at the poly-Si (n+)/c-Si interface. Furthermore, upon evaluation of 

the interface quality by Bright Field and High Resolution Scanning Transmission 

Electron Microscopy, uniform oxide growth has been found for both NAOS and DIW 

oxides, despite the presence of a smooth and locally rough interface, respectively. The 

interface roughness is likely attributed to the oxidation process or the reduced thermal 

stability during the poly-Si growth. Consequently, the observed differences can result in 

different minority/majority charge carrier transport in poly-Si (n+)/SiOx/c-Si structures. 

This indicates the importance of assessing the impact of the microstructural properties 

of such ultrathin oxides, i.e. the presence of an open/closed (i.e. vacancy-rich/vacancy-

poor) microstructure, the presence of high/low silicon oxidation states, and the interface 

quality on the performance of a poly-Si (n+)/SiOx -based passivating contact. 

In conclusion, this research contributes to the further development of solar cells 

employing silicon-based thin films, as it has provided deeper insights into the impact of 

plasma-surface interactions on silicon-based thin film properties. Furthermore, a strong 

dependency of particularly the passivation quality on the main properties of ultrathin, 

wet-chemically grown silicon oxide films, intended for implementation into poly-Si 

(n+)/SiOx passivating contact-based solar cells, has been demonstrated. 
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Contributions of the 
author 

The work presented in this dissertation concerns original work of the author, i.e. from 

design of experiments and execution, to data analysis and the composition of this 

dissertation. Nonetheless, parts of this dissertation require additional clarification. 

 The ion energy measurements in Chapter 4 were carried out via a dedicated 

Semion RFEA design. The set-up of the RFEA relied on the technical support 

from David Gahan (Impedans Ltd) regarding the installation and operation. 

 RBS/ERD measurements in Chapter 4 were carried out by AccTec B.V. (The 

Netherlands). 

 Chapter 5 employed several ultra-violet nano-imprint lithography textured glass 

substrates provided by OM&T B.V. (now Morphotonics B.V.), which 

demonstrated the industrial scale development of nano-imprint lithography. For 

the test structures reported in this dissertation, the facilities from ECN part of 

TNO were consulted for the sample preparation in terms of AZO and B-doped 

a-Si:H thin film growth on top of the nano-imprint lithography textured glass 

substrates.   

 All TEM measurements and analysis were performed by Dr. M.A. Verheijen using 

the TU/e TEM facility located at the High Tech Campus (Solliance Thin Film 

Solar Research). 

 The poly-Si (n+)/SiOx/c-Si passivating contact structures investigated in Chapter 

7, and which employed various ultrathin SiOx films, were developed in 

collaboration with Delft University of Technology (The Netherlands). In 

particular, the (doped) poly-Si and the NAOS HT oxide (reference) thin film 

growth process originate from the work of Dr. G. Yang, who developed these 

thin films in the framework of IBC c-Si solar cell development. A demonstrated 

(good) poly-Si (n+) process, providing decent passivation quality, was applied as it 

could serve the main purpose in this dissertation. The DIW and NAOS RT oxide 
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thin films (and recipes) were initially defined and developed by the author in 

Chapter 6. 

 The ECV measurements reported in Chapter 7 were carried out by ECN part of 

TNO. 
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